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DEFORMATION EFFECTS DUE TO THE PRESENCE OF TYPICAL DISLOCATIONS 
IN ELASTICALLY ANISOTROPIC METALS WITH CUBIC SYMMETRY * 
K.P. RYABOSHAPKA and L.V. TIKHONOV 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
(Received 5 November 1960) 


Using the general method developed in [2] formulae have been deduced for the displacement of 
atoms around dislocations arranged in the typical manner (edge and screw) in crystals with cubic 

symmetry, and allowing for elastic anisotropy. The mean square displacements have been calculated 
in the framework of the expression selected earlier [1]. Numerical analysis for Cu and a-brass show 
that the dependence on the orientation factor [ becomes Stronger when the elastic anisotropy of the 


properties of the metal is greater. This is in quite good agreement with experimental data obtained by 
the X-ray method [5]. 


In paper [1] a study was made of the deformation effects due to the dislocations (edge and 
screw) which are characteristic of crystal lattices with cubic symmetry. The mean square deform- 
ation was found to be dependent on the density of dislocations, the elastic properties of the 
material and on the orientation factor for the case of elastically isotropic crystals. As most of the 
materials encountered in practice are elastically anisotropic the study of deformation effects due 
to dislocations in elastically anisotropic media is of considerable interest. 

In our work, using the previously accepted expression [1] calculation has been made of the 
mean square deformations with allowance for the anisotropy factor. 


FEATURES OF THE ELASTIC PROBLEM FOR CHARACTERISTIC 
DISLOCATIONS IN ELASTICALLY ANISOTROPIC CRYSTALS 


To calculate mean square deformations <e*,k/ >% formulae must first be found for the displace- 
ments ui u,, u,, u,}, created in an anisotropic medium by dislocations the arrangement of which is 
determined by the slip planes and direction characteristic for that particular type of lattice. For a 
study of this type of problem use must be made of the general method developed by Eshelby, Read 
and Shockley in paper [2]. As dislocations are a linear type of defect, an orthogonal system of 
co-ordinates can be selected for each of them so that the displacements created by dislocations 
will be functions of only two co-ordinates x, and Xa. 

In the approximation of an elastically anisotropic continuum the equilibrium conditions in the 
displacements created by the dislocations can be expressed as [2]: 


(1) 


where CiBka represents tensor components of IV rank which relate stress and strain in Hooke’s 
general law. Passing from one system of co-ordinates (x;) to the other (x ‘.) these constants are 
transformed as follows: 
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O41, 1%, : @,$=1,2 
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= C08 (X; Xp) cos (Xx;, Xg) cos (x, x,) cos (x, Xs) 


As solutions to system (1) are functions of a linear combination of variables x,, x, (u, =A, f 
[p,%a 1), equilibrium conditions wil! lead to a system of homogeneous algebraic equations for 
the vector component A{A,, A;, As} 

A, Da Ps Cita = 0. (3) 
The zero equality of the determinant of this system decides the polynominal of the sixth order 
about the constant p, and p,. It is always possible without loss of generality, to assume that p,= 1 
and then for p, = p to find an equation of the sixth order, the roots of which ought to be complex, 
due to the positiveness of the expression for the energy density. Consequently, the components 
of the vector Ave)k» corresponding to the root p(,) (e = 1, 2,... 6) will in a general case also be 
complex. From the conditions of the reality of the displacement the imaginary parts of the corres- 
ponding solutions should disappear. Thus only the three roots p(y), P(2)» P(3)> need be taken, 
none of which is a complex conjugate with regard to the other. Thus the formula for displacement 
can now be written in the form: 


3 
2(e) = Xy + Prey (5) 


It must be remembered that everywhere in complex formulae only the real parts can be used. 
Thus formula (3) will assume the form 


A, + Prey Cirge + Prey Cizer + Die) Coke] = 0. 


For a general case the function f (e) [z(.y] can be represented in the form of a series 


Die) 


<= 
Keyl (e)] + 


ao 
In 2) + Crem 


where the sign in front of 27 must be the same as that in front of the imaginary part p,,). 
For (7) to be a one-sign function the following conditions must be imposed 


Au, = (8) 
where Au, represents the vector components of a Burgers dislocation. 


Besides conditions (8) allowance must also be made for the fact that the resultant of all the 
forces acting on any closed circuit around a dislocation line must be equal to zero: 


3 
F,= + Prey Die) = 9. (9) 


The real and imaginary parts of D(,) can be found from equations (8) and (9). 


2 
(2) 
where 

(6) 
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1. Typical edge dislocations 


Passing to the more usually used symbols for elastic simulators * equation (6) can be written 
as follows 


A, (CggP? + + + Az [66207 + (Cog + Cy2) P + = 
Ay + + C2) P + Cop] + As (Coop? + + Cos) = 0. (10) 


The equality of the determinant in equation (10) to zero gives an equation of the fourth order for p: 


2 
66% 22 62 66°22 62 
(11) 
— Coilia 11°66 “61 
+2 


= 0 


2 2 
22 — 22 — C69 


Let us now consider the cases of face-centred and body-centred cubic lattices with edge 
dislocations where there is equal possibility of any of the typical positions being occupied in the 
lattice. Here the co-ordinate systems related to the dislocations are chosen in such a way that 
axis x, coincides with the direction of the Burgers vector b. Then only the four elastic moduli in 
(11) will be non-zero: ¢,,, C22, ANd Co. 

Equation (11) thus assumes the form 


2 
— Cho — 


=0. 


Ces 22 22 


For most metals the solution of this equation is purely imaginary: 


Pre=tif; &. 


In this case (10) could be written as follows: 


A, (Coed? +ey)+ As (Cog + p = 9; 
Ay (C12 + Coe + As (CoP? + Cog) = 0. 


Assuming that A) (,) = 1 [2], we can find the constants Ao(-) = A(e). 


A iB Ci — i: 
f + Cas) 


(Cia + Cog) 


(15) 


Equations (8) and (9) from which the real and imaginary parts of the Di.) values can be found, 


will in this case be written 


* Elastic simulators must be taken in the systems of co-ordinates appropriate to the dislocations []. 
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X+i¥Y+U+4+ iV =); 

Bi(X + iY) + + = 0: 

(X 

(X + — fe228) + (U + iV) 2Qc.,)=0, 


where D, = X + iY; Dip) =U + iV. Then the general formulae for displacement (4) will assume 
the following form: 


X+ij;Y 


Re| In (x, + ifx,) + In (x, + 


én 


As the solution to system (16) leads to actual Di) and D(g) values, finally we shall have 
u, = 22tan"! $—2 +2 tan"? 
xy 


= @ In (x; + dln (x; + 8x3), 


2. Typical screw dislocations 


In a case of screw dislocations equations (1) will assume the following form 


eu 
45 9x, 0%, 


and consequently, 


+ + C55 = 0; (22) 


If axis x, is in the direction of the Burgers vector of a characteristic dislocation for face- 
centred and body-centred lattices, we shall get the solution to equation (22) in the following form 


y (23) 


Cus 


Thus the displacement due to a screw dislocation is equal to 


6 Xx, 
— 1p —2 


4 
(19) 
where VO 
A, (20) 
C OF + +<¢ Om 0- (21) 
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CALCULATING THE MEAN SQUARE DEFORMATIONS 


The deformation in a direction perpendicular to plane (hé/) in crystals with cubic symmetry is 
characterized by the formula: 


= + Ke,, + + + LHes, + (25) 


where H, K and L are the direction cosines of the normal to the plane (hkl) and €;; represents the 
tensor components of the deformation around cubic axes 


_ Ou; ou 


With equal probability of any position for a dislocation in all possible co-ordinate systems [1] 
the mean square of a deformation in direction [Ak/] will be determined by the formula 


For a general case the averaged tensor components of deformations can be written in the following 
form: 


+ 2( mim) > (H)(3) +2 mi ; 
(ela) <4 Comin) (5)*+ 2(7)(3)] + 


+4 ( mn} mymynyny > (1)(3) : 
< C1129 ) = ( { mym,n,n, ) 2(?)(}) + (3)'] 
+ (m3 (3) + ¢ (mini + mini) (1)(2), 


where m,, n; are the corresponding direction cosines [1] and the following symbols are introduced: 


(= Gal (x, p = 1, 2, 3). (28) 


Here it is obvious that 
(eto) = (es) = 
= ) = ( > 


The sign < > indicates averaging through all possible co-ordinate systems, the bar above 
indicates averaging through the volume of the crystal. 


5 

OX; 
12 
(27) 
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1. Edge dislocations 


From formulae (18) (19), it is easy to find the value of formula (28) required to calculate mean 


square deformation: 


(()(3) = — 44 d+ 


where 


(R is the average distance between dislocations). 
For a face-centred lattice formula (26) can be written: 


18 


+4()G) (1) 


(32) 


(8 +2 (5+ 2 (7+ 2 4 (7)(2) + 
4 4 8 


+ 
— 
torn 

DO 

| 

XS 

| 
co 
=, 

— 

— 

—— 


+ HYK2 + 12K? 
4 


is the ordinary orientation factor), and for a bodycentred lattice 


From formulae (32), (33) and (30) the mean square deformations 


Chit > = T) 


can be calculated for any metal with a cubic lattice. As an example the mean square deformations 


were calculated for copper and a- brass 70- 30. 
The elastic moduli of copper and a- brass which correspond to the co-ordinate systems 


connected with the typical dislocations, were calculated from the table of data in [3, 4] and were 


found to be as follows: 


R 
L= (31) 
2x R? 
19 
where 
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TABLE 1 


Copper a- Brass 


Cy, = 2.22 Cy, = 2.06 
= 2.39 = 2.24 
Cy, = 0.89 C2 = 0.80 
Ces = 0.41 Cog = 0.36 


After simple numerical calculations, from formulae (32) and (30) it was found 

(34) 
) = 0.22L (1 — 

< Chat ) la- brass = 0.23L (1 —0.85). (35) 


The values for the mean square deformations in copper and a-brass calculated from formulae 
(34) and (35), on the assumption that 2R = L , are in satisfactory agreement with the experimental 
data obtained by the X-ray method [5]. 


2. Screw dislocations 


From formula (24) the average tensor components of deformation (26) can be found in the 
following way: 


(eh) = ( (3+ mi m3 ) (3)? 
(els ) = ((m,ns + mgn,)? ) (3)*+ ( + m,ns)* > 


( ) = ( MMs 11, M3 > (?)"+ ( ) 


and here also equality (29) is satisfied. 
Then for a face-centred lattice formula (26) will assume the form 


In the case of a body-centred lattice the mean square of deformation is not dependent on the elastic 
moduli and the formula for <e%, > will be the same as the formula obtained for an elastically 
isotropic material [1]: 


( ehat) = —L (I —21). 


CONCLUSIONS 


From the formulae obtained for mean square deformations it is in some cases possible to 
assess the broadening of X-ray interference lines, due to typical dislocations, from the formula 


|_| 
| 
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(Agin:) ( > “tan 6, 


where @ is the angle of reflection of the X-rays. 
In all cases considered above 


1 
(eh) 
can be written in a general form: 


={N (b, 0) — 9 (40) 


and here the density of dislocations p in formula (40) is related to the average distance between 


dislocations (2R ) as follows: 


From (39) and (40) it follows that, in the case of random arrangement of dislocations, the 
broadening of interference lines will be dependent both on the density of dislocations p and on 

the elastic properties of the material (on elastic moduli c;,; and here the greater the anisotropy of 
the clastic properties the greater will be the dependence of the orientation factor I". 

These results can be applied to assess the deformation effects in random arrangement of 
dislocations only (for instance in the case of a considerably deformed metal). The presence of the 
large number of dislocation walls which arise on polygonization, and also the formation of disloca- 
tion associations, which is due to the pile-up of dislocations of predominantly the same-sign in 
slip planes, will lead to considerable bending of the lattice. In such cases there will be a change 
in the elastic energy of the lattice which is not allowed for by the formulae here obtained. An 
elementary study of these effects has been made in [6]. ° 

It must be mentioned that formula (39) is strictly speaking only applicable to the case where 
there are small sectors in the specimen, which have undergone different uniform deformations. 
This formula is less suitable for the case of non-uniform deformation created by dislocations. — 
However, Stokes and Wilson have shown that to a first approximation this formula can be used for 
a study of non-uniform deformations [7] and it is thus applicable for the analyses under consider- 
ation here. 

Another less important disadvantage of this kind of calculation is that the mutual penetrations 
of networks and dislocations are considered independent of one another while, in fact, they 
interact with one another to vary the fields of displacement created by each network by itself. 
Besides this, as shown by Vassamillet [8], the results of the study of a network of parallel 
dislocations in the form of an association “isolated cylindrical crystals” in each of which there 
is an axial dislocation, are strongly dependent on the boundary conditions for each cylindrical 
crystal. This disadvantage is inherent in the study of interference effects due to dislocations in 
which the problem of the scattering of X-rays must be precisely resolved [9]. However, it must be 
assumed that in the case of higher densities of dislocations, the influence of boundary conditions 
is less strong than where the density is low. The formulae obtained are therefore more suitable 
for metals which have undergone considerable cold plastic deformation, metal filings for 


instance. 


Translated by V. Alford 


8 
(39) 
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(41) 
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NEW METHOD OF SOLVING THE THOMAS-FERMI-DIRAC EQUATION * 
R.I. ANISHCHENKO 


Institute of Metal Physics, Academy of Sciences U.S.S.R. 


(Received 22 December 1960) 


A method is proposed for finding an approximate solution to the Thomas-Fermi-Dirac equation 


for the case of a spherically symmetrical potential, by the introduction of a parameter on which the 
solution is intermittently dependent. Numerical solutions have been obtained for the Thomas-Fermi 
and Thomas-Fermi-Dirac equations for copper. These results have been used to calculate the atomic 


scattering factor. 


l. The application of the Thomas-Fermi and 
Thomas-Fermi-Dirac (TF and TFD) expressions for 
different atomic systems is well known [1] but con- 
siderable mathermatical complications attach to the 
solution of non-linear TF and TFD equations. A 
numerical solution to the TF equation has been 
found for a free neutral atom by Miranda [2]. Some 
numerical solutions to the TF and TFD equations 
have been produced by Slater and Krutter [3] for 
atoms which are under external compression. How- 
ever, the use of w’ {0) as a parameter in [3] is not 
good as slight variations of &’{0) cause consider- 
able variations in the boundary radius x,, which is 
noted by the authors themselves; besides this some 
very cumbersome computations are connected with 
the numerical integration by expanding w (x) into a 
series with fixed wW’{0). Good results for the TFD 
equation were found in [4] for the case of compres- 
sed atoms. Umeda has investigated the TFD equa- 
tion [5] for compressed atoms in the limiting case 
where w (x) is tangent to the axis x. 

In the present note a method is proposed for the 
approximate solution of the TFD equation, intro- 
ducing a new parameter on which the solution is 
intermittently dependent. This method has been 
considered in paper [6] in respect of the TF equa- 
tion. Numerical solutions were obtained for copper. 
The solution to the TFD equation is used to calcul- 
ate the atomic scattering factor. 

2. For a spherically symmetrical! distribution of 
electrons around a nucleus the TFD equation will 


have the form: 
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x x 


(x) = [9% (x) + 3 (1) 


under the boundary conditions of 


v(0)=1, Re’ (R)—9(R)=—q 

4(0)=1, — = — 9. 

0 = Ax, (2°) 


for a free positive ion and a neutral atom. Here 
1>q>0; q is the degree of ionization gq=Z—N/Z, 
where Z is atomic number; NV is the number of 
electrons in the system; 8 = 0.2118/z%; A=8?/16; 
%o is the unknown boundary radius. 

We will assume that 


b (x) = y (x) + Cx, (3) 


where C=w’ (R) in the case (2), C = w’{x,) in the 
case of the boundary conditions (2”). 

The problem (1)- (2) is as follows: find y (x) and 
the parameter C, in such a way as to satisfy 


(x) =[(y (x) + + x-% 


and he condition: 


y(0)=1, y(R)=q, y(R)=90. 


Problem (1)-(2*) then consists in finding y (x), 
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C, x» to satisfy equation (4) and conditions: 
(5’) 
yO)=1, =7=(A—C) xy  y (Xp) = 


It can be shown that there is always [7] a solution 
to problem (4)- (5°) where 0 and here the 
ary radius %9 of a free atom or ion will be less than 
a certain x value, i.e. the TFD expression includes 
the electron cloud of an atom or ion with a sphere 
of finite radius. The solution to (4)-(5) exists for 
R<x but not for R > x. Thus the boundary radius 
R for atoms compressed by external forces cannot in 
the TFD expression, exceed a certain value x. This 
is not in the TF model where a solution exists for 
any R with a compressed atom [8]. 

We will now consider the (4)-(5) problem for 


q = 0 as this has direct application to metals [3]. It 
is easy to see that at fixed C and the conditions 


y(R)=q9, (6) 


equation (4) is of equal value with the integral of 
equation 
R 
q+ [(y(s) + 
(7) 


+ Cs)'!? + ds. 
The problem amounts to the finding of the function 


y (x) and the value of the C parameter in such a way 
as to satisfy equation (7) and conditions 


y (0) =1. (8) 


Evidently the unknown quantity C, satisfies, 
according to agreement C >— @/R. 
We will assume that 


R 
yO(x)=g, =g+ (s)+ 
(9) 


+ Cs)*4 k=1, 2, 3.. 


As we cannot here give consideration to problem 
(4)- (5), we will briefly formulate the results required 
for the approximate solution. 

1. If there is a solution to equation (7) y,(x) at C 
values, then the sequence of the functions in (9) 
will converge towards the solution [7]. 

2. If there is a solution to equation (7) yo (x) for 
a certain C = C, then the solution must exist for 
any C value which satisfied the inequality 


q 
C.>C>——. 


If the sequence 


< 


converges with Cy, then the corresponding sequence 
of y, (x) solutions in equation (7) will converge 
towards y, (x), where 


(x) (x) Yo (0) Vn (0), 
He 12,93...) 


3. Where C = 0 there is a y (x) > 0 function 
which satisfies equation (4), conditions (8) and at 
a certain point x, the conditions: 


y(x)=0, y’ (x) =0. 


4. The (4)-(5) problem at 7 = 0 has a single 
solution for all R< x and for R>x there is no 
solution. 

Let us assume that R <x . We must find y (x) 
and C values which satisfy (7)-(8). At fixed C the 
sequence { y*) (x) } will increase monotonically 
and here y “) (x) < y (x), where the y (x) is the 
solution to (7) at the same C value. Of course the 
C sought must satisfy the conditions: y *) (0)< 1 
at all k (4 = 1, 2,3...). From this, at & = 1 (qg=0) 
we shall find 


2 


The C sought thus satisfied the inequalities: 


Taking any C, from this integral let us find 
y *) (0) according to (9). If y*) (0) > 1, at any k 
then the C value sought will be less than C,. On 
the other hand, if y (0) < 1, then the C sought will 
be greater than C, In the first case the following 
C, will be selected from the integral (0,C,). and in 
the second, from the integral 


(cv (= 


and so forth. The ly *) (x)} sequence thus converges 


rapidly towards y (x) [7] which in practice is good 


— 
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enough satisfaction of the conditions y“*)(0) ~ for 
any k. Thus C, can be found for which y, (x) where 
x = 0 approximately satisfies the conditions 

¥, (0) = 1 (we will use y, (x) to indicate the solu- 
tion to equation (7) where C = C,. The deviation of 
this approximate solution from the true one can be 
found: 


Lyn (x) —y < lyn (0) — 


The function W (x) is found from equation (3). 

Knowing that g = 0, the solution to equation (7) 
for different C values which do not in general 
satisfv the conditions in (8), can be found from the 
solution to (1)-(2) which correspond to the other 
R and Z values. Indeed, let y, (x) be the solution 
to equation (7) where R=R,, C=C,, B = B,, and 
let Ww, (x) = y, (x) + C, x. Then, using substitution 
[5]: 


X = 4,"(0)x 


_ 41 (%) 


we shall find the solution to (1)- (2) for 
R = 0,21 18/217). 


Let us now consider the problem of finding x, i.e. 
the upper limit of the existence of a solution at 
q = 0. Let us assume in (9) that R= x, C =0, and 
that these R and C values we will use y “)(x, x), 
to designate y*) (x), and y) (x, %) for the solution 
to (7) where R = x and C =0. The x value must be 
found so that y (0, x ) = 1, i.e. lim y*) (0,x) =1. 
If at a certain x, value y (0, x,) is less than 1, then 
x>x,if y (0, x,)>1, so that x <x, As y*) (z,x) 
< 1, for all k,then & = 1 we find 

3/3 
x 3 

Umeda [5] deduces the graph for the dependence 
of the tangent point Xp of the w (x) curve with the 
axis x, on Z %. Thus as %, in the first approximation 
for x the corresponding Umeda values can be 
taken for Z. Subsequent deliberations are analog- 
ous to those made for the determination of C for 
the given R. 

The problem considered above was that of (1)- (2) 
where g = 0.. For the problem of a free positive ion 
or free neutral atom, from conditions (5) we find 
C = A ~ q/% and the problem consists in using the 


FIG. 1. d (x) (TF) and w (x) (TF D) curves for copper 
(q = 0, R = 9.24). 


sequential approximations of (9) where R = x, and 
C = A—q/%p, to find what is the value of the x, 
parameter which satisfies conditions (8). 

3. Using the method of introducing the parameter 
described above, let us find the numerical solu- 
tion to TF and TFD equations for a copper atom 
in a crystal (g = 0) using the expression proposed 
by Slater and Krutter [3]. According to this model 
the Wigner-Seitz cell is replaced by a sphere of 
equivalent volume; the potential is assumed to be 
spherically symmetrical inside the sphere and on 
the boundaries of the sphere, to satisfy the condi- 
tions 

= 0. 
dn, 
In the dimensionless variable x, w (x) [1] it will 
have the form 
v’(Ry= 

BR 
For copper (Z = 29, g = 0) R = 9.24. 

Having added the different values of parameter C 
from the interval 


we shall, according to equation (9), find the 
approximate solutions to equations (7), (q = 0). In 
our case it was found that at C = 0.00310, 

y (0) = 1.03, and here even y‘® (x) coincides with 
y(5) (x) where C = 0.00300 y (0) = 0.973. If we 


call the solution to equation (7) where C = 0.00310, 
y, (x), and y, (x) for C = 0.00300, then the C and 


y 
10 
| 08 
06 
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y (x) values sought will satisfy the inequality: 


0.00300 < C < 0.00310, y, (x) < y (x)< y, (x), 
max | y, (x) — y (x) }< y; (0) — y (0) = 0.03. 


The w (x) functions can be found from equation (3). 

An analogous method was used to find the & (x) 
solution to the TF equation with the same value of 
the boundary radius R. The w (x) and d (x) curves 
are shown in Fig. 1. 

4. Knowing w (x) let us now find the atomic scat- 
tering factor for copper where q = 0 and compare 
our results with those in [9]. 

The formula for the atomic factor f 


f= \ == Dirydr, 
v 
where D") is the radial electron density; 
k = 4m (sin @)/A; 6 is half the scattering angle, can 
by double integration in parts be transformed into 


p= 2/1 —4(Rycos ku R + 
(10) 


R 
(R) — kp | sin hey xdx 


allowing for the fact that 


Dir) =42ro, v= 


Xx 


FIG. 2. Comparison between the atomic scattering factor 

f obtained in the TFD expression (solid line) and those 

using the Hartree-Fock method (e) for copper (gq = 0); 
Xx — experimental data | 10). 


Using (10) let us calculate f for different k values. 
The results are shown in Fig. 2. The f values 
from [9] are indicated by the points. Here the atomic 
scattering factor was regarded as the sum of the 
electron scattering factors calculated by the 
Hartree method of the matched field. If these curves 
are compared it will be seen that the static TFD 
expression can be successfully applied to calcul- 
ate the atomic scattering factor. 


Translated by VY. Alford 
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THE THEORY OF DIAMAGNETIC RESONANCE * 
G.A. BEGIASHVILI 


Tiflis State University 


Diamagnetic resonance in semiconductors and 
metals has been studied by a number of workers 
[1-4] but the authors have restricted themselves to 
the square law of dispersion of current carriers. In 
this work a review is made of diamagnetic resonance 
in semiconductors and metals in the light of an 
arbitrary law of electron dispersion. The nature of 
the features of resonance have been established. © 

1. Let us consider the case of metals. Due to the 
abnormal nature of skin effect diamagnetic resonance 
hardly ever occurs in metals. Our study therefore 
relates in substance to strong magnetic fields where 
the anomalous skin effect becomes normal, and to 
bismuth type metals. Besides this, diamagnetic 
resonance also occurs in abnormally small zones of 
the metal or on convexities in a Fermi surface. Our 
problem therefore amounts to finding the tensor of 
electrical conductivity of the metal and explaining 
its resonance properties. We will write the kinetic 
equation for metal electrons, which after making 
linear through the external h.f. field has the form 
(constant magnetic field H in the direction of axis 
oz)! 


tov fo (e), (1) 


* Fiz. metal. metalloved., 12, No. 1, 16-19, 1961. 
t The kinetic equation is described in the variables 
t/To. Here 


(m, = characteristic electron mass) and ¢ is the rotation 
time of an electron in orbit which, for a closed orbit, 


will be 0S; 
eH @e 


(S, is the sector area in the section €= const, p, = const). 


(Received 15 November 1960) 


Diamagnetic resonance is reviewed in semiconductors and metals on the assumption of an 
arbitrary electron dispersion law. Some characteristic features have been established. 


where V is the velocity of the electrons, 


to is relaxation time; 
w is the frequency of the external field; 
fo (e) = 6 (e-6). 
(Here € is boundary Fermi energy). After substitut- 
ing the solution to equation (1) [5] 


0 


in the tensor of electrical conductivity 


— fy, v, (dp) (2) 
we get 
| Bin ~ thik (3) 
where 


T 
By, +iA, = (t") 0, dt’. 


Here T = 27/Q; 0 is the Larmor electron frequency; 


1 
cdS/a: 


plays the part of the effective electron mass. The 
line above indicates averaging through the rotation 


19¢€ 
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period of an electron. (It is closed Fermi surfaces 
which are under review here; of course, on open 
surfaces diamagnetic resonance in only possible at 
certain selected orientations of the magnetic field). 
With the arbitrary dispersion law the Larmor fre- 
quency is dependent on the section p, = const of 
the Fermi surface and resonance only occurs on the 


extremal sections. This means that in resonance 
conditions close to the extremal sections there will 
be a maximum number of electrons asin these regions 
Q varies extremely slowly with p,. Therefore in the 
proximity of resonance it can be assumed that 


Q 
eg, fe) (p, — pe +. 


after allowing for this and performing some laborious 
operations we find 


It is easy to calculate impedence once o;, is 
known. Actually, 


2rw } 
+twt,)’? (1+ i), 
where o* is the tensor o* ;, reduced to a diagonal 


form, which is expressed honeado oj, in the follow- 
ing way: 


Oj; Osp 
S33 


We note that this kind of diagonalization is possible 
in the proximity of resonance. 

2. Let us now consider resonance in semi- 
conductors. In this case the kinetic equation is 
better written in a somewhat different form, replac- 
ing 


where ¢ is the phase which determines the position 
of an electron in an orbit (¢ varies from 0 to 27), 
we shall have 


lo Q 


Using the Fourier method [5], we find 


; de dp,. (6) 
i 


C hal (kQ + — 
k t 


0 


In the numerator all the value are even functions 
of the corresponding variables as resonance is 
determined by the features of the denominator. 
In the proximity of resonance 


(7) 


ext 022 ext ext 
X (p,— Pz + (p, —p; ) 
2 Op; 


p,) = 


Allowing for this, and separating the imaginary 
and real part, it is easy to see that resonance is the 
imaginary part of the tensor. And in fact, after 
separating the imaginary and real part we have 


d:dp,— 
(8) 


2e*ty eH A (e, p;) 
e 5? + 2—w)* 
k 


1 
dt 
4+ 
where 
= (B:, + 1A jy) Qn 
12 t,2 
1961 (4) 
= hy — || 
Here 
| 
+4), 
| 2 | 
2 
Op, qvext 


iff? A(t, pz) (k2 -- dedp,. 


Here & = 1/t, and all the slowly changing values 
are indicated by A (¢, p,). 

Then substituting (7) and for simplicity only 
considering the first harmonic, we can see that the 
first integral has no features, i.e. it is not the re- 
sonance, but only the second resonance part which 


has the form 


A ext 
(4BC — Dt) * 


Here 


2 ge? ic 
ext 


ip: =P, 


= 
ext 


Pz: = Pp; 


to} — 


3. From these formulae it must be assumed that 
in metals resonance occurs at multiple frequencies 


(q is a whole number) and that here it takes place 
on the arbitrary polarization of the incident radiation 
around a constant field. In this case the character- 
istic at the resonance point will have the form 


1 


Vo- q ext 
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Unlike metals, in semiconductors resonance 
diminishes and has a logarithmic character which 
is due to the supplementary averaging through 
energy. 

The author wishes to express his extreme gratitude 
to M.Ya. Azbel’ for postulating the problem and 
discussing the results, and to I.M. Lifshits for 
pointing to the logarithmic character in the case of 
resonance in semiconductors. 


.sanslated by V. Alford 


REFERENCES 


l. Ya. G. Dorfman, Dokl. Akad. Nauk. SSSR, 
81, 765 (1951). 


2. R.V. Dingle, Proc. Roy. Soc., A212, 38 (1953). 
3. W. Shockley, Phys. Rev., 90, 491 (1953). 


4. G. Dresselhaus, A.F. Kip and C. Kittel, 
Phys. Rev., 98, 368 (1955). 


5. I.M. Lifshits, M.Ya. Azbel’ and 
M.I. Kaganov, 
Zh. eksp. teor. fiz., 
31, 63 (1956). 


191 


16 
\ 
i 
= 
— 
I 
SSS. 


VOL. 
12 
1961 


DIFFERENT METHODS IN THE THEORY OF FERROMAGNETIC RESONANCE * 
Yu. A. IZYUMOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 16 September 1960) 


This work discusses three methods of calculating the width of ferromagnetic resonance lines 
where the r.f. field amplitudes are weak: (1) kinetic equation; (2) theory of perturbation; (3) statistical 
Green functions. It will be shown that the frequency dependence of magnetic susceptibility can be 
found from the decay energies of a spin wave with a zero quasi-impulse. Using the example of 
spin-phonon interaction the conditions are described for which all three methods will lead to the 


same results. 


In the resonance absorption of r.f. radiations in a ferromagnetic material the simplest situations 
arise in the case of a uniform variable field with weak amplitude. In these conditions the absorption 
of the variable field quanta corresponds to the degeneration of spin waves in the ferromagnetic 
material with a zero quasi-impulse or, in classical language, the excitation of uniform spin preces- 
sion. [he broadening of the line is due to the finiteness of the life of the spin waves excited by 


the field as a result of their interaction with other spin waves or with other quasi-particles 
(phonons, conduction electrons and so forth). 

Until recently the width of a ferromagnetic resonance line was assessed according to certain 
mean relaxation times for which equilibrium would be established either in the system of spin 
waves itself or between the spin waves and any other system, for instance conduction electrons. 
Clearly, this approach cannot be regarded as satisfactory as it is the spin waves with low quasi- 
impulses which play the most important part in ferromagnetic resonance. The problem therefore 
amounts to finding a way of relating line width to the life of the corresponding spin waves and 
finding methods for calculating them. In this kind of quasi-impulse the life wave can, for instance, 
be found by means of the kinetic equation using Akhiezer’s method [1], which has indeed been 
used in a number of works [2] on ferromagnetic resonance and relaxation. However, this theory 
leaves unresolved the problem of the relation between the width of a line and the life of the spin 


waves. 
In the theory of resonance wide use has recently been made of the direct theory developed 


by Kubo and Tomita [3] which is based on the application of the perturbation theory. Besides 
this, the possibility was pointed out not long ago of applying the method of delayed and advanced 
Green functions to the theory of resonance, as introduced by Bogolyubov and Tyablikov [4]. 

We set ourselves the problem of applying these methods to the problem of ferromagnetic reson- 
ance and to finding the conditions at which they would produce the same results. 

All the actual calculations will be carried out on the example of spin-phonon interaction 
which has been studied briefly in connexion with the theory of relaxation in works by Akhiezer 
(1), Bar’yakhtar, Peletminskii [5] and also in the paper by Kaganov and Tsukernik [6], for which 
reason we will start from the Hamiltonian which they established for interacting spin waves and 
phonons. In secondary quantization representation it can be written in the form: 


* Fiz. metal. metalloved., 12, No. 1, 20-29, 1961. 
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H=H+H_', 
H, = a,+ b,. 
(1) 
H’ (B(k. 9) ag + B* (k, 9) . 


kq 


where a, and a, are the operators for the generation and absorption of spin waves with quasi- 
impulse & and energies ¢,, b, and 6, are the generation and absorption operators for a phonon with 
quasi-impulse q and energy w,. B (k, q) is the matrix element of the interaction, a formula for which 


is available in papers [5, 6] *. 
Let us now consider how to calculate the width of the line due to the spin-phonon interaction, 


in each of the methods enumerated above. 
1. Kinetic equation method. We will make the kinetic equation for the average number of spin 


waves with quasi-impulse 4, assuming that their interaction with the phonons is perturbation. 
If n, is the number of spin waves with quasi-impulse ‘4, and N, is the number of phonons 
with quasi-impulse q, then the single matrix elements of perturbation connecting the (n,, ny 4 9; 


N,) state with the other states will be: 
(n, N,\W Nr—g + 1, N, l)= 

= Bk, 9) Vn (neg + 1) +1), 
(n, +1, m~,—1, N,— 1| H’'n,, » N,) = 

= Bik, q) V (n, 1) N, 

(n,, N,|H’|2,— l, Nk+q +1, 1) = 

= B* (k+4q, 9) Vn, +1)N,, 
(n, + l, —1, N,+ Nritg, 
= B*(k +q, 9) V (y= 1) (N, + 1). 


(1.1) 


Hence the equation which defines the variation in the number of spin waves with impulse & will 


have the form: 


np =— 22 V' Bik, 9) {n, + IV (N, + I) — 
q 
— + 1) Ny} — — 4) — 
—2n B(k +9,9)? {My + (1.2) 


q 


The right-hand part represents the possibility of the disappearance of a spin wave with impulse k 


as a result of the absorption or emission of phonons with any kind of quasi-impulse. 
In equation (1.2) n, and Ng run through discrete series of values from 0 to infinity. 


Besides this, to solve the (1.2) system of equations directly one can first carry out averaging 
through the statistical ensemble in Hamiltonian Ho. After this, in (1.2) instead of the occupation 
numbers there will be their average values 


n, = Sp (p (H,) (Hy) , (1.3) 


* For simplicity we have omitted the index s, which typifies phonon polarization, and Planck’s constant 
is taken as equal to one. 


Ferromagnetic resonance 


where p (H) is the statistical operator. 
It is easy to see that on the assumption of canonical distribution where 


o(H) =e- 7H, 3= ] kT, 
the equilibrium distribution functions 


1 


ek—] 


will satisfy equation (1.2). 
For slight deviations from statistical equilibrium we will, following Akhiezer [1], find the 


solution to the average equations (1.2) in the form 
An, 


where An, is assumed to be low. In a zero approximation there follows from (1.2) the equation for 
the determination of An, 


An, = —2r,4 n, (1.5) 


+ IB(k+9, IX (N, > —< q) 3 (% + 
Thus, where there is a slight disturbance of equilibrium in a system of spin waves the average 
number of them with given impulse & will approximate to the equilibrium value according to the 
exponential law with the decay factor 2°, : 


It is assumed that the I", value determines the width of the ferromagnetic resonance line but its 
direct connexion with width does not follow from this theory. We will therefore turn to direct calcul- 
ation of the frequency dependence of magnetic susceptibility which determines the shape of the 
absorption curve. 

2. Perturbation theory method. For a monochromatic radiation of frequency @ in a linear 
approximation through the amplitude of the variable field, the tensor of magnetic susceptibility 
Xap (w) can be expressed through the function of after-effect 948 (r) 


(0) = Js: (s)e eds. (2.1) 


According to the theory developed by Kubo and Tomita [3] the function of after-effect can be found 
in the following way through the dynamic operators of the system: 


[M a Ma), (2.2) 


where it, is the operator of the projection of magnetic moment of the specimen; 


it, (7) is the same operator in a Heisenberg representation with Hamiltonian H. 
The square brackets indicate the commutator and the broken ones are the symbol of statistical 


| 
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averaging 


= Sp (e-F (2.3) 


Let us calculate the magnetic susceptibility of the system described by Hamiltonian (1). - 
We will assume that the permanent magnetic field H is in the direction of the axis of quantization z 
and that the variable magnetic field is linearly polarized in the direction of axis x so that it will 
be sufficient to calculate one component of the tensor X,,. We will regard the interaction of spin 
waves with phonons as a small perturbation and will nena the (2.2) value into a series through 


the degrees of perturbation H’. For this the it qi?) value must be expanded into a series and also 
the statistical operator e~? 4/Sp e-#H | In this way the full expansion of ®,g (1) can easily be 


found. We will however, assume that the perturbation hag slightly distorted the function of distribu- 
tion for the spin waves and phonons and for this reason we will restrict ourselves to a zero 
approximation when considering the statistical operator. Ve draw attention to the fact thatit is 
not particularly difficult to renounce this simplification. 

Having expanded the it a(7) formula to the H “degrees we get the following series in the theory 
of perturbation for the sat ath of after-effect: 


t 
®,,(t) =i Mal) + fat, < (0, Mal > 
0 


t t 
0 0 


ME (t) Het Hot, (2.5) 


Hi (f) = eH’ (2.6) 


are the Heisenberg representations of operators M, and H’ with a Hamiltonian of zero approximation. 


To make actual calculation of formula (2.4) possible the operator , must be expressed in 
the same dynamic variables as Hamiltonian (1). In a spin wave approximation we shall have 


My = Si = (a, + a). (2.7) 
i 


Here S; is the spin operator in the j sites; s is the maximum spin projection; N is the number of 
atoms; pp is the Bohr magneton; g is the Lande factor; a, and a{ are the operators for the genera- 


tion and annihilation of spin waves with a zero quasi-impulse. 


It follows from formulae (2.5), (2.6), (2.7) and (1) that 
H’ (t) =Y{B(k, 9) az 
(2.9) 


The (2.8) relationship is a mathematical reflection of the physical fact that in a uniform magnetic 
field the vector of magnetic moment is precessed around the direction of the field with frequency 


20 
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= (Larmor theorem). 
Substituting (2.7) to (2.9) in (2.4) we get the following formula for the sequential approxima- 


tions of the function of after-effect: 
= 0, (2.11) 


24° 
0 q 


q 


It can be shown [7] that the formula in braced brackets under the integral sign decays very 
rapidly as 7 increases with a certain characteristic time r, which has the sense of the average 
collision time of a phonon and spin wave with zero quasi-impulse. For time t > r, can be used as 
the asymptotic value of the integral 


(2.13) 


0 


0 


If one introduces the value 


@ q q 0 q q 


the asymptotic value of (2.12) can be written in the form 
(iPot +1, t) + (2.15) 


Using Van Hove’s theory [8], on the basis of (2.10), (2.11) and (2.15) the following asymptotic 
representation of the function of after-effect can be given: 


= sNei to +x.¢. 
2 


Substituting this formula in (2.1) we shall find a value for complex susceptibility: 


(fg —w)? + To (t9 + + To 
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Here Xo and @, are the statistical magnetic susceptibility of the system and Larmor frequency 
respectively. € is the energy (frequency) of a spin wave with a zero quasi-impulse varied by the 
virtual interactions with phonons 


F,. (2.18) 


It follows from (2.17) that € is resonance frequency; the absorption line has a Lorentzian form with 


a half-width 
Aij,o = 27, (2.19) 


Turning to (1.7) we will establish the physical meaning of equation (2.19). On resonance 
absorption in a uniform field the width of the line will be equal to the attenuation parameter 
with which the equilibrium value of the mean number of spin waves with zero quasi-impulse will 
be established. We note furthermore, the as we have used the asymptotic representation of the 
function of after-effect (2.16), formula (2.17) accurately describes the frequency dependence of 
susceptibility only close to the resonance frequency in a range of frequencies of the order of the 


width of the line. 
3. Method of retarded and advanced Green functions. We will now relate the Kubo method of 


calculating susceptibility to the method of retarded and advanced statistical Green functions 
proposed by Bogolyubov and Tyablikov [4]. We note that the function of after-effect, which is deter- 
mined by the (2.2) relation, is in essence a correlation function for the two different moments in 


time. 
To calculate correlation functions of the form 


(A(t)B); BA(t)>, (3.1) 


where A and B are certain dynamic operators, while 7 = t — t’. It is suggested that we should con- 
sider the retarded and advanced 2-time Green functions which are defined by the formulae: 


KA aay = — <IA (), B], >- 


= [A,B], =AB—7BA; y= +1. 


It is easy to see that both functions satisfy one and the same differential equation. 
The (3.1) correlation functions can be calculated by means of a spectral representation 


+e 
BA(z) = dE, 


+e 
(A(s)B) = (E) dE, 


where / (E) is expressed through the Fourier components <A |B > of the Green’s functions 
(3.2) by means of the limiting relation 
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KA|B> —KAIBD = I(E) — %); 


On the basis of (2.1) and (2.2) it is here easy to see that magnetic susceptibility Xgg (w) is 
proportional to the Fourier component of the retarded Green function 
(w) = M, | M3 Doric » (y= 1), 


as was established by Tyablikov [9]. 

By means of this relation we can give a more satisfactory representation for the diagonal 
components X Gq of the imaginary part of the complex susceptibility tensor, expressing them through 
the following correlator 


A A | A A A A 


Indeed, starting from (3.7) one can write 


(a) = | > mete — (Me 
<M, |M, ‘_wpie t KM, | M, 
Using the (3.6) spectral theorem this relationship can be represented in the form 


= (0) — 1) (— a) — 1), 


On the other hand, on the basis of formulae (3.4) and (3.5) correlator (3.8) will be equal to 


+e 
( (M, (t)}4) (w) (ef + 1) dw, 


Having turned round this Fourier integral and representing the results in (3.9), we find 


(w) stan’, | ( {M, , (t)j4 eos wt 


An analogous formula was obtained in Kubo’s theory of irreversible processes [10]. 
Using (3.7) we will now calculate the magnetic susceptibility of a system with Hamiltonian 
(1). Substituting formula (2.7) in formula (3.7) we find 


> 3.11 


Thus, the Green’s functions must be found which consist of the operators of the generation and 
annihilation of spin waves with zero quasi-impulse, but we will find functions of a more general form: 
« a, (r) |at > and a5 (7) | a, >. It is not difficult to find the differential equation which is 


satisfied by the first of these 


q 


(3.6) 
(3.7) 
89 
(3.12) 
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+ 


q 


Here for brevity, temporary arguments have been permitted in the Green’s functions. We can see 
that the Green’s function introduced is expressed through two different ones of a higher order. In 
making the equation for them we find that even more complex Green’s functions are included. 
For example 


ap = + 0,) > + B*(k, Ka, jaz > + 


a? 


(k 9,9’) ar >. 


q’ 


The endless chain of equations obtained can be resolved by means of the following approximations: 


A 
v pt + > 


A 
—q > = ( Mpg) >, 


lax > = 0, 


A 
(N,> b76,); = (az a, ) (3.14) 


are the yet unknown functions of distribution. If the approximation (3.13) is accepted, then it will 
be sufficient to add the two following equations to equation (3.12): 


> = (te-g > + 
A 


+ + 
(3.16) 


The closed system of equations (3.12), (3.15) and (3.16) is resolved by means of a Fourier trans- 
formation. For the Fourier component of the Green’s functions we shall have the expression 


i 
(3.17) 
<4 ki@k WE Qn E — — Pp (E) 


A 
|? (1+ + 
E— — % 


q 
A A 
iB(k +9, Ng) 


24 
| 
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££ 
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Furthermore it can easily be shown that 


P,(E + is) = P,(F) + iy, (E), 


(E) = (bq) + (Meg) )3(E— —0,) + 


k 


BUR + 9,9)? ( > — > + 


k 


Using relations (3.19), we shall find by means of (3.14), (3.16) and (3.17) the correlation of 


functions: 


Ye (E) 


apa, (t) > 


We shall find the expression for the function of distribution of spin waves where k = 0. It is a 
superposition of Bose excitations with resonance intensity having a factor of attenuation y, (E). 
The resonance function under the integral sign in (3.21) has a precise maximum at the point 

E =, which can be found from the equation: 


~ 


= 0. (3.22) 


If y, (E) varies slowly around point E = ‘. then in-(3.21) y, (E) can be substituted by y, (&) and 
the reasonance frequency can be replaced by the 5 (E — &) function. Then for the average of spin 
waves (an also tor the average number of phonons) we shall have the ordinary Bose functions of 
distribution (1.4). From (3.17) and (3.19) furthermore, it follows that: 


(3.23) 
Ka, (t)|@9 DE+it Po(E) + ito (E) 


] 
—E — ty — Po (—E) 


Substituting these formulae in (3.11) and separating the real and imaginary parts, we shall get 

the formula for X,, (w) which coincides in form with (2.17), where instead of I’, there will be 

yo (E), and P, (E) instead of Po. If these formulae are taken at E = ¢ and the distribution functions 
are taken in the (3.23) approximation then the coincidence will be complete. The difference here 
consists in that, in the formula for n,, P, and I’, instead of ¢ there will be the renormalized 
energy of a spin wave € . 

Now we can formulate the following general conclusion. Part of the width of the line in 
ferromagnetic resonance which is determined by the interaction of spin waves with phonons, is 
determined by the attenuation parameter of a spin wave with zero quasi-impulse. I", is the 
parameter which characterizes the rate of approximation of the average number of spin waves 
k = 0 to its own equilibrium value (see (1.7)). Or it can be regarded as the parameter of the time 
correlation between the birth and annihilation of the spin wave (see (3.21)). 

If the influence of spin-phonon interaction on the equilibrium functions of-the distribution 
of spin waves and phonons is neglected, the three methods under consideration produce the same 


5 
(3.19) 
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results for width. In the method of the kinetic equation this corresponds to replacing the filling 
numbers by their average values (by the functions of distribution of non-interacting quasi-particles); 
in the Kubo method it means neglecting the terms which emerge from the expansion of the statistical 
operator into a series through H’, and in the Green’s function method, to breaking the chains by 


means of the (3.13) approximations. 

The last two methods however, have considerable advantages over the kinetic equation one. 
Firstly it is possible, in principle, to obtain higher approximations, and secondly instead of the 
width of the line they make it possible to find the resonance frequency shift and also the shape 
of the line. © 

These conclusions are not strictly to the case of spin-phonon interaction. It can be shown 
{11} that the mathematical structure of the formulae here obtained for susceptibility, width of the 
line, and shift, contain the marks of other further interactions which could be described by 
Hamiltonians of the (1) type, for instance, spin-spin interaction or interaction with conduction 
electrons. 

In conclusion I would like to express my gratitude to Professor S.V. Vonsovskii, 


Ye.A. Turov, G.V. Sktrotskii, A.A. Kokin and G.G. Taluts for discussing the work. 


Translated by V. Alford 
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A STUDY OF THE INFLUENCE OF PLASTIC AND ELASTIC DEFORMATION 
ON COERCIVE FORCE IN ORDERING AND NON-ORDERING ALLOYS * 
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A study has been made of the influence of plastic deformation on coercive force in nickel, 
non-ordering iron-base alloys with additions of aluminium (2.5 and 8%) and chromium (8%), binary 
ordering alloys Ni,Mn and Ni,Fe and ternary alloys of the system Co-Ni-Mn. The behaviour of 
coercive force during plastic deformation is explained in the light of dislocation theory. 

The influence of elastic deformation on coercive force has been studied in the alloys 
Fe + 2.5% Al and Fe + 8% Cr. It is suggested that variation in coercive force is due to 
rearrangement of the directions of easy magnetization. 


Coercive force is one of the most structure- 
sensitive properties available for checking, and it 
is an important criterion in the selection of ferro- 
magnetic materials for practical applications. 
Kondorskii [1] has shown that the most important 
cause of delay in boundary migration of domains, is 
provided by the non-uniform internal stresses which 
always exist in a material. Kersten [2] has studied 
variation of coercive force in dependence on the 
amount and size of non-magnetic inclusions. Neel [3] 
obtained a formula for coercive force which allowed 
for the influence of fluctuations in the direction of 


magnetization due to fluctuations in elastic stresses 


and fluctuations in the intensity of magnetization 
due to non-magnetic inclusions: 
612 


at A, o > K, where A, and /, are saturation mag- 
netostriction and magnetization respectively; v is 
the percentage volume of sectors of the substance 
subject to intensive disturbing stresses 0; (0; =3x 
10 dynes/cm?), K is the magnetic anisotropy 


constant. 
If it is assumed that there is N, density of paral- 


lel dislocation lines in the crystal, then the vo; 
product (see formula (1)) will be determined in the 
following way: 


* Fiz. metal. metalloved., 12, No. 1, 30-37, 1961. 


! 
v0, = (2) 


where is the Burgers vector ,G is the modulus of 
elasticity in shear. 

The formula for coercive force will in this case 
have the form [4]: 


6G (3) 
where a is a coefficient which is dependent on the 
material. 

Assuming that the density of dislocations is 
dependent on the degrees of deformation and that 
this dependence can be found by measuring the 
damping caracity in iron [5], 


=0.54 x 10% %em—'!. (4) 


Substituting the NV; value in formula (3) we find 


H, = 2.39 x 105 (5) 


Comparing this with experiment it can be seen 
that the H, ~ «% law is quite satisfactorily 
observed for this kind of approximate theory. 

The connexion between coercive force and the 
density of dislocations has also been established 
in Vicenea’s theory [6]. This theory was developed 
by Malek [9]. Malek obtained the following formula 


for coercive force: 


— 


_ 3a +9 


where Lis the average linear dimension of a 
domain; 
v is Poisson’s ratio; 
a is the size of the intensely stressed 
regions around a dislocation; 

5 is the depth of the domain wall. 
Both this and formula (3) give the dependence of 
coercive force on the density of dislocations. 
Malek [9] explains the presence of the maximum on 
the H, (€) curve by the fact that increase in the 
degree of deformation causes an increase in mag- 
netic anisotropy and points to the decrease in the 
depth of the interdomain boundary 5 = \/ A/K 
(A is the exchange integral). In this same work a 
study was made of the dependence of the coercive 
force of heavily deformed specimens on annealing 
temperature. Here it was found that alloys which 
had a maximum on the H, (e) curves also have a 
maximum of the same value on the H,(T,,,,) curve. 
The author considers that only processes opposite 
to those which occurred during deformation, will 
occur during annealing, i.e. there will be a reduc- 
tion in the density of dislocations and stresses will 
be relieved. This explains the duplication of the 
course of the curves. 

In plastic deformation however, it is the order in 
the arrangement of atoms which is broken up, while 
during the annealing carried out in [9] (2 hr at 
each temperature) the order which existed before 
deformation could not be re-established as longer 
soaking times would be needed. Besides this, the 
alloys which were investigated in that work con- 
tained a greater quantity of impurities, including 
carbon, sulphur and phosphorus. But this means that 
the variation in coercive force during annealing 
can be explained not only by reduction in the dens- 
ity of dislocations and stress relief, but also by 
other similar effects, the dissolution of impurities 
which have a considerable influence on coercive 
force, for instance. Nor does it seem right to us 
that the authors did not allow for the influence of 
the disturbance of order on coercive force in the 
process of plastic deformation. In a crystal with 
long-range order plastic deformation occurs as a 
result of the movement of twinning dislocations 
which consist of two partial dislocations separated 
by an anti-phase boundary [11]. The equilibrium 
distance between the dislocations is 


Plastic and elastic deformation 


Gb* 1 
l.= 


a(l-—v)kT, s? 


(7) 


where T. is the ordering temperature; 
k is Boltzmann’s constant; 
S is the stage of long-range order. 

In [4, 12] the influence of elastic deformation on 
coercive force was investigated. The influence of 
elastic tension on the magnetic structure of silicon 
iron has been studied by Shur and Zaikova. {12]. 
The authors found that domain walls were displaced 
when strong tensile forces were applied. It is as- 
sumed that, in a monocrystal, the direction of easy 
magnetization becomes easier close to the axis of 
tension. 


EXPERIMENTAL MATERIALS AND 
PROCEDURE 


The following materials were investigated: 
commercial nickel, non-ordering alloys on the basis 
of iron with additions of 2.5, 8% aluminium and 
8% chromium, and also the binary ordering alloys 
Ni;,Fe, Ni;Mn* and the ternary ordering alloys 
Co-Ni-Mn (No. 1 — 20% Co, 60% Ni, 20% Mn; 

No. 2 — 40% Co, 40% Ni, 20% Mn; 
No. 3 — 60% Co, 20% Ni, 20% Mn). 


All the alloys were made from high purity materials 


in a b.f. furnace in an argon atmosphere. The ingots 
were forged into bars and homogenized fur 150 hr 
in a vacuum at 1000-1200° and then, after a 2-3 mm 
layer had been removed the wire specimens 30 mm 
long and 1 mm in dia. were produced by wire 
drawing. The specimens for the study of the in- 
fluence of elastic deformation on coercive force 
were made 0.41 mm in dia. and 30 mm long. Then 
all the specimens, coated with aluminium oxide and 
packed in nickel foil, were annealedin a vacuum to 
remove stress, for 2 hr at the following tempera- 
tures: Fe-Al specimens at 900°, Fe + 8% Cr at 
750°, commercial nickel (Ni,Mn, Ni,;Fe, Co-Ni-Mn) 


at 1000°. 


* Alloy contained 23.7 at. % Mn according to chemical 
analysis. 

t In these conditions there is a slight evaporation 
‘of manganese from the surface of specimens from a 
depth of 10u which cannot, however, be called 
evidence of the regular course of the H,, variation 
with deformation. 


= 
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The ordering alloy specimens (Ni,\in, Ni,Fe, 
Ni-Co-Mn) underwent an ordering anneal after the 
preliminary anneal. The Ni,Fe specimens were 
annealed in a vacuum at 450° for 170 hr, and the 
Co-Ni-Min ones at 430° for 150 hr. 

_ The Ni,Mn specimens were treated one after the 
other as follows [13]:at 276° for 95 hr, at 310° for 
101 hr, at 340° for 50 hr, at 355° for 47 hr, at 440° 
for 28 hr, and after this some of the specimens were 
quenched in water from 440°. The rest of the speci- 
mens were annealed at 450° for 24 hr and 490° for 
14 hr. After this another group of specimens was 
quenched in water from 490°. The rest of the speci- 
mens were annealed as follows: 500° for 13 hr, 520° 
for 13 hr, 525° for 5 hr, 530° for 5 hr, 550° for 8 hr, 
580° for 5 hr, 600° for 8 hr, 620° for 5 hr and 650° 
for 5 hr. After annealing at 650° they were all 
quenched in water. Thus each group of Ni,\n speci- 
mens had reached a definite stage of order. The last 
group which was quenched from 650° had s = 0 
degree of long-range order. Those which were 
quenched from 490° had a higher stage of order than 
those quenched from 440° (ordering temperature for 
Ni,Mn is around 500°). 

After these treatments coercive force/deformation 
curves were taken for all the alloys. Piastic deform- 
ation was caused by drawing the specimens through 
wire drawing dies and coercive force was measured 
on a ballistic meter with a precision up to 0.02 
oersteds. 

The coercive force/elastic deformation depend- 
ence was taken for all the Fe + 8% Cr and Fe + 2.5% 
Al specimens. A special holder was made for this 
purpose in which deformation in tension was created 
by a spring which was compressed by means of a 
screw. The elongation was checked by a clockwork 
indicator with division of 0.01 mm. 


DISCUSSION OF RESULTS 


Non-ordering materials. For the non-ordering 
alloys Fe + 2.5% Al, Fe + 8% Al and Fe + 8% Cr, 
as also for the commercially pure nickel, the 
coercive force/plastic deformation dependence 
curves were replotted in the co-ordinates coercive 
force-deformation (€%). The replotted curves are 
shown in Figs. 1 and 2. It can be seen from these 
illustrations that the H, ~ ¢’* dependence is very 
well satisfied, which also confirms the H, ~ Ng 
dependence if the data for the damping capacity of 
iron [5] are borne in mind. 
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FIG. 1. Dependence of coercive force on plastic deform- 
ation in commercial nickel. 
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FIG. 2. Dependence of coercive force in non-ordering 
alloys on plastic deformation: 
1— Fe+ 2.5% Al; 2— Fe + 8% Al; 
3 — Fe + 8% Cr. 


Thus the increase of coercive force which 
accompanies an increase in the degree of plastic 
deformation is bound to hold up the migration of 
domain walls over the whole number of increasing 
dislocations. 

Ordering alloys. Remembering the mechanism of 
plastic deformation in ordered alloys [11] we will 
only consider the elastic interactions of disloca- 
tions formed in an ordering alloy on plastic deform- 
ation with the boundaries of ferromagnetic domains 
(the influence of inclusions will not here be studied). 
We will here proceed from a formula which allows 
for the fluctuations in the direction of magnetiza- 
tion due to oscillations of elastic stresses. These 
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fluctuations cause widely distributed magnetic 
charges in the material, the energy of which to a 
very considerable degree determines the position of 
the ferromagnetic domain walls and their ability to 
migrate under the influence of external magnetic 
field. If vis the relative volume of the metal which 
is subject to the action of high internal stresses a, 
then, according to Neel, coercive force 

H, =1-£ v0. (8) 

We must find the vo value both for ordinary and 
twinned dislocations. For an ordinary dislocation the 
average stress at a distance of r > a from the 
nucleus (a is the dia. of the cylinder which sur- 
rounds a dislocation nucleus) will be 


= =, (9) 

For twinned dislocations, if r is considerable greater 

than the equilibrium distance /, between individual 

dislocations, it will not be difficult to show that the 

average stress is dependent on rin the following 


approximate formula: 


Both in the simple and twinned dislocations, the 
element of volume around the dislocation nucleus 
will be like a hollow cylinder 1 cm high and will 
be equal to 

dv = 2rrdr, 


and the product vo in formula (8) is determined by 
the total number of dislocations Nj which includes 
normal and twinned dislocations. 


72 1/2 
” 9 
= Na + Nal rdr= 
} 


Zo 


— 
= (1 — 2r,) + NabG (l —2rq) 


where r’o = lo. 
Remembering that 


Na 


we get 


v0 = NybG . 


2 


(10) 


However, the effect of the anti-phase boundary was 
not allowed for here. As this boundary has a width 
of 25, the element of volume around a nucleus of 
a partial dislocation 1 cm high is dv = 2 bdr, and 
the value 


It is easy to see that the resulting formula is con- 
siderable less for each of the terms in the formula 
(10) sum and it therefore seems that in subsequent 
calculations (va), can be neglected. 

We will assume that, as stated in [13], a partially 
ordered alloy has a variable structure consisting 
of non-ordered and ordered regions the dimensions 
of which will depend on the degree of order. Accord- 
ing to this model and the representation in [11] 
regarding twinned dislocations, density of 
simple dislocations will be formed on plastic 
deformation in the unordered regions with constants 
d*., 1’, and in the ordered region with constants 
17, density of twinned dislocations will 
be formed. Then for coercive force the following 
formula can be written 


With increase in the degree of deformation 1, 
the distance between partial dislocations in a twin 
will increase as a result of reduction in the degree 
of order (7), 27’, will grow proportionally and / 
and N”, will diminish (and as a result of this Nz 
will increase). Thus the second term has a tend- 
ency to become less and at a certain stage of 
deformation coercive force can be found from the 
same formula as in an unordered alloy (see (3)). 

In ordered alloys coercive force on plastic 
deformation depends on the interaction of two 
processes: increase in the density of dislocations 
which causes increase in H, and the break-up of 
order which causes a reduction in coercive force. 


Fig. 3 shows the dependence of coercive force 
on the degree of deformation in Ni,;Mn. Curve J, 
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FIG. 3. Dependence of coercive force on plastic deforma- 
tion in the alloy Ni,Mn: 
1 — after annealing at 490°; 
2 — after annealing at 440°; 
3 — after annealing at 650°. 
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FIG. 5. Dependence of coercive force on plastic deforma- 
tion in Ni-Co-Mn alloys: 

1 — 20% Co + 60% Ni+ 20% Mn; 

2— 40% Co + 40% Ni+ 20% Mn; 


3 Co + 20% Ni+ 20% Mn. 
ordered state; 


unordered state. 


which is from a specimen with a maximum degree of 
order, lies above all the curves for this alloy. The 
completely ordered alloy produces a curve consider- 
ably lower*. On all the curves from the Ni,Mn 
specimens maxima can be seen, after which there 

is a drop in coercive force due, in curves] and 2, 


* Heat treatment of this specimen, as in [13], 
produces H, # 0. 
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FIG. 4. Dependence of coercive force on plastic deform- 
ation in Ni,Fe: 


1 — annealing at 450°; 
2 — quenching from 1000°. 
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FIG. 6. Dependence of coercive iorce on degree of 
elastic deformation in Fe + 8% Cr (1) and 
Fe + 2.5% Al (2): 
left-hand scale is for curve ] and 
right-hand scale for curve 2. 


to the break-up of long-range order, and in curve 3 
possibly to the break-up of short-range order. If it 
is assumed that in the beginning plastic deformation 
occurs at the expense of the non-ordered regions 
(being the less strong), this will of course promote 
an increase in 1, at the expense of the first term 

in formula (12). After this, according to the degree 
of stability, deformation considerably affecting the 
ordered regions will cause a reduction in the degree 
of order and as a result of this the gradient of the 
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above and the second causes an increase in the 
boundary energy of the domain, making the process 
of remagnetization difficult and increasing 
coercive force. 


cubical forces and stresses on the interface [3] will 
be reduced, causing a drop in H.. 

Fig. 4 shows the dependence of coercive force on 
the degree of deformation for an ordered (curve /]) 
and unordered (curve 2) Ni,Fe alloy. As follows 
from formula (11) the curve for the ordered alloy is 
above that for the unordered one. Both curves rise Translated by V. Alford 
monotonically. The rise in the curve for the ordered 
alloy can be explained in the light of published 
information [14-16] which shows that in Ni-Fe 


alloys mechanical stresses create what is known as REFERENCES 

“oriented” superstructure. Thus two factors are 
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4. H. Dietrich and ©. Kneller, 
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The solid lines are for the ordered and the dashed 5. W. Koster and L. Bangert, 
ones for the unordered alloys. It can be seen that rn ee 
the H, (€) curve lies higher, the higher the cobalt 6. F. Vicena, Czechaslov. J. Phys. 


content. The monotonic rise in the curves for the 5, 480 (1955). 


ordered Co-Ni-Mn alloys is, of course, due to the 
fact that the increase of coercive force due to 
increase in the density of dislocation is greater than 
the reduction in coercive force due to.the break up 
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good qualitative explanation of the difference in the 6, 419 (1956). 
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INFLUENCE OF THE NATURE OF LATTICE DISTORTION ON THE TEMPERATURE 
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In the temperature range from + 20 to — 196°C a study has been made of the temperature depend- 
ence of electrical resistivity in silver and gold after plastic deformation at room temperature, and in 
gold saturated by vacancies as a result of quenching. With reduction in temperature the increase in 
resistivity due to the presence of distortions becomes 10-15 per cent less in the deformed metals 


while in 


The formation of lattice distortions in a metal is 
known to be accompanied by changes in many of its 
structure-sensitive characteristics. The course of 
the temperature dependence of these values also 


varies to some degree. Investigations of this type 
are not infrequently made more complicated by the 
fact that the properties characteristic of the undis- 
torted state are partially restored in the proces of 
measuring, i.e. there is an irreversible change in 
the actual object of investigation. It is therefore 
necessary to study the temperature dependence of 
the values enumerated above in a temperature range 
low enough for the recovery processes not to play 
an important part, which means that the dependence 
will be of a reversible nature. 

The number of papers devoted to this question is 
unfortunately very small although this kind of in- 
vestigation could, in a number of cases, provide 
additional information regarding the state of the 
crystal lattice and would in particular, be very 
useful in explaining the mechanism of plastic de- 
formation. For this reason we began a systematic 
study of the influence of various kinds of distortion 
on the nature of the temperature dependence of 
electrical resistivity in metals as one of the struc- 
ture-sensitive characteristics. 

Like impurities, lattice distortions could cause 
an increase in resistivity AR which, in the condi- 
tions described arove where the processes cannot 
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e quenched ones it increases by 5-7 per cent. 


be reversed, is extremely weakly dependent on 
temperature, i.e. it is to a definite degree depend- 
ent on what is known as the “Mathieson law” which 
was originally only formulated for metals contain- 
ing a low impurity concentration [1-5]. There is 
very little more precise information on the nature 
of the temperature dependence of increase in 
coercive force and what there is is very contradic- 
tory. All such papers relate to metals where the 
lattice distortions were created by deformation at 
room temperature. The results of [6-10] indicate a 
slight reduction in the increase in resistivity, 
which occurs when the temperature of the deformed 
specimen is reduced. The data in [11, 12] on the 
other hand, indicate that there is an increase. Only 
in our report [9, 10] is mention made of the conti- 
nuous dependence by meansof which the shole 
course of the increase in resistivity with reduction 
in temperature of a metal can be followed. These 
reports present the preliminary results of an in- 
vestigation made on copper and silver which had 
undergone comparatively high deformation. The 
present report is devoted to the extension of these 
investigations to the plastic deformation of silver 
and gold in a wider range of deformations and also 
on gold containing different concentrations of 
excess vacancies as a result of quenching. 


PROCEDURE 


The investigations were carried out on fine wire 
specimens of pure silver and gold 99.99 per cent, 
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FIG. 1. Changes in the increase in resistivity as a result 
of cooling from + 20 to — 196°C, at different degrees 
of deformation in silver. 


0.1 mm in dia. and 50-100 mm long. The specimens 
were mounted in a special holder which also held a 
resistance thermometer. This was made of the same 
wire as the specimens and had the same dimensions. 

After preliminary annealing the specimens under- 
went plastic deformation in compression at room 
temperature, or were quenched. This latter operation 
which was carried out to saturate the metal with 
vacancies, was made by rapid immersion of the 
heated wires in distilled water. Only the gold speci- 
mens were quenched, as they can be heated directly 
in air. It is well known [13, 14] that at elevated 
temperatures silver dissolves a considerable quantity 
of oxygen which under rapid cooling may be retained 
together with the vacancies. 

The electrical resistivity measurements were made 
with a compensation circuit in the temperature range 
from + 20 (silver) or 0° (gold) to — 196°. The lower 
temperature was chosen for beginning the measure- 
ments on the gold as in both the deformed and 
quenched state of this metal as, due to the relaxa- 
tion process, at room temperature a considerable 
reduction in the increase in resistivity takes place 
in the time required to establish thermal equilibrium 
with the surrounding medium and to carry out the 
measurements. This causes a considerable differ- 
ence in the resistance figures at the beginning and 
end of the measuring cycle (after cooling); this dif- 
ference becomes practically non-existent at 0°. The 
specimens were cooled in a cryostat which meant 
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FIG. 2. Changes in the increase in resistivity during 
cooling from 0 to — 196°C with increasing degrees 
of deformation in gold. 


that it was possible to maintain constant tempera- 
ture within the limits of 0.01° during measurements. - 
These were made as follows. At a series of tem- 
peratures determination was made of the resitivity 
of the specimen and the thermometer with sequential 
cooling and then, to test reversibility, it was 
measured at some of the points during heating up 

to the original temperature. After which the speci- 
men was annealed and measurement was again 

made in the same temperature range. From the 
resulting data the difference in the resistivity 
figures (AR = Ra; — Rann) was found in the 
corresponding temperature points. 


DISCUSSION OF RESULTS 


It was established as a result of the experiment 
that the increase in resistivity due to deformation 
at room temperature becomes less when the speci- 
mens are cooled to the temperature of liquid nitro- 
gen (i.e. the ARige°difference is positive). 
The figures for these changes, taken at various 
different degrees of deformation, are shown graphic- 
ally in Figs. 1 and 2 where the relative figures 
for increase in resistivity R/R,,0 are plotted on 
the abscissa axis and the corresponding degrees 
of deformation Ad/d are shown below. In our experi- 
ment the relative reduction in AR (i.e. 

AR oom — AR_ 196°) 
AR 


room 
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FIG. 3. Dependence of increase in resistivity due to de- 


formation, on temperature in silver: 


1 — degree of deformation Ad/d = 80%, relative increase 


in resistivity 
(AR/R) 49° = 5.2%; 2—Ad/d= 75%; 
(AR/R)49°= 4.1%; 3—Ad/d = 63%; 
(AR/R) = 2.6%; 4—Ad/d = 35%; 


(AR/R)o9° = 1.0%. 
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FIG. 4. Changes in the increase in resistivity during 
cooling from 0 to — 196°C, in quenched gold. 


was 30 per cent in the silver specimens 
(Ad/d = 80 per cent, and 9 per cent (Ad/d = 85 per 
cent) in the gold ones. 

Fig. 3 shows the nature of the temperature de- 
pendence of AR at various degrees of deformation. — 
It is for the silver specimen. 

Fig. 4 shows the figures for the changes in AR 
obtained on the specimens which had undergone 
quenching. In this case there is an increase in the 
growth of electrical resistivity (by a maximum of 
5-7 per cent) on cooling. The absolute value of 
this figure becomes higher with the concentration 
of vacancies. Thus the variation in the increase in 
resistivity is negative in the quenched metal 
(AR ,o — AR_ , 9,9), i-e. it is not the same as in the 
deformed metal. 

It must be noted that all the curves obtained have 
a completely reversible character and are not de- 
pendent on the rate of cooling so long as the time 
spent at temperatures close to room temperature is 
not too long. 

These results combined with those available i in 
literature are still not sufficient to explain the 
reasons for the nature of the temperature dependence 
of increase in resitivity. One can only suggest 
(11] that this dependence is mainly due to variation 
in the nature of the thermal oscillations of the 
atoms in the distorted sectors of the lattice, i.e. - 
it is due to a change in the Debye temperature of 
the metal. To confirm this hypothesis further experi- 
ments would be necessary which would supply 
independent information on the influence of differ- 
ent kinds of distortion on the characteristic temper- 
ature. Such information could be obtained, in parti- 
cular, by measurement of thermal capacity in a 
sufficiently wide range of temperatures. However, 
the information available in literature on this 
problem is very scanty and does not make it pos- 
sible to draw any definite conclusion, let alone 
to produce anything parallel to the results of this 
present work. The difference in the AR,o — AR_ 1960 
difference in deformed and quenched gold is 
probably due to the different nature of the defects. ~ 
It seems that the contribution of point defects to the 
increase in electrical resistivity is very slight in a 
metal which has been deformed at room temperature. 

The authors wish to take this opportunity to 
thank the student I. Barskaya for her help in carry- 
ing out the measurements. 


Translated by V. Alford 
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INVESTIGATION OF SOME OF THE PHYSICAL PROCESSES WHICH OCCUR ON THE 
SURFACE OF CRYSTALLINE SOLIDS AT HIGH TEMPERATURE 
Vill. THE LEVELLING OF SCRATCHES ON THE DISTORTED SURFACE OF 
POLYCRYSTALLINE COPPER * 
Ya. Ye. GEGUZIN, N.N. OVCHARENKO and L.N. PARITSKAYA 
Institute of Chemistry attached to Khar’kov State University 
(Received 3 October 1960) 


If the smooth surface of a polycrystalline specimen 
undergoes considerable deformation before scratch- 
ing, then in the process of “closing up” which 
occurs at high temperature, the shape of the scratch 
will remain smooth in the same way as occurs when 
scratches on the surface of amorphous bodies [6] 
are “closed up”, glass for instance, the coefficient 
of surface tension of which is isotropic [1]. Accord- 
ing to [1] a scratch on the surface of a specimen 
which has first undergone prolonged annealing will 
remain virtually smoothed and it will only change 
its shape in conformity with the orientation of the 
grain in respect of the plane, and on distorted sur- 
faces the rate at which a scratch will become 
smoothed out increases with the degree of distortion. 

There is another explanation of these facts: the 
subsurface layer which has undergone deformation, 
is a combination of finely dispersed disoriented 
monocrystals or blocks which have arisen as a 
result of polygonization of this layer. The structural 
stability of the subsurface layer has been described 
as a possible break in the individual elements of 
the structure, i.e. where there is a network of dis- 
continuities which prevent collective recrystalliza- 
tion. 

To obtain further experimental data to assist in 
discovering the reasons for this effect, the experi- 
ments described below were undertaken, dealing 
with the levelling of scratches on the surface of 
cast polycrystalline copper and electrolytic copper. 

Electrolytic copper was used for the experiment. 
It has been explained in [2, 3] that electrolytic 
copper has very high distortions at low temperatures 
and is practically free of inherent lattice distortions 


* Fiz. metal. metalloved., 12, No. 1, 42-46, 1961. 


at elevated ones; when the scratches close a net- 
work of discontinuities arises along the boundaries 
of the elements of micro- and macrostructure. In the 
case of electrolytic copper this network of dis- 
continuities and boundaries does actually exist 
between the elements of structure, as has been 
suggested for a cast specimen with a deformed 
surface and it causes an increase in the self- 
diffusion coefficient. It is therefore interesting to 
compare the process of the smoothing of scratches 
on distorted surfaces of cast polycrystalline and 
electrolytic copper. 


RESULTS AND DISCUSSION 


The tests consisted in observing the change in 
the shape of the scratch which was made with an 
apex angle of 136° on the smooth surface of an 
electrolytic copper specimen with a diamond in- 
denter. Annealing was carried out in a flowing 
hydrogen atmosphere; to avoid active evaporation 
from the surface the specimen was wrapped in thin 
copper foil. A MII-4 interferometer was used to 
observe the change in the section of the scratch. 
We will described the experiments in four series. 

Series 1. These tests consisted in observation 
of the levelling of scratches on the surface at 
different c.d. of 0.5 and 10 A/dm?. At the same time, 
for comparison, specimens of cast copper which had 
not undergone a preliminary anneal before scratch- 
ing (after turning, grinding and polishing) were 
annealed. Three kinds of specimens were annealed 
simultaneously at 950° for different times. Fig. 1 
shows series of characteristic interferometer 
photographs. It can be seen from these photographs 
that scratches obtained on the surface at / = 10 A/dim? 
close up more rapidly than those obtained at 
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FIG. 1. The levelling of scratches on the surface of cast FIG. 2. Levelling of cracks on the surface of stabilizec 
and electrolytic copper obtained at different c.d. : specimens of cast copper and electrolytic copper 
1-3 — cast copper; obtained at different c.d.: 
4-6 — electrolytic copper obtained at /] = 0.5 A/dm’; 1- 3 — cast copper; 
7-9 — electrolytic copper produced at J = 10 A/dm’; 4-6 — electrolytic copper, / = 0.5 A/dm’; 
1, 4, 7 — initial state; 7-9 — electrolytic copper, ] = 10 A/dm’; 
2,5, 8 — anneal at 950°C for 1 hr; 1, 4, 7 — initial state; 
3, 6, 9 — at 950°C for 4 hr. 2,5, 8 — anneal at 950°; 
3, 6, 9 — at 950°C for 4 hr. 


FIG. 3. Levelling of cracks on layers of electrolytic copper of aaa depths, 
deposited on stabilized cast copper at / = 10 A/dm? 


1-4 —d~ 0.5 ps 
5-8 lp 
9-12 24; 

13- 16 34 

1, 5, 9, 13 — initial state; 


2, 6, 10, 14 — annealed at 950° for 30 min; 
3, 7, 11, 15 — at 950° for 1 hr; 4, 8, 12, 16 — at 950°C for 4 hr. 
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FIG. 4. Dependence of h/t ho (t) for scratches made on 
electrolytic copper layers of various depth: 
1—-d~ 0.5 
2-dn B 
3 


I= 0.5 A/dm’, and practically at the same rate as 
in cast copper with a deformed surface. In all three 
cases the scratches preserve a smooth section in 
the course of closing. 

Series 2. In these experiments the same three 
kinds of specimens were observed as in series 1 but 
before the scratches were made they underwent a 
preliminary stabilizing anneal at 950° for 4 hr. The 
annealing for the purpose of levelling the scratches 
was carried out in exactly the same way as in 
series 1. Typical interferometer photographs are 
shown in Fig. 2. in all cases the preliminary 
anneal considerably retarded the process of closing 
but as before, this occurred more rapidly on the 
specimen on which the scratch was made at 
1 = 10 A/dm? than at / = 0.5 A/dm’. 

Series 3. The idea behind this series of experi- 
ments was as follows. All other conditions being 
equal, it is known that the density of an electrolytic 
coating on to cast metal will decrease as the dis- 
tance from the base increases. If the depth is consi- 
derable this dependence disappears. It does however 
obtain in the range of depth up to several microns. 
With this in mind we followed up the kinetics of the 
closing of scratches made on electrolytic copper 
which had been precipitated in layers of different 
depth on to plates of cast and rolled copper which 
had previously been stabilized by a high temperature 
anneal. The layers were 0.5, 1, 2 and 3 yu thick. 

The scratch to close most rapidly was that on the 
thickest layer (Fig. 3). This is clearly illustrated 
in Fig. 4. 

Series 4. Further information regarding the in- 
fluence of coating density on the rate of closing of 
scratches was also obtained in this series of 
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FIG. 5. Directional scratching on specimens 
of electrolytic copper. 


experiments in which observation was made of the 
closing of scratches made on planes which were 
oriented differently in respect of the direction of 
the current line in the process of electroplating. 
flere the idea was to make use of the anisotropy 
of the macrostructure of electrolytic copper. The 
three directions illustrated in Fig. 5 were dis- 
tinguished. The degree of dispersion of the micro- 
structure after the annealing which caused the 
closing was checked by X-ray diffraction photo- 
graphs using microbeams with a capillary diameter 
of about 160u. The results of these experiments 
were as follows: in the copper obtained at 

1 = 10 A/dm? scratches in all three directions 
healed at practically the same rate (Fig. 6). This 
is in agreement with the X-ray photographs which 
were practically identical for planes in directions 
a, b and c. In the specimens obtained at / =0.5 A/dm? 
the c direction scratches healed more rapidly than 
the a and b ones (Fig. 7). This is in agreement 
with the X-ray diffraction data which show that a 
scratch made in direction c intersects a consider- 
ably greater number of microcrystals than those in 
directions a and b. Haing considered the observa- 
tions described in [1] and in the present article, 
attention is drawn to two particular results: 

(a) the dependence of the rate of levelling on 
the initial degree of distortion of the subsurface 
layer, 

(b) the preservation of a smooth outline by the 
scratch during the process of levelling. 

Together with the data in [1] the results of these 
experiments provide a basis for a more precise 
representation of what is known as surface diffusion 
and of its role in smoothing out surface defects. 
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FIG. 6. Levelling of cracks made in different directions 
on the surface of electrolytic copper produced at 
1 = 10 A/dm’; 
1,2—a; 3,4—6; 5,6—c; 1, 3, 5 — after annealing 
950° for l hr; 2, 4, 6 — at 950° for 4 hr. 


FIG. 8. Variation in the profile of a scratch on different 
grains of stabilized polycrystalline copper; 
anneal at 950° for 1 hr; 

1 — saddle; 2 — smooth profile. 


Where the surface of a crystalline specimen has 
undergone grinding and polishing it seems that one 
can distinguish between actual surface diffusion 
which consists in the displacement of atoms on the 
the surface boundary crystal-vacuum, and “sub- 
surface” diffusion which occurs in a subsurface 
layer of a certain depth which is perforated by a 
number of interfaces and dislocation lines. The 
coefficient of real surface diffusion should be a 
substance constant andonly dependent on temper- 
ature while the diffusion coefficient in the sub- 
surface layer is structure-sensitive and consequently 
will be dependent on the nature of the surface 
treatment. The results of [4] provide evidence of 


FIG. 7. Levelling of cracks made in different directions 
on the surface of electrolytic copper produced at 
I= 10 A/dm’; 
1,2—a; 3,4—6; 5, 6—c; 1, 3, 5 — after annealing 
at 950° for 15 min; 2, 4, 6 — at 950° for 1 hr. 


FIG. 9. Levelling of scratch on deformed and undeformed 
surfaces of rock salt; 
1, 2— undeformed surface; 3, 4 — deformed surface; 
1, 3 — initial state; 2, 4 — anneal at 740° for 
10 min. 


subsurface diffusion. In this work a study was 
made of the diffusion of Fe-59 on the surface of 
polycrystalline iron. It seems that the layer where 
the displacement of atoms is easier is some tenths 
of atoms thick. 

The dependence of the rate of levelling of 
surface scratches on the degree of rigidity of the 
grinding [1] and c.d. when the electrolytic copper 
was produced may mean that it is due not to 
surface but to subsurface diffusion the role of which 
increases with the degree of distortion (degree of 
dispersion and porosity of the structure of the sub- 
surface layer). We note that this idea of subsurface 
diffusion is in no way in contradiction with the 
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overwhelming accumulation of reported experimental 
facts. These facts simply do not contradict the idea 
of subsruface diffusion which must receive further 
experimental checking. 

The fact that the scratch preserves a smooth 
outline in the process of closing on polycrystalline 
copper specimens may be the result of the low 
anisotropy of the surface tension coefficient. In this 
case the “smoothness” of the relief may occur with 
a small degree of disorientation of the microcrystals 
(mosaic blocks). Moore [5] has already indicated the 
relationship between reduction of area and the 
degree of anisotropy of the surface tension coeffi- 
cient when he made his experimental study of the 
interrelation between surface tension and the process 
of thermal etching of the surface of polycrystalline 
silver. From Moore’s results it follows that in the 
case of silver all the planes, besides the simple 
ones which have minimum indexes (type (100), 
(111)), are characterized by surface tension and are 
practically independent of the orientation of the 
plane, i.e. the course of the vector of surface tens- 
ion is practically a sphere with intervals in some 
points. Qualitatively this conclusion can be related 


to copper. 
In support of this idea of the interrelation between 


the degree of anisotropy of the coefficient of sur- 
face tension and the degree of smoothness of a 
crack in the process of levelling, we will describe 
the results of two special experiments. One of the 
experiments consisted in the following. On the sur- 
face of polished and annealed polycrystalline copper 
a scratch was made which intersected a large 
number of differently oriented planes. The orienta- 
tion of each of them with regard to the plane of 
grinding could be approximately judged from the 
nature of the “natural roughness” which arose under 
high temperature annealing. 

In the same specimen the change in the outline of 
the crack varied on different grains. On the grains 
whose plane was close in orientation to the plane 
with low indices, the outline of the scratch was not 
smooth but was reminiscent of a “saddle” with a 
bottom parallel to the grinding plane, while in a 
number of grains the scratch did not have a saddle 
shape and its outline contained smooth sectors 
(Fig. 8). 

The second experiment was made on NaCl mono- 
crystals the coefficient of surface tension of which 
has considerable anisotropy. In these crystals, even 
when the surface of a natural cleavage face 


underwent considerable deformation, the outline of 
the scratch never became smooth but was always 
more or less of a distorted “saddle” shape (Fig. 9). 


CONCLUSIONS 


1. The process of the levelling of cracks on the 
surface of electrolytic copper has been studied. 
The rate of levelling increases as the degree of 
dispersion of the structure of the subsurface layer 
becomes higher. 

2. The hypothesis is put forwad that in the case 
of real crystals, besides surface diffusion proper 
a study should be made of subsurface diffusion 
which occurs in a layer whose depth is consider 
ably more than interatomic. 

3. The preservation of a smooth outline in the 
course of closing shows some relationship with 
low anisotropy of the coefficient of surface 
tension of copper and with the presence of mutually 
disoriented elements of the dispersed structure 
in the subsurface layer. 


Translated by V. Alford 
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POST PROOF-READING NOTE: 

Paper [7] came to our notice recently, after this 
article had been prepared for the press. In this paper 
it is shown, in agreement with our experiments, that 
the rate of the process of levelling a scratch and its 
“equilibrium” profile are substantially dependent on 
the oreintation of the grain in which the scratch 
has been made. 
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THE DENSITY OF MOLTEN ALLOYS OF SILICON WITH COBALT AND NICKEL * 
P.V. GEL’D and Yu.M. GERTMAN 


Urals Polytechnic Institute 
(Received 21 October 1960) 


A description is given of the concentration dependences of the densities of liquid alloys of 
silicon with cobalt and nickel. The compressions observed in the alloys are determined by varia- 
tions in atom co-ordination and the nature of interparticle interaction. The volume characteristics 
of the fusions indicate the presence of structural micro-imperfections in the liquid state. 


1. In the previous report [1] data were presented 
regarding the atomic volumes of silicon iron fusions 
which indicate that there is considerable compres- 
sion (as much as 36 per cent) on the formation of 
molten ferrosilicon from molten elements. In the dis- 
cussion of the results it was noted that this kind 
of effect may be due both to the considerable inter- 
actions between different kinds of particles (eFe, si» 
and to increase in the co-ordination number (Z). 
Experimental data regarding the heats of displace- 
ment of molten iron and silicon [2, 3] confirm that 
€si, si < €Fe, si >> Besides this, the structure of 
the electrical conductivity isotherms of the molten 
alloys Fe, Si [4] indicate that quasi-molecules are 
formed in them, in which the bonds bear a considerable 
directional character. As for AZ, due to the very 
close proximity of the atom co-ordinations in molten 
iron, silicon and monosilicide (Z = 7-8) it seems 
that its role is not very great in this system. 

2. Investigation of the densities of alloys of 
silicon with cobalt and nickel were undertaken to 
find out the influence of ¢y, ¢; and AZ on the 
compression value (A V) and also to accumulate 
experimental data regarding the properties of molten 
silicides. Among other things these systems are of 
interest because firstly, there is considerable 
liberation of heat on their formation (about 1% times 
greater than in the displacement of molten iron and 
silicon), and secondly, there are characteristic 
maximum co-ordination numbers (Z = 12) for solid 
nickel and cobalt right up to m.p. This seems to 
indicate that molten metals also have higher 


co-ordination than molten silicon and its mono- 
silicides: Z,, si < ZMe > Ze, si- In this con- 
nexion, in the alloys we used it is possible to 
make more direct observation of the effects due to 
the simultaneous change in ¢ and Z. 

Density measurements of the liquid fusions were 
made in a hydrogen atmosphere at 1500°C by the 
hydrostatic weighing method. An apparatus was 
used for this purpose (already described in [1] ) 
which made it possible to obtain results in which the 
degree of error was around 1.5 per cent. In each of 
the systems studied about twenty alloys were 
investigated (from pure metal to silicon). Graphical 
interpretation of the results Si, and 
dni, Si, exp) and calculation* of density according 
to the law of volume additivity (due, Si, add) were 


reduced to the data set out in Table 1. 

3. It can be seen from the experimental data that 
the density of molten cobalt and nickel around 
1500°C is practically the same, about 8.05 g/cm’, 
while that of molten silicon is, according to pre- 
vious measurements [1], approximately 2.50 g/cm’. 
Published information regarding the densities of 
molten Co and Ni are extremely limited and contra- 
dictory. This is particularly the case with nickel. 
According to approximate measurements made by 
Kozakevitch and Urban [5] by the stationary drop 
method, the density of molten nickel at 1550°C is 
about 7.6 g/cm’. Yelyutin, Pavlov and Glukhovtsev 
on the other hand [6], who made a study of the 
density of nickel alloys with vanadium from shrink- 
age effects, came to the conclusion that pure molten 
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* As the densities of cobalt and nickel are so close the 
d add calculations were made for cobalt. 


Density of molten alloys 


TABLE 1 


% volume Me 30 


dco, si, exp g/cm’ 
dni, si, exp g/cm’ 
si, ‘add g/cm? 


5.20 


nickel has considerably greater density, 8.3 g/cm’, 
around m.p. The difference in these figures is as 
much as 9 per cent and naturally, it cannot be ex- 
plained away by any difference in the temperatures 
used. The density of molten nickel can be asses- 
sed by using data relating to the solid metal at 
room temperature (dy; 990¢ = 8.91 g/cm’) and its 
coefficient of thermal expansion [7]. The density of 


solid nickel around m.p. seems to be about 8.17 g/cm’. 


Bearing in mind that the densities of transition 
metals vary by about 0.5- 1.0 per cent on melting, 
for molten nickel we find (at its solidification tem- 
perature) dy; ,, = 8.07-8.13 g/cm’. This is a little 
different from our earlier figure and indicates the 
plausibility of the results [5]. 

As for molten cobalt, Kozakevitch and Urbain [5] 
deduced the figure dco, m, 1550°C = 7-8 g/cm’. 

No other figures are known regarding the density of 
molten cobalt. It must be assessed on the basis of 
the properties of the solid metal. According to the 
results of high temperature X-ray diffraction anal- 
ysis [8], the density of solid cobalt at 1223°C is 
8.18 g/cm’. Taking into account its mean coefficient 
of expansion it may be concluded that at melting 
point dc, 1495°¢ g/cm? while for the 
molten metal 1495°¢ 8.01-8.05 g/cm’. This 
figure does not agree too badly with the results of 
our measurements and once again emphasizes the 
lack of precision in the experiments made by 
Kozakevitch and Urbain. The small number of 
measurements made of the densities of molten Co 
and Ni together with the contradictory results of 
other authors make it desirable for further investi- 
gations to be carried out. ; 

4. The concentration dependence of the densities 
of molten alloys of silicon with cobalt and nickel 
indicate that the introduction of a second component 
to the system, as with ferrosilicon, causes consi- 
derable compressions (A V < 0). In the Ni-Si system 


the latter reach maximum values (AV — 23%) in the 
range of compositions which correspond to the 
refractory congruent fusible silicide Ni,Si (about 
19.25 wt. % Si or around 60 vol. % Ni). On the 
other hand, the structure of the density isotherm 

of Co and Si fusions indicates maximum compres- 
sions of around 30 per cent and anomalies in the 
concentration dependences of partial molar volumes 
where there are equiatomic relationships between 
the components. In other words the maximum devia- 
tions of the concentration dependences from addi- 
tivity is here suitable for the formation of com- 
plexes which are in composition very close to the 
congruent fusible monosilicide CoSi (around 

40 vol. % Co). 

Comparing the results of the density measure- 
ments of silicon alloys with iron, cobalt and nickel 
it can be seen that in the first place there is maxi- 
mum compression of about 36 per cent, while the 
minimum of around 23 per cent is observed in the 
molten Ni-Si alloys, i.e. this order in the changes 
of volume on the formation of Me and Si fusions is 
not in agreement with the heats of mixing of the 
components. As the earlier investigations showed 
(the data from which were partially reported in [3] ), 
the maximum integral heats of mixing of molten 
silicon with these meatls at 1520°C is AHp, g; = 
—11.0 keal/g.at, = — 15.0 kcal/g.at, 

AHN si = — 16.0 kcal/g.at. Besides this, particle 
interactions in pure cobalt and nickel close to 
one another are known to be considerably greater 


than those in iron, indirect indication of which is 
provided by the data regarding their heats of 


evaporation: Ap, = 95.2, Ac, = 101.5 and 

An; = 102.0 keal/g.at [9]. In this connexion it may 
be said that there is parallelism between the heats 
of mixing of Fe with Fe, Co and Ni and the intens- 
ity of the interaction of particles of silicon with the 


: metal atoms in their alloys. In other words 
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| | | co | 70 | 20 | 100 
2.50 | 3.40 | 4.30 | | 6.00 |6.70|7.00|7.30/ 7.55] 7.80} 8.05 
2.50 | 3.40 | 4.35 | 5.15 | 5.85 |6.50!7.05|7.35| 7.70|7.85| 8.04 
2.50 | 3.05 | 3.61 | 4.16 | 4.72 |5.28|5.83]6.39] 6.94] 7.50} 8.05 
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Density of molten alloys 


€Fe, Si < €Co, Six €Ni, Si While AVpe, AVEo, si> 
AVNi, Si- Thus, the volume changes which occur 

on the formation of molten silicides from the elements 
are not functions of AH only but also of Gj Of 
course they also have a considerable influence on 
the co-ordination of atoms in the initial fusions and 
the solutions formed from them, as also a number 

of other facts. 

As noted above, in the Fe-Si system AZ = 0 and 
compression is mainly due to change of particle 
interaction. In our systems it is rather more com- 
plicated as, as a result of the displacement of 
reagents, the average Z value is reduced (AZ <0). 
And indeed, for cobalt and nickel around melting 
point Z = 12 (cubic face-centred lattice). When they 
are melted some slight volume change is observed 
and consequently, there is also a change in co- 
ordination number [10]. It seems that in the melt 
Z = 11-12 (as change in Z-from 12 to 8 causes an 
increase of about 8 per cent in atomic volume). For 
the monosilicides on the other hand, the co-ordina- 
tion number is approximately 7 [1]. In this connexion 
there is a reduction in the average Z value when 
liquid Co (Ni) is mixed with silicon (Z~ 8). | 

Thus, when comparing molten alloys of silicon 
with Fe, Co and Ni allowance must be made on one 
hand, for the increase in €Me, si from Fe to Ni and on 
the other, reduction of Z in the same direction. In 
this case the effect of atom co-ordination seems quite 
high, in view of which AVy; < Fe, si: 


This is of course further assisted by the fact that, 
of the metals here studied, the size of the iron 
atoms and the interstitial sites between them are 
greatest and those of nickel are lowest. - 

In connexion with what has been said above atten- 
tion must once more be drawn to the roughly approxi- 
mate nature of empirical laws proposed by a number 
of authors [11] to calculate the heat of formation 
of compounds and solutions from reduction of 
volume observed when they are formed from the 
components. 

We note in conclusion that the volume character- 
istics of the systems observed are very similar. 
From this it can be assumed that the earlier consi- 
derations regarding the structural features of 
molten ferrosilicon can be generalized for other 
fusions formed with silicon and transition metals 
of the fourth group. The accuracy of this finds 
justification also in the proximity and similarity 
of the concentration dependences of the heats of 
mixing on the formation of these systems. Here it 
seems that it is not only the co-ordination of the VO’ 
atoms which vary but also the nature of the particle Ls 
interaction, as a result of which quasi-molecules 191 
of the silicides are formed and the melts become 
microheterogeneous, part of their sibotaxis is 
enriched by Me, Si, groupings and the rest, by 
atoms of the surplus element. - 


Translated by V. Alford 


REFERENCES 


. P.V. Gel’d and Yu.M. Gertman, Fiz. metal. metalloved., 
10, 793 (1960). 

. F. Kolber and W. Oelsen, Mitt. Kaiser Wilhelm inst. 
Eisenforsch. 18, 109 (1936). 

. P.V. Gel’d and Yu.M. Gertman, Fiz. metal.metalloved., 
10, 299 (1969). 

. B.M. Turovskii and A.P. Lyubimov, /zv. VUZov, 
Chernaya met., 1, 24 (1960). 

. P. Kozakevitch and G. Urbain, J. Jron and Steel Inst., 
186, 167 (1957). 
V.P. Yelyutin, U.R. Pavlov and B.V. Glukhovtsev, 
NDVSh, Metallurgiya, 4, 12 (1958). 


7. M.P. Slavinsk‘i, Fiz.-khim. svoistv. elementov 
(Physico-chemical properties of the elements), 
Metallurgizdat (1952). 

J.B. Newkirk and A.H. Geisler, Acta Met., 
1, 456 (1953). 

. O. Kubaschewski and G. Haymer, Trans. Faraday 
Soc., 56, 473 (1960). 


. C. Shubin, ZA. eksp. teor. fiz., 3, 461 (1933). 
. O. Kubaschewski and E. Evans, 


Thermo-chemistry in metallurgy, 
Metallurgizdat (1954). 


12 
1961 


X-RAY SPECTRAL ANALYSIS OF THE UNEVEN DISTRIBUTION OF NICKEL 
IN STAINLESS STEELS* 
A.G. YAKHONTOV 
Kirgiz State University 
(Received 24 October 1960) 


A simple method is proposed for the investigation of alloys for the non-uniform distribution of 
alloying elements. The non-uniform distribution of nickel in stainless steels has been investigated. 


Nowadays it is accepted that alloying elements 
and impurities are unevenly distributed in alloys 
[1-3]. Various different methods of local analysis 
are used to find chemical non-uniformity: chemical, 
optical, X-ray, and recently, X-ray spectral analysis 
“at the point” [4]. The lack of localization of the 
first three methods and the complications and dif- 
ficulties of the latter are the reasons for the weak 
development of investigations in this direction. 
Apart from anything else the study of problems con- 
nected with the nature of the distribution of different 
components in alloys is of enormous importance to 
science and industry. 

In the present work an attempt has been made to 
investigate the distribution of nickel in the stainless 
steels Kh17N7Yu and 1Kh18N9T by the ordinary 
method of quantitative X-ray spectral analysis. 
Different kinds of phase composition of austenite, 
ferrite and carbides can be produced in stainless 
steels Kh17N7Yu and 1Kh18N9T by heat and 
mechanical treatment. The stability of the austenite 
can be found from the nickel content. The sectors 
which have been denuded of nickel or enriched by 
chromium will most frequently be found in the 
ferrite or martensite compositions. The presence of 
the different phases can to some extent provide a 
basis for the suggestion that the alloying elements 
are unevenly distributed. Analysis was made from 
the primary spectra in a Koshua-type spectrograph 
suitably fitted up for analysis of massive speci- 
mens. In this method a surface layer 5-10 mm square 
ard 0,0002-0.001 mm thick is analysed. The localiz- 
ation in depth is due to the conditions of excitation 
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of the X-rays. 

As is well known, 4 the depth of penetration of 
electrons which excite X-rays on the anode speci- 
men is dependent on voltage V of the X-ray tube and 
the density p of the anode material 


h (cm) = 2.6 x 10° V? (volt) 
p (g/cm?) 4 


With a method which is so highly localized in 
depth it is possible to analyse chemical non- 
uniformities not in the'point’, but in the surface 
layer. Apart from analysing concentration in the 
“point” the analysis of the concentration of 
chemical elements in an extremely thin layer is of 
interest in connexion with the development of 
rational methods of heat treatment of the special 
alloys. The question arises of the possibility of 
the application of this analysis to find non-uniform 
distribution of the elements. To find the non- 
uniformity in the concentration in the layers these 
layers must be laid bare, by fracturing the specimen 
for example. Therefore, fractured surfaces made under 
different conditions of loading were used as the 
object of investigation. The spectrograms were 
recorded on high sensitivity X-ray film RT1l. The 
nickel concentration was found by means of scaled 
graphs [7]. The exposure corresponded to the 
linear sector of the characteristic curve of the 
RT-1 plate. Reproducibility was quite high: the 
control measurements only deviate by + 5 per cent 
from the average figures. 

The results of the investigation in steel 1Kh18N9T 
are shown in Table 1. It may be said that this kind 
of surface treatment cannot disclose layers with 
concentrations other than average. In these 
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TABLE 1 


Type of surface treatment Ni concentration, % 


10.3 
Coarse grinding by 


10.7 


coarse hand grinding .. . 
10.4 


Electropolishing 


Repeated electropolishing 10.6 


circumstances the uniform removal of surface 

layers occurs. Fracture surfaces obtained by tens- 
ion at room and elevated temperatures have less 
nicke! than that of a metallographic specimen. 
Fracture in tension at room temperature revealed 

a surface with a concentration of 7.1 per cent, and 
at 470°, a surface with a concentration of 9.1 percent 
nickel. In the initial state the specimens had 

10.1 per cent nickel. The shortage of nickel at the 
point of fracture may be due to the fact that in steel 
fracture occurs along the zone which has been 
denuded of nickel and possibly, is less strong for 
this reason. To ascertain the nature of distribution 
of nickel in this zone the layers under the fracture 
surface were investigated. To this end exceedingly 
fine layers were removed by electro-polishing and 
the etched sectors of the fracture were analysed 

for nickel (see Fig. 1). In the first layer, which was 
0.15 uw thick, there was an abrupt change in nickel 
concentration. This varied more slowly in the deeper 
layers. 

It was found by X-ray diffraction analysis that the 
size of the crystal grains of the steel was several 
microns in the initial state. The deviation from 
average concentration at the fracture should be 
attributable to the non-uniform distribution of nickel 
in the initial austenite grain. The first layer with 
low nickel concentration may be the same as the 
grain boundary grain, while the second layer will 
be the same as the interior of the grain. This pro- 
position cannot however be verified by other 
methods. When one compares the distribution of 
nickel in fractures obtained at different tempera- 
tures their difference is immediately apparent. At 
low temperature fracture appears to take place 
along grain boundaries. High temperature fracture 
appears to be partially transcrystalline. 

It was found interesting to compare the results of 


Depth of layer, 


09 


FIG. 1. Distribution curves of nickel under fracture 
surface: 
1 — at room temperature; 


2 — at 470°C; 
3 — reference specimen. 


the investigation of static fracture with the jata on 
fatigue fracture. Table 2 sets out the results of 
the determination of nickel concentrations in 
fatigue fractures obtained at various temperatures. 

It must be noted that fatigue fractures may have 
sectors with increased and medium concentrations 
of nickel. After the nickel-enriched surface layers 
have been removed the concentration of the latter 
was the same as at the beginning. The depth of 
the enriched layers was of the same order as in 
static fracture. It is interesting to note that the 
two sides of the same fatigue fracture have differ- 
ent nickel concentration: 12.4 and 10.1 per cent; 
11.3 and 9.5 per cent. The conclusion may be 
drawn that fatigue cracks occur in places where 
there is a sharp change of concentration. However, 
there is insufficient experimental data on this sub- 
ject. 

In this work an investigation was made of the 
non-uniformity of nickel distribution in steel 
Kh17N7Yu of the austenitic ferritic class also. 
After annealing at 1100°C for 2 hr two of each of the 
specimens were quenched from 700° and were then 
tempered at 600° for 2 hr. The fractures were 
obtained under impact toughness testing conditions. 
Table 3 shows the results of the nickel concentra- 
tion determinations in these fractures. The differ- 
ence between average nickel concentration and 
nickel concentration at the fracture varies from 
specimen to specimen in the range from 12 to 
30 per cent with a degree of error in measurement 
of not more than 5 per cent. The right-and left-hand 
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Ni concentration 


No. of cycles Testing 
up to fracture] temperature Pre fracture | Thickened 
thou. zone 


128.6 11.3 
37.5 3 11.5 
489.2 12,5 
62.6 10.9 


TABLE 3. Nickel content in a fracture and metallographic specimen with the same 
aluminium content (1.0%) 


No. of Ni content at fracture | Absolute difference 
(in % of content in Ni content 


of sample) 


Note: All the specimens have clearly expressed fracture and roughly the same 
phase composition, 80% a- and 20% y-phases. Specimen No. 7 is the 
second half of No. 6. 


TABLE 4. Ratio between nickel concentration at the fracture and its concentration 
in a metallographic specimen where specimens have undergone the same treatment 
(hot forging at 800-1000°C) but with different aluminium contents 


Absolute 


difference | Phase comp. 
of specimen 


% Ni content 


No. of at fracture |... 
specimen in Ni content; 


74°) a@-phase 
95% ae phase 
100% g. phase 


surfaces of the same fracture have roughly the same To get an approximate idea of the size of the 


nickel segregation zones successive etching of the 
fracture surface was carried out. Quantitative 
nickel analysis was made after each etching. A 
nickel content equal to its average concentration 


(within the limits of error of measurement) nickel 
concentration. Investigation of specimens of this 
steel with different aluminium concentrations 
indicates (Table 4) that there is a reduction in the 
non-uniform distribution of nickel due to segrega- in the specimen was found after etching to an 
tion with increase in the aluminium content of the overall depth of the order of 0.1 mm. The etching 
steel. was carried out in such a way that there was no 
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TABLE 2 
| Standard 
12 4 10 
12.6 9,9 
10,5 10.3 
10.5 10.8 
% 
l 84 1.2 
2 88 1.00 
3 98 0.2. 
4 80 1.4 
VOL. 5 85 Be 
12 6 70 2.2 ; 
1961 7 74 1.9 
Trace 81 1.4 
9 0,98 84.5 1.16 
10 1,6 94 0.45 
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change in the configuration of the fracture surface. The author wishes to extend his thanks to 

It was found that the chromium nickel steel Khl7N7Yu A. Zherdeva, B. Petrenko, Saadanbekova and 

has considerable non-uniformity of nickel distribu- A. Kudryavtseva for carrying out the analyses. 
tion after a heat treatment of 1100° + 700° + 700° + 

600°. Translated by V. Alford 
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THE ACTIVATION ENERGY OF RECRYSTALLIZATION AND ASSESSMENT OF THE 
RECRYSTALLIZATION TENDENCIES OF MFTALS AND ALLOYS* 
S.S. GORELIK 


Moscow Institute of Steel 
(Received 15 November 1960) 


Tne activation energy of recrystallization Q, which is determined from the time of the 


beginning of crystallization 7 at different temperatures (r= Ae 


) is the effective (total) 


activation energy of several elementary processes, the rate and mechanism of which vary in differ- 
ent ways in dependence on temperature and other factors. This frequently leads to abrupt changes 
in Q and its constancy, not only in alloys but also in metals. In such cases Q only characterizes the 


temperature dependence of the rate of the process. 


The temperature threshold of recrystallization is recommended as the basic criterion for assessing 
the recrystallization tendency of alloys. Q is of interest as a supplementary characteristic. 


Due to technical requirements there has in recent 
years been a great increase in the number of works 
devoted to the study of the influence of alloying on 
the recrystallization of metals and alloys. The 
question of the correct selection of the criterion for 
assessing the recrystallization tendencies of alloys 
is therefore, together with the physical meaning of 
this criterion, of considerable importance. It should 


characterize the rate of the process and the tempera- 
ture level of recrystallization of the alloy and should 


be suitable for comparing the recrystallization tend- 
encies of different alloys. 

The problem arises due to the fact that, as is 
well known, the threshold temperature of recrystal- 
lization (¢!) is, unlike the phase transformation 


point, dependent on a number of factors and primarily 


on the degree of prior deformation and duration of 
subsequent annealing. As this dependence is of a 


diminishing nature, the recrystallization propensities 


of alloys are in most works assessed from the thres- 


hold temperature of recrystallization after a consider- 


able degree of deformation and annealing of not less 
than 30-60 min. This was the criterion used by 
Bochvar [1] in establishing the known dependence 
between recrystallization temperature and m.p. of 
metals. 

In [2] the recrystallization propensities of alloys 
were assessed from the temperature thresholds for 


* Fiz. metal. metalloved., 12, No. 1, 55-63, 1961. 


the beginning and end of recrystallization. These 
thresholds were taken to be the annealing tempera- 
tures below which recrystallization failed to com- 
mence and consequently to end, at practically any 
period of heating. In the same work it was shown 
that this threshold is reached after 2-3 hr annealing. 
Further increase in annealing time has very little 
influence on recrystallization temperature (Fig. 1). 
The use of graphs of the type shown in Fig. 1 
makes it possible to assess the rate of the recryst- 
allization process from the interval between the 
temperatures for the beginning and end of recrystal- 
lization. Analysis of alloys from the temperature 
threshold of recrystallization also makes it pos- 
sible to make a reliable comparison of different 
alloys from their recrystallization and softening 
levels. Apart from this, as these criteria are known 
to be adequate, in recent years it has become very 
usual [3-8] in assessing the recrystallization ten- 
dencies of alloys to use what is known as the 
activation energy of recrystallization Q which is 
found from the exponential time dependence of the 
beginning of recrystallization ron absolute temper- 


ature T 
r= AeQ/RT, 


In the opinion of several authors the activation 
energy of recrystallization determined in this way 
is a more suitable characteristic of the process. 
There is no question regarding the true physical 
meaning of the Q value determined in this way, 
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of recrystallization [9]. 

However, a large number of our own experiments 
and analysis of published data (including those in 
the works cited [3-5, 7]) have convinced us that in 
a large number of cases the experimentally deter- 
mined Q value does not reflect the true activation 
energy of the process and cannot reliably character- 
ize the recrystallization tendencies of alloys. In a 
number of alloys there is no regular relationship 
between the Q and ¢! values and the Q value 
itself may have very different values depending on 
the temperature range in which it was determined. 
This is particularly apparent for multi phase alloys 
but also occurs in single-phase ones and in pure 


In r (min) 


despite the well known complications of the process 
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FIG. 1. Dependence of the beginning Gt) and end Oe) 
points of recrystallization of the alloy Ni+ Cr (13%) 
+ Mo (4%) on heating time. Deformation 40%. 
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ec — Ni+ Cr (13%); 


metals [6]. 
As an example Fig. 2 shows graphs for the de- 
pendence of the beginning of crystallization on 
1/T (°K) in semi-logarithmic co-ordinates for a 
number of single-phase and ageing alloys on the 
basis of nickel and chromium. It can be seen that 
for the ageing alloys E1437, Ni-Cr-Al-Ti, Cr-W the 
points in a wide range of temperatures lie on broken 
lines, straight line sectors of which correspond to 
the narrower temperature range. The Q values cal- 
culated for these narrow temperature ranges (see 
Table 1) differ very widely. The maximum Q value 
is somewhat greater for ageing alloys than for 


FIG. 2. Dependence of the logarithm of the time for the beginning of crystallization on 
on 1/T (°K) for the alloys: 
a — E1437, b — Ni+ Cr (13%) + Ti (2.4%) + Al (2.2%); 


1/T x 10° 


d — Cr(O) and Cr + W (13 %) (e); 


(1 — without previous recovery; 
2 — with preliminary recovery). 


single-phase alloys on the same base. 
Fig. 3 shows the In r = f (1/7) dependence for 

iron taken by us from paper [6]. The authors cal- 

culated the Q value for only two temperature 

ranges, 520 to 620° (line 1) and 630 to 720° (line 2). 

The Q values are very different, 57200 and 

26900 cal/g. atom respectively. The authors did 

not find Q for the intermediate temperature range 

of 600 to 650° although the points in this range are 

on a straight line which is no worse than the two 

end sectors. If a straight line is made for this 

range, as shown by the dotted line 3, the effective 

activation energy for it is found to be more than 


| 
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e — Ni+ Cr (20%). 
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TABLE L. Effective activation energy of recrystallization in ageing alloys for 
different ranges of temperature 


(tf = 950°; t, = 950—975° ) 


Ni + Cr(13%) + Ti (2.4%) + Al (2.2%) 


(ef = 900° ; = 875°) 


Cr + W(13%) 


150,000 cal/g.atom. There are published figures for 
aluminium according to which Q also is reduced as 
the temperature range is elevated. For 310 to 
370° Q = 59000 cal/mol [10] and for 425-540° 


Q = 34000 cal/mol [11]. 
Fig. 4 shows the dependences which we found for ¢! 


and Q on concentration for various nickel-and iron-base 
binary alloys. Fig. 5a shows the ¢ and Q values for 
binary alloys each containing 5 per cent of the alloy- 
ing addition, and Fig. 56 is the same for various 
iron-base alloys with 2 per cent alloying element. 

We plotted the Fig. 5a diagram on the basis of the 
data in [3]. Analysis of these figures shows that, 
besides the cases where there is a clear correlation 
(in the systems Fe-V, Ni-Fe) in character between 
the ¢! and Q changes, there are also cases where 
this relationship is clearly absent (Fe-Mo, Ni-Cr). 
The lack of relationship between the temperature 
level of recrystallization and the Q value occurs in 
alloys of various systems, the more so on different 
bases (see Figs. 5a and 5). 

Let us now turn to the ¢} and Q results for the 
alloys Fe-Si-V and Fe-Ni-Mn-C which were obtained 
in papers [4, 5] and which, as has also been noted 
by the authors, are exceedingly difficult to explain 
and are at first glance very contradictory. In these 
works it was established that there is a noticeable 
drop in tf while the Q value increases sharply, on 
transition from single to two-phase alloys. Thus, in 
the system Fe-Si (3%) -V, on transition from the 
alloy with 0.005 to the alloy with 0.01% boron ¢f 
drops from 700 to 550°, and the Q value increases 
from 56000 to 82000 cal/g. at. An analogous effect 


550 t°C 
T 
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FIG. 3. Dependence of the logarithm for the time of the 
beginning of crystallizetion on 1/T for iron [4. 


was also found in the alloys Fe-Ni (15%)—Mn 
(10 %)—C. On changing from 0.05 to 0.95% carbon 
tt dropped from 580 to 530° and Q increased corres- 
pondingly from 47000 to 58000 cal/mol at r= 1 hr.* 

No explanation for these results can be found in 
literature , with the exception of an example from 
paper [6], which gives different figures for the 
activation energy of recrystallization in iron in the 
ranges 520-620 and 630-720°. This is attributed 
to the influence of recovery. 

From an analysis of our figures the following 
suggestion may be put forward. The Q value in 
formula (1) has in essence a double physical 


* The authors of [4] also regard an alloy with 0.95% 
carbon as single-phase. However, it is suggested that it 
disintegrates on heating after 60% deformation. 
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meaning. On one hand, Q determines the height of 
the energy barrier which must be overcome by an 
atom (or group of atoms) to pass from the metastable 
to the stable state. In this concept Q is applicable 


to an elementary process [9]. In recrystallization the 


Q value is found from the period which elapses 


before the first recrystallization nuclei have appeared. 
This period includes the time necessary for the com- 


pletion of a number of elementary processes: 
recovery, polygonization, nucleation, and also the 
growth of the nucleus to dimensions of 0.1-3 yp (in 
dependence on the sensitivity of the method used to 
reveal the nucleus). The rate of each of these ele- 
mentary processes depends on a number of factors: 
rate and temperature of heating, degree and nature 


of deformation, chemical and phase composition of 
the alloy, presence of undissolved impurities, the 


addition of recrystallization processes to phase 
transformation in the range of temperatures investi- 
gated etc. etc. 

Thus, on one hand Q can be regarded as only the 
effective unit energy of activation of all these 
elementary processes. There is no doubt that where 
the conditions of heating differ (rate and tempera- 
ture) the rate and even the activation energy of the 
different processes will vary. This, in its turn, 
should influence the rate and, in certain cases pos- 
sibly also the mechanism, of the other elementary 
processes as well as their activation energy. For an 
analysis of the Q figures obtained, therefore, proper 
allowance must be made for the conditions under 
which recrystallization is taking place in the alloy 
in question and the nature of the supplementary 
processes in the temperature range for which the Q 
value is being determined. Without such an analysis 
the Q values obtained have no meaning at all. 

On the other hand, Q characterizes the tempera- 
ture dependence of the rate of the process. This 
physical meaning of the Q value is preserved in all 
cases, and if Q has different values for different 
ranges of temperature , this must mean that the tem- 
perature dependence of the rate of the process is for 
some reason different for the different temperature 
ranges. 

What might be the factors and how is it possible 


to use them to explain the “anomalous” data obtained 


above for the Q values ? 

Let us first consider ageing and two-phase alloys. 
In the table for the ageing alloys (supersaturated 
solid solutions) the temperature ranges between the 
single and two-phase regions (¢,) are indicated 
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Q, kcal/mol °¢ 
r? - 
9090 Fe-V Fe-Mo 
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FIG. 4. Dependence of ra (e) and Q (c) for binary alloys 
on the basis of nickel and iron, on concentration. 


roughly. Comparing the data regarding these tem- 
peratures with the Q values for the different ranges 
of temperatures it can be seen that in ageing alloys 
Q has the lower values at low temperatures which 
are entirely in the two-phase region, and it be- 
comes very high when the temperature range 
embraces those temperatures which cover part of 
the two-phase and part of the single-phase regions. 
For temperatures which are wholly in the high 
temperature single-phase region the Q value again 
becomes less. These temperature ranges are shown 
schematically in Fig. 6a. For temperature range 2 
the Q values become extremely high, somewhat 
exceeding those for the ranges 1] and 3. 

This result is easy to explain if one remembers 
that at the annealing temperatures which corres- 
pond to the two-phase state,disintegration of the 
solid solution with precipitation of the dispersed 
phases is added to the process of recrystallization 
and these considerably hold up the rate of growth 
of the recrystallization nuclei and make their ap- 
pearance difficult. At temperatures corresponding to 
the single-phase state this additional retarding 
factor is removed. Besides the acceleration of 
recrystallization due to the actual elevation of the 
temperature , there is a further acceleration as a 
result of the cessation or weakening of the retard- 
ing influence of the dispersed phase. Thus in 
temperature range 2 the activation energy and rate 
of one of the elementary processes, namely that of 
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FIG. 5. Dependence of ¢! and Q for different two-compon- 
ent Fe-base (e) and Ni-base (0) alloys: 

a — alloys with 5 % of the secondary component; 

b — alloys with 2% of the secondary component [3]. 


nucleus growth, may be reduced, while the rest of 
the processes (recovery and nucleation) vary very 
evenly, if at all. The rate of the process as a whole 
is substantially dependent on temperature. 

Fig. 66 shows schematically the change in the 
rate of nucleus growth with temperature for the 
ranges l, 2 and 3. It is clear from this, that when the 
time for the beginning of recrystallization 7 is deter- 
mined at temperatures of which the lower ones cor- 
respond to the two-phase regions and the higher to 
the single-phase ones or are close to it, then the r 
values will be very different for the different tem- 
peratures. This means that the temperature depend- 
ence of the rate of recrystallization in this tempera- 
ture range will be very great and the Q value will 
also be high. The reason for the (abnormally) high 
Q values obtained in papers [4, 5] may, in our 
opinion, be explained in the light of these proposi- 
tions. 

For pure metals the change in the Q value with 
change of temperature range is undoubtedly attribut- 


able to the part played by another elementary process. 


Here it is undoubtedly the abrupt change of rate 
which is decisive, and possibly also the mechanism 
of recovery with change of heating temperature. And 
this in its turn should cause a variation in the rate, 
and possibly also the mechanism, of nucleation. 
The temperature range in which the change in the 
mechanism and rate of these processes is most 
abrupt should, of course, be that which has the 
greatest temperature dependence for the rate of the 
total process of recrystallization. For the case of 
iron , which was shown in paper [6], this is of course 


Rate of growth of indent 


A 


FIG. 6. Position of the different temperature ranges in 
determining the effective activation energy of super 
saturated solid solutions (a) and the corresponding 
ranges for the rate of growth of recrystallization 
nuclei (b) (diagram). 


the temperature range 600- 650°. On this basis, 
preliminary recovery should weaken the effect of 
the variation of rate and mechanism of the process 
with temperature and correspondingly reduce the. 
temperature dependence of the rate of the process 
and the effective activation energy Q, although 
recrystallization temperature may increase in this 
case. The result obtained in [6] for the influence of 
recovery on the temperature dependence of the rate 
of the process in the range 600-650° provides sub- 
stantial confirmation of this, although the authors 
did not discuss it from this point of view. 

In single-phase alloys , besides recovery ,a 
considerable influence on the temperature depend- 
ence of the rate of recrystallization may be excer- 
cised by the processes of climbing diffusion and 
interphase atomic regrouping which cause the 
creation of different stages of softening, K-state 
etc. In this case preliminary low-temperature heat- 
ing should weaken the temperature dependence of 
the rate of the subsequent recrystallization. We 
checked this proposition on nichrome(Cr = 20%) 
in which the K-state is known to be particularly 


clearly revealed. Fig. 2d shows the graph of the 
dependence of In r on 1/T for two series of nichrome 


specimens. One of these underwent a recrystalliz- 
ation anneal immediately after deformation, and the 
other specimens were first heated at 425° for 5 hr. 
Calculation of the Q value showed that the prelimin- 
ary recovery caused a noticeable reduction in the 
effective energy of activation , from 95,000 to 
83,000 cal/mol, although the recrystallization 
began at a higher temperature. This shows very 
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clearly that recrystallization is energetically 
hampered by preliminary recovery and its true activ- 
ation energy obviously increased. If Q the effective 
activation energy were to be less in this case it 
would, at any rate in the first instance (without 
recovery), reflect to a greater extent the temperature 
dependence of the rate of the process than would the 
Q value of activation energy. These figures confirm 
the assertion made by Arkharov [9] on the question 
of the necessity of a stricter approach to the deter- 
mination and analysis of the effective activation 
energies of complex processes. 

In [9] the proposition was put forward that in a 
case of complex processes, which includes recrystal- 
lization, important additional factors sometimes 
arise which reduce the mechanism of the process 
itself and also the actual meaning of activation 
energy. In these cases the deeper analysis of the 
process and its mechanism are necessary. Pines [12] 
has indicated this on the example of sintering. The 
present work is an attempt to provide a concrete 
explanation of some of these additional factors 
which influence the rate and effective activation 
energy of recrystallization and some of the element- 


ary processes. 
Attention is drawn to the fact that the In r={(1/T7) 


dependences shown in Fig. 2d for specimens which 
were recrystallized immediately after deformation 
and those which underwent preliminary recovery 
before this, have different gradients which diverge 
in high-temperature fields and intersect one another 
at low annealing temperatures , i.e. with a long 
anneal. This is also understandable as at low an- 
nealing temperatures the incubation period for 
recrystallization is very long and recovery may to a 
considerable degree have been completed before 

the beginning of recrystallization. Therefore the 
difference in the two series of specimens disappears. 
Figures for the beginning point of recrystallization, 
which corresponds to a long anneal, are therefore a 
rather more stable characteristic of the recrystalliz- 
ation propensities of an alloy. But this is also in 
essence the temperature threshold of recrystalliza- 
tion. The use of the temperature threshold of recry- 
stallization as the leading characteristic of the 
recrystallization propensities of an alloy thus seems 
to us exceedingly advisable. 

However, neither this nor any other particular 
value can completely characterize such a complex 
process as recrystallization. Therefore, as a char- 
acteristic of the rate of this process, in addition 


to the temperature threshold of recrystallization it 
would be a very good thing to use such values as 
the effective activation energy, with the necessary 
reservations regarding the temperature range and 
conditions for determining it, temperature threshold 
of the end of recrystallization and so forth. Besides 
this it must be emphasized that to study the mechan- 
ism of the process and individual stages thereof, it 
is very important to study the activation energy of 
the individual elementary processes of recovery 
and recrystallization. 


CONCLUSIONS 


1. The activation energy of recrystallization Q, 
determined from the time for the commencenent of 
recrystallization 7 at different temperatures T 
from the dependence r= AeQ/R T reflects the 
temperature dependence of the rate of the process. 
It is the effective activation energy of a complex 
process consisting of at least three elementary 
processes, recovery (polygonization), recrystalliza- 
tion nucleation ,and the growth of the nuclei to 
visible dimensions. Each of these elementary 
processes is characterized by its own activation 
energy and temperature dependence for the rate of 
the process. 

2. If the rate, and more so the mechanism of only 
one of these elementary processes varies abruptly 
in the temperature range under investigation, this 
will cause an abrupt increase in the temperature 
dependence of the whole process of recrystalliza- 
tion, and consequently in the Q value. In this case 
the latter loses the sense of the activation energy 
of the process (even an average one) and only. 
preserves the meaning of a value which character- 
izes the temperature dependence of the rate of 
recrystallization, and then only for the temperature 
range in which it has been determined. 

3. The factors which vary the rate of the indivi- 
dual elementary processes with change of tempera- 
ture are as follows: 

(a) in ageing and hetero-phase alloys, — the 
presence of a large number of particles of a dispers- 
ion phase which hold up the growth of recrystal- 
lization nuclei in a certain temperature range. If 
there is an abrupt change in the number and dis- 
persion of particles with temperature, there will 
also be an abrupt change in the rate of growth of 
the nuclei. 
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(b) In single-phase alloys, — the processes of 
uphill diffusion, ordering, formation of a K-state etc. 
These interphase transformations should have 
various different influences on the rate of all the 
elementary processes. 

(c) In pure metals, — the mechanism and rate of 
recovery and, as a result of this, the remaining 


processes. 
5. The recrystallization properties of alloys 


cannot be assessed from their effective activation 
energy Q only, not only because Q varies with 
temperature but also because there is no regular 
relationship between the Q value and the tempera- 
ture level of recrystallization. The Q value may only 
play an auxiliary role. - 

6. A more stable criterion for assessing the 
recrystallization capacities of alloys is, with all 


its limitations, their temperature level of recrystal- 
lization, which can in practice be found from the 
temperature threshold of the beginning of crystal- 
lization or the range of crystallization which in- 
cludes the temperature for the beginning and end 
of recrystallization after a fairly long anneal. 

7. Determination of the effective activation energy 
for pure metals and the activation energy of the 
different elementary processes is of interest in 
itself, mainly for the study of the mechanism of 
the process. 


Translated by V. Alford 
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KINETICS OF THE TRANSFORMATION OF WHITE TIN TO GREY TIN* 
A.I, BYKHOVSKII 
Ukraine Academy of Agricultural Sciences 
(Received 30 September 1960) 


In this work representation are developed regarding the linear rate of transformation of white tin 
to grey by the formation of two-dimensional nuclei. This kind of representation describes perfectly 
satisfactorily the temperature course of the rate of growth of a- Sn crystals according to the figures 
from all available works [1-7]. A formula has been deduced for the temperature dependence of the 
rate of nucleation of centres of grey tin. The calculated temperatures for the metastable boundary 
and maximum volume velocity on the 6 + @ Sn transformation are in very good agreement with the 


experimental figures for these temperatures. 


The transformation of white, (8-Sn) to grey, 
(a-Sn) takes place in the wide and easily measur- 
able temperature range —120 to + 13.2°C. The 
study of the kinetics of the 8 + a transformation is 
assisted by the fact that v, the low linear rate of 
growth of the a-Sn crystals can be measured at low 
magnifications. This is the way in which the experi- 
mental data in [1-7] were obtained regarding the 
temperature dependence of v. Due to the consider- 
able volume changes which occur on this transform- 
ation the total (volume) rate of transformation can 
easily be measured by the dilatometer method 
[8-10, 5]. 


1. THE RATE OF GROWTH OF a-Sn CRYSTALS 


In paper (6, 11, 12] attempts were made to apply 
various different theories of crystal growth, based 
on the theory of the absolute velocities of the 
reactions, to describe the experimental data on the 
linear rate of the 8 + a transformation. Here, how- 
ever, there was no satisfactory agreement between 
the theoretical and experimental v figures. In [6] 
for instance, the maximum on the theoretical temper- 
ature dependence curve v = v (7) is close to 0°C, 
while in [11] it is — 15°C and the experimental 
data show v = v,,,, at —30°C, In all cases the 
temperature dependence pf v on the 8 + a transform- 
ation seems to be more intense if it is deduced from 
the theory of the absolute rates of reaction. We 


* Fiz. metal, metalloved., 12, No. 1, 64-72, 1961. 


were able to make a considerable improvement in 

the agreement between theoretical and experimental 

v figures by using the representation of a-Sn crystal 

by the formation of two dimensional nuclei [13]. 
Volmer’s theory [14] for the rate of crystal 

growth of a new phase by the two-dimensional 

nucleus mechanism gives the following formula: 


v = K, exp ar)? 


in which for square nuclei 


kq’ 
and for round ones 
K, (1%) 


where Ky is a multiplier which is weakly dependent 
on temperature, U is the activation energy of the 
transfer of atoms from the crystal-lattice of the 
initial phase to that of the nucleus, 0” is mean 
surface energy per 5 cm? of end surface of a nucleus, 
5 is the thickness of a nucleus, 7, is transformation 
point, q’ is the latent heat of transfer, related to a 
layer the basic area of which is 1 cm’, and height 
6, AT is supercooling. . 
Stranskii and Kaishev [15] who developed the 
idea of two dimensional nucleus growth put 
forward the suggestion that it is not individual 
molecules but whole atomic series which are 
attached to such nuclei. In this representation, 
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FIG. 1. Temperature dependence of the linear rate of the 
Ba Sn transformation; treated according to formula (1), 


8400 
data [5]; 1824 = 0.4343 —. 


instead of formula (1) the following dependence is 
obtained for the linear rate of transformation: 


where K¢ is the multiplier which is weakly depend- 
ent, U’is the activation energy required to join 

the new atomic series to the periphery of a two- 
dimensional nucleus, Ky is a constant which is 
related to the existing energy threshold for the 
formation of a two-dimensional nucleus on the 
boundary of a growing crystal. 

In [13] it was shown that experimental data in 
[1-4, 7] are in very good agreement with equations 
(1) and (2). {5, 6] were published shortly after the 
appearance of [13]. We treated the experimental 
data in (5, 6] on the linear rate of the 8 + a Sn 
transformation according to formula (1). 7’) = 10.4°C 
was taken as the transformation point characteristic 
for tin with a low iron impurity (0.003 % Fe-Sn-I 
(see [16])). Figs. 1 and 2 show the graphs for the 
dependence of (log v + 0.4343U/RT) on 10*/TAT, 
plotted according to the [5, 6] data. Here the [6] 
data were treated according to formula (1) for two 
activation energy values: 8400 and 9000 cal/g. at. 
The [6] and [4,7] data treated according to formula 
(2) are shown in Fig. 3 by curves ] and 2 res- 
pectively. 

It can be seen from Figs. 1 and 2 that the [5, 6] 
experimental data also plot very well to the 
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FIG. 2. Temperature dependence of the linear rate of the 
8a Sn transformation; treated according to formula (1), 
data [d: 

1 — U = 8400 cal/g. atom; 2—U=9000cal/g. atom. 


theoretical dependence (1). The value of the result- 
ant constants will be given below. Here we will 
only make some observations regarding Fig. 2. As 
far back as 1956 [13, 17] we obtained the figure 

U = 8400 cal/g. at. for all the experimental data on 
v available at that time for the 8 + a Sn transforma- 
tion *. We note that this figure is in very good 
agreement with the figures obtained by the writer 
of [6] (8700 + 1500 cal/g.at). As follows from 

Fig. 2 (curve 7), the U = 8400 cal/g.at.value, 
together with all the previous data, is in very good 
agreement with Becker’s data [6]. Apart from two 
to three points at low supercooling temperatures’, 
only two low temperature points deviate in the 
graph, at —99.8 and —112° respectively. With a 
slight increase of activation energy up to 

U = 9000 cal/g.at. this is eliminated (see Fig. 2 
(2)). However, to compare the constants which 
define the 8 + a Sn transformation in this case 
with the preceding ones, we will also use the 
graph in Fig. 2 (1). It must be noted that the 

writer of [6] found the value U = 8700 cal/g.at. from 
3 out of thirty of his own experimental points, 


* The v data were in the temperature range up to — 80°. 

t We noted in [13] that with slight supercooling the 
rate of a-Sn crystal growth is, according to [1], notice- 
ably greater than when determined on the basis of 
the theory of two-dimensional growth. This may be an 
indication of a different (dislocation for instance) 
mechanism of growth in these cases. 
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namely — 112, — 99.8 and — 74.3°. Our treatment of 
these same figures according to formula (1) and (2) 
(see Fig. 2 (1 and 2) and Fig. 3 (2)) means that out 
of thirteen points 10-11 plot very well into straight 
lines. 

Thus, according to the results in [13] and in the 
present work, for the linear rate of transformation of 
white tin to grey the following activation energies 
have been obtained: 

(1) calculated according to formula (1) 

U = 8400 cal/g.at for practically all the data (for the 
data from [6] the figure U = 9000 cal/g.at is better); 

(2) calculated according to formula (2) 

U’ = 6000 cal/g.at according to the data in [4, 7] or 
cal/g.at according to [6]. 

Some of the other constants in formula (1), namely 

K,, K, and o (in various cases) at U=8400cal/g.at, 


log [v (AT + 0.4343 
RT 


; o Wy" 
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FIG. 3. Temperature dependence of the linear rate of the 
8 + a Sn transformation treated according to formula (2): 
1 — data from [4, 7]; 2 — data from [6]. 

For values of constants see Table 2. 


TABLE 1 
Source K,, deg? Ko, mm/hr 0, erg/cm? Ox erg/cm? 

} 45 600 2.1 x 109 9.6 10.8 
[4.7] 41 700 1.6 x 109 9.2 10.4 

5 48 600 4.2 x 109 9.9 11,2 

6 44 800 2.3 x 109 9.5 10,7 

1 24 600 1.2x 108 7.1 8.0 
12} 25 800—28 000 | (0.5—1.8)x 108 7.3—7.6 8.2—8 6 

i 


can be found from the gradient of the straight lines 
in Figs. 1 and 2. The resulting figures are shown 
in Table 1. The fourth column shows the interphase 
surface energies o on the § » a-Sn interface, 
obtained on the assumption that the immergent two- 
dimensional a-Sn nuclei are quadratic (0,). The 
fifth column shows the o figures obtained on the 
assumption that the two-dimensional nuclei are 
round (o,), 


It is interesting to compare the figures obtained 
for the interphase surface tension on the boundary 
between the white and grey crystals with the results 
obtained for the same value using the formula pro- 
posed by Pines [18]. In [18], for the interphase 
surface tension on the boundary between two con- 
densed phases of pure substances oy, the follow- 
ing expression was obtained 


where o and p are surface tension and the density 
of one of the phases respectively, Ap is the dif- 
ference in the densities of the phases, Q, is the 
heat of transition, Q,,, is the heat of sublimation. 
Due to the considerable volume changes in the 
case of 8 + aSn transformation the main part in the 
o”,, value is played by the first term (a*;,). To 
calculate o%;, we will make use of the following 
values: o = 550 ergs/cm? (see [19] for instance), 
PRB. Sn = 7.285 g/cm*; P g-Sn= 5.765 g/cm? (see 
[20-22] ); while Ap = 1.52 g/cm’; then oy, = 10.7 
ergs/cm® which is approximately the same as the 
figures obtained in Table 1. 

Table 1 does not show the data from Fig. 2 (2). 
As a different U value was used in this case 
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TABLE 2 


Source |U’, cal/g.at 


mm/hr | deg? 


6000 
3400 


5.3 x 104 
104 


5.6 x 1010 
1.0 x 1014 


(not 8400 but 9000 cal/g.at) other values were of 
course obtained for Ko, K, and o, namely: Ky =16.2 x 
10° mm/hr; K, = 52600 deg2, 0, = 10.4 ergs/cm?; 
o, = 11.7 ergs/cm?. 

It was shown in [13] that the figures for the linear 
rate of transformation of white to grey tin could be 
divided into two distinct groups. With an identical 
temperature course the rate of transformation in the 
first group of measurements [3-7] was 200 times 
greater than in the second group [1-2]. The reason 
for this divergence was disclosed by our analysis 
of the resulting constants [17, 13] for all these data 
besides those in [5] and [6]. in the [1, 2] experiments 
we attributed these divergences to the influence of 
the surface-active impurities Sb, Bi and Pb which 
are usually present in tin. This influence was ef- 
fective in (1, 2] but not in [3, 4, 7]. We note that the 
results in [5, 6] which were obtained on high purity 
tin, are very close to the figures in [3, 4, 7] (see 
Table 1) and provide a good confirmation of our 
previous treatment of the subject. It can be seen 
from Fig. 3 (1 and 2) that the available experimental 
data are very well defined also by formula (2). The 
values of the constants obtained from the data in 
[6, 4, 7] are, according to their treatment, set out in 
Table 2. 

It follows from Figs. 1 to 3 and Tables 1 and 2 
that all the experimental data available at the 
present time on the linear rate of the white to grey 
tin transformation are in very good agreement with 
equations (1) and (2) and it is not possible to 
select one for preference. Thus, only the represent- 
ation of the formation of two-dimensional nuclei will 
fully suffice to define the v (7) dependence in a 
wide temperature range. 

In [23] we considered the influence of cubical 
compression created by elastic deformation, on the 
rate of crystal growth (within the framework of the 
theory of two-dimensional nuclei). This kind of 
allowance for only elastic deformation covers very 
well the available experimental data [3] regarding 


TAT 


QF 06 OF 10 


FIG. 4. Temperature dependence of volume rate of 

transformation in specimens of tin which have un- 

dergone neutron irradiation at a low temperature; 
treated according to formula (1), data [26]. 


the effect of pressure on the linear rate of the 
white to grey tin transformation. This is yet 
another confirmation of the fact that the decisive 
mechanism of a-Sn crystal growth is the formation 
of two-dimensional nuclei and their subsequent 
propagation along crystal boundaries. 

Definite interest attaches to the theoretical 
determination of the pre-exponential multiplier K, 
in the formula (1). We will write (1) as follows: 


where Ax is the interatomic distance, AF is the 
change in free energy (chemical potential) on phase 
transformation calculated per 1 g. at, D, 4, is the 
effective diffusion coefficient (for example, in a 
case where the process of growth occurs by the 
transition of atoms through an amorphous interlayer 
D.4_ would be the coefficient of boundary self- 
diffusion). 

Where the energy threshold for the formation of 
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two-dimensional nuclei can be neglected, at K or L 
for example (see formula (1), (1’) and (1”)) formula 
(4) will be as follows: 
ow Dott AF 

which was established in [24] for the case where 
all the molecules (or groups of molecules) which 
have approached by diffusion, fill the growing centre 
of the new phase. 

We will now use formula (4) to find D, 4, at a tem- 
perature of —71.7° (= 0.47,). The wv figure at this 
temperature will be taken from [4, 7]. According to 
these figures v = 0.120 mm/hr = 3.33 x 10°* cm/sec. 
Then 


RT K, 
xexp 


ap (4°) 


To 


while q is the molar heat of transition. Assuming that 
Ax = 3x cm then = 3 x 10°*? cm/sec. 

In [24], from the available published data deter- 
mination was made of the coefficients of boundary 
self-diffusion for the metals Fe, Co, Ag, Zn, Pb, 
and Cd at T = 0.47,,. The corresponding D, values 
are of the order of 10° ** - 10°"? cm?/sec. Our 
figures are approximately the same and are evidence 
that the process of the growth of grey tin crystals 
into white ones is determined by the motion of the 
atoms when passing from the crystal to the amorphous 
interlayer, i.e is determined by D,. 

We will make yet another comparison. Let us find 
D at —71.7° from the data in [25] for the coefficient 


of self-diffusion in crystals. At this temperature 

the coefficient of the self-diffusion of tin crystals 
will be considerably greater in the direction of 

axis a, D, = 5.5 x 10°** cm?/sec *, i.e. around three 
times less than the D,.55 value calculated at the 
same temperature from formula (4’). This again 
shows that in formulae (4) and (4’) for our case the 
effective coefficient of diffusion is the coefficient 
of boundary self-diffusion of tin D,. 

Let us now study the data in [26] in the light of 
the discussion of the problem of the linear rate of 
the white to grey tin transformation. In this work 
dilatometer measurements were made for the white 
to grey tin transformation in small cylinders of 
tin (about 0.5 cm) irradiated by neutrons in a 
reactor. The resultant curves for the dependence of 
volume change on time are mostly linear which 
is evidence of the constancy of the volume rate of 
the transformation. As a simplification the authors 
drew on the representation that the nucleation of 
the centres was completely terminated during 
irradiation and that subsequent transformation oc- 
curred by means of growth. To support this repre- 
sentation the authors indicated the fact that the 
maximum of the volume rate of transformation is in 
this case at —30°, which coincides with the tem- 
perature maximum for the linear rate of the B-Sn to 
a-Sn transformation according to the data from 
available data [1-7].. We worked out the [26] data 
according to formula (1) (Table 3). The fourth 
column of the table shows the relative volume rate 
of transformation in percentage figures of the 
volume change in 100 min (average of two measure- 
ments at each temperature). As Sn- I was used 
transformation point was taken to be 10.4°C. 

From the data in Table 3 the graph in Fig. 4 was 


* At this temperature D, is 20 times less than D,. 


60 
TABLE 3 
1824 * 
| AT | v | log v Hoge + 
20.0 | 30.4 | 1,300 | 2.295 | 0,35 | 7.21 7.56 
—30.0 | 40.4 , 1.004 | 4,10 | 0.61 | 7.50 8.11 
—40.7 | 51.1 | 0.843 | 3.00 0.48 | 7.85 8.33 
—50.3 | 60.7 | 0.740 | 1.54 | 0.19 | 8.19 8,38 
—595 | 69.9 ; 0.671 | 2.055 | 0.3) | 8.55 | 8.86 
* 1824 = 0.4343x 
VO! 
19€ 
where 
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plotted, from which it follows that K, = 46000 deg?. 


This is approximately the same as corresponding 
values obtained for tin of the same origin (Sn-I) 
and those in [5, 6] (see Table 1). The similar tem- 


perature course for the volume rate of transformation 
in [26] and the linear rate of transformation in [5,6], 
and also comparison of the overall transformation 
time, linear dimensions of the specimens and rate of 
a-Sn crystal growth, all confirm the representations 
made by the authors concerning the decisive influ- 
ence of the rate of a-Sn crystal growth in their 
cases. 


2. NUCLEATION OF CENTRES OF A NEW 
PHASE ON TRANSFORMATION IN TIN AND THE 
OVERALL RATE OF TRANSFORMATION 


Theory provides the following formula for the rate 
of nucleation of centres of a new phase: 


(6) 


Ke 
n=A 
where n is the number of nuclei arising in 1 cm? in 
1 sec, A is a multiplier which is weakly dependent 
on temperature, U is activation energy and 


(6’) 
2 kg? 
It follows from (6) and (6°) that if such constants 

as o and U are known, the temperature dependence 

for the rate of nucleation of @Sn centres on the 

8 + a transformation in tin can be described in an 

explicit form. Here we base our calculations on the 

fact that in certain works there is very close 

similarity between the figures obtained for U [27,28] 

and o [28] from the data regarding the temperature 

dependence of the rate of nucleation of centres of 

a new phase and the linear rate of transformation. 

In formula (6) and (6’) therefore we have made use 

of the U and o values found by treating the [1] data 

for the linear rate of transformation of tin, namely: 

U = 8400 cal/g.at.and o = 7.1 ergs/cm?. Substitut- 

ing these and other known constants in (6*) we get 

the formula 


* The K, value was deduced for a crystal nucleus of 
cubic shape. 


5.62 x 
T(AT)? * (67) 


n= Aexp exp 


Unfortunately no data is available by which this 
formula could be tested. Nevertheless the position 
of the maximum on the n =n (7) — T,,,, curve can 
be calculated from it. The calculation showed this 
maximum to be at —64°. It follows from the experi- 
mental data in [1] that the maximum for the rate of 
nucleation of a-Sn centres lies around — 60°C, 
which is in agreement with theoretical data. 

We will now use (6%) and the Danilov-Teverovskii 
method to calculate the boundaries of metastability 
for the 8-Sn to a- Sn transformation (7,,). In the 
same way as in [29] we will assume that A is of a 
similar order to the number of atoms on one cm? of 
surface area: A = (1073). % Calculation shows that 
T , = — 20° (at T = — 20° n = 1). Thus, in normal 
8 + a Sn transformations noticeable a-Sn nuclea- 
tion is to be expected at temperatures below — 20°, 
which agrees very well with available experimental 
data [2]. We note that the T,, value is not extremely 
dependent on the A value, for instance if A is 
increased 40 times the 7, value varies by 3° 
(to —17°). It can therefore be said that if there 
were some inaccuracy in selecting the A value, this 
is not considerable*. 

Now let us pass to the question of the total 
(volume) rate of transformation of white to grey tin. 
As there is considerable volume change on this 
transformation it could be found dilatometrically 
that the maximum rate of transformation occurs 
around temperatures of — 45 and — 48° [8-10]. 
However a number of errors are encountered in 
literature which make it difficult to interpret the 
experimental data. In a number of cases for 
example, when speaking of the temperature maximum 
of the rate of transformation of white to grey tin, no 
differentiation is made between the two character- 
istic temperatures: 

(1) the temperature of the maximum linear rate of 
transformation (around — 30°) and 

(2) the temperature of the maximum total rate of 


* In these analyses of the temperatures Tay and Tp, no 
allowance has been made for effects related to elastic 
energy, the possible withdrawal of part of the nucleus 
to the free surface and the influence of various 
different non-homogeneities on which a-Sn centres 
might be nucleated. 
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transformation (around —45°). In [12] for example, 
comparison is made between the temperature of the 
maximum rate of transformation according to Cohen 
and van Eijk [8] (= —50°) with that for v, ., in 

[1] (—30°) and the incorrect conclusion is drawn 
that the relevant temperature is strongly dependent 
on the tin specimen employed. 

As our constants cover v very well in a wide 
range of temperatures and also give figures which 
coincide with the experimental data for the posi- 
tion of 7,,,, and the metastable boundary 7,,, it is 
to be expected that these constants could also be 
used to calculate the temperature of the maximum 
total rate of transformation of white to grey tin. As 
this temperature has been determined experimentally 
on samples of tin of thermal origin it would be a 
good thing to use the constants obtained from the 
data in [1]. It is known from the theory of crystalliz- 
ation (30, 31], that with other conditions equal (for 
instance for the same time duration) the total rate 
of crystallization can be found from the nv® value 
taken in three measurements during the growth of 
centres of the new phase, and the nv? value during 
their growth in two dimensions. From formulae (6%) 
and (1), with the constants according to [1] (see 
Table 1) it follows that 


nu® = C, exp 
(7’) 


3x 24660 


5 .62~x 10% 
( TAT 


TAT)? 


(7*) 


TAT T (BT) 

Investigation of the temperature variation of nv* 
(7°) shows that the maximum of this expression will 
be found at — 43°. The maximum nv? value accord- 
ing to (7*) is at —46.5°. As, according to [1], the 
a-Sn centres increase mainly in two dimensions 
and only partially into the middle of the specimens, 
then from these calculations it can be assumed 
that the maximum total rate of transformation 


occurs around — 45°, which is in very good agree- 
ment with the experimental data given above. 


CONCLUSIONS 


1. It has been found that the growth of a-Sn 
crystals takes place through the formation of two- 
dimensional nuclei with their subsequent propaga- 
tion along crystal boundaries. The values of the 
constants have been found, which in conjunction 
with formulae (1) and (2) define the rate of a-Sn 
crystal growth according to the data provided by 
various authors (Tables | and 2). Divergencies 
between the data obtained by two groups of inves- 
tigators are attributable to the influence of surface- 
active impurities in some cases [1, 2] and the 
absence thereof in very pure tin [3-7]. 

2. Calculation according to formula (4’) leads 
one to the conclusion that the process of the trans- 
formation of grey to white tin crystals is depend- 
ent on the movement of atoms on their transfer from 
the crystal to the amorphous interlayer, i.e. it is 
determined by the coefficient of boundary self- 
diffusion of tin D,. 

3. By using the o value obtained from the v 
figures for the 8 + a Sn transition the temperature 
dependence of the rate of nucleation of a-Sn 
centres (formula (6*}) can be written in an explicit 
form. Very good agreement with experimental data 
has been obtained when using formula (6”) to find 
the maximum on the curve for the temperature 
dependence of the rate of nucleation of a-Sn 
centres, as also when assessing the metastability 
limits on the transformation of tin using the 
Danilov-Teverovskii method. 

4. From the formulae deduced for the temperature 
dependence of v and n determination can be made 
of the temperature which corresponds to the maxi- 
mum volume rate of 8 + a Sn transformation. This 
temperature is — 45° which is in very good agree- 
ment with available experimental data. 

In conclusion I would like to take the opportunity 
to express my thanks to Professor S.D. Gertsriken 
for his interest in the work and discussion of 


results. 


Translated by V. Alford 
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(Received 1] January 1961) 


X-ray diffraction analysis has been made of the texture of beryllium precipitates obtained by 
vacuum condensation onto texturized rolled sheet of Mo, Ta, Zr, Ni, Ti, Cu and Fe. It has been 
found that with deposits of 150 to 500 thick epitaxis occurs with some of the bases. The texture 
has been studied on isotropic bases with an inclined incident molecular beam. 


One of the possible methods of increasing the 
ductility of beryllium is to produce a metal with 
preferred orientations which are most favourable for 
plastic deformation. However, the possibilities of 
producing specimens of metal with a pre-specified 
orientation are extremely limited. The mechanical 
treatment of beryllium (rolling, extrusion) [1] used 
for this purpose has the disadvantage that it facilit- 
ates in the main just one preferred orientation which 
is not always the most favourable one for plastic 
deformation. 

Using the mechanism by which a metal, when 
precipitated onto another, can reflect its structure 
(epitaxis) would be another way of producing text- 
urized metals. In most cases epitaxis was obtained 
by precipitating the metals onto carefully prepared 
monocrystalline faces in which case the precise 
orientation was frequently restricted only to the thin 
layers close to the base [2, 3]. Cases are known of 
epitaxic growth on the precipitation of metals onto 
texturized bases, for instance, Cu, Ni, Co and Fe 
onto Pt, Pd and Cu foil [4]; Fe onto Cu sheets, Au 
and Ni-Fe alloys [5]; Be onto Mo sheets [6]. When 
iron was precipitated in thick layers onto gold [5] 
the iron assumed the (100) [001] texture which is 
not inherent to it and is more favourable for the 
improvement of magnetic properties. Oriented 
growth of hexagonal Be precipitates onto a cubic 
body-centred Mo base, as also the plastic properties 
of the resulting foil, have already been described 


[6]. 


* Fiz. metal. metalloved., 12, No. 1, 73-77, 1961. 


Another way of achieving the desired texture in 
precipitates consists in varying the angle between 
the direction of the molecular beam and the normal 
to the base [7-9]. A study of the dependence of 
orientation on the angle of incidence of the mole- 
cular beam for the three hexagonal metals Cd, Zn 
and Mg has shown that when the beam falls at an 
angle the hexagonal axis of the crystals inclines 
from the perpendicular to the base at an angle 
which is greater than the angle of incidence of the 
beam [8, 9]. The stage of order is highest in Cd 
films and lowest in Mg ones. It becomes less in all 
three metals when the temperature of the base is 
lowered [9]. 

In the present work a study has been made of the 
structure of beryllium precipitates obtained by the 
vacuum condensation of vapours onto texturized | 
bases of various metals, and also by varying the 
texture depending on the angle of incidence of the 
molecular beam to the isotropic base. 


METHOD OF PRODUCING THE SPECIMENS 


The method already described in [10] was used to 
produce the beryllium precipitates. The starting 
material for the evaporation was distilled beryllium 
99.987 per cent pure (without allowing for oxygen) 
[11]. A resistance furnace with a BeO crucible 
was used as the evaporator. In all the experiments 
the conditions were the same for the production of 
the precipitates: rate of evaporation about 
0.2 g/cm?/hr, temperature of condensation surface 
300-350°C, annealing temperature after precipitation 
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TABLE 1 


Lattice parameter | 
kX 


Type 


Texture of 
precipitate 


Texture of bar 


[12] 


of 


lattice Be 


Carburized 


* Axial texture: [001] perpendicular to base. 


b.c.c 
b.c.c 
b.c.c 
f.c.c 
f.c.c 
Tetr. 
Tetr. 


(102) [211] 
[001]* 
[001 }* 

(100) 
(001]* 
(O01 ]* 
[O01 ]* 
(001 


(100) 
(100) 
(100) 
(110) 
(110) 
(001) 
(001) 


[001}* 


FIG. 1. X-ray patterns from beryllium precipitates. Direct photography in copper radiation: 


a — precipitation onto molybdenum base; 


b — precipitation onto nickel base. 


Beam of X-rays at an angle of about 20° to the perpendicular to the specimen; 


c — precipitation onto amorphous base. 


700-750°C, annealing time 1 hr. Precipitation and 
annealing were carried out in a vacuum (1-5) x 10" 
mm Hg. Considerable care was taken to produce a 
vacuum which was “pure” of oil vapours as the 
orientating action of the base is reduced or may 
even disappear if these fall on to the condensation 
surface For this reason oil vapours which could 
have fallen from the diffusion pump were removed 
by a nitrogen trap. 

Rolled sheets of the following metals were used 
as the bases: Mo, Ta, Ni, Cu, Ti and armco iron. 
Before the beryllium vapours were precipitated the 
bases were given careful mechanical polishing ana 
were vacuum annealed at temperatures from 300- 
750°C, depending on the kind of base, to remove 
gases and relieve internal stresses. The metal 


6 


bases were placed perpendicular to the stream of 
beryllium vapours. Piezo-electric crystal plates 
were used to study the textures obtained with the 
molecular beam falling at an angle to the condens- 
ation surface. Carbidized molybdenum sheets can 
also be used for this purpose as their surface is 
quasi-isotropic. Molybdenum was carbidized by 
depositing a layer of oil onto is and then annealing 
it in a vacuum at 750°C for 1-2 hr. This kind of 
base was arranged at angles of 10, 15, 30 and 45° 
to the direction of the molecular beam. To reduce 
the spread of the texture a fairly narrow molecular 
beam was used intersected by two diaphragms 

7 mm each in dia. The depth of the beryllium 
layers was in the range of 150-500u. The texture 
of the bases used is shown in Table 1. 
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FIG. 2. Orientation of beryllium crystals on various base materials: 
a — molybdenum base; 
b — nickel base; 
c — amorphous base. 


STUDYING THE TEXTURES OF THE 
BERYLLIUM PRECIPITATES 


The direct photography X-ray diffraction method 
[13] in copper radiation was used to study the 
texture of the condensed beryllium layers. The 
photographs were made onto round and square mag- 
azines in special cameras. Interference rings from 
(100), (002), (101) and sometimes (102) planes could 
be fixed on the X-ray photographs. The orientation 
of the precipitates on the different bases was deter- 
mined by making a series of photographs with the 
angle of incidence of the X-ray beam to the plane of 
the specimens varying in each case. 

With perpendicular photography, on the X-ray 
patterns of precipitates obtained by condensation 
onto Ta, Cu, Zr, Ti and Fe sheets, and also onto 
sheets of Pyrex, quartz or carbidized molybdenum, 
line (002) was completely absent and lines (100) 
and (101) had uniform intensity all round (Fig. 1). 
When the angle of the X-ray beam to the normal to 
the specimen was varied in the range 0 to 45° 
reflections were also observed from plane (002). 
Texture maxima appeared on line (002) on X-ray 
patterns obtained with the angles of the X-ray beams 
greater than 45°. Maximum intensity was at an angle 
of about 70°. This means that the basal plane (002) 
is parallel to the plane of the specimen in the 


absence of a preferred azimuthal rrangement (Fig. 2). 


The angle of orientation of the basal poles is 
about 25°. 

A similar effect has already been obtained on 
zinc foils precipitated onto an isotropic base [8]. It 
is typical for this kind of texture to be restricted 
to deposits which are greater than 1 mm thick. 
When the depth of the precipitates is increased 
however the texture becomes less perfect. 

When the beryllium was precipitated onto textur- 


ized molybdenum sheet type (102) [211] texture 
was observed (Fig. 2). Evidence of this is shown 
by the arrangement of the interference spots on the 
X-ray pattern, which is similar to the pattern 
obtained from a beryllium monocrystal with the 
X-ray beam perpendicular to plane (102) (Fig. 1) [6]. 
There is no (002) line on the X-ray pattern 

obtained with the incident beam normal to a speci- 
men of beryllium precipitated onto nickel sheet, VO 
and texture maxima are seen on the remaining lines. : 
When the specimen is rotated to an angle of 20 to 
30° to the direction of the beam one intensive 
texture maximum appears on the X-ray pattern at 
line (002) (Fig. 1), from the position of which the 
conclusion may be drawn that plane (002) is per- 
pendicular also. The symmetrical arrangement of 
the spots on lines (100) and (101) and their angular 
arrangement is evidence of the fact that plane (100) 
of the beryllium crystals lies in the precipitation 
plane while the hexagonal axis coincides with the 
rolling direction of the nickel sheet (Fig. 2). 

X-ray diffraction analysis was also made on the 
texture of Be precipitates obtained on amorphous 
bases with the molecular beam falling at an angle. 
It was found that when the gradient between the 
molecular beam and the normal to the base was 15°, 
the hexagonal axis of the beryllium crystals was 
inclined at an angle of about 45° from the normal. 

It is difficult to make a quantitative estimation of 
the angle at which the hexagonal axis deviates with 
the molecular beam at high gradients due to the 
considerable imperfection of the texture; however, 
qualitatively the Be orientations obtained were 
similar to the Cd, Zn and Mg orientations previously 
found [8, 9]. Table 1 shows the results of the deter- 
mination of the textures of beryllium precipitates 
obtained on various base materials. 
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DISCUSSION 


According to the principle of oriented and dim- 
ensional relations [15] mathematically formulated by 
Palatnik [16] the conditions for conjugation will 
have the form d,/d, = n,/n, r,/r, for flat elements 
and 

\ 
|G, 


for linear elements of the conjugating lattices where 
d is interplane distance; r is atomic radius; n is the 
number of atoms per unit cell; |G| is the identity 
period in a given direction. 

Calculations for the Be-Mo vapours according to 
these formula shows that the best relation takes 
place when Be plane (102) is parallel to the Mo 
plane (100), and Be direction [21]] is parallel to the 
Mo direction [011]. As this is the kind of orientation 
which was observed experimentally the conclusion 
can be drawn that in this case diperiodic epitaxis 
has taken place [14]. However, if the results of 
calculations for the pair Be-Ni are compared with 
the experimental results it is found that the orienta- 
tion relation only occurs for the linear elements; 

Be direction {0011 is parallel to Ni direction [112]. 

Despite the closeness of the lattice parameters 
of Ni and Cu (A a/a = 2.5%) epitaxis was not 
observed when beryllium was condensed onto a 
copper base. This may be due to Be-Cu interaction 
at the condensation temperature. The texture 


obtained on beryllium precipitates produces by 
condensing vapours onto molybdenum and nickel 
sheets is more perfect than that of the bases them- 
selves; the texture is exceedingly perfect in the 
case of diperiodic epitaxis (Be onto Mo) (Fig. 1). 

In the beryllium precipitates condensed onto 
neutral bases the most densely packed plane (001) 
is in all cases parallel to the base and the direction 
of growth is the hexagonal axis [001]. 

These cases of epitaxis which have been studied 
all relate to fairly thick beryllium depositions of up 
to 500 ». As has already been noted growing 
together is frequently observed in layers 100 to 
1000 A and this appears with subsequent increase 
in the depth (2, 3]; this may possibly take place 
when beryllium is precipitated onto various bases. 
It must be noted that the presence of surface films 
of oxides may have some influence on epitaxic 


growth. 
The study of the plastic properties of texturized 


beryllium shows that the specimens with the 

greatest ductility are those obtained from condens- 

ation onto a molybdenum base in the direction 

211] and onto a neutral base [6]. From an observ- 

ation of the elements of plastic deformation it is 

to be expected that the Be orientation on the nickel 

base will not be favourable to plastic deformation. 
The authors wish to express their gratitute to 

V.S. Kogan for his advice and discussion of the 

results. 


Translated by Y. Alford 
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Investigation has been made of the structure of annealed iron-nickel alloys with 2-25 per cent 
nickel. It has been found that the structure varies depending on the composition in the process of 
slow cooling from the temperature of the single-phase Y solid solution to room temperature. From 
the results obtained the conclusion may be drawn regarding the nature of the change in the phase 
state of the alloys on the formation of the two-phase a+ y structure. 


Irreversible alloys of the iron-nickel system with 
up to 25 per cent nickel are single-phase (a) 
after quenching from elevated temperatures and 
have a two-phase a+ y structure in the annealed 
state, beginning at approximately 5 per cent nickel 


[1-3]. Allen and Early [4] have shown that when 
the y-phase is supercooled to the temperature of the 
irreversible region it will not precipitate even under 


prolonged isothermal soaking for as much as 1000 hr. 


According to Owen and Sully [3] the formation of 
the two-phase a + y structure in the process of 
cooling begins at around 430°. It is the purpose of 
the present work to find out the nature of the phase 
transformations which occur on the formation of the 
two-phase structure in these alloys under slow 
cooling. The structure of iron-nickel alloys was 
investigated with a nickel content of from 2 to 

25 per cent, after slow cooling from the temperature 
of the single-phase y solid solution down to various 
temperatures with subsequent quenching. The fol- 
lowing methods were used for the investigation: 
X-ray structural analysis, microscopic analysis 
(optical and electron microscope) and dilatometric 
measurements. 


PROCEDURE 
Alloys in the iron-nickel system with the chemical 


composition shown in Table ] were melted in a h.f. 
induction furnace. They were cast into 2 kg ingots 


* Fiz. metal. metalloved., 12, No. 1, 78-83, 1961. 


which were then forged into bars 9 mm in dia. 
Before forging, the ingots were reheated in an open 
gas furnace to 1150- 1200°. Specimens were made 
from the bars for the X-ray structural and micro- 
structural analyses. The dilatometer specimens 
were produced by cold drawing the bars to wires 

3 mm in dia. All the specimens were heat treated 
in evacuated quartz ampoules. They were cooled 
from 1000° at various speeds, quenching in water, 
cooling with the furnace and cooling at the rate of 
20°/hr. In several cases the slow cooling was 
interrupted and the specimens were quenched in 
water either directly after they reached a certain 
temperature or after isothermal soaking. The micro- 
structure was examined under a microscope MIM-8 
with a magnification of 400 and under the electron 
microscope EM-3 at magnification 4000 with sub- 
sequent triple optical magnification. Varnish 
replicas were used for the electron microscope 
analysis tinted with chromium. The iron-nickel 
metallographic specimens were etched in a 5 per cent 
solution of nitric acid. 

For the precision X-ray analysis a type KMSP 
camera was used. The photography was carried out 
in a vacuum on monochromatic CoK, radiation. 

The exposure was 30 hr. 

The dilatometer heating and cooling curves were 
taken on a differential Chevenard dilatometer. The 
rate of heating was 2°/min. The specimens were 
cooled in the furnace together with the dilatometer. 


RESULTS 
Precision X-ray phase analysis showed that 
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TABLE 1. Chemical composition of Fe-Ni alloys the specimens with 9 and 11 per cent nickel can be 
seen as the easily etched sectors of laminar shape 


tt content against the light background of the parent metal. 


weight % * Their orientation is clearly visible in individual 
grains (Fig. la). In alloys with more than 15 per 


Alloy No. 


2,08 cent the microstructure is martensitic. 

5, 18 To find the temperature range in which the two- 

6,10 

9,30 phase structure is formed in the alloys with 6-11 per 
11,0 cent nickel, specimens were slowly cooled to various 
2 temperatures through a range of 50° and were then 
25,10 quenched in water. Fig. 2 shows photomicrographs 
of alloys with 6 and 9 per cent nickel after cooling 
* Remaining element: C — 0.04%; Mn — 0.3-0.5 %; in the furnace to 600-450° and then quenching, 


Fe=rest. while Fig. 3 shows the dilatometer heating and 


FIG. 1. Microstructure of ferro-nickel alloys after cooling from 1000 at 
the rate of 20°/hr; x 400: 
a—9%Ni; b-—11%Ni; c—I15%Ni; d — 20% Ni. 


annealed ferronickel alloys with 6-25 per cent nickel cooling curves for quenched specimens with 5, 9 
have a two-phase structure both after cooling in a and 15 per cent nickel. 
furnace and also slower cooling at the rate of With 9 per cent nickel a two-phase microstructure 
20°/hr. Their microstructure however changes is observed after slow cooling to 450° and lower. 
abruptly after about 11 per cent nickel. In this temperature range the dilatometer curve 

Fig. 1 shows photomicrographs of alloys with shows an abrupt increase of volume on cooling, due 
9, 11, 15 and 20 per cent nickel after cooling from to transformation. After cooling from temperatures 
1000° at the rate of 20°/hr. The microstructure of above the beginning and end of the y> a 
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FIG. 2. Microstructure of ferronickel alloys after cooling from 1000 in the furnace 
down to various temperatures and quenching in water; x 400: 
a and b — 6 per cent nickel, to 600 and 550°; 
c and d — 9 per cent nickel, to 500 and 450°. 


transformation the alloy has a martensitic structure 
(Fig. 2c). After slow cooling to lower temperatures 
the etchability of the micrographic specimens varies 
considerably, the martensitic lamellae on the photo- 
micrographs are dark and the alloy has the micro- 
structure shown in Fig. 2d. On the X-ray photo- 
graphs of this alloy lines of the y- phase also appear 
after slow cooling to temperatures below 450°. 

With 6 per cent nickel a two-phase microstructure 
and lines of the y-phase are observed on the X-ray 
patterns with higher temperatures for the end of the 
slow cooling. In this alloy the two-phase structure 
is formed on slow cooling to 550° and below and 
here, unlike the alloy with 9 per cent nickel, both 
individual sectors and whole grains have increased 
etchability (Fig. 25). 

With 2 and 5 per cent nickel the two-phase micro- 
structure is formed with the slow cooling ending at 
higher temperatures than with the 6 per cent one. 
The temperature for the beginning of its formation 


is higher. It is 580-600° with 5 per cent nickel and 
700° with 2 per cent nickel. Elements of the micro- 
structure are clearly revealed by the usual etching 
and no increased sensitivity to etching is observed 
in individual sectors and whole grains as in the 
alloys with a higher nickel content. There are no 
y-phase lines on the X-ray patterns of specimens 
which have undergone continuous cooling or on 
those which have been cooled with isothermal 
holding in the two-phase region. 

The microstructure of alloys with 9 and 5 per cent 
nickel was investigated after cooling in the furnace 
from 1000° to room temperature with electron optical 
magnification. In the alloy with 9 per cent nickel a 
highly dispersed structure appears at a magnifica- 
tion of 12000 in the regions with increased etcha- 
bility, which are black on ordinary photomicrographs. 
With 5 per cent nickel, although non-homogeneity 
is observed on grain boundaries, there is never- 
theless no increased etchability in the sectors and 
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on the electron photomicrograph these regions are 
characterized by a uniform relief. Thus, in the 
alloys investigated under slow cooling as also with 
quenching from an elevated temperature, the y-phase 
is supercooled to the temperature of the metastable 
two-phase a + y region and, according to the metas- 
table constitution diagram, it transforms into an 
a-phase with prolonged cooling to room temperature. 
If the nickel content is increased the temperature 
range of this transformation is lowered and in alloys 
with more than 11 per cent nickel it is below 400°. 
In alloys with up to 11] per cent the y > a trans- 
formation on cooling occurs at relatively high temper- 
atures but, as in those with a higher nickel content, 
it appears to proceed with no change of composition. 
Starting from about 8 per cent nickel or above,the 

5 per cent transformation on cooling has a marten- 
sitic character and the y/a boundaries on the metas- 
table consitution diagram are martensitic points 
showing the beginning and end of transformations. 
Both in the alloys with low and in those with high 
nickel content in the course of cooling,a two-phase 
a+ y metastable structure is formed with phases of 
non-equilibrium composition,which are the same as 
the composition of the alloy. If the cooling rate is 
low and the transformation point is sufficiently 

high the composition of the phases will vary in the 
process of cooling, approaching equilibrium concen- 
trations. The variation in composition in the cubic 
body-centred lattice occurs at a greater rate than in 
a close-packed cubic face-centred y-phase lattice, 
and on the photomicrograph a-phase regions of 
changed composition are clearly visible. The change 
in the composition of the a-phase may take place by 
the formation and growth of y- phase nuclei. Dis- 
integration is only noticed in the a-phase which is 
formed at comparatively high temperatures of 400° 
and above, and the alloy has the microstructure 
shown in Figs. 1a and 16. On this disintegration 

in individual sectors of an alloy with 6-11 per cent 
nickel, a highly dispersed heterogeneous structure 
is formed which can only be revealed with electron 
optical magnification. The a-phase which is formed 
in the metastable range at temperatures below 400°, 
is preserved on cooling to room temperature as the 
rate of diffusion of the component atoms is low and 
disintegration hardly occurs. 

With 5 per cent nickel the y + a transformation 
without change of composition, and consequently the 
disintegration of the a- phase, takes place at higher 
temperatures than in alloys with the higher nickel 
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FIG. 3. Dilatometer heating and cooling for quenched 
specimens: 
a — 5 per cent nickel; 
b — 9 per cent nickel; 
c — 15 per cent nickel. 


content. As a result of this a coarse heterogeneous 
structure is formed and precipitation of the y-phase 
can be seen on analysis under the ordinary optical 
microscope. 

With less than 6 per cent nickel however, 
besides disintegration, growth of a- phase crystals 
is observed under isothermal holding and reduction 
of temperature in the metastable range of the cons- 
titution diagram. At the same time as the growth 
of the a-phase regions there is also a change in 
their shape and the sharp edges on the boundaries 
between this region and the parent metal are 
smoothed out. It appears that the phase composi- 
tions vary during this growth as a result of diffus- 
ion of component atoms through their boundaries. 

In alloys with more than 5 per cent nickel, the 
y-phase which is formed on decomposition of the 
a-phase, is preserved on cooling to room tempera- 
ture, and in alloys with a lower nickel content the 
y-phase with a two-phase structure is transformed 
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to an a-phase of the same structure according to 
to the metastable consitution diagram. This is in 
agreement with the results of paper [3], according 
to which the y-phase in alloys with up to 27 per 
cent nickel tempered after quenching, is preserved 
on cooling to room temperature as long as the tem- 
pering temperature does not exceed 550°. 

In the process of slow cooling,alloys with 2 and 
5 per cent nickel transform to the single-phase 
state at comparatively high temperatures so that 
their composition is almost completely levelled out 
and the only heterogeneities remain on grain bound- 
aries. 

It is suggested that in alloys with more than 
11 per cent nickel the two-phase a+ y structure is 
formed directly on decomposition of the supercooled 
y-phase. 


CONCLUSIONS 


The variation of structure observed when ferro- 
nickel alloys are cooled slowly is due to the super- 
position of processes which take place with and 


without change of composition in accordance with 
the equilibrium diagram and the metastable consti- 
tution diagram. 

It has already been shown [5] that when temper- 


ing is carried out in the metastable a/y range, 
besides decomposition of the a- phase, it is also 
partially transformed to a y-phase of the same 
composition. In alloys with a lot of iron, in the 
temperature range of the y/a metastable region, 
after cooling from elevated temperatures transforma- 
tion of the y-to an a-phase without change of com- 
position takes place with decomposition of the 
latter in the process of slow cooling where there is 
isothermal holding. 

Thus both the a/y and y/a boundaries on the 
metastable constitution diagram correspond to the 
a --y transformation without change of composition 
not only at low, but also at high temperatures. In 
alloys with less than 11 per cent nickel the forma- 
tion of the two-phase constitution on annealing 
covers an intermediate stage of the rapid process 
of rearrangement of the lattice. At elevated temper- 
atures in a two-phase metastable region, as for 
example in the alloys with less than 6 per cent 
nickel, the composition of the supersaturated 
a- phase varies not only on disintegration but also 
during its diffusion growth. 


Translated by V. Alford 
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PHASE AND STRUCTURAL CHANGES IN CARBON STEEL UNDER THE IMPULSIVE 
ACTION OF ELEVATED TEMPERATURES AND PRESSURE * 
B.D. GROZIN and S.B. NIZHNIK 
Institute of Mechanics, Academy of Sciences Ukr. S.S.R. 
(Received 26 October 1960) 


A method is used which simulates the operation of machine components in conditions of the 
short-time action of elevated temperatures and pressures. The method is based on the use oi a 
pulsating flow of compressed gases at high temperature and makes it possible to create structural 
changes in the surface layers of the steel, such as actually take place in the machining of machine 


components and in the process of their operation. 


It has been found that the short-time action of elevated temperatures and pressures causes the 
formation of specific quenching and super-rapid tempering structures in the surface layer of the steel. 
The phase composition of these structures depends on the carbon content of the steel, while the 
depth of its distribution is determined by the initial heat treatment. 


Under the machining of components and in the 
process of their exploitation, in the zone of point 
and line contact complex structural changes take 
place due to the short-time action of elevated tem- 
peratures and pressures. These structural changes 


are unevenly distributed over the surface and into the 


component and cause the formation of stress con- 
centrations which, depending on the conditions of 
treatment and exploitation, may considerably lower 
the life of the component part. 

The physical constitution of the surface layers of 
machine components determines to a very consider 
able degree their wear resistance, and a number of 
works have been devoted to this study [1-3]. It has 
been found (4, 5] that when steel ShKh15 is ground, 
secondary hardening and specific super-rapid tem- 
pering structure are formed. The secondary harden- 
ing zones have an austenitic martensitic structure 
characterized by increased microhardness and re- 
vealable metallographically in the form of weakly 
etched “white” layers. Uniform distribution of the 
secondary hardening structure of the surface causes 
increased wear resistance [6]. The super-rapid 
tempering zones consist of ferrite with a lower 
crystal lattice parameter and fine dispersed cemen- 
tite. The extent to which each of these zones is 
revealed depends on the maximum temperature in the 
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contact zone, the rate of heating and the extemal 
pressure. 

The investigation of secondary structures is of 
considerable interest from the point of view of 
studying the features of phase transformations in 
steel in conditions of super-rapid heating with the 
simultaneous action of external pressure, and the | 
possibility of controlling their formation to produce 
strong wear-resistant layers. However, the study 
of secondary layers on machine components is 
difficult due to their non-uniform distribution on 
the surface and the influence of a large number of 
factors on the conditions of their formation (size 
design etc. etc.). In this work a method is used 
which simulates the work of components in condi- 
tions of the short-time action of high temperatures 
and pressures. It is based on the use of an im- 
pulsive flow of compressed gases at elevated 
temperature [6]. 


PROCEDURE 


The impulsive flow is created by passing gases, 
the product of the combustion of cordite, through an 
aperture between the specimens in a combustion 
chamber. A rough estimation of the temperature of 
the metal was made by means of two semi-artificial 
iron-tungsten termocouples. The heating and cool- 
ing times of the metal were measured on the oscillo- 
graph recording of the change of temperature. The 
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pressure created in the combustion chamber was 
determined by the weight of the charge and the 
extent of the free volume; it was controlled by the 
degree of compression of crusher gauges in a 
special apparatus attached to the chamber. In all 
the experiments the action of the impulsive flow of 
gases occurred at pressures of 1300 + 100 kg/cm? 
in the space of not more than 0.0025 sec. The max- 
imum temperature on the surface of the metal was 
around 1000°. In these conditions the rate of heat- 
ing was 400,000°/sec; the rate of cooling to 300- 
400° was 80,000°/sec. 

A study was made of the effect of a constant 
temperature and pressure impulse on the structural 
changes of armco iron, St. 45 and Yu.10 after three 
different forms of previous heat treatment: quench- 
ing, quenching and tempering at 200°C, quenching 
and tempering at 600°C. 

To study the structural changes of the steel, 
besides the microhardness and metallographic anal- 


ysis methods, X-ray diffraction analysis was made on 


the ionization apparatus URS-50I and in a number of 


cases electron microscope analysis was also carried 


out. In the course of the X-ray analysis the succes- 
sive layers were removed by electrolytic etching. 


RESULTS AND DISCUSSION 


1. Armco iron. Under superrapid heating in con- 
ditions of external pressure abrupt grain disintegra- 
tion was observed in the surface layer of armco iron 
to a depth of 5-10y, which indicates the heating of 
the thin surface layer to the allotropic transforma- 
tion point of the coarse-grained a-iron in the finely 
dispersed y- phase. On subsequent rapid cooling 
the y > atransformation occurs without change of 
grain size (Fig. 1). 

2. St. 45 and Yu.10. More complex structural 
changes occur in the surface layers under the im- 
pulsive action of temperature and pressure, which 
are attributable to the distribution of temperature in 
the process of super-rapid heating. The zones in 
the temperature range of the a> y transformation 
can be revealed metallographically in the form of 
weakly etchable (white) layers; the zones in the 
subcritical temperature range are characterized by 
increased etchability (Figs. 2, 3). It follows from com- 
parison of the results of the metallographic and X-ray 
structural analysis, that the zones of increased 
etchability correspond to the specific structures of 
super-rapid high temperature tempering. 


FIG. 1. X-ray pattern of armco iron: 
a — initial structure; 
b — structure after impulsive load. 


Figs. 4 and 5 show the curves for the variation 
of width and position of maximum on the line (110) 
of the a-phase, for St. 45 and Yu. 10 respectively, 
in three different kinds of preliminary heat treat- 
ment. 

If the graphs are analysed it can be seen that 
if St.45 and Yu. 10 receive an initial quenching 
and low temperature tempering, the (110), lines 
contract in the zones of increased etchability 
with displacement to higher angles. The horizontal 
lines on the graphs with ordinate 57° 4’ correspond 
to the position of the maximum on the (110), line 
for the high temperature tempered a- phase in 
ordinary conditions. The lattice parameter of the 
a- phase which corresponds to the maximum dis- 
placement of the (110) and (220), lines to higher 
angles, is (2.8575 + 0.0004) A. In the maximum 
temperature regions of super-rapid tempering lines 
(110) and (220), are more broadened than with 
ordinary high temperature tempering. This means 
that the microstresses and block disintegration of 
the a- phase are greater. 

In the zone of increased etchability in the 
hypereutectoid steel Yu.10 there is a small quantity 
of retained austenite (Fig. 6) and of a fine dispersed 
carbide phase, evidence of which is shown by the 
broadening of the carbide maxima on the X-ray 


patterns of the super-rapid high temperature temper- 
ing structure. The formation of these structures on 


the super-rapid heating of quenched and low temper- 
ature tempered steel means that even when heat- 
ing is carried out at around 10°°/sec, the martensite 
will disintegrate and an a-phase is formed with a 
reduced crystal lattice parameter and a stressed 
submicrostructure. However, at these rates of 
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FIG. 2. Microstructure of previously heat treated St.45 after impulsive load: 


a — quenched; 


b — quenched and tempered at 200°; 
c — quenched and tempered at 600°. 
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FIG. 3. Microstructure of previously heat treated Yu.10 after impulsive load; 


a — quenched; 


b — quenched and tempered at 200°; 
c — quenched and tempered at 600°. 


heating quenched and low temperature tempered 
hypereutectoid steel it is possible partially to hold 
up disintegration of the retained austenite and 
coalescence of the carbide phase. 

Comparing the metallographic data and the layer 
by layer X-ray analysis it is clear that the weakly 
etched “white” layer corresponds to the secondary 
hardening structures and occurs in the temperature 
range of the a> y transformation. The phase com- 
position of the “white” layer depends on the carbon 
content of the steel. In St.45 the “white” layer has 
for the most part a martensitic structure, and in 
Yu.10 it has an austenitic-martensitic one. The 
depth of the “white” layer varies with increase in 
tempering temperature (Figs. 2, 3). The “white” 
layer has a higher (by 100 kg/mm?) microhardness 


than the structure in the same steel under the 
ordinary hardening. 

From the shape and position of the martensite 
and austenite lines in the X-ray diffraction analysis 
of successive layers of the “white” zone a quali- 
tative assessment can be made of the carbon dis- 
tribution in austenitic microvolumes at various 
temperatures for the a> y transformation in condi- 
tions of super-rapid heating. From an analysis of 
the intensity distribution curves in the range of 
reflection angles corresponding to lines (110), and 
(111), in the X-ray diffraction analysis of layers 
of quenched and low temperature tempered St.45 
and Yu.10 (Figs. 7, 8) it follows that: 

(1) in the temperature range corresponding to the 
beginning of the a+ y transformation, besides the 
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FIG. 4. Variations in the width and position of the max- 
imum on line (110) throughout the surface layer of St.45 
under different kinds of preliminary heat treatment: 

a — quenching; 
b — quenching and tempering at 200°; 
c — quenching and tempering at 600°. 
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FIG. 5. Variations in the width and position of the max- 
imum on line (110) throughout the surface layer of Yu. 10 
under different kinds of preliminary heat treatment: 

a — quenching; 
b — quenching and tempering at 200°; 
c — quenching and tempering at 600°. 


super-rapid tempering a- phase which has not 
undergone transformation austenite is observed with 
a lattice parameter of 3.595 A. There is as much 

as 20 per cent austenite in St.45 on the boundary of 
the “white” layer with the zone of increased 
etchability. 

(2) The redistribution of the intensity of X-ray 
reflections is different in hypo- and hypereutectoid 
steels depending on the increase in the a+ y 
transformation point. 

In the hypoeutectoid steel St.45 there is no line 
for the high carbon austenite, microvolumes of 
martensite are seen with increased carbon content, 
line (110) of the untransformed a- phase from the 
super-rapid tempering gradually disappears and a 
broadened secondary hardening martensite line is 
observed with a maximum further over on the low 
angle side than the martensite lines from ordinary 
quenching. The shape and position of this line 
indicates non-uniformity in the carbon content in 
the martensite microvolumes while for the main 
part this concentration corresponds to the average 
carbon content of the steel. 

In St.45 with a coarse-grained initial structure no 
“white” layer is observed on the boundary of the 
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FIG. 6. Variation in the amount of retained austenite 
through the surface layer of Yu. 10 under various dif- 
ferent kinds of preliminary heat treatment: 

a — quenching; 
b — quenching and tempering at 200°; 
c — quenching and tempering at 600°. 
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FIG. 7. Intensity distribution in the angular range of 

reflection of interference lines (110), and (111)y_ in 

the X-ray diffraction analysis of layers of St.45. Ini- 

tial heat treatment — quenching and tempering at 200° 
(a) and 600° (d). 


zone of increased etchability. As the surface of the 
hypereutectoid steel Yu.10 is approached there is 
an increase in the intensity of the austenite lines 
and in the extent of their displacement on the low 
angle side (this corresponds to a change of para- 
meter from 3.582 to 3.602 A), the tetragonal mar- 
tensite increases, the lines of the untransformed 
a- phase gradually disappear, there is a reduction 
in the non-uniformity of the carbon concentration 
and at the maximum temperature for the a> y trans- 
formation in the outer part of the “white” layer a 
split tetragonal doublet is observed with axial 
inclination which is appropriate for a carbon con- 
tent of 0.8-0.9 per cent. In Yu.10 with the coarse- 
grained initial structure, in the outer layer which 
corresponds to the maximum a > y transformation 
point, the lattice parameter of the austenite in- 
creases to 3.61 A, there is an increase in the degree 
of concentration non-uniformity in the martensite 
microvolumes and the tetragonal doublet is not 
split. 

From analysis of the secondary hardening struc- 
tures certain conclusions can be drawn regarding 
the features of the a> y transformation in hypo- and 
hypereutectoid steels under the impulsive action 
of high temperature and pressure. 

1. The coarser the initial structure of the steel 
the higher the a= y transformation point, which 
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FIG. 8. Intensity distribution in the angular range of 

reflection of interference lines (110), and (111), in 

the X-ray diffraction analysis of layers of Yu. 10.Ini- 

tial heat treatment — quenching and tempering at 200° 
(a) and 600° (db). 


leads to a reduction in the width of the “white” 
layer. 

2. The a» y transformation begins with the 
formation of high carbon austenite on the ferrite- 
cementite boundary, which is pinned as a result of 
rapid cooling. 

3. The a> y transformation takes place in a 
certain temperature and the whole volume of the 
ferrite grains is gradually involved in the austenite 
transformation. 

4. As the a> y transfomation point becomes 
higher there is a reduction in the degree of con- 
centration non-uniformity and the carbon content in 
most of the austenitic microvolumes may become 
the same as, or slightly higher than, the average 
carbon content of the steel. 

It has been found by electron microscope anal- 
ysis of the weakly etchable “white” layers that the 
secondary hardening martensite has a non-needle 
structure [7]. An obstacle to the growth of the 
martensite needles may be provided by the small- 
ness of the austenite grains, the non-homogeneous 
carbon distribution in the austenite and the pres- 
ence of insoluble carbide inclusions in the austen- 
itic phase. The gradual reduction of the non- 
homogeneous carbon concentration in the austenite 
will cause a slight difference in the chemical 
potentials of adjacent microvolumes and may be the 
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reason for the low etchability of the “white” layer. 


Translated by V. Alford 
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MEASUREMENT OF SURFACE TENSION ON THE GRAIN BOUNDARIES OF AUSTENITE * 


K. MAZANEC and E. KAMENSKA 
Research Institute of the Vitkovic Metallurgical Combine Ostrava 


(Received 7 December 1960) 


At the present time very little data is available regarding the absolute values of surface tension 


on austenite grain boundaries (@;), Using a combination of two methods, the drop method for measur- 


ing 0,,, the surface energy of a iat surface, and etching in a vacuum to measure the angle of depres- 
sion, determination has been made of the theoretical 0, value in commercially pure armco iron by the 


following formulae 


vacuum is approximately 1950 dynes/cm’. 


INTRODUCTION 


Surface energy on austenitic grain boundaries 
plays a very important part in the study of phase 


transformations. It has a direct influence on the rate 
of nucleation on grain boundaries and consequently, 


on the beginning of phase transformation. At the 
present time the lack of data regarding surface 
tension values on austenitic grain boundaries is 
keenly felt. Apart from the practically unique 
absolute value found for iron saturated with copper 
and copper sulphide [1], there are only one or two 
figures regarding the relative values determined 
under vacuum annealing (2, 3]. 

In the present work an attempt is made to find 
the absolute value of surface energy on austenitic 
grain boundaries for commercially pure armco iron. 
At the same time surface energy of the free surface 
of austenite has also been determined. For solids 
there is no precise equality in the numerical values 
of surface tension and surface free energy [4]. Con- 
sidering that the measurements relate to high tem- 
peratures, at which the atomic surface density 
remains constant as a result of lack of mobility 
while disordered conditions maintain, in the condi- 
tions under review it can with reasonable accuracy 
be assumed that surface free energy and surface 
tension are the same. 


cos 


At 1100°C the surface tension on austenite grain boundaries 0, is 790 dynes/cm*. At the same 
temperature the corrected value for the surface tension of a free surface (0,,) for measurement in a 
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PROCEDURE 


The surface tension values of commercially pure 
iron were measured. The metal was smelted in a 
40 kg h.f. laboratory furnace from very pure charge 
materials and was cast into an ingot 120 x 120 mm. 
Strips 5 x 30 mm were forged from the ingot and 
these were annealed in a protective atmosphere 
at 860°C for 4 hr with slow cooling in the furnace. 
There was considerable reduction of carbon con- 
tent on annealing. The chemical analysis of the 
material prepared for the investigation was as 
follows: (see Table 1). 

In the work the Sears method [5] of finding the 
surface energy of free surface was used with lead 
as the auxiliary standard material. Spectrally pure 
lead was deposited onto the polished surface of 
the test material in the form of fine filings which 
were transformed into light drops after heating up 
to 920°C. The heating was carried out in a protect- 
ive argon atmosphere for 8 hr. Then the furnace 
was carefully removed from the muffle and the 
latter together with the specimen, the argon flow 
continuing, was rapidly cooled in the stream of 
compressed air which preserved the shape of the 
drop and the contact angle [5]. Special care was 
taken to see that the argon was completely pure. 
The purification column consisted of the follow- 
ing parts: 

(1) silica gel, | 
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TABLE 1 


Mn 


§ 0.08% | 0.0 


2 


| 


29%) | 0.04% 0.012% | 0.0032% 


FIG. 1. a — cross-section of a drop; 
b — equilibrium of the surface tension vectors in the 


section of the drop. 


(2) P,Os, 

(3) Cu at 700°C, 

(4) silica gel, 

(5) Cu at 700°C, 

(6) 3 x P,Os. 

As partial evaporation of the lead took place 
during the course of the experiments it was actually 
the surface tension of free surface which was in- 
vestigated in an atmosphere of argon and non- 
saturated lead vapour. The lead was satisfactory for 
use as its solubility in iron is practically zero and 
it has no influence on the measured quantity [1]. 
The specimens were coated with a layer of nickel 
in order not to spoil the shape of the lead drop by 
subsequent treatment. 

The shape of the drop on the surface of the speci- 
mens was determined in the section perpendicular 
to the surface investigated. Fig. 1a shows a diagram 
of the section of the drop and Fig. 16 is a diagram 
showing the equilibrium of the surface tension 
vectors. The shape shown in Fig. 1 a was determined 
from a number of very careful measurements of 
cross-sections. For illustration the actual shape of 
drops in the perpendicular section is shown in 
Fig. 2. It can be seen from Fig. 16 that the vectors 
in the horizontal and vertical directions are in 


equilibrium: 


04, = 0, COS A+0,; cos 3, 


o, sin a=o,;sinf, 


FIG. 2. Characteristic shape of drops in section per- 
pendicular to the surface of the specimen. 


where o, is the surface tension of melted lead (we 
have taken this to be 400 dynes/cm [6] ), 0,5 is the 
surface tension on the austenite-melted lead 
boundary and o,, is the surface tension of a free 


austenite surface in equilibrium with argon and 
non-saturated lead vapour. To find the absolute 


figure for surface tension on austenite grain 
boundaries o, and to rule out the possibility of the 
non-saturated lead vapour affecting the figure, 
first of all what is known as the “relative” value 
was found with simultaneous lead evaporation. The 
relative surface tension value on austenite grain 
boundaries was found after vacuum annealing from 
the shape of the depression due to mutual equili- 
brium between the 0, and o,, values. After simpli- 
fication [7] this dependence can be expressed by 
the formula 
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FIG. 3. Equilibrium of surface tension vectors in the 
depression after etching in a vacuum. 


= 20,, cos (2) 


where @ is the average value of the angle of depres- 
sion after etching (Fig. 3). This simplification is 
based on the assumption that the depression is 
symmetrical, i.e. that the boundary between the 
grains is perpendicular to the surface; 0,, is not 
dependent on disorientation of the grains. The mea- 
sured 6 values for polycrystalline specimens were 
statistically worked up and their average was found. 
Specimens were vacuum etched at 1100° for 24 hr. 
The temperature was checked with a precision of 

+ 0.5°, the vacuum during experiments did not fall 
below 2 x 10°‘ mm Hg. The shape of the depression 
was measured on a profilometer MIS-11 using obhect- 
ive lenses E = 4.25 and A = 0.50. The most fre- 
quently encountered depth was 2 pu. The @ angle 
was found from the ratio between depth and width 
of the depression. At the same time for comparison 
the profile of the depression was studied on a 
metallographic specimen sectioned normal to the 
surface after the vacuum etched surface had been 
given a protective layer of nickel. Both measure- 
ments coincided very well. This metallographic 
method is very laborious and slow and most of the 
subsequent measurements were made by means of 

a profilometer. After using the resulting o, value 
and assuming that it was not varied under the in- 
fluence of unsaturated lead vapour [4], we found the 
0 » value for the case where there is no unsaturated 
lead vapour. After vacuum etching without simultan- 
eous lead evaporation the new @ value was found. 
This figure was substituted in equation (2) and the 
corrected o,, values were calculated. Reproducible 
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FIG. 4. Distribution of 0,, values. 


values were obtained in all cases. Under statistical 
treatment there is a slight scatter in the resulting 
figures. 


RESULTS 


The figures for the a and Bf angles (see Fig. 15), » 
which are the average of 60 measurements of the 
section of a lead drop on commercially pure armco 
iron, are 50 + 2.9 and 12.5 + 0.81° respectively. 
After these figures had been substituted in equations 
(la) and (1b) the surface energy of a free austenite 
surface was calculated in the presence of unsatur- 
ated lead vapour; it was found to be 1645 dynes/cm. ° 
The energy between the phases of austenite and 
molten lead (o,,) was 1420 dynes/cm. For compar- 
ison calculation was also made of the average o,, 
value from individual measurements. Both these 
values for the surface energy of a free austenite 
surface were very similar and the difference 
between them was less than 3 per cent. In the next 
stage of the investigation we measured the relative 
surface energy on the grain boundaries of austenite 
from the shape of the depression after etching in a 
vacuum in the presence of unsaturated lead vapours. 
Fig. 4 shows the spread of the 6 angles. It can be 
seen from the illustration that 50 per cent of all 
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FIG. 5. Distribution of # angles. 
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the values of the angle lie in the range 149- 152° 
and their average is 150 + 2.05°. 

After substituting the relative @ value in equation 
(2) the relative value of the surface tension of aus- 
tenite grain boundaries was found to be 0.516 o,,. 
As the vacuum etching was carried out at 1100°C 
and the surface energy of free tension was measured 
at a lower temperature (920°C) correction had to be 
made for the one temperature. If it is assumed that 
the temperature coefficient of surface tension is on 
average 0.5 dynes/cm°® [4], then the corrected 
figure for the surface tension of a free surface o,, 
will be 1555 dynes/cm for 1100° (measured in the 
presence of unsaturated lead vapour). 

After substituting this figure in the formula for 
o,, the surface energy figure for the austenite grain 
boundaries of commercially pure iron is found to be 
790 dynes/cm. For practical purposes it is import- 
ant to know the surface tension of a free austenite 
surface in the absence of unsaturated lead vapours, 
which corresponds to measuring this value in a 
vacuum. After vacuum etching the shape of the de- 
pression was partly modified and the 6 angle in- 
creased a little. The average value of the angle 
was in this case 156.7 + 2.11°. As the o, value does 
not vary in the presence of unsaturated lead vapour, 
as shown above, the following simple relation 
follows from equation (2) for this corrected figure 
for the surface energy of a free surface in a vacuum 
O13: 

= cos 0’. 


After substituting the relevant 0, and 0’ values in 
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FIG. 6 Distribution of 8 angles. 


this formula for a temperature of 1100°C the cor 
rected o’;, value is found to be 1950 dynes/cm. 


DISCUSSION 


It follows from what has been said that the 
surface energy on austenite grain boundaries at 
1100°C in commercially pure iron is 790 dynes/cm; 
this is about 6 per cent lower than van Vlack’s 
data for the same temperature. If the average figure 
for the o ,,,/o, ratio is taken to be 0.7 (ag, is the 
surface tension on the ferrite-austenite boundary), 
as has been found for a number of steels [8], then 
without using temperature correction one finds that 
Oqy = 560 dynes/cm which is very close to Clemm 
ond Pedents data [9]. In practice this means that 
the o,/ay ratio is approximately 0.4 in the case of 
vacuum etching while for etching in the presence 
of unsaturated lead vapour it increases to approxi- 
mately 0.50. This means that in the presence of 
unsaturated lead vapour it is the surface tension 
of the free surface which varies as, according to 
McLean [4] o, will not change. In view of the fact 
that lead is not soluble in iron it can hardly be 
expected that it would have any influence on the 
o, value. In copper there is an increase of about 
twice in the o, /o,, value in the presence of lead 
vapour [10] while in the case of the commercially 
pure iron investigated this ratio has only increased 
by 25 per cent. 


Statistical treatment of the measurements (see 
Figs. 4 and 5; average o,, and @ figures) it is 
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found that the scatter of the o,, and @ values is not 
great, 6 and 1.5 per cent respectively. Extremely 
careful measurement of the 8 angle must be made 
to find the o,, value as any inaccuracy in its com- 
paratively low value (which frequently lies in the 
range 10-15°) has a very considerable influence on 
the calculation. For illustration Fig. 6 shows the 
distribution of this value. About 50 per cent of all 
the 8 angle measurements are between 10 and 13° 


and the scatter of the average § value is 6.5 per cent. 


In the method used the precision was approximately 
+ 10 per cent and this can be taken to be very 
good. The degree of precision in the only absolute 
figure available in literature for surface tension on 
grain boundaries according to van Vlack, is only 

+ 20 per cent. These measurements are not based 
on any artificial model of grain boundaries and 
also do not allow the degree of freedom of the 
boundaries. They only express the average surface 
tension which, in accordance with the data by 
Dunn [11], is approximately 85 per cent of the 
maximum value o,,,, of the dependence of surface 
tension on the angle of grain disorientation. From 


this point of view the data obtained must be 


regarded as necessary quantitative values of the 
surface tension of iron which could give a more 
concrete and more precise form to a number of 
investigations. 


CONCLUSIONS 


In this work measurement was made of the sur 


face tension of technically pure iron on the grain 
boundaries of the austenite. At 1100°C the average 
figure for surface tension on austenitic grain 
boundaries is 790 dynes/cm, which is approximate ly 
the same as the value obtained by van Vlack for the 
system Fe-Cu-Cu,S. The corrected figure for the 
surface tension of a free surface at 1100°C for 
measurement in a vacuum is approximately 1950 
dynes/cm. The o,/o,, ratio after vacuum etching is 
0.4, and after etching in the presence of lead 
vapour is 0.5. The error in measuring tension did 
not exceed + 10 per cent. 


Translated by V. Alford 
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SHEAR AND DIFFUSION PLASTIC DEFORMATION DURING CREEP IN ALLOYS OF 
NICKEL WITH COPPER*' 
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Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 22 December 1960) 


The processes of creep and stress relaxation have been found to be a complex interaction of 
shear and diffusion deformation. When the conditions of deformation and the composition of the alloy 
are varied considerable changes take place in the proportional participation of shear deformation and 
diffusion processes. Three different sections can be distinguished, in each of which a certain deform- 
ation mechanism is predominant: under low temperatures and high stresses it is the shear mechanism 
of deformation; at elevated temperatures and low stresses it is diffusion mechanism; and in the inter- 
mediate region it is the shear mechanism in conjunction with the diffusion processes of recovery. 


Plastic deformation may occur as 1s well-known, 
by two mechanisms, shear and diffusion [1-3]. In 
the overwhelming majority of cases shear plastic 
deformation is accompanied by diffusion processes 
and interacts with them. If the conditions of deform- 
ation and composition of the alloy are varied, the 
proportional participation of shear deformation and 
diffusion processes in plastic deformation varies 
considerably. At low temperatures and high rates of 
deformation the main part is played by the shear 
mechanism. In such cases however the shear plastic 
deformation is accompanied by the development of 
diffusion processes. During deformation recovery 
processes are taking place continually, shear de- 
formation in most cases stimulates the disintegra- 
tion of solid solution [4], causes a change in the 
arrangement of the atoms in the ordering solid 
solutions [5] and polymorphous transformations [6] 
etc. In their turn diffusion processes influence the 
development of shear deformation. At elevated de- 
formation temperatures the diffusion transfer of 
atoms is intensified under the action of stress. At 
elevated temperatures, when diffusion becomes 
intensive, the behaviour of alloys under load is de- 
termined by the diffusion mech anism of plastic 
deformation [7]. Besides this the possibility of shear 
deformation is not excluded. 


* Fiz. metal. metalloved., 12, No. 1, 97-107, 1961. 
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The mechanism of plastic deformation in creep 
conditions has not yet been definitively established. 
Zhurkov and collaborators [12-16], who investigated 
creep on pure metals and alloys, established that 
diffusion processes do not play an essential part 
in plastic deformation. On the other hand, the data 
provided by Pines and his collaborators [20- 22] 
show that there is a diffusion mechanism of plastic 
deformation in conditions of creep. 

The existence of these contradictory data is, of 
course, explained by the fact that under different 
conditions plastic deformation takes place by dif- 
ferent mechanism. In metals creep may occur in 
quite different kinds of circumstances of deforma- 
tion: at the temperature of liquid helium and in 
temperature ranges close to the melting point of 
the metal. Such a wide range of variation in the 
conditions of deformation in itself presupposes the 


possibility of creep by various different mechanisms. 


The mechanism of plastic deformation may also 
vary in the process of creep, in the same way as the 
properties of the material vary. 

For convenience in the generalization of the 
experimental data we have decided to divide the 
three fields of deformation conditions according to 
the mechanism which predominates: 

1) Low temperatures and high deformation stresses. 
The main part in these conditions of deformation is 
played by the shear mechanism. 

2) High temperatures and low stresses. Plastic 
deformation is here determined by the diffusion 
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FIG. 1. Concn. dependence of the steady-state creep 
rate in a Ni-Ca alloy at 500, 600, 700°C and 5 kg/mm’. 


mechanism. 

3) The intermediate range of temperatures and 
deformation stresses. The shear mechanism here 
combines with the diffusion processes of recovery. 

There are of course no clearly defined boundaries 
between these regions and they overlap anoe an- 
other. 

The present work has been undertaken for the 
purpose of studying the variations in the mechanism 
of plastic deformation during creep in dependence 
on variation of deformation conditions in a wide 


range. 


MATERIALS AND PROCEDURE 


When the copper concn. of nickel-copper alloys is 
increased, there is a reduction in the modulus of 
elasticity and the temperature characteristic and 
increase in static lattice distortions [8, 9]. The 
activation energy of copper diffusion in nickel is 
almost 1.5 times less than the activation energy of 
the self-diffusion of pure nickel, approximately 
35,000- 40 000 cal/mol. These figures show that 
when nickel is alloyed with copper this will lead to 
a reduction in the interatomic binding forces and 
consequently it is to be expected that there will 
be an increase in the diffusion processes during 
deformation even at relatively low temperatures. 

Alloys with 10, 20, 40 and 60% copper were 
investigated. The alloys were prepared in a high 
frequency furnace in a vacuum of 10°* mm Hg. The 


starting material was electrolytic nickel type NOOOO 


(99.99 % nickel) and electrolytic copper with a total 
impurity content of not more than 0.05 % (of which 
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FIG. 2. Conca. dependence of the steady-state creep 
rate in a Ni-Cu alloy at 600°C and 2 and 9 kg/mm’. 


0.02 % was oxygen). The ingots were forged to 

18 mm bars, from which creep test specimens 6 mm 
in dia. and 50 mm long were made and relaxation 
stress specimens 100 mm long. The test pieces 
were annealed in the range 800-900°C. The anneal- 
ing temperature was selected for each alloy so 
that approximately the same grain size would be 
attained in all of them, about 0.1 mm. 

The rate of plastic deformation was varied from 
10°* to sec"*. Deformation rates up to 
to 10°° sec* were obtained under creep, and the 
lower rates under stress relaxation. This range in 
rates of deformation meant that for the temperatures 
selected either the shear or diffusion mechanism 
of plastic deformation predominated at maximum 
speeds. 

The mechanism of plastic deformation can be 
assessed from its dependence on the rate of deform- 
ation, from the concentration of the solid solution, 
activation energy and its dependence on stress, 
variation in the rate of deformation with variation 
in stress and from X-ray examination. 


RESULTS 


1. Dependence of creep rate on composition 
and conditions of deformation. Figs. 1 and 2 show 
the dependence of creep rate (in the steady state 
sector) on the concentration of the alloy for differ- 
ent temperatures at constant stress and at differ- 
ent stresses and constant temperature. These 
figures show that the nature of the dependence of 
creep rate on the concn. of the solid solution 
varies with the conditions of deformation. At 
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TABLE 1. Dependence of yield point on concn. of the 
solid solution Ni-Cu 


| | | 
Cu concn. in % | 0 10) 20 40; 60 


Yield point 
at 600°C, kg/mn? 


6.85.0 
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FIG. 3. Variation in the log of deformation rate with 
stress for the alloy Ni+ 40% Cu during creep. 


stresses of 5 kg/mm? and temperatures of 500 and 
600°, and at 9 kg/mm? and 600°, the creep rate 
decreases as the concn. of the solid solution in- 
creases, reaching its minimum for the alloy with 
40% copper, and increases thereafter. Consequently 
the alloy with 40% copper must be the strongest. 

As the deformation stresses are reduced or the 
temperature is elevated the difference between the 
strength of the alloys, found from the creep rate, 
gradually diminishes. At 700° and 5 kg/mm? for 
example alloys with 10, 20 and 40% copper are of 
equal strength. If the deformation stresses are 
reduced to 2 kg/mm? there will be a qualitative 
variation in the nature of the dependence of creep 
rate on composition; it increases with the concn. 
of copper. The alloy with 10% copper is the strong- 
est and that with 60% the weakest. This is the 
same kind of dependence of creep rate on composi- 
tion and conditions of deformation which was 
observed in stress relaxation [10]. 

Thus, when the temperature and deformation 


stresses are varied within predetermined limits 
there is a qualitative change in the nature of the 


dependence of creep rate on concn. of the solid 
solution. At fairly low temperatures and high de- 
formation stresses the strength of the alloys 
increases with copper concn. up to 40%, and then 
falls. At elevated temperatures and low deformation 
stresses the strength of the alloys becomes less 
as the concn. of the solid solution is increased. 


log € (sec™! ) 


FIG. 4. Variation in the log of deformation rate with 
stress for the alloy Ni + 40% Cu in conditions of 
stress relaxation. 


The variation in the nature of the dependence of 
strength on concn. may be due to a change in the 
mechanism of plastic deformation. Comparing the 
dependence of creep rate (Fig. 1) and yield point 
on concn. (Table 1) it is not hard to see that in the 
first case it is the shear mechanism of deformation 
with predominates. The strength of alloys under 
creep increases with elevation of yield point, 
reaching its maximum in the alloy with 40% copper. 

The reduction of the strength of alloys rich in 
copper in the region of high deformation tempera- 
tures and low stresses is due to a heightening of 
the role of diffusion processes. As noted above, 
when the copper concn. increases there is a reduc- 
tion in the modulus of elasticity and activation 
energy of diffusion of copper atoms, and this should 
promote an increase in the intensity of diffusion 
processes as compared with that which takes place 
in pure nickel and alloys with less copper. 

2. Stress dependence of the activation energy of 
the process of deformation. Conclusions are 
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FIG. 5. Dependence of the effective value of activation 
energy on deformation stresses for pure Ni (+) and 
Ni + 40% Cu (0) and Ni + 60% Cu (e). 
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FIG. 6. Variation in the log of creep rate with inverse 

temperature at stresses of up to 2 kg/mm? for Ni+40%Cu 

in conditions of stress relaxation. 

2-06 3-08 4-10; 5 1.2; 
6—1.4; 7—1.6kg/mnr. 


1 — 0.4; 


frequently drawn about the mechanism of plastic 
deformation on the basis of activation energy and 
its dependence on deforming stresses. 

Activation energy measurements were made in the 
temperature range from 500 to 700° with stress 
variation from 18 to 0.4 kz/mm?. The rate of deform- 
ation was varied in the range 10°‘ to 10°** sec™?. 

Figs. 3 and 4 show the dependence of the log of 
strain rate on stress for two temperatures during 
creep (Fig. 3) and stress relaxation (Fig. 4). The 
dependence of creep rate on stress is satisfactorily 
expressed as an exponential function as can be 
seen from the data set out, only in a limited stress 


range. This is in agreement with the results reported 
by other investigators (11, 13]. The activation energy 


of the diffusion process can be calc. from the curve 
for the variation of the log of strain rate with stress 
at different temperatures. 


Fig. 5 shows the dependence of the effective 
activation energy on the diffusion stresses for pure 


nickel and for alloys with 40 and 60% copper. 
Activation energy varies in rather a complex 
manner as the deforming stresses are reduced. This 
kind of dependence of activation energy on stress 
is to be expected where two deformation mechanisms 
are in operation (11). The change in activation 
energy with stress can be represented in the form 
of three independent fields. 

1. In high stress fields activation energy 
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FIG. 7. Variation in the log of creep rate with inverse 
temperature for Ni + 40% Cu under stresses of: 


increases roughly linearly with reduction in stress 
and almost reaches 50,000 cal/mol at 9 kg/mm?. 
If the straight line is extrapolated to zero stresses 
the activation energy for a nickel alloy with 40% 
copper is found to be around 70,000 cal/mol, and 
for pure nickel it is 80,000 cal/mol. In both cases 
the activation energy at zero stresses is higher 
than that of the self-diffusion of pure nickel. The 
dependence of activation energy on stress in this 
range is in agreement with the laws established in 
the works by Zhurkov and collaborators [12-16). 
The high figure for activation energy and the accur- 
acy of the laws established in the field of high 
rates and low temperatures of deformation provide 
a basis for the assumption that in these conditions 
of deformation it is the shear mechanism which 
predominates. 

2. In stress fields below 2 kg/mm? activation 
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TABLE 2. Comparison between calc. and measured rates of deformation 
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| 
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FIG. 8. Curve for the dependence of creep rate on true 
stresses in Ni + 40% Cu at 600°C. 


energy increases with reduction in the latter and 
converges towards the diffusion activation energy 
for the atoms of the alloying element At 0.6kg/mm? 
in the nickel alloy with 40 and 60% copper, activa- 
tion energy is 34,000 to 36,000 cal/mol which is in 
very good agreement with the tabulated data for the 
diffusion of copper and nickel in alloys of given 
composition [17]. In this range the exponential de- 
pendence of the rate of deformation on temperature 
is very well satisfied (Fig. 6) and activation energy 
can be measured fairly accurately. From the laws 
established for the variation of activation energy 
with stress it can be assumed that in this range it 
is the diffusion mechanism which predominates. 

3. In the intermediate stress range from 2 to 
9 kg/mm? there is a changeover from one mechanism 
to the other. Plastic deformation is characterized 
by a combination of shear deformation and diffusion 
processes. The dependence of the log of creep rate 
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FIG. 9. Curves for the dependence of deformation rate 
on irue stresses for Ni + 60% Cu at 600°C. 


on the inverse temperature value is not linear 

(Fig. 7). For this reason it is not possible to find 
the real value for activation energy or its variation 
with stresses. The value for activation energy 
which can be found from the gradient of the depend- 
ence of the log of creep rate on the inverse value 
of temperature is only hypothetical. 

3. Dependence of the rate of deformation on 
temperature and stress. The mechanism of the 
variation in the rate of deformation with temperature 
and deforming stresses is best studied individually 
for each region. 

1. The mechanism of the variation in rate of 
deformation in high stress regions is satisfactorily 
described by an exponential dependence on temper- 
ature JT and stress 0 
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TABLE 3. Comparison between the stress dependence of deformation rate obtained by means 
of equation (2) and measured on the alloy Ni + 40% Cu at 500°C 
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FIG. 10. Curves for the stress dependence of deformation 
rate at 700°C for Ni+ 40% Cu, Ni+ 60% Cu 
and pure Ni. 


which was established by Zhurkov and Sanfirova 
(12, 13, 15]. Here Q is activation energy; y is the 
structure-sensitive constant and & is Boltzmann’s 
constant. 

2. According to the theoretical investigations of 
Nabarro [18] and Herring [19], with the diffusion 
mechanism of plastic deformation a linear depend- 
ence is to be expected for the rate of creep on the 
magnitude of the true stresses: 


3 
(2) 
PRT 

where D is the self-diffusion coefficient; 

o is the deforming stress; 

a is the lattice parameter; 

I is the linear grain dimension. 
The accuracy of this dependence in the region of 
high temperatures and low stresses has been con- 
firmed on pure metalsin a number of investigations 


(20- 23]. 


Figs. 8 and 9 show typical curves for the depend- 
ence of rate of deformation on stress for alloys of 
nickel with 40 and 60% copper. For comparison 
Fig. 10 shows curves for the dependence of rate of 
deformation on stress for alloys of nickel with 40 
and 60% copper, and also for pure nickel. In the 
alloys the rate of plastic deformation is higher than 
in the pure nickel and it increases as the concn. 
increases. This once again indicates a reduction in 
the strength of the alloys when plastic deformation 
occurs by the diffusion mechanism. 

Despite the non-linear character of the variation 
in the rate of deformation with stress, it can with 
a reasonable approximation be expressed by a 
linear dependence if one keeps to low stress fields 
only. This can be seen from the data in Table 2. in 
this table the rates of deformation are set out which 
have been calc. from formula (2) and also those 
obtained from experimental data. The measured and 
calc. figures coincide quite well in all temperatures 
where the deforming stresses are low. The linear 
dependence of the rate of deformation on stress is 
reasonably satisfied for example, in the alloy with 
40% copper at 500°, up to approximately 1 kg/mm?. 
As the stress increases the theoretical and experi- 
mental figures diverge rapidly (Table 3). X-ray 
analysis has shown that this departure from straight 
line dependence is due to the fact that the disloca- 
tion mechanism of plastic deformation gradually 
takes over as stresses increase. 

3. A number of X-ray examinations were made on 
the nickel alloy with 40% copper after stress 
relaxation (initial stresses 2 kg/mm) in order to 
study the processes which occur under load in the 
second and third regions. X-ray patterns were 
studied from specimens before and after stress re- 
laxation using the back-reflection method without 
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FIG. 11. X-ray patterns obtained from specimens of 
Ni+ 40% Cu before (a) and after testing (b) with 
stress relaxation (initial stress 2 kg/mm). 


rotation. The photographs were made in copper 
radiation on exactly the same part of the specimen. 
To avoid mechanical distortions on the surface the 
specimens were electrolytically polished. 

Analysis of the X-ray patterns showed that the 
number of interference spots did not vary from the 
annealed state as a result of stress relaxation. 
What did alter however, was the radial arrangement 
of the spots on the powder rings while the spots 
themselves took on a more complex structure. There 
was also an increase in the width of the ring in 
which the spots were arranged and each of them 
broke up into a number of other spots in the 
azimuthal direction (Fig. 11). 

Besides this examinations were made on X-ray 
patterns obtained by the reverse photography 
method with the specimen rotated with further dis- 
placement under the beam. The lines focused were 
(400) and (222). It was found that on the X-ray 
photographs of specimens which had undergone 
relaxation A = 2 @ (499) — 2 (999) was different 
from A’ on the photographs of specimens which 
were soaked at the same temperature during the 
relaxation time (100-160 hr) without external stress. 
According to Peterson’s theory [24] this kind of 
displacement can be attributed to the appearance of 
stacking defects in the crystal lattice. The probab- 
ility of defect can be calc. from this theory: 


(3) 


2n? 


45 
A-A =+—— (tan (499) — 1/2tan ®(999)), 


where a is the probability of encountering a packing 
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FIG. 12. Comparison between experimental and 
Weertman’s theoretical data regarding the 
dependence of deformation rate on stress 
and temperature. 


defect. The calculation resulted in a = 0.01. 

As the stresses increase there is intensification 
of the polygonization processes. In the intermediate 
range of stresses therefore plastic deformation will 
be accompanied by polygonization in the same way 
as observed by McLean [25-27] on aluminium. This 
type of deformation can be regarded as the super- 
position of two processes, shear deformation and 
recovery — the climbing of dislocations by means 
of the diffusion mechanism. Weertman [28] has 
calc. the dependence of the rate of creep on stress 
and temperature where the shear mechanism is 
combined with the recovery process - dislocation 
climb. This dependence has the form 


«= C [o%/RT] exp (- Q/RT), (4) 


where C is a constant; o is stress; Q is the activ- 
ation energy of self-diffusion. For pure metals the 
a value is in the region of 3-4. 

Taking Weertman’s formula with our results we 
find that the activation energy of diffusion is 
35,000 cal/mol. Fig. 12 shows the variation in 
e T exp (Q/RT ) with stress in logarithmic co- 
ordinates for an alloy with 40% copper. This de- 
pendence is in the form of a continuous curve. In 
stress fields from 2 to 9 kg/mm? however it has an 
approximately linear dependence with coefficient 
a equal to 3.6. 


CONCLUSIONS 


The results obtained from the present investiga- 
tions show quite convincingly that the processes 
of creep and stress relaxation are a complex 
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interaction of shear deformation and diffusion. For 
convenience in generalizing the experimental data 

all the different conditions of deformations may be 

divided into three regions according to the mechan- 
ism which predominates. 

1. The region of fairly low temperatures and high 
deformation stress. Here the mechanism of plastic 
deformation can approximately be described by 
Zhurkov’s equation 


Q-yo 


RT 
€ = 

From the high figure for activation energy , the 
accuracy of the mechanisms indicated at low tem- 
peratures and the high rates of deformation, it can 
be taken that it is the shear mechanism of plastic 
deformation which predominates in these conditions. 

2. The region of high temperatures and low stres- 
ses. In these conditions the activation energy of 
deformation increases as the stress becomes less 
and converges towards the activation energy of 
diffusion of the alloying element. The dependence 
of rate of deformation on stress at these low values 


can be expressed by the known equation for diffus- 
ion plastic deformation 


In these conditions the strength of the alloys is 
noticeably less and may be lower than that of the 
pure metal. There is no doubt that it is the diffus- 
ion mechanism of deformation which predominates 
here. 

3. The intermediate range of temperatures and 
stresses where the shear mechanism combines with 
the diffusion processes of recovery. From X-ray 
analysis it can be assumed that in this region 
plastic deformation is accompanied by a break-up 
of the crystals into fragments and blocks. The 
application of Weertman’s formula 


«= C[o%RT | exp (-Q/RT), 


on the basis of these data is made on the assumption 
that the process of plastic deformation consists 

of shear deformation and recovery - dislocation 

climb and means that an approximate description 

can be made of the mechanisms of plastic deforma- 
tion observed in this region. 


Translated by V. Alford 
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DEFORMATION OF THE SURFACE OF STEEL UNDER FRICTION AND ITS 
ABRASIVE RESISTANCE * 
V.N. KASHCHEYEV 
Siberian Physico-Technical Institute 
(Received 31 October 1960) 


The abrasive resistance of friction-hardened steel specimens has been examined. It has been 
found that strengthening due to friction may cause higher microhardness and higher abrasion resist- 
ance in a stream of freely impacting particles and under the action of coarse abrasive grains. The 
experiments show that the main reason for the increase in abrasive resistance is structural changes 
which occur in the process of deep plastic deformation during friction. 


As a result of friction with and without lubrication 
very complex processes are known to take place on 
the surface of steel, which lead to a colossal in- 
crease in its hardness [1-3]. Long ago Kravz- 
Tarnavskii found that white scarcely etchable bands 
of high hardness arose under the action of impact. 
Chernyshev [4] found that the friction surface of 
steel may be enriched in carbon in the process of 
friction. The formation of a white zone on the sur- 
face of shaped steel wire during drawing and in the 
process of being made into ropes has been des- 
cribed in [5]. According to Kostetskii and his co- 
authors [6] during friction two kinds of regions of 
increased hardness arise: one with microhardness 
above 1000 kg/mm? as a result of diffusion of 
oxygen atoms in the steel with the formation of 
oxides and solid solutions with oxygen; the other 
with microhardness around 800 kg/mm?, due to the 
formation of martensitic structures. Evidence 


obtained by X-ray diffraction analysis is put forward. 


Quite another point of view is maintained by 
Palatnik and his collaborators [7] who consider that 
the nature of the increase in hardness during friction 
is unique and consists in the formation of a special 
martensite. This is supported by X-ray patterns. 

In foreign literature [8] the increase in hardness 
during friction is explained by the emergence of a 
special austenite-martensite enriched with carbon 
from the lubricant and nitrogen from the air. Accord- 
ing to Welsh, friction in steel in an aqueous medium 


* Fiz. metal. metalloved., 12, No. 1, 108-117, 1961. 


should not be accompanied by increase of hardness 
to such a degree as occurs in the “white zone”. 

In a number of works [9-11] there is no indication 

that there must be martensitic zones or zones with 
oxides on the friction surfaces of steel. 

A large number of investigations [12-17] show 
that the strengthening of metals by ordinary deform- 
ation does not cause an increase in their abrasive 
resistance and has no influence on the width of 
scratches made under small normal load. On the 
other hand, it follows from our investigation [18], 
that as a result of deformation of a steel friction 
surface, its abrasive resistance in flow of freely 
impacting abrasive particles increases while the 
abrasive resistance of technically pure Al, Ni and 
Cu cannot be increased in this way. 

The aim of the present investigation was to 
carry out experiments to find the physical explana- 
tion of the increase in the abrasive resistance of 
the steel, making a preliminary strengthening of 
the friction surface and studying the influence of 
different conditions for this strengthening on the 
degree of wear of free and rigidly fixed abrasive 
grains. The specimens used were of medium carbon 
steel with an external cylindrical surface 120 mm 
in dia. 20 mm high. The diametrical cross-section 
of the specimen was H-shaped so that its weight 
was not above that permissible on microanalytic 
balances ADV-200. 

The cylindrical surface (i.e. the rim of the 
specimen) was friction strengthened under different 
conditions. This was relieved by different kinds 
of annealing with protection against oxidation. 
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FIG. 1. Wear tests with an abrasive strip. 


The wear test in a stream of freely moving abrasive 
particles was carried out according to the scheme 
described in [18]. A kilogram of abrasive silicon 
carbide grain 500-600 p in size poured evenly every 
11-12 min from a special device. The grain fell 
from a vertical length of tube 90 or 50 cm high onto 
the rim of the specimen which was rotating at 3500 
or 6000 rev/min and broke up its surface. The dis- 
persed grain was collected up and used again as the 
abrasive properties of grain do not vary through a 
large number of tests. 

With fixed abrasive grain the wear test was car- 
ried on as shown in Fig. 1. The specimen was 
rotated at the rate of 300 rev/min, a weight of 250 g 
provided tension to the belt of abrasive electro- 
corundum No. 100, the width of the belt was 10 mm, 
the feed angle of the specimen was roughly 140° 
and duration of the test was 20 min. A new strip of 
abrasive was used for each test. The extent of the 
wear was found by weighing every 3-7 tests. 
Microhardness on the rim was measured on a PMT-3 
apparatus with a load of 20 g, which avoided making 
impressions on the strain-hardened layer which 
might well have occurred under greater loads. The 
average of 5-15 measurements was taken as an 
indication microhardness. 

Table 1 shows the experimental data from a 
comparative assessment of strain hardening as a 
result of friction on various materials under different 
conditions. The test specimen in the annealed state 
was attached to a spindle and rotated at the rate of 
36 rev/min. Against this a disc rotating at high 
speed and made of different materials was pressed 
with a force of 1 kg. The nominal contact width in 
friction was approximately 1-2 mm and the slip rate 
was 2.6 m/sec. The friction zone was sometimes 
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lubricated and sometimes left dry. The rapidly 
rotating disc was slowly shifted along its axis in 
order to cover the whole of the rim of the test spe- 
cimen. The strain hardening experiment lasted 

60 min. Although with friction strain hardening the 
rim of the test specimen, it was quite difficult to 
create completely similar conditions of contact, 
Table 1 does provide the basis for certain conclus- 
ions. 

Judging from microhardness, maximum strain 
hardening arises as a result of friction on a rim of 
mild steel without lubrication (964 kg/mm?.) In 
these conditions it is natural to expect maximum 
seizing, the most intensive temperature spikes and 
the maximum degree of plastic deformation. Friction 
with a lubricant, particularly in an aqueous 
medium, causes less increase of hardness. Com- 
paratively slight strain hardening occurs as a 
result of friction on bronze and especially glass, a 
material which is mechanically low in strength and 
does not seize with steel. However, high hardness 
and strength thermocorundum cause an increase of 
up to 507 kg/mm? in hardness. 

Attention is drawn to the comparatively slight 
increase of hardness in water. Water is a very good 
cooling medium, its lubricating properties do not 
apparently play any role as even lubrication with 
vaseline oil will not prevent a considerable in- 
crease of hardness on friction in air. 

An addition of the surface-active oleic acid did 
not cause any special increase of hardness but did 
produce a very smooth friction surface, probably 
as a result of an increase in the durability of the 
lubricant on the surface. 

The wear resistance of the rim under the impact 
of free abrasive particles fell to a half after 
strengthening in the conditions which caused an 
increase of hardness to above 500 kg/mm?. After 
friction there was a noticeable reduction in the 
wear of steel ShKh 15 in water and of glass in air. 

A 21 p wide scratch made at a load of 20 g 
diagonal to the section of the diamond pyramid 
indenter of a PMT-3 tester (angle between oppos- 
ing faces 136° and blunt apex not more than 0.2 yp) 
was 16 p after frictional strain hardening in water. 
This was the average of 20 measurements. 

It is interesting to compare the results of friction 
strain hardening at different speeds, loads and 
durations of friction. Strain hardening was carried 
out with a rapidly rotating disc of mild steel, 

60.5 mm in dia. and 2 mm thick. There was no 
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TABLE 1. Wear resistance on apparatus with 6000 rev/min 


Micro- | Micro- | Average 
hardness |hardness abrasion 
ofrim | ofrim | perex- | Observations 
after | after periment | 
strain strain (free 
hardening hardening) flowing 
kg/mm? kg/mm’ grains) 
| mg 


Conditions of strain hardening 


127 | 40.2 


Annealing at 800° for 1 hr. Cooling to 400° 127 
for 6 hr, then cooling in a 2.2 kW | 
furnace; | | 

Friction with a fixed roll of steel ShKh15 | 127 | 249 28.0 
(RC = 60) for 2 hr in water, n = 1280 rev- 
min. Oil applied by hand; | | 

Friction with a rapidly rotating disk of ) 127 | | Surface extremely smooth 
quenched steel ShKh15. Slip rate 2.6 m/sec. | '  amooth after 
Lubrication with vaseline oil with 0.2% friction; 
oleic acid; 

The same: Vaseline oil lubrication; 

Friction against a rapidly rotating disk of mild 

annealed steel; No lubrication; 

Friction against a rapidly rotating disk 
of brohze OTsS 6-6-3. No lubrication; 

Friction against a rapidly rotating glass 


VOL. disk. No lubrication; 
12 Friction against a rapidly rotating Strengthened 
1961 thermocorundum disk. No lubrication; | after friction 
against glass 


disk. 


| 


icrohardness 
before strain 
hardening, 


rate m/sec 
kg/mm? 


Mutual slip 
Duration of 
friction, min 


Microhardness 


strain hardened 
after strain 


disk 
Rev/min of 
test specimen 


| Normal load 
Rev/min of 


4 
if 


10G0 
1000 
1000 
1060 


each were strain 
hardened 


1000 36 a 
Small craters ari as 
300 36 0.1 a result of 
300 | < 36 : 40. the fixed specimen were 

Strain hardened 


Light rubbing of a sector of the —— 
by hand against a disk of mild steel 
until a certain degree of gloss is 
reached | 


Specimen fixed 


| 
| 
| 
| | 
| 
| 
TABLE 2 : 
Remarks 
z 
i 26 11.6 27 8650 
9 6 83 | 197 860 Friction bands 2 mm wide . 
3 5.6. | 197 860 
4 36 2.6 | 127 860 
5 
6 
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FIG. 2. Dependence of the microhardness of a friction 
strain hardened surface layer of steel on annealing 
temperature: 

1 — strain hardened in air with lubrication; 

2 — strain hardened in water. 


lubrication. The results of the test are shown in 
Table 2. 

It can be seen from Table 2 that a slip rate of 
above 2.6 m/sec and normal load of 1000 g does not 
cause an increase of surface hardness. Consider- 
able reduction of speed and load causes less harden- 
ing. It can be seen that no really noticeable increase 
of temperature is required for strain hardening; a 
considerable increase in microhardness takes place 
under very light friction conditions (columns 5, 6 
and 7 in Table 2). 

At 44 rev/min and a feed of 0.47 mm a thin slip 
was cut from the rim of an annealed specimen of 
steel R18. The microhardness of the surface H» 
after grinding through had increased on an average 
of 127-351 kg/mm? (the microhardness figure fluc- 
tuated in a wide range between 247 and 531 kg/mm’). 

When the wear in a stream of abrasive particles for 
an experiment on an annealed specimen was 40.2 mg 
after grinding it was reduced to 28.0 mg. This 
means that there was an increase in the abrasive 
resistance of the steel as a result of the friction of 
the cutting tool on the surface below the cut. 

Fig. 2 shows the dependence of the microhardness 
of the friction surface (H,.) of medium carbon steel 
on annealing temperature. Successive annealing 
(from low to high temperatures) were carried out for 
an hour each with cooling in the laboratory furnace 
(2.2 kW). Protective measures were taken against 
oxidation during heating. Curve ] in Fig. 2 was 

- obtained on a specimen which had been friction 
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‘Microhardness after ameal, kg/mm? 


Wear in stream of abrasive particles 


FIG. 3. Dependence of wear resistance of steel in free 
abrasive particles on microhardness after annealing; 
1 — friction strain hardened; 
2 — strengthened by quenching in water. 


strain hardened on steel using plenty of vaseline 
oil containing 0.2% oleic acid. Curve 2 was for the 
same specimen friction strain hardened on steel in | Vo 
water. Total reduction of hardness to the initial 
figure will only take place at an annealing tempera- 


ture of 800°. The abrupt reduction of hardness with 
strain hardening in air for annealing temperatures 
between 400 and 500° and above 550° when in 
water is rather interesting. With a lower degree of 
strain hardening the temperature stability is higher 
in the second case. 

Fig. 3 shows the variation of wear resistance 
curves for steel in a stream of freely impacting 
abrasive particles with surface microhardness, which 
was obtained as a result of annealing after strain 
hardening. Curve J is for friction strain hardening 
on quenched steel ShKh15 in air with vaseline oil 
lubrication with 0.2% oleic acid and subsequent 
annealing at an ever increasing temperature. 

Curve 2 is for strain hardening with ordinary 
quenching in water from 850° and subsequent tem- 
pering. It can be seen from this illustration that 
while with quenching it is only possible to in- 
crease microhardness to 301 kg/mm?, enormous 
increases in microhardness can be achieved as a 
result of friction which causes a much greater 
reduction in wear. It seems that at microhardness 
of greater than 400 kg/mm? wear resistance is low 
and ceases even to be dependent on the micro- 
hardness figure. Disintegration of the metal sur- 
face depends on the method of abrasive action and 
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TABLE 3 


Microhardness, | Average of 
kg/mm? (average of } 5-7 experiments 
5-20 | for wear by an 


measurements) abrasive strip, mp 


Conditions of strain hardening for specimen of 
mild steel 


Specimen annealed at 800° for lhr; ......... 120 62.6 
Friction strain hardened against steel ShKh 15, 
specimen annealed at a temperature rather more 
than 500 for. 34.5 
Annealed at 800°, specimen ground as described 
in text; .. 
Annealed at 800°, specimen friction strain hardened 
against steel rod with vaseline oil lubrication. 
Hand application rate of rotation of specimen 


27.9 


1000 rev/min, duration of strain hardening 1 hr 


de ap 


FIG. 4. Increased etchability and hardness shown by the method of scratching the butt end of 
friction strain hardened zones. 


on the resulting stressed state [19]. We felt it would 
be interesting to see whether the wear resistance of 
a steel test specimen to fixed abrasive grain was 
dependent on the friction strain hardening of its 
surface. 

Table 3 shows the relevant experimental results. 
The method of abrasion has been described before. 
It is clear from the Table that the abrasive wear 
resistance is dependent on the degree of strain 
hardening of a steel surface by the metal friction 


method. 
A 5 mm wide strip of 0.3 mm thick mild sheet 


steel was strain hardened by friction on both sides 
between rolls of steel ShKh15. Lubrication was used 
in abundance. The slip was then cut into sectors 

10 mm long. These pieces were piled on top of 


each other with the long sides coinciding and were 
pressed tightly together. A metallographic speci- 
men was prepared perpendicular to the friction 
surface and parallel to the direction of friction. 
After a brief etching in a 40% solution of nitric 
acid in alcohol the friction strain hardened layers 
became blackened. The parent metal etched much 
more slowly. The photomicrograph in Fig. 4a shows 
a section of two adjacent strain hardened zones. 
Considerable metal flow is seen as a result of 
friction and here the strengthened zone does not 
correspond to the “white zone” (in recent works 


[23, 24] it has been shown that a “white zone” 
arises when steel is heated very rapidly to above 


A, point with subsequent abrupt cooling. The 
martensitic structure of the very hard zone has been 
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TABLE 4 


State of specimens of transformer steel 


Average of 10-13 tests 
oR, kg/mm? 


As-delivered state 
After annealing at 800° 
After quenching from 850° in water 


After friction strain hardening of the surface . 


49.1 
49.9 
47.6 
66.4 


| 


TABLE 5. Wear on apparatus with 3500 rev/min 


Steel and its 
characteristics 


Microhardness before 
strain hardening, 
kg/mm? 


Wear in abrasive 
stream before 


friction strain 
hardening, mg 


Conditions of friction 
strain hardening 


Microhardness after 
friction strain 


hardenin, 
kg /mm? 
Wear in abrasive 


stream after 
hardening, mg 


friction strain 


Yu.10. Martensitic 
transformation point 


190° 


Friction against steel 
ShKh15 for 1 hr at 
300 + 30°; hand appli- 
cation; slip rate 
6&7 m/sec 


Transformer steel of 
ferrite class 
y-region very 
contracted 


EYalT. Austenitic 
stainless steel type 
18-8. Martensitic 


Friction against rotating 
roll of steel ShKh15; 
pressure 600-800 g; slip 
rate 6-7 m/sec; tempera- 


ture 20° 


Friction against sieei 
ShKhI15 for 1 hr at 100- 
130°; hand application; 


transformation point 
a result of plastic 
deformation (25) at 80° 


slip rate 6&7 m/sec 


studied metallographically). The photomicrograph 

in Fig. * 5 shows a scratch made by a corundum 
gramophone needle at a normal load of 200 g (point 
angle of the needle 50° 40’, radius of curvature 

90 y, width of the scratch about 25 y, i.e. according 
to [22] a cut scratch and not slip friction). It can be 
seen that where the scratch crosses the strain 
hardened zone the width is less than in the parent 
metal. 

The following emerges from these experiments: 

l. The strain hardening of a steel surface by the 
friction method causes an increase in its micro- 
hardness and in its abrasive wear resistance, both 
in a stream of freely moving abrasive particles and 
under the action of fixed abrasive particles. 

2. The abrasive wear resistance of steel can be 
increased by metallic friction also without any 


noticeable increase of temperature in macroscopic 


volumes of the metal. 
3. The wear resistance or abrasion resistance of 


steel will not vary once a certain strain hardening 
limit has been passed which is characterized by 
the microhardness number. 

4. The friction strain hardening of steel seems 
to be higher with higher plastic deformation and the 
greater the similarity between the friction pairs. 

What lies at the back of this increase in abrasive 
resistance of steel ? Two caases may be suggested - 
the emergence of wear resistance phases, i.e. 
phase transformations, and the emergence of strain 
hardening as a result of considerable plastic de- 
formation. 

On one end of mild steel wire rods 1.4 mm in dia. 
the surface was subjected to intensive dry friction 
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against steel and this caused a considerable increase 
in microhardness. X-ray photographs taken of both 
ends of the rod on a URS-50I apparatus with cobalt 
radiation (voltage 35 kV, 10 mA, duration 1 hr) did 
not show any phase difference. This means that no 
sign of new phases was seen. The same thing 
occurred with the less penetrating chromium radia- 
tion. 

The curves which we obtained for the relief of 
strain hardening by subsequent annealings show no 
sign of recovery. However the sharp reduction of 
hardness between 400 and 500° is typical of work 
hardened iron [20]. The width of a scratch does not 
depend on the degree of previous work hardening as 
this is restricted to the ordinary work hardening 
which arises under the point in the course of making 
the scratch itself [17]. The amount of work harden- 
ing induced by the ordinary methods is not very 
great. For instance, if a parallelepiped of the same 
test steel is cold rolled with a reduction from 25 to 
5 mm in thickness the increase in Brinell hardness 
is only from 136 to 230 kg/mm? [13]. Tenenbaum 
however [21] found that cases may arise when the 
width of the scratch is dependent on previous work 
hardening, and he attrinuted this to the face that 
maximum strain hardening was not achieved under 
the scratching diamond point but as a result of the 
previous work hardening. From our experiment it 
emerges that the degree of work hardening in friction, 
expressed by microhardness, is dependent on the 
conditions of friction and the material of the counter- 
body and that by this friction it is possible to 
stengthen the steel in such a way that the width of 
the scratch will be dependent on previous work 
hardening. Consequently, on reaching a certain stage 
of microhardness either the preliminary friction work 
hardening exceeds that which arises under the cutting 
edge of the abrasive grains, causing wear resistance 
to iall, or, in the process of powerful plastic deform- 
ation, new structures of an austenitic-martensitic 
character arise and possibly the products of the 
disintegration of these structures. 

It is, for this reason, very important to verify the 
results of the friction strain hardening of steel of 
the ferrite class (transformer steel) for which the 
y-region is very restricted and transformation to the 
austenitic state is difficult, and also for high 
carbon steel Yu 10 and the austenitic steel EYa1T 
which are strengthened at a temperature above 
martensitic transformation point with subsequent 
slow cooling to exclude the possibility of martensitic 


transformation. 

Strips 120 mm long and 5 mm wide were made 
from transformer sheet steel 0.1 mm thick. (Besides 
iron, transformer steel contains 3-4% silicon and 
less than 0.1% carbon and is a material which 
fractures without necking.) Part of the specimen in 
the as-delivered state were tested on a Schopper 
testing machine with 100 kg scale, part were tested 
after annealing at 800°, part after friction strain 
hardening and part after quenching in water from 
850°. The vaseline oil lubricated specimens were 
slowly lowered by hand between the rotating rings 
of quenched steel ShKh15. The dia. of the rings 
was 40 mm and width 12 mm. One of them was 
rotated at 36 rev/min counterclockwise with the 
axis rigid, and the other was rotated clockwise at 
the rate of 3600 rev/min with its axis moving which 
enabled it to be pressed against the other ring with 
a force of 1000g. After 80 passes with regular 
variation of the surface against the rapidly rotating 
ring, the microhardness had increased to H4» = 344 
kg/mm? as against 208 kg/mm? in the non-strain 


hardned specimens. 
Table 4 shows the results of tensile tests and 


from this it can be seen that transformer steel does 
not in practice quench harden and can only be 
hardened as a result of friction. On the basis of 
preliminary rough measurements it is very tentatively 
suggested that the thickness of the strain hardened 
layer is approximately 0.01 to 0.015 mm, i.e. the 
section of strain hardened layers on the specimen is 
0.2F or 0.3F where F is the total area of the section 
of the specimen. We suggest that up to 0 <49.1lkg/mm? 
the strength hardened layer is in the elastic state. 
The non-strain hardened part flows without strain 
hardening and resists tension with a force of 
(0.7-0.8) 49.1F kg. Then for the moment of fracture 
it can be said that 66.4F -(0.7-0.8) 49.1F = (0.3- 
0.2) F o,, where o, is the tensile strength of the 
strain hardened layer. o, = 106.6 to 135.6 kg/mm?. 
It can be seen that as a result of the friction, 
strength has increased 2-3 times, which for a fer- 
rite steel is in the main to be attributed to plastic 
deformation although the possibility of austenite- 
martensite transformation is not completely 
excluded. This steel should not therefore show a 
very great increase in abrasion resistance when 
subjected to wear in an abrasive steel after friction 
strain hardening. Table 5 shows a comparison 
between the wear resistance of friction strain 
hardened and non-friction strain hardened steels in 
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a flow of abrasive particles where the treatment 
was carried out in such a way that martensitic trans- 
formations were still possible. (Friction was carried 
out at temperatures above the beginning of marten- 
sitic transformation.) It follows from this table that 
friction above martensitic transformation point is 
not accompanied by a considerable increase of 
microhardness and in no way causes an increase in 
abrasive resistance in steels Yul0 and EYalT. A 
noticeable increase in microhardness is shown by 
the transformer steel, although its wear resistance 
after friction is only slightly less, which is what 

we had expected. 

Dry friction on steel ShKh15 at room temperature, 
i.e. below martensitic transformation point, causes 
a considerable reduction in wear resistance in an 
abrasive stream in all the specimens; nearly half in 
YulO and 17.4% in EYalT. 

The following summary can be made on the basis 
of these data: the increase in the abrasive wear 
resistance of steel as a result of the friction de- 
formation of its surface is due to specific marten- 
sitic transfromation (y > a). The following provide 
evidence of this: 

1) the absence of increased abrasive resistance 
in pure metals after friction deformation of the 
surface; 

2) the fact that there is no variation in the wear 
resistance of steels Yul0 and EYalT after friction 
deformation in an electric furnace heated above 
martensitic transformation point; 

3) the extremely slight increase in the abrasive 
resistance of ferrite classes of steel with reduction 
in the y-region; 

4) the quite clear delimitation of the deformed 
region as a result of nitric acid etching and the 
extremely intensive etchability of this region; 


5) the increased abrasive resistance with slight 
increased of hardness, which takes place as a 
result of friction and the absence of such an in- 
crease in wear resistance with great increase of 
hardness as a result of ordinary deformation; 

6) the reduction in the width of a scratch on 
layers of steel deformed in friction. 

It must be remembered that under the influence of 
extraordinarily high plastic deformation and very 
short temperature spikes which arise in the friction 
zone of the steel, phase transformations may take 
place even without macroscopically observable in- 
crease of temperature. The high hardness may be 
due not only to the emergence of a special austenitic- 
martensitic structure, but it may also be the result 
of structures arising similar to temper structures 
when the new emergent phase is not revealed on 
X-ray photographs. 

The considerable increase in the hardness and 
tensile strength of transformer steel specimens 
after friction strain hardening against steel 
appears to be due to partial plastic deformation 
taking place in the friction zones, while the consi- 
derably less noticeable increase of wear resistance 
may be attributed to contraction of the y- region 
for transformer steel and the consequently lower 
probability of y > a transformations taking place. 


Translated by V. Alford 
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Creep and structural changes have been investigated in the boundary sectors of aluminium 
bicrystals. In the boundary sectors deformation was found to be considerably less than in the 
interior of the grain. A step arising on the boundary is regarded as the result of non-uniform 


deformation of the crystals. 


In investigations of creep in the polycrystals of 
a number of metals [1, 4] and solid solutions [1, 3] 
it has been found that deformation connected with 
boundary sectors is dependent on that which has 
occurred in the interior of the grain. When the 
grains were strengthened it was found that the pro- 
portion of deformation attributable to the ordinary 


relative displacement of grains did not increase [4]. 


This result throws doubt on the widely accepted 
idea of the decisive role of viscous flow on bound- 
aries in slow high temperature deformation. 


The so-called “relative grain displacement” during 


creep is usually revealed by the emergence of a 
relief on a previously polished surface. It could, 
however, be presumed that this relief is not the 
result of viscous flow on boundaries or along sur- 
face, but of non-uniform deformation of grains on 
either side of the boundary. In this case the “dis- 
placement of grains with regard to one another as a 
whole” which is observed on the surface may only 
be imaginary and the term “boundary displacement” 
would not sum up the essence of the process and is 
purely hypothetical. To check this proposition 
experiments would have to be carried out in which 
it was possible to carry out observations on indivi- 
dual boundaries. Bicrystals are the most suitable 
specimens for this kind of investigation. 

The results of an investigation of creep in bi- 
crystalline specimens of aluminium are set out 
below. There are published description available 
[5-8] of investigations carried out on bicrystals 


* Fiz. metal. metalloved., 12, No. 1, 118-124, 1961. 


in which a study was made of the dependence of 
creep rate and extent of deformation on temperature, 
stress and misorientation between crystals. In the 
present work therefore the main attention will be 
centred on measurements of the elongation of di ffer- 
ent sectors of the specimen, particularly the bound- 
ary region, and also on observations of changes in 
microstructure in the boundary sectors. 


PROCEDURE 


Bicrystals with a specimen size of 25 x 5 x3mm 
were produced from aluminium type AV000 by col- 
lective recrystallization after low degrees of de- 
formation. The specimens were cut out on electric 
spark machines in such a way that the boundary 
between the grains was inclined at an angle of 
45° to the axis of the specimen. After this the 
specimens were annealed at 600° and electrolytic- 
ally polished. Before starting the tests a number 
of scratches were made with a thin needle of an 
aluminium alloy. The specimens were put in tens- 
ion in a MP-3 machine. In all cases the testing 
temperature was 300° and initial stresses 0.2 kg/mm’. 
The reason for selecting 300° as the temperature 
was that, according to a number of published data, 
above 250-300° deformation in creep takes place 
mainly along boundaries. In the process of creep the 
specimens were unloaded from time to time, cooled 
and measurements were made of the total deforma- 
tion, the deformation of each of the grains and dis- 
placement of the scratches intersecting the bound- 
ary. Metallographic and X-ray examination of the 
specimens were also made. The displacement of 
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the scratches was measured on a measuring micro- 
scope UIM-21 with a precision of up to 0.0005 mm. 
An interference microscope MII-4 was used for the 
metallographic investigation, by means of which the 
relief on the surface can be measured. 


RESULTS AND DISCUSSION 


Five specimens, bicrystals, were investigated. 
Their behaviour during creep was qualitatively 
identical. Detailed analysis was therefore only made 
of one of the specimens. 

l. Fig. 1 shows the results obtained from measure- 
ments of creep on the specimen of which Fig. 2 
shows a stereographic projection of the grain. 

Curve | (Fig. 1) characterizes creep in the whole of 
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FIG. 2. Gnomostereographic projection of a bicrystal. 

Projection plane coincides with surface of the speci- 

men. In the centre of the projection is the ncrmal for 
the surface of the specimen. 


the specimen. Curves 2-6 are for creep in individual 
sectors of the specimen (the same illustration shows 
a diagram of the specimen showing the sectors on 
which elongation measurements were made). These 
curves show that creep takes place at very differ 
ent rates in different sectors. Attention is drawn to 
the fact that in the boundary sectors (3-4) creep is 
less than in sectors 2-3 and 4-5, which are directly 
adjacent to sector 3-4. These sectors were deformed 
at higher rate and to a higher degree than the part 

of the specimen which includes the boundary. We 
note also that the deformation of crystal 1-3 occurs 
to a lesser degree than in 4-6. This can be attri- 
buted to the orientation of each of the crystals with 


Unit strai n, % 


FIG. 1. Creep curves for sectors of a bicrystals. Test- 
ing temperature 300°C, stress 200 g/mm’. 


FIG. 3. Diagram of bicrystal specimen: 
a — before deformation; 
6 — after deformation; 
c — surface on which observation was made; 
1 — displacement of scratch, x — elongation. 


0 Aes _ 


FIG. 4. Dependence of the component of relative grain 
displacement x and the direction along the tensile 
axis on absolute elongation Ae, _ , of the sector 
of the specimen which includes the boundary. 
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TABLE 1. Variation in length Ae, , of the sector 


oi the specimen which includes the boundary, 
and of the x value 


de3_4 » mm 


| 


0.039 
0.0425 
0.069 
0.072 
0.0905 
0.1085 
0.109 
0.118 
0.134 
0,122 
0.201 
0.240 
0.240 


SS 


regard to the external force. X-ray analysis and 
determination of the slip system in operation showed 
that the indirect component of extemal load is 

1.5 times greater in crystal 4-6 than in 1-3. 


The relative displacement of the grains coinpos- 
ing the specimen can be found from a measurement 
of the displacement of scratches intersecting the 
boundary. Whatever the mechanism of this displace- 
ment, it causes elongation. It must however be 
emphasised that if displacement is the result of 
viscous flow it ought to take place along the bound- 
ary and the surface. If however the displacement 
observed is the result of non-uniform deformation of 
the crystals on either side of the boundary then it 
will only reflect non-uniform changes of relief which 
arise on the surface of crystals as a result of their 
different orientation. 

Fig. 3a shows a diagram of a specimen before 
tension. The angle a between the axis of the speci- 
men and the boundary trace on the surface examined 
is 52°. The boundary plane is inclined at an angle 
of 6 = 12° to the surface. Fig. 36 shows the result 
of plastic deformation at the boundary, which causes 
a relief which is usually regarded as relative grain 
displacement. The elongation (x) arising as a result 
of this * is x = 1. cos a. 


* We note that the true elongation due to the inclination 
of the boundary to the surface is 1/cos @ times differ- 
ent from x. In view of this slight value of the correction, 
however, we will not allow for it. 


FIG. 5. Variation in the vertical component of relative 
crystal displacement in different parts along the 
boundary. 


Table 1 sets out the data on the change in absolute 
elongation of sector 3-4(Ae, _ ,), in which there isa 
boundary, and the x value in the course of creep. It 
can be seen that \¢ is roughly of a higher order 
than x. This means that the deformation due to the 
formation of steps on the boundary is, whatever its 
mechanism, considerably less than the crystal de- 
formation in the immediate vicinity of the boundary. 
Fig. 4 shows that the x value and deformation of 
sector including the boundary are linearly related. 
There are three possible explanations for this 
dependence. 

First of all the suggestion is made that x and 
Ae, _ , are not related to one another, i.e. that the 
displacement along the boundary and deformation 
of the sector increase with time and are not due to 
one another. However attention is drawn to the fol- 
lowing fact. The experimental x values and Ae,_ , 
(Fig. 4) were obtained at different rates of deforma- 
tion. During the course of the investigation the 
rate of deformation on the 3-4 sector was reduced 
from 0.85 %/hr to 0.02 %/hr. It would be difficult 
to conceive that two values which are not depend- 
ent on one another should vary completely uniformly 
at rates of deformation which differ from one 
another by as much as 40 times. Therefore the suggest- 
1on that the Ae,_, and x values are independent 
ot one another can be rejected. I'wo other possibi- 
lities remain. Either displacement alcng the bound- 
ary causes deformation in the boundary sector or 


deformation in the boundary sector causes 
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FIG. 6. The same data as in Fig. 5 presented in the form of a diagram for a 
large number of places along the boundary. 


displacement along the boundary. If deformation in 
the boundary sector causes the displacement along 
the boundary then the elongation value Ae,_ , would 
be considerably less than that observed. It can be 
seen from the table and Fig. 4 that the elongation 

of sector 3-4 is considerably greater than the dis- 
placement observed along the boundary. This means 
that the deformation of sector 3-4 must occur mainly 
as a result of slip in grains on either side of the 
boundary. 

As the processes of relative grain slip and deform- 
ation in grains are related to one another while the 
deformation of the sector on either side of the bound- 
ary is not the result of relative grain displacement, 
it thus remains to suggest that the relative grain 
displacement observed is the result of the deforma- 
tion of the latter. 

2. If the relative displacement of the crystals 
composing the specimen occurs along the boundary 
and on the surface, two cases are possible. If the 
direction of displacement is aparallel to the surface 
then the extent of displacement in different places 
along the boundary should be the same. If on the 
other hand the direction of displacement is parallel 
to the surface of the boundary at a certain angle 
to the observed surface, then on the line of inter- 
section between the observed surface and the bound- 
ary surface there should be a point where displace- 
ment will increase regularly as the distance from it 


becomes greater. 


Fig. 5 shows the results of the measurement of 
the vertical component of relative crystal displace- 
ment in four places along the boundary. Similar 
data for a large number of places are given in the 
form of a diagram in Fig. 6. It is easy to see that 
the relative displacement of the crystals is differ- 
ent in different parts of the boundary. It can also 
be seen that there is a point at which the extent of 
displacement remains less in the course of creep 
than in the other points along the boundary. There 
is no regularity in the variation of displacement on 
either side of this point. 

Regarding the data in Figs. 5 and 6 it must also 
be noted that in some parts of the boundary in the 
course of creep there is a reduction in the height of 
the steps between the grains (for instance Fig. 5 
position 7 after 2.5 hr, position 3 after 7 hr, etc.). 
This reduction in the height of the step is about 
10 times greater than the possible error of measure- 
ment. 

The difference in extent of displacement and its 
uneven variation in different parts of the boundary, 
as also the reduced height of the step at some 
stages of creep are difficult to explain on the basis 
of the conception of the displacement of crystals 
as a whole in respect to one another on the bound- 
ary and on the surface. These effects would, 
however, be easy to explain on the basis that the 
crystals composing the specimen are deformed to a 
different degree. This causes a step on the boundary. 
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FIG. 7a. Slip trace and step on the boundary; x 18. 


As arule one of the crystals is deformed more 
rapidly and therefore there is some growth in the 
step formed. It may be in individual parts that at 
certain moments of time the rate of deformation of 
the more rapidly deforming crystal becomes rather 
lower. This should lead to a reduction in the height 
of the step. 

3. Confirmation of the fact that the step on the 
boundary arises mainly as the result of non-uniform 
deformation of crystals on either side is provided 
by a comparison of the relief pattern on the bound- 
ary (Fig. 7a) with the diagram obtained as a result 
of X-ray diffraction analysis of the planes and dir- 
ections of slip operating in each of the crystals of 
the specimen (Fig. 75). The direction of the step on 
the boundary can be seen to be the same as that of 
the vector which is the geometrical sum of the dir- 
ectional vectors of slip in each of the crystals. 
Here we assume that the magnitude of the slip 
vector is proportional to the shearing component of 
stress. 

4. Finally the course of intensive polygonization 
in the boundary zone is revealed by metallographic 
and X-ray analysis. Fig. 8 shows how the boundary 
is broken up as a result of polygonization. It is hard 
to believe that crystals could be displaced with 
regard to one another on such a surface without 
becoming deformed. 


CONCLUSIONS 


Elongation measurements of sectors of bicrystal 
specimens, the study of relief changes arising on 
the boundary, determination of the elements of slip 
in the crystals composing the specimen and also 


certain metallographic data all indicate that the 


step which arises on the boundary during creep in 
aluminium is not the result of mutual grain dis- 


placement either on the boundary or on the surface. 


FIG. 7b. Diagram showing the arrangement of surfaces 
and directions of slip in crystals composing the speci- 
men. If the photograph and diagram are compared it can 
be seen that the step is the result of different 
crystal deformation. 


FIG. 8. Shape of boundary after creep for 78 hr (1% 
deformation). Specimen was repolished and an anode 
film was deposited. Photograph taken in 

polarized light; x 480. 


This step is for the main part the result of non- 
uniform deformation of crystals on either side of the 
boundary. 


Translated by V. Alford 
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VARIATIONS IN THE MOSAIC STRUCTURE OF METALS AS A RESULT OF 
RECOVERY AND RECRYSTALLIZATION* 
O.N. SHIVRIN 
Petrozavodsk State University 
(Received 27 September 1960) 


By analysis of the broadening and variation in the integral intensity of X-ray interference lines 
a study has been made of the variations in the parameters of mosaic structure which take place on 
recovery and recrystallization in coarse-grained powders of armco iron and copper. Greater conformity 
has been found in the mechanisms observed on coarse-grained powders than is the case for mono- 
lithic specimens. In fine-grained powders the same kind of reaction may cause quite a different kind 


of mosaic structure to arise. 


The mosaic structure of a metal has a very con- 
siderable influence on a number of its character- 
istics, primarily those of strength [1-4]. It is for 


this reason that a very large number of works have 
been devoted to the study of changes in the mosaic 
structure of metals as a result of different kinds of 
heat and mechanical treatment. X-ray diffraction 
methods of analysing mosaic structure [1-3] play 
an important part in this kind of investigation. 

In most of the works the changes of structure 
are assessed from changes in the width and shape 
of the X-ray lines. Analysis of these data permits 
assessment of mosaic structure characteristics as 
olock size (coherent regions) and the extent of 
their distortion (microdeformations of II type distor- 
tions). However, this method has only been used 
where the influence of structural characteristics on 
the shape and breadth of X-ray lines is quite con- 
siderable. This occurs in investigations of deformed 
or quenched and not completely recovered or 
tempered materials in which the structure is char- 
acterized by small blocks and a very distorted 
lattice. It is not suitable for investigating the 
mosaic structure which arises after homogenizing 
and even less for the recrystallization structures. 

Some information can be gained about the 
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structure of recrystallized metals from analysis of 
the quantity and shape of spots, reflections from 
the metal grains [7], which are usually obtained 
when the test specimen is in a fixed position with 
regard to the film. The microbeam method [8- 12] 
was introduced by reducing the cross-section of the 
beam of X-rays falling on the specimen. The resol- 
ving power of this method is good enough to gain 
information about the mosaic structure of the metal 
grains themselves. This means that the size of the 
sub-grains and their angular disorientation can be — 
established. 

It is unfortunate that the resolving power of the 
microbeam method is limited and it cannot therefore 
always be used with success to study the mosaic 
structure of deformed metals. Besides this, and 
this is important, we obtained different, and gener- 
ally speaking not comparable characteristics of 
mosaic structure from studies of line width and 
those using the microbeam method. This made 
physical interpretation of results rather difficult. 

Yet another method of studing the character- 
istics of mosaic structure is that based on assess- 
ment of the extinction effects which are related to 
structural characteristics and which appear in 
variations in the integral intensity of X-ray reflec- 
tions [5, 13-15]. If primary extinction is calculated 
it is possible to analyse block size, and from 
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secondary extinction their disorientation can be 
found. Although the values for the structural char- 
acteristics in which the extinction effects may 
occur are confined tu a certain limited range, quite 
adequate and exhaustive, information can be obtained 
if this method is combined with that of analysing 
line width. With enough practice these two methods 
can provide completely comparable data and are thus 
complementary[15]. A very important point is that 
with this kind of combination of two methods that 
range of changes in the structural characteristics 
which can be measured is considerably higher than 
where only one is used. This means for example, 
that quite a reliable picture can be obtained of the 
variations which occur in a plastically deformed 
metal in the process of annealing at temperatures 
both above and below recrystallization point. 


MATERIALS AND PROCEDURE 


Armco iron powders and electrolytic copper 
filings were used for the investigation which was 
made immediately after filing and after annealing in 
hydrogen for 2 hr at 300, 500, 700, 800 and 900°C 
for the iron and 200, 400, 600 and 700°C for the 
copper. As deformed copper, particularly in powder 
form, is liable to very rapid recovery even at room 
temperature and the process of X-ray diffraction 
analysis takes a considerable time, it was not pos- 


sible to examine the powders directly after the filing. 


For this reason the powders were soaked at room 
temperature for 5 months and only after this did they 
undergo detailed investigation. 

The size of the granules was around 0.3 mm 
which was quite coarse. We used coarse-grained 


powders on purpose as, firstly, extinction effects 


are more clearly expressed and, secondly, the 
course of the recovery and recrystalization pro- 
cesses in this kind of material is probably nearer to 
that which is observed in monolithic specimens in 
which, due to texture [15], it is not always possible 
to make direct measurements of mosaic structure 
characteristics from the extinction effects. In fine- 
grained powders, where each powder consists of a 
small number of crystal grains (or may even be mono- 
crystalline), interaction between the crystals [16], 
which plays an important part in forming the 


properties of the metal, will be considerably less 
than in a bulk sample and consequently, the laws 
deduced in studying fine-grain powders cannot be 
regarded as applicable to bulk samples. 

The investigation was carried on in two 
directions: first the kinetics of the resorption of 
distortions at room temperature were studied (only 
for copper, as it has been found that deformed 
armco iron powders, even after a long period of 
time — up to a year — do not vary their character- 
istics enough for this to be seen on a diffraction 
pattern); secondly a study was made of the struc- 
ture of the materials which had undergone the tem- 
perature reaction. 

The method of investigation consisted in mea- 
suring the integral intensities of all the lines of 
the spectrum and comparing these values with the 
theoretically calculated ones for an ideally mosaic 
crystal [13-15]. By this method the extinction 
effects were assessed and from them determination 
was made of such characteristics of mosaic struc- 
ture as block size and disorientation At the same 
time these same specimens were X-ray photo- 
graphed by the reflection method and from the re- 
sulting X-ray patterns the harmonic analysis method 
[16, 17] was used to assess the extent of the lat- 
tice distortions ¢ and the size of the blocks. To 
study relaxation processes at room temperature a 
device was constructed [18] by means of which it 
was possible to assess the width of the lines and 
to measure their integral intensity by comparison 
with an independent standard. To use this method 
successfully one must know what kind of extinction 
(primary or secondary) is predominant or, if they are 
supperimposed, to distinguish them from one an- 
other. This problem can be resolved if one uses 
the different types of influence of primary and 
secondary extinction on the lines in the angular 
range > 65-70° [19]. Details of this method have 
been given in papers [13-15]. 


RESULTS AND DISCUSSION 


The diagram shows the nature of the depend- 
ence of width and the intensity of line (420) in 
copper (CuK, — radiation) on soaking time at room 
temperature. Considerable changes take place in 


— 
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these characteristics even in the early stages of the 
process. In the course of the first 30 hr of recovery 
the width of the line is reduced by about 15 per cent 
and the intensity has increased by 30 per cent. 
After 5 months recovery the width of the line is re- 
duced to less than a half and intensity increased to 
1.5 times. If the dependence of width on recovery 
time is even enough and, in a first approximation, it 
can be described as exponential, then the depend- 
ence of intensity loses the characteristic break 
after 30 hr recovery and then there is a sharp reduc- 
tion in the rate of change of intensity. 
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FIG.-1. Variations in width and integral intensity of 
line (420) of deformed copper powder in the 
process ofrecovery at room temperature: 
1 — variation in width of line; 
2 — variation in integral intensity. 


The harmonic analysis method makes it poss- 
ible to find the broadening of the line due mainly to 
II-type distortions. The minimum block size found 
by this method was around 3 x 10° cm and did not 
change in the process of holding. Therefore the re- 
duction in the width of the lines at room tempera- 
ture must be due to the process of recovery of 
II type distortions, and this is in very good agree- 
ment with published data [20]. It is difficult to see 
what changes in mosaic structure cause the con- 
siderable increase in the intensity of line (420). 
Actually, if these changes were attributed to 
III type distortions the magnitude of the static dis- 
placement of atoms should be around 0.4 A, while 
recent data [21] has shown that in deformed copper 
powders this should not be more than 0.04-0.06 A 


which would cause a variation of 7-8 per cent in 
line intensity and not 50 per cent as in our case. 

The weakening of the intensity of reflections 
from the deformed copper is also attributable to the 
presence of deformation error [21] and “amorphiza- 
tion” of part of the substance [22]. The resorption 
of deformation errors in the process of ageing may 
cause an increase of 10-14 per cent in intensity 
[21] while the restoration of an “amorphized” sub- 
stance will not cause more than 3 per cent [22]. 
Thus the total variations in intensity due to all the 
factors enumerated may be 25 per cent, which is 
about half that observed. 

The pattern described may however be satis- 
factorily explained if one allows for the fact that 
the process of recovery of II type distortions may 
take place by plastic shears and the bending of 
blocks [1]. A result of these effects may be an 
increase in the disorientation of blocks which, as 


is well-known, causes a weakening of secondary vo 
extinction [13, 14] and then an increase in line om 


intensity which is what is observed in experiment. 
It can be shown by a rough elementary calculation 
that if the block disorientation of a deformed metal 
is about 2’ then a total increase of 1’ will cause an 
increase in intensity which is approximately the 
same as that measured. Unfortunately it is not 
possible from intensity measurements on one line 
to assess the block disorientation of a deformed 
metal. However, from measurements made of all the 
lines of the spectrum of a powder held for 5 months 
it can be seen that these figures will be completely 
acceptable. As the changes of mosaic structure due 
to relief of II type distortions occur more inten- 
sively in the initial stage of recovery, it can be 
seen why the greatest increase of intensity is 
observed in this stage of the process. At this stage 
it seems that the main factor causing the variation 
of intensity is weakening of extinction effects; 
only at much later stages of recovery do the other 
factors observed earlier start to predominate. 
Analysis of all the lines of the powder spec- 
trum of annealed and unannealed powders showed 
that in the materials investigated the effect of 
secondary extinction, which shows that there is a 
fine block structure with relatively slight (2-4’) 
block disorientation, is the predominant one. This 


248 
Ht ass 


VOL. 
12 
1961 


Mosaic structure of metals 


effect is particularly clearly expressed in armco 
iron; in copper the extinction influence is weaker, 
attributable to the long holding period of the metal. 
Primary extinction started to appear in armco iron 
annealed at 900°. From this the block structure of 
the annealed material could be analysed. In armco 
iron annealed at 500° block size was found directly 
from the broadening of the lines (Selyakov’s formula). 
In this case no extinction effects were found and 
therefore, from the sensitivity of the method, the 
only assessment which could be made was the 
possible maximum disorientation. 

Unlike the iron, in copper annealed at tempera- 
tures even above recrystallization (600 and 700°) 
primary extinction was not expressed clearly enough 
to distinguish it from the secondary. This meant 
that only maximum block size could be assessed on 
the basis of the smallest measured extinction 
effect. The results are set out in Table 1. 


stresses, is sufficient to cause an increase of dis- 
orientation. Confirmation of this is provided by the 
fact that after annealing at 500°, as a result of 
which II type distortions are completely relieved 
and the blocks have increased to 5-6 x 10°§ cm, 
block disorientation becomes so great that no 
extinction is revealed, the structure is approxi- 
mately ideally mosaic. 

At higher annealing temperatures recrystalliz- 
ation begins and the nature of the mosaic structure 
is attributable to the kinetics of this process. Thus, 
the formation of a fine block structure with slight 
disorientation (annealing at 700°) can be explained 
by the fact that the growth of the new crystallities 
in the powder grains occurs in competitive circum- 
stances. Crystal interaction prevents rapid block 
coarsening. A structure is formed which is not 
demonstrated by any noticeable primary but con- 
siderable secondary extinction, as the number of 


TABLE 1. 


Armco iron 


Copper St. 45 [14] 


Mosaic | 


eee Anneal at (°C) 


Anneal at 


parameters defor- 


mation 39 | 500 700 | 800 


Anneal at (°C) (°C) 


matio 


200 | 400 600 920 


Block disorient- 


Block size, 
Microdeformatian 


1.5 


It can be seen from analysis of the tabulated 
data that the particles of the unannealed armco 
iron powder consist of a large number of small 
blocks whose disorientation is probably 2-4’ (in 
view of the very considerable broadening of the 
lines on the X-ray patterns of the unannealed 
powders we were unable to calculate this value 
from measurements of intensity although this kind 
of disorientation figure can be found by analysing 
the results of paper [19]. With a low temperature 
anneal (300°) there is only a very slight increase in 
size which nevertheless, together with the pos- 
sibility of plastic shears on relief of II type 


blocks in the crystallite is high. As this is the 
effect which determines block disorientation we 
shall get very slight disorientation with consider 
able extinction. 

With further elevation of annealing temperature 
the number of crystallities in a powder grain will 
become less (collective recrystallization). This 
causes a weakening in the crystal interaction and 
consequently, a freer growth of the blocks: they 
increase to sizes at which primary extinction 
occurs. There is a reduction in the number of 
blocks in the crystallite and this causes a weaken- 
ing of secondary extinction which is revealed as an 
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equivalent increase in disorientation. 

The pattern of changes in the copper powder is 
in many ways similar to that observed in armco iron 
but in all cases not so clear and therefore consider- 
able tolerance had to be permitted in assessing the 
mosaic structure parameter. It seems that here the 
ability of the metal to recover at room temperature 
plays an important part. The picture is somewhat 
confused by the imposition of thermal effects and 
subsequent natural recovery, particularly at high 
annealing temperatures. 

Comparing our data with the results of an 

“investigation of the structure of recrystallized 
blocks of St. 45 [14] we can see that the structure 
ef recrystallized specimens (see Table 1) is char- 
acterized by very similar figures for the parameters. 
However, as crystal interaction plays a more import- 
ant part in the bulk than in the powders the bulk 
erystallities seem more perfect. Thus in St. 45 
samples annealed at 920° [14], unlike the armco 
iron powder, primary extinction, which appears in 
fairly perfect crystallites, is not revealed. 

Block disorientation determined from the 
secondary extinction effect has a static character, 
i.e., it is an average for a very large number of 
reflecting blocks. This must be allowed for in com- 
paring the results using this method with those 
obtained by the microbeam method. The microbeam 
method does actually make it possible to determine 
block disorientation in a number of cases but the 
resulting value applies primarily to maximum dis- 
orientation. With a large number of blocks in the 
crystallite (deformed metals) the maximum disorient- 
ation will always be greater than average (found 
from extinction). If the number of blocks is low the 
opposite pattern may result, as in this case average 
disorientation is still dependent on the number of 
blocks participating in the reflection. This is pro- 
bably the reason why in [12] the figure obtained for 
disorientation in deformed steel was higher than 


ours and that in the annealed steel on the other 
hand, lower. 

It is interesting to note that in a powder with — 
small particles the process of recrystallization 
may cause the appearance of another structure. Thus, 
in [15] where investigation was made of copper and 
nickel powders about 30 yp in size, it was found that 
the recrystallization anneal caused a predominantly 
primary extinction structure, i.e. one with more per- 
fect crystallities. This is easy to understand if one 
recalls the remarks made above about the role of 
crystal interaction in coarse and fine-grained 
powders. 


CONCLUSIONS 


1. By using the “combined” method of assess- . 
ing mosaic structure characteristics (from extinc- 
tion effects and line broadening) it is possible to 
follow the variations in a number of characteristics 
(block size, disorientation) in the process of 
thermal action on deformed metal in a wide range of 
temperatures, which leads both to recovery and to 
recrystallization. 

2. On the recrystallization boundary the fine- 
grained structure with slight block disorientation 
which is characteristic of adeformed metal changes 
to one which is approximately ideally mosaic. The 
beginning of recrystallization causes the appear- 
ance of a “secondary” mosaic structure consisting 
of slightly disoriented blocks less than 10“ cm in 
size. The structure is mostly preserved after 
annealing at temperatures above recrystallization 
point but here some block coarsening and increase 
of disorientation is observed. 

3. The mechanisms indicated are applicable to 
bulk or coarse-grained powder materials. In the 
case of very fine-grained powders the kind of 
reaction may have other results. 


Translated by V. Alford 
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METALLOGRAPHIC INVESTIGATION OF MOLYBDENUM DEFORMED IN 
TENSION AT TEMPERATURES OF 4.2 TO 700°K. II* 
].A. GINDIN, Ya.D. STARODUBOV and B.M. VASYUTINSKII 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 15 August 1960) 


A study has been made of the microstructure of cast molybdenum (99.95%) deformed in the temper- 
ature range 4.2-700°K. It has been found that deformation takes place by transcrystalline slip, 
boundary ductility and shear and block formation. The latter is particularly apparent as the cold 
shortness threshold is approached. In the case of molybdenum mechanical twinning, which is usually 
very strongly developed in body-centred cubic metals at low temperatures, is only slightly expressed. 


A large group of metals with a body-centred cubic 
lattice are known to undergo a transformation from 
the ductile to the brittle state on cooling. A number 
of investigations have shown that a purely brittle 
fracture does not occur as a certain plastic deforma- 
tion always precedes fracture. The onset of brittle- 
ness always occurs in the range of temperatures 
where the initial stages of deformation have already 
been accompanied by considerable break-up of the 
continuity of the material and for this reason plastic 
flow cannot develop any further. It seems that the 
transition from the ductile to the brittle state must 
be accompanied by some substantial changes in the 
mechanism of plastic deformation which are re- 
vealed close to the cold shortness threshold. 
Besides the abrupt drop in plastic properties on 
approaching the cold shortness threshold it is to be 
expected that there would also be a change in the 
microstructure of the test-pieces. Therefore, 
together with studying the mechanical properties of 
these metals it is also interesting to investigate 
the nature of the plastic deformation and fracture 
which occurs in a wide range of temperatures, and 
particularly around the threshold of brittleness. The 
investigations devoted to the study of molybdenum 
at low temperatures in this direction are very small 
in number, and there are none at temperatures below 
77°K, 

The present report presents the results of the 
metallographic investigation of molybdenum 
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deformed in tension in the temperature range 4.2 to 
700°K [1]. 

1. Procedure. The microstructure was studied 
under optical and electron miscroscopes. Electron 
microscope photographs were made of angular 
indentations contrasted with chromium. Flat metal- 
lographic specimens were used; the metallographic 
analysis was made on polished specimens without 
additional etching. The changes on the surface of 
the specimen (relief) after plastic deformation were 
studied by means of a microinterferometer type 
MII-4. 

To study the emergence and development of 
ductile elements staged deformation was used at 
constant temperature. Observation was made on 
exactly the same points of the microstructure. 
Qualitative analysis was made of the density of the 
slip bands, the degree of homogeneity of deforma- 
tion in the different grains, average magnitude of 
absolute shear and the dependence of these char- 
acteristics on the extent of plastic deformation and 
on temperature. 

2. Transcrystalline slip. In the whole range of 
temperatures where molybdenum is ductile (right up 
to 183°K) deformation occurs by means of slip. As 
with the other body-centred cubic metals the slip 
traces in molybdenum are branched. This indicates 
a more complicated slip mechanism than occurs in 
face-centred cubic metals where the slip lines are 
straight. The tortuous nature of the slip bands is 
revealed even in the very early stages of deforma- 
tion (1-2%). Branching occurs right at the begin- 
ning of the nucleation bands and is clearly visible 


Molybdenum deformed in tension 


FIG. 1 Electron photomicrograph of wavy slip 
bands on molybdenum in tension. 


T = 249K, 5 = 1%; x 15,000. 


on the electron microscope photographs (Fig. 1). 
This branching increases as the degree of deforma- 
tion becomes greater throughout the whole range of 
temperatures investigated. It is worth noting how- 
ever, that in tension close to the cold shortness 


threshold in most of the grains, branching appears 
at lesser stages of deformation than at more elevated 
temperatures (Fig. 2). 

The pattern of straight line slip traces which is 
observed on molybdenum monocrystals [2] right up 
to 18 percent elongation must be attributed to a 
certain orientation of the monocrystal and to the 
testing temperature (300°K). Indeed, at room temper- 
ature branching of the slip traces is also less 
clearly expressed in polycrystalline molybdenum 
then at 700°K, but it increases again on approach- 
ing the static threshold of cold shortness. The more 
intensive branching which occurs at elevated 
temperatures (700°K) is usually due tothe emergence 
and development of new systems of bands at cer- 
tain angles to the existing ones (Fig. 3). Besides 
this at these temperatures branching may be the 
result of polygonization processes which occur in 
molybdenum during slow deformation*. The inten- 
sification of branching at low temperatures seems 
to be due to the previous break-up of the grains 
into blocks. 

Around room temperature a certain range exists 
where the processes which occur at low and high 
temperatures are not so clearly expressed and for 
this reason the waviness of the slip bands is less 


* Rate of deformation in our experiments was 0.4 1 /sec. 


noticeable. In a number of grains which seem to be 
oriented in a certain way, the slip bands intersect. 


FIG. 2. Microstructure (a) and interference pattern 
(b) of wavy slip bands arising on deformation 
around the cold shortness threshold. 

T = 200°K, 5 = 0.8%. 

Absolute shear on the band 0.25 p; x 330. 


This is particularly noticeable at high temperatures. 
As an example, Fig. 4a shows a photograph of two 
systems of slip bands with angles of around 90°. 
The density and nature of development of the slip 
bands varies with deformation temperature. 

In metals with face-centred cubic lattices 
increase in the degree of deformation is known to 
cause a number of slip bands to arise and in each 
band there is an increase in the extent of shear 
[3]. The relative rate of these two developments is 


different for different metals, temperatures and 
rates of deformation. In the case of molybdenum in 


the range 240-700°K increase in the degree of 
deformation causes new slip bands to arise and 
more intense shear on the existing ones (Fig. 3). 
However, deformation takes place mainly by the 
development of the earlier slip traces. Before the 
specimen is fractured at 700°K for example (5 = 
= 38%) the slip bands reach a depth of 6-7 yu. In 
this case percentage shear is 0.3-0.4 (Fig. 4b). 
The density of the slip bands also varies with 
temperature. At 700°K it is relatively low (a dis- 
tance of 12-15 » between the bands is the most 
usual). With exactly the same degree of deformation, 
at 300°K density is higher and the bands are thinner 
with less relative shear. With further lowering of 
temperature the density is again reduced, approach- 
ing that which is the case at 700°K. The dependence 
of the density of the slip bands on temperature is 
thus analogous to the dependence of the branching 
and appears to be directly connected with the 
change in block structure which occurs on deforma- 
tion. 


115 
. — 


Molybdenum deformed in tension 


FIG. 3. Development of slip bands and intensification of branching 
with increase in deformation at T = 700°K: 
a—t== 5%; = 10%; 6—t== 17%. 
Absolute shear on band is 0.25, 0.37 and 0.45 respectively; x 330 


FIG. 4. Photomicrographs: 


a — two systems of slip bands (6 = 5%); 
b — thick slip bands close to fracture (6 = 38 %). 
Temperature 700°K; x 440. 


Despite the difference in the density of the bands 
and in relative shear in individual bands, the 
overall strengthening of the specimen between 220- 
700°K is roughly the same [1]. From this it follows 
that the rate of increase in strength at different 
temperatures must differ where the rate of deforma- 
tion remains constant. 

3. Boundary deformation. Besides the ordinary 
slip bands, in molybdenum at room temperature a 
particular kind of plastic deformation is observed 
which is localized on the grain boundaries and in 
the regions adjacent to them (boundary deformation). 
These boundary regions arise as a rule at relatively 
low stages of deformation (3-5%). When the degree 
of deformation is increased some of these regions 
become thicker and cracks frequently occur on their 
boundaries with further elongation. 

Fig. 5 shows the boundary between two grains 


and a boundary deformed region. Such a region may 
extend for the whole length of the grain or only 
part of it. It is interesting to note that such regions 
are also observed on boundaries parallel to the 
axis of tension. Intensive partial slip with outlet 
of the traces at definite angles to the grain 
boundaries is typical for most of these regions. It 
seems that there is some rearrangement of the 
boundary layer when these regions merge, and that 
this is accompanied by a lessening of slip. There 
is a break in the interference pattern very similar 
to that which occurs in twinning. Besides this a 
break in the interference bands is noticeable on the 
grain boundaries, which indicates relative displace- 
ment of the grains on the boundary. 

The depth of the boundary regions reaches 20- 
30 yw and grain displacement along the boundaries 
is some tens of microns. 
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FIG. 5 Microstructure (a) and interference pattern 
(b) of grain boundary with boundary region. 
T = 300°K; 6 = 20%; x 440. 


This new kind of plastic deformation which has 
been found in molybdenum at room temperature 
appears to be analogous to the displacement of 

VOL. grains on boundaries [4] and of twins on boundaries 
12 [5] which was found in pure iron at fairly low 
temperatures, and is a property of the purer metals. 


4. Deformation band formation. Yet another form 
of plastic deformation is observed at temperatures 
below 300°K. Fig. 6 shows a sector of a grain in 
which shear has occurred; a band has arisen in 
which the slip traces are at a certain angle to the 
slip trace in the main body of the grain. 
5. Block formation. There is a noticeable change 
in the nature of plastic deformation when the 
temperature is lowered. The change is particularly FIG. 6. Photomicrograph of shear band. 
sharp when the cold shortness threshold is T = 243°K, 5 = 18%; x 440. 
approached. Electron microscope analysis showed 
that at low temperatures, and particularly around 
the cold shortness threshold, the initial stage of 
deformation takes place by block formation pre- 
ceded by the appearance of slip bands (Fig. 7). 
Block formation may also take place below the 
cold shortness threshold, even in the elastic range 
of loads where the size of the blocks formed will in 
this case be dependent both on temperature and 
rate of deformation. Block boundaries also appear 
to arise to some extent at the points where oxides, 
carbides and nitrides are localized, after precipita- 
tion during heat treatment. Under the electron micro- ’ 
scope it was found that the block sizes were ris 4 
2-3 x 10°* cm. A block structure causes an in- 
crease in resistance to slip and twinning. Deforma- Thus, the formation of a block structure, which 
tion becomes more homogeneous and fracture occurs prevents the further development of shear plastic 
after a slight amount of elongation. deformation, must be regarded as a definite mark of 


: 
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the slight plastic deformation which precedes 
brittle fracture. 

6. Twinning. Mechanical twinning [4, 6] is known 
to make a considerable contribution at low temper- 
atures to the ductility of metals with body-centred 
lattice (Fe, Ta for example). In molybdenum how- 
ever, which also has a body-centred cubic structure, 
both in tension and compression twin formation 
occurs very slightly right down to extremely low 
deformation temperatures. Only in one or two grains 
are thin twin bands 1-2 u thick observed around 
246°K. 

It is typical for no twin bands to be seen close to 
the main fracture crack. This means that fracture in 
the whole temperature range, including brittle frac- 
ture, is not due to twinning but to distortions which 
are caused by non-uniform shear in the slip bands 
and to interlock fractures. The reason for the low 
intensity of mechanical twinning in molybdenum 
must be the high yield point on twinning which is 
somewhat greater than the stresses which cause 
block formation. In its turn the break-up of grains 
into blocks, which takes place in the early stages 
of deformation, further increases twinning resis- 


tance [7]. Impact deformation at low temperatures 
would have to be made in order to cause any con- 
siderable twinning [8]. 


FIG. 8 Electron photomicrograph of twin bands. 
T= 200° K; 5 = 2%; x 11,250. 


A complex relief of twin bands is revealed on 
molybdenum by the electron microscope. Fig. 8 
shows the electron photomicrographs of twin bands 
of the same width, approximately 0.5 uw. A character- 
istic of these bands is the presence of two zones: 
(1) a slightly distorted (darker in the photograph) 
and (2) a more strongly distorted zone (lighter). It 
is suggested that the first zone occurs suddenly 


when the stress necessary for the beginning of 
twinning is reached. The appearance of this zone 

is accompanied by the formation of a boundary 
region of some mosaic structure, break-up into 
blocks and their elastic rotation. As in iron [4], the 
development of twin bands in molybdenum is the 
result of the displacement of one of their boundaries 
which embraces the distorted region and rapidly 
dies away as a result of the strengthening of this 
region. 


FIG. 9. Photomicrograph of sector of 

molybdenum specimen fractured at 

243K. Fracture along slip bands and 
cleavage planes. 


(6 = 18%); x 440. 


7. Fracture. The basic mechanism of ductility 
observed at different temperatures corresponds to 
the particular nature of the distribution of fracture 
cracks. At 300 and 700°K fracture takes place 
along slip bands with considerable necking. At 
240°K the cracks are also propagated along slip 
bands. But besides this, fracture along cleavage 
planes also begins to be revealed. Fig. 9 shows 
the propagation of a crack both along slip bands 
and along cleavage planes in the form of necks 
uniting the parallel slip bands. Fracture along 
cleavage planes becomes more clearly expressed as 
the temperature is lowered. 

On approaching the cold shortness threshold, 
fracture along the grain and block boundaries is 
also included. This is particularly the case some- 
what below the cold shortness threshold. Besides 
the main crack at temperatures around the threshold 
and below there are other cracks predominantly 
parallel to the main one, but passing through the 
whole specimen. Sectors of such a crack, which 
arise in tension at 77°K, are shown in Fig. 10 from 
which can be seen that below the threshold of 
embrittlement two types of fracture are observed: 
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FIG. 10. Photomicrograph showing two types of fracture at 77°K: 
a —transcrystalline;b — along grain boundaries; x 440. 


fracture through the grains (along cleavage planes) 
and fracture along grain boundaries. It must however 
be noted that the second type of fracture is less 
clearly expressed. 

The fact that in the molybdenum investigated, 
fracture mainly occurs through the body of the grain 
below the cold shortness threshold indicates that 
the molybdenum investigated is very free of gas 
impurities. It is known [9] that if polycrystalline 
molybdenum is not pure enough of oxygen or carbon 
it will fracture along grain boundaries although 
individual crystals, if separated from the main body 
of the metal, may appear to be ductile. 

The specimens showing the greatest strength at 
77°K (110 kg/mm?) [1], fracture without any visible 
trace of ductility. Virtually only one main crack 
exists in them. Below 77°K strength falls. At these 
temperatures, besides the main crack, there are 
other cracks which run either parallel or at certain 
angles to the main one. It is possible that the re- 
duction in strength connected with premature frac- 
ture is due to the development of surface cracks. 
these surface cracks take place in the whole range 
of temperatures investigated in molybdenum under 
tension. At 700°K however there are considerably 
less of them and they are much less developed than 
at other temperatures. They occur mainly in those 
sectors of the grain boundaries where the maximal 
normal stresses are operating. Around the cold 
shortness threshold and below these cracks also 
take place inside the grains, although much more 
rarely than on the boundaries. They can be seen 
even under slight deformation. With further deforma- 
tion some surface cracks expand as the plastic 
deformation increases. The depth of the cracks, on 


average 10-30 pu, could be determined by repolish- 
ing the slips and subsequently etching them. 

The formation of surface cracks is probably due 
to increased brittleness of the surface layers as a 
result of the accumulation of large amount of the 
oxygen in them which is liberated from the body of 
the specimen during annealing and under a high 
vacuum and comparatively high temperature, and is 
spread by diffusion along the grain boundaries to 
the surface [9]. Below 77°K where there is no 
noticeable plastic deformation even in microregions, 
these surface cracks act like stress concentrators 
and may develop into fracture cracks under much 
lower average stresses. 


CONCLUSIONS 


In the temperature range investigated, which 
includes the transition from the ductile to the 
brittle state, the nature of the plastic deformation 
of molybdenum (99.95 %). varies as temperature is 
lowered. In the plastic range the main part is 
played by transcrystalline slip. At room temperature 
deformation localized in grain boundaries also 
occurs. This latter appears to be the main reason 
for the weak development of mechanical twinning 
at low temperatures. (Plastic fracture at tempera- 
tures of 700-240°K occurs along slip bands while 
the change to brittleness is due to the considerable 
break-up of the continuity of the metal in the 
early stages of deformation and the development 
of a main crack mainly along the block boundaries.) 


Translated by V. Alford 


Molybdenum deformed in tension 


REFERENCES 


. LA. Gindin, Ya.D. Starodubov and B.M. Vasyutinskii, 2, 1070 (1960). 
Fiz. metal. metalloved, 11, 5, 803 (1961). 6. N.N. Davidenkov and T.N. Chuchman, Zh.tekh. fiz., 


. N.K. Chen and R, Maddin, Trans. Am. Inst. Mining 28, 1502 (1958). 
Met. Eng. 191, 461 (1951). 7. R.I. Garber, S.A. Ya. Zalivadnyi and V.I. Startsev, 


. E.N. Andrad and J.S. Chow, Proc. Roy. Soc., 175A, Dokl. Akad. Nauk. SSSR, 58, 571 (1947). 
290 (1940). 8. R.W. Cahn, J. Inst. Metals, 83, 493 (1954-55). 


. IA. Gindin and Ya.D. Starodubov, Fiz.tverd.tel., 
1, 1794 (1959). 9. J.H. Rendal, S.T.M. Johnstone and W.E. Carrington, 


. L.A. Grindin and Ya.D. Starodubov, Fiz.tverd.tel., J. Inst. Metals, 82, 345 (1953 - 54). 


VO) 
1: 
191 


HARDNESS VARIATIONS IN THE TECHNICAL ALLOYS PLATINUM-TUNGSTEN 
AND PALLADIUM-TUNGSTEN* 


V.S. MES’KIN, R.I. MISHKEVICH and N.Sh. SEROVA 


(Received 21 October 1960) 


In both the a- and 8-phases of the technical alloys platinum-tungsten and palladium-tungsten 
a hardness maximum is observed at 70-80 per cent tungsten. After rapid cooling the height of the 
hardness maximum drops considerably. On slow cooling superstructure types of phases seem to 


be formed. 


Only fragments of the upper part of the constit- 
ution diagram (solidus-liquidus region) [1-2] have 
been constructed for platinum-tungsten alloys. 
Using the X-ray method it has been shown [3] that 
at room temperature platinum dissolves up to 
33.6 wt.% tungsten (after vacuum annealing at 
1000° for 6 days). Tungsten is known [4] to cause a 
considerable increase in the hardness of platinum 
alloys. This is also confirmed by the figures pro- 
duced by Nemilov and Rudnitskii [5] for alloys con- 
taining up to 55% tungsten, which are shown in 
Fig. 1. An abrupt hardness maximum of around 850 
Vickers was found with about 5% Pt [2]. The add- 
ition of even a very small quantity of extremely 
high purity platinum to the tungsten causes a con- 
siderable reduction in the solidus temperature. 

Not even fragments of a constitution diagram 
exist for Pd-W alloys. The solubility of tungsten in 
palladium at room temperature is more than 22.5 wt.% 
[6] and probably, around 30% [7,8]. Brinell hardness 
increases [6] to 90 kg/mm? at 12.5% tungsten and 
then remains constant. It can be seen from Fig. 2 
however [7], that hardness continues to increase 
considerably with further increase in the tungsten 
content, particularly in the second B- phase. 


PLATINUM-TUNGSTEN ALLOYS 


We investigated platinum alloys with 10 to 


* Fiz. metal. metalloved., 12, No.1, 140-144, 1961. 


90 per cent (every 10%) tungsten produced by 
powder metallurgy from technical platinum powders 
purity 99.8 per cent and tungsten. Besides other 
impurities the hydrous tungsten powder contained 
0.13% oxygen. Distribution curves for the size of 
the powder particles are given in Fig. 3 for platinum 
and Fig. 4 for tungsten. Before mixing the powders 
were heated in hydrogen at 900° and degassed in 

a vacuum at 800°. 


kg/mm? 
500 


40 50 60 


10 20 30 
weight. Yo W 


FIG. 1. Hardness of platinum-tungsten 
alloys (up to 55% W) [5]. 


The powders were thoroughly mixed for 50 hr in 
a tumbler-type mixer into which steel balls 3 mm in 
dia.were dropped to prevent clogging. With a 12 per 
cent solution of bakelite in alcohol as a plasticizer 
the powders were compacted at a pressure of 
4 ton/cm? into specimens in the shape of disks 
2.5 mm in dia. and 0.7 mm thick. To relieve 
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residual stresses they underwent vacuum annealing 
before sintering for 1 hr at 850° (residual pressure 
10-? to 10-* mm Hg). 
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FIG. 2. Microhardness of paliadium- 
tungsten alloys [7]. 
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FIG. 3. Size distribution curve for 
palladium powder particles. 
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FIG. 4. The same as Fig. 3, 
for tungsten. 


The compacts were annealed in a vacuum for 
20 min at 1750° and then cooled to room-temperature 
in the course of 15-20 min. This sintering tempera- 


ture was selected as it was the maximum for the 
sintering of compacted disks (for electrical contacts) 
of tungsten carbide and platinum powders; this is 
probably around the m.p.of platinum. It must be 
noted that in [2] a sintering temperature of 2250- 
2350° was selected for alloys rich in tungsten as 
such alloys have an extremely high m.p. Unlike the 
investigators in [2] however, we were dealing with 
technical materials containing a considerable 
quantity of impurities* which cause a considerable 
reduction in the m.p. of the alloy [2]. 

It is seen from Fig. 5 that the microhardness of 
the total alloy (at a load of 200 g), as well as the 
hardness of a-phase, rich in platinum (at the load of 
50 g — Fig. 5a and 20 g load Fig. 5b) — has maxima 
at 40 and at 70-80% tungsten. 

The hardness of B-phase, rich in tungsten (at 
a load of 50 g., Fig. 5a) has also a maximum at 
70 - 80% tungsten. 

A maximum at 40% tungsten approximately 
coincides with the data of work [5] (see Fig. 1). 
Whereas a maximum at 70-80% tungsten has never 
previously been observed and may only apply to 


- technical alloys. 


We have suggested that the considerable 
increase of hardness at 70-80% tungsten can be 
attributed to the fact that with relatively slow (or 
more accurately, insufficiently fast) cooling from 
sintering temperature superstructure type phases are 
formed in these alloys. To check this proposition a 
specimen containing 70% tungsten was heated to 
1250°, soaked for 15 min and cooled in water. After 
this treatment and after removal of the surface layer 
the microhardness of the B-phase (see Fig. 6a, dark 
area) was reduced to 379 kg/mm? with a load of 
20 g (average of five measurements). The micro- 
hardness of the a-phase (Fig. 6a-b light) was 
reduced a little to 668 kg/mm? with a load of 20 g 
(average of 15 measurements). Thus the micro- 
hardness of the alloy as a whole was reduced to 
340 kg/mm? with a load of 200 g (average of 11 mea- 
surements). Thus the maximum after quenching from 
1250° was only maintained in the a-phase, the 


* In particular, the hardness of tungsten, which was 
used in[2], was 160 Vickers units, while the 
technical tungsten which we used had a hardness of 
around 350 Brinell. 
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FIG. 5 a. Microhardness of Pt-W alloys: 
l-at 200 g; 2-at 50g in the a-phase; 3-at 50 g in the S-phase. 
b, Hardness in a-phase: 
4—at50g; 5 —at 20g. 


FIG. 6. Microstructure of 
the alloy of platinum with 
70% W after quenching in 
water from 1250: 
a-magnification 300; 
b-magnification 1000; 
c-magnification 1000, 
“light blue phase”. 
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absolute value of which was nevertheless reduced. 
This would seem to confirm the proposition regard- 
ing the presence of superstructures and here it is 
possible that the Kurnakov point in phase a is 
higher. 

Apart from the a- and B-phase a considerable 
quantity of round inclusions are observed in the 
alloy with 70% tungsten (both before and after 
quenching from 1250°, see Fig. 6a) which under the 
microscope are a light blue colour. This “light blue 
phase” (Fig. 6c) has extremely high microhardness 
(6860 kg/mm? at a load of 20 g) and seems to be in 
the form of exogenous inclusions. 


aN 
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FIG. 7. Size distribution curve for powder 
particles of palladium. 


for the size of the palladium powder particles (see 
Fig. 4 for the tungsten powder). To find out the 
correct sintering conditions a series of experiments 
were carried out in which sintering was done at 
1300 - 1500° with a soaking time of from 1 to 3 hr in 
a medium of pure nitrogen or argon at a pressure of 
100-400 mm Hg and in a vacuum (vacuum pressure 
10-? mm Hg). The specimens sintered at 1300° for 
3 hr in a nitrogen medium at a pressure of 400 mm 
Hg had the least quantity of pores. These were the 
conditions selected for the test specimens. The 
nitrogen was fed into the evacuated furnace space 
and after this heating commenced. 

In the course of the investigation of the alloys 
Raub’s data [7, 8] were confirmed, i.e., that at 
room temperature about 30% tungsten is soluble in 
palladium. Actually it can be seen from Fig. 8 that, 
if one does not count pores and a small quantity of 
very fine inclusions, the alloy with 30% tungsten 
already consists of one phase — a solid solution. 
There is a considerable increase in the hardness of 
palladium-tungsten alloys with increase in compact- 
ing pressure, and in the two-phase alloys the hard- 
ness of both the palladium-rich a-phase and the 
tungsten-rich y-phase has a maximum at around 70% 
tungsten (Fig. 9). However, after 15 min heating at 
1050° with subsequent cooling in water there is a 


FIG. 8. Microstructure of palladium-tungsten alloy; x 300: 
a— 10% W; b— 30% W. 


PALLADIUM-TUNGSTEN ALLOY 


The alloys of palladium with 10 to 90 per cent 
(every 10 per cent) tungsten were prepared from 
technical powders in exactly the same way as the 
platinum alloys. Fig. 7 shows the distribution curve 


considerable reduction in hardness in both the 
phases, just as in the platinum-tungsten alloys; in 
the a-phase the reduction is about 25 percent and in 
the B-phase, about 40 per cent. This shows that, 
under slow cooling, superstructure-type phases are 
also formed in palladium tungsten alloys. 
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FIG. 9. Microhardness of alpha and beta phases in Pd-W alloys: 
a—a-phase; b —{-phase; 1 — 20g; 2— 10g. 


Translated by V. Alford 
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RELAXATION PHENOMENA DURING THE HOT COMPACTING OF 
MOLYBDENUM CARBIDE* 

M.S. KOVAL’CHENKO and G.V. SAMSONOV 
Institute of Powder Metallurgy and Special Alloys, 

Academy of Sciences Ukr. S.S.R. 
(Received 3 October 1960) 


Hot compacting, which is the simultaneous 
compacting and sintering of powders of refractory 
compounds (carbides, borides, nitrides and silicides 
of transition metals of the IV to VI groups), is a 
method by which it is possible to obtain a state of 
low porosity by sintering for a short time at 
relatively low temperatures. In this system, besides 
the conditions of sintering selected, a considerable 
influence on the final density of the hot pressed 
articles is exerted by the method of relieving the 
compacting pressure [1]. When external pressure is 
relieved in the process of sintering in hot compact- 
ing it is found that there is an increase, which 
diminishes with time, in dimensions and a corres- 
ponding reduction in the density of the hot com- 
pacted specimen, due to volume relaxation. 

In the present work investigation was made of 
the after effect (“relaxation elasticity” [2]) which 
occur on the relief of external pressure in the process 
of hot compacting Mo,C powders. The molybdenum 
carbide was produced by the direct combination of 
molybdenum with carbon in the reaction 


2Mo + C = Mo,C. 


For this purpose a mixture of molybdenum 
powder and carbon-black was prepared, which was 
then heated for 2 hr at 1200°C in a flow of hydrogen 
in a furance with a graphite tube. After grinding, 
the Mo,C had the following chemical composition: 
93.8% Mo; 5.6% total C; 0.6% free C; 5.03% com- 


* Fiz. metal. metalloved., 12, No.1, 145-148, 1961. 


bined Ct. The granular composition of the Mo,C 
powder according to microscope analysis is shown 


in Table 1. 


TABLE 1. Granular composition of molybdenum 
carbide powder (average size of particle 10-11 4). 


Particle in the Particle 


ranges | content, % 
microns | 


0.5—4.5 

4.5—8.5 

8.5—16 
16—25 
25—40 


Hot compacting at 115 kg/cm? was carried out 
at intervals of 100° in the temperature range 2000 
to 2300° for 2 and 5 min in 8 mm internal diameter 
graphite moulds under a laboratory lever-operated 
press [3] with subsequent holding for from 0 to 
20 min at the sintering temperatures without 
external pressure. After sintering and rapid cooling 
the density of the specimens was found by the 
hydrostatic weighing method. Fig. 1 shows the 
nature of the change of density on relief of external 
pressure. When the compacting pressure is relieved, 
in the course of time the density of the specimens 
tends towards pp the thermodynamic equilibrium or 
quasi-equilibrium for each temperature and hot com- 
pacting period. When density p deviates from the 
thermodynamic equilibrium pp value the rate of 


relative change of density eo) should be 
/ 


t In conversion for the carbide phase — 


C total- Cfree 


= %, 
100 — C free — 
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FIG. 1. Variation in the density of specimens after relief of 
external pressure at sintering temperatures. Dashed lines 
show the change in density under pressure. 


Holding time after relief of pressure, min 


FIG. 2 Dependence of the log of the relative variation of density 
on holding time after relief of external pressure. 
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proportional tu the deviation in density 


Ap 


Po Po 
from the equilibrium figure, which can be expressed 
as a relaxation equation 


(1) 


dt Po tT Po 


where r is relaxation time; ¢ is soaking time after 
relief of external pressure. 

This equation gives the exponential dependence 
of relative variation of density on time after relief 
of external pressure 


Thus the ¢ In Ze. dependences should be 


characterized by straight lines and relaxation time 
r can be found from the formula 


> 
Ap; Afe (3) 


In———lIn 
Pe fo 


Ap: 
Po 
density which correspond to time ¢, and &. 


Ap 


When plotted in the co-ordinates In —~ t 


where and =e are the relative deviations of 


(Fig. 2) the numerical values of In =~ do actually 


produce straight lines which correspond to equations 
(1) and (2). 

The relaxation times found for the two values 
lying on each straight line in Fig. 2 decrease with 
temperature. The temperature dependence of r can 
be expressed by the formula 


(4) 


(T is absolute temperature; U is the activation 
energy of the process), so that the In r values 
plotted in the co-ordinates In r — 1/7 fall satis- 
factorily in a straight line (Fig. 3). Activation 
energy found from the graph is 75,200 cal/mol, 

t = 6.99 sec, i.e. the temperature dependence of 
density relaxation time is expressed by the equation 


inT (sec) 


42 
7/0 


FIG. 3. Dependence of the log of density 
relaxation time on inverse temperature. 


Thus elevation of temperature and the increase 
in the ductility of the material associated with it 
causes a reduction of relaxation time. In this case 
the figure of U = 75,200 cal/mol for activation 
energy seems to be the average energy per 
Mo,C mol necessary for the possibility of trans- 
formation from the non-ordered to ordered state. 
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DETERMINATION OF SHEAR STRESS UNDER PRESSURE ON 
ANNULAR SPECIMENS* 
V.A. SHAPOCHKIN and L.B. PIROGOVA 
Institute of the Physics of High Pressures, Academy of Sciences U.S.S.R. 


Department of the Chemistry and Physics of High Pressures, 


Moscow University 


(Received 17 October 1960) 


The experiments of Bridgeman [1], Veresh- 
chagin [2] and others have shown that resistance 
to shear varies as hydrostatic pressure increases, 
increasing by several times when the pressures 
reach 50-100 thousand atm. In these experiments 
round disks were used and the distribution of 
normal pressures over the contact area was assumed 
to be equal. 


M,kg.cm 


10 


10 20 Fm 


. 1. Dependence of torque on the force of 
the press for annular specimens: 
O — niobium, A — iron. 


The shear stress curve is assumed to be tri- 
angular [1, 2] or to occupy some intermediate 
position between a triangle and a rectangle [3]. 
Thus the actual distribution of normal and shear 
stresses was different from that assumed in calcul- 
ation which introduced some degree of error in the 
pressure dependence of shear resistance. |l'o reduce 
and assess this degree of error, on the suggestion 
of the Department of the Theory of Elasticity at the 
Moscow State University the authors of this article 
undertook experiments in the determination of 
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resistance to shear under pressure in mild steel 
and niobium on round specimens. The tests were 
carried out on a “pressurized shear” apparatus [4]. 
The high pressures were created by a piston of the 
powder metal hard alloy VK6 with an annular cross- 
section. The external diameter of the ring was 

10.2 mm and the internal 9.0 mm. The test speci- 
mens were cut out of metal sheet 0.04 mm thick. 


T-10° kg/cm 
20+ 


0 20 40 


l 1 
60 60 100, 120 
P°10, kg/cm 


FIG. 2. Dependence of shear stress on normal 
pressure for annular specimens: 
O — niobium, and A — iron. 


They were in the shape of rings with the same 
dimensions as the annular cross-section of the 
piston. 

The specimens together with the pistons were 
placed on the annular platforms. Loading was grad- 
ually increased. When normal pressure had reached 
a certain magnitude torque was applied. Rotation 
of the one piston was carried out until the torque 
reached its maximum for that magnitude of pressure. 
In the experiments the normal pressure reached was 
100,000 kg/cm? and torque was 1000 kg.cm. 

The results of the experiment showed linear 
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dependences of torque on axial stress which were 
the same for mild steel and niobium (Fig. 1). As the 
ratio of the width of the ring to its mean diameter 
was less than 1:10 it could with a high degree of 
accuracy be assumed that there was even distri- 
bution of tensile and shear stresses across the 
width of the ring. In this case shear resistance was 
linearly dependent on normal pressure (Fig. 2). The 
shear resistance figure found was 15-20 per cent 
below that which was obtained earlier for exactly 
the same pressure on solid round specimens [3] and 
40-50 per cent lower than Bridgeman’s figure [1]. 
Thus the shear tests under pressure on annular 
specimens have shown that the unevenness in the 
distribution of normal and shear stresses on a 


round contact area causes an increase in the resis- | 
tance to shear. At pressures up to50-100,000kg/cm? \ 
the increase is as much as 40-50 per cent with 
Bridgeman and 15-20 per cent in the tests carried 
out by the Institute of the Physics of High 
Pressures, Academy of Sciences U.S.S.R. 

It has been shown [5] that there is a reduction 
in the unevenness of the distribution of normal 
stresses across a contact area at pressures above 
100,000 kg/cm?. Thisinits turn, should lead to a 
reduction in the degree of error in calculating 
shear stress. 


Translated by V. Alford 
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DISPERSION HARDENING OF FERRITE IN MILD STEEL WITH 
AN ADDITION OF VANADIUM* 
M.S. MIKHALEV and G.D. SUSLOPAROV 
Urals Research Institute of Ferrous Metallurgy 
(Received 22 December 1960) 


Small additions of vanadium strengthen low 
carbon normalized steel 15 times more than carbon- 
free iron [1, 2]. No satisfactory explanation has so 
far been supplied for this fact. 

It has not been possible in investigation of the 
influence of vanadium additions to low carbon steel 
to establish any relationship between the consider- 
able strengthening and the change in structural 
characteristics, particularly in grain size, quantity, 
nature of distribution and structure of the pearlite, 
internal granular (fragmentary, block) structure of 
the ferrite, and also the presence of an a- solid 


solution in the vanadium. However, an almost direct- 


ly proportional dependence has been found between 
the microhardness figure of the ferrite and the 
vanadium content of the steel. In this respect, by 
analogy with quenched and tempered steels, the 
suggestion has been put forward that the strengthen- 
ing of the vanadium supersaturated ferritet which is 
formed at the temperatures of the first stage of the 
transformation occurs as the result of the process of 
dispersion hardening with precipitation of vanadium 
carbide in a finely dispersed form. 

The possibility of this occurring has been 
checked experimentally on steel containing 0.20% 
carbon and 0.16% vanadium, by microhardness mea- 
surements of the ferrite in specimens after isother- 
mal decomposition of the austenite and soaking at 
the same temperature. Fromthe results (Fig. 1) it 
can be assumed that a typical dispersion hardening 
process does take place in the ferrite. If this pro- 
cess also takes place when the steel is normalized 
then precipitation of the vanadium carbide should be 
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t It is quite possible to form a ferrite supersaturated 
with alloying elements by decomposition of the 
austenite in the first stage of transformation, as 


proposed in[3, 4]. 


20 25 30 
Time, hr 


a5 10 


FIG. 1. Influence of isothermal soaking 
on microhardness of ferrite. 


observed in the ferrite. Electron microscope 
analysis of the ferrite was carried out by means of 
extraction replicas on specimens of steel which 
had been normalized at 1050° and then additionally 
tempered at 650° for 1 and 4 hr. The carbon replicas 
with the extraction particles were obtained by a 
special method. As extraction replicas cannot be 
taken from the pearlite sectors they were closed by 
dusting on to a deeply etched titanium slip which 
was then removed from the ferrite sectors by light 
polishing. After this the metallographic specimen 
was etched for 2 min in a 4 per cent solution of 
picric acid coated with carbon and the replica was 
taken by means of gelatine. 

In all the specimens precipitating particles 
were observed in the ferrite (Fig. 2a). They are in 
the form of slightly coalesced laminae with a chain- 
shaped, network or grouped kind of precipitation 
with various different orientations in the middle of 
the fragments (Fig. 2b). This type of precipitation 
can be attributed to the formation of particles on 
block boundaries. The composition of the particles 
was found by electron diffraction. The results 
obtained which are set out in the table, show that 
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FIG. 2. Photomicrographs of particles of vanadium carbide (a, b) 
and block structure of ferrite (c). x 7150. 


TABLE 1. Results of the measurement and 

calculation of electron diffraction patterns 

obtained from particles of vanadium carbide 
in normalized steel. 


Interplanar 


distanes d, A 


Observed on 
electron 
diffraction 
pattern 


Theoretically 
calculated at 


a=4,14A 


2.39 
2,07 
1.46 
1,25 
1,19 
1.10 
1,03 
0.95 
0.92 
0.84 


these particles are vanadium carbide which has a 
face-centred cubic lattice with a parameter of 
4.14 A. 

The electron diffraction patterns show symmet- 
trical reflexes which are typical of texture. This, one 
can attribute to the crystallographic conditions for 
the growth of the carbide particles on block bound- 
aries in individual fragments. If particles are fixed 
in the replica which are on block boundaries of 
certain orientation inside a fragment (Fig. 2c) and 
the diameter of the electron beam is commensurate 
with the size of the fragment, then texture reflexes 
will be obtained on diffraction of the electrons from 
such a group of particles. In our investigations the 
diameter of the electron beam was 12 x 10-* cm. 
The size of the fragments determined by ion 
bombardment on the microspecimens after etching 


was 4x 107* to 8 x 10-* cm. According to published 
data [5] the size of the fragments is 10-* — 10-4 cm. 

These results are interesting in that it has 
been established by direct observation that 
vanadium carbide is precipitated in the ferrite of 
normalized steel, and that the carbide particles are 
precipitated on block boundaries, which determines 
their lamellar form and the chain-like nature of 
their arrangement. 

The considerable strengthening of the steel 
on addition of vanadium may be due to the fact 
that individual particles and the boundary carbide 
barrier present an obstacle to the path of a dis- 
location as the stress field arises, to overcome 
which further expenditure of energy is required, 
i.e. an increase of external load. 

The considerable difference in the strengthen- 
ing properties of vanadium in carbon-free alloys 
and low carbon steels amounts to a different 
nature of strenthening. In the carbon-free alloys 
strengthening on addition of vanadium occurs as a 
result of the formation of a vanadium solid solution 
in a- iron. In the low carbon steels it is due to 
submicroscopic precipitation of the vanadium 
carbide in the ferrite. 


Translated by V. Alford 
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THE PROBLEM OF THE THERMODYNAMIC TREATMENT OF 
INTERNAL ADSORPTION IN SOLIDS* 
ARKHAROV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 17 March 1961) 


Unlike adsorption on the boundaries of different 
phases, internal adsorption [1-3] exists in the 
boundary zones of sectors of a solid which may be- 
long to one and the same phase. From approximate 
experimental evaluation the depth of the zone is of 
the order of 10? — 10° A (2, 4-14]. The zone has 
excess energy due to the regular distribution of 
quasi-uniform distortions of the crystal lattice as a 
result of the interaction of differently oriented 
linked crystallites. This excess energy can be 
treated by analogy with surface energy on an inter- 
face. However certain basically important differ- 
ences must be allowed for in this conception. 

A relationship similar to Gibbs’s equation for 
adsorption on interfaces can easily be found for 
internal adsorption 


1 
(1) 


where (AU), is the excess energy on the boundary 
zone in the absence of adsorption; I" is the amount 
of the adsorbable component throughout the depth of 
the adsorption zone; d= f, Tis the averaged figure 
for activity across the zone; T is averaged concent- 
ration; f, is the coefficient of activity; 7 is temper- 
ature; R is the gas constant. Here we shall have 


— 


= + RT ina, (2) 


where p.* is the additional chemical potential of the 
adsorbable component averaged across the zone; 
u*, is part of this potential which is not dependent 


* Fiz. metal. metalloved., 12, No.1, 151-153, 1961. 


on concentration From (2) it follows that 


i.e. ¥ is the work of translating one mole of the 
adsorbable component from an ideal phase of given 
composition (c’) to a real one. We will assume 
maximum solubility of the adsorbable component in 
the crystalline solvent. As a three-dimensional 
adsorption zone cannot absorb without destroying 
the single-phaseness of the system above a certain 
quantity of the component adsorbed, further change 
in its concentration will become increasingly diffi- 
cult as adsorption takes place. In this case it can 
be assumed that ¥ = W(c); f, = f, (c). Therefore 


(5) 


When equilibrium is established (at tempera- 
ture 7) I reaches the level 


p= ( — cols (6) 


where 5 is the depth of the adsorption zone; es 
is concentration of the adsorbed component aver- 
aged throughout the zone which is established on 
reaching equilibrium; co is its concentration in the 
lattice. 

As in even very distorted sectors of the solid 
under review the single-phaseness of the system is 
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not disrupted either before or after adsorption we can 
assume that, even with noticeable chemical affinity 
in the interaction between the atoms of the adsorbed 
component and those of the solute, cps and con- 
sequently , will be related to the solubility of the 
component at given temperature in a perfect lattice. 
In the distorted zone solubility cZ, may be other 

than c,, ; we assume that 


(7) 


where w is a coefficient. 

Thanks to the thermal movement always 
obtains. Assuming in the first approximation that 
@ = const we will take it that cZ= cZ,(7) is qualita- 
tively similar to c,, = c,, (7). On the basis of (5) 


Oc’ 


Cos usually increases as 7 increases; therefore c, 
and cy, will also increase with 7. a 

As the drop in (AU), is retarded as c’ 
approaches r with increase in 7 the numerator in 
(8) will vary slightly in absolute value. Upon this 
OW /dc increases noticeably in step with the con- 
siderable increase in atomic interaction on elevation 
of c’ (and here c’, increases with 7). If then c,, and 
consequently also c, increase rapidly enough, then 
in the denominator in (8) the first term will be re- 
duced while the second will increase and the 
denominator as a whole will be less. As 


a(AU 
oc’ 


in these circumstances I’. will increase with 7. 

If c,, and consequently cp diminish a little with 
increase in 7 then the first term in the denominator 
in (8) will increase noticeably and the second 
slightly while the denominator as a whole will be 
increased. And as the numerator is varied very 
slightly wher I, will diminish with increase in 7. 
Both cases of increase and diminution of internal 
adsorption with temperature have been found experi- 
mentally [15-17]. More decisive conclusions 


regarding the temperature dependence of I’, can be 
obtained from molecular-statistical study of the 
isothermal equilibrium in the internal adsorption 
zone. Having established the relationship between 
the probability of an atom of the adsorbable 
component being in the adsorption zone or inside a 
perfect lattice, it is easy to arrive at the equation 


where Aa is the difference in the energy of an 
adsorbable atom in the adsorption zone and in the 
crystal. For positive adsorption Aa < 0. 

In a first approximation we assume that a is 
not dependent on 7. It follows from (9) that 


o 
Co 
4 —e 


Substituting (10) in (6) and introducing the symbols: 


r 


ject =}, 


we find 


Co 


Co + joa” 


Equation (11) is an analogue of the Langmuir 
equations for the isotherm of external adsorption. 
It can be seen from (9) that where co is very low 
and Aa is not very great (dilute solution of a weakly 
horophile component) the variation in Aa is mainly 
determined by the basic variation in the value 
while ¢,, and consequently also will 
diminish with increase in temperature. Such is the 
sign of the temperature course of lr, if Coo varies 
paractically not at all with temperature. 

If solubility increases considerably with 
temperature and cp is not too low while /42| is 
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reasonably high (a noticeable concentration of a 
weakly horophile component), then cp and con- 
sequently [”, will increase as the temperature rises. 
Thus, observation of the temperature dependence of 
internal adsorption from the molecular-statistical 
point of view provides confirmation of previous 
conclusions made on the basis of general consider- 
ation of equation (8). With elevation of temperature 


internal adsorption may within definite limits either 
diminish or increase. 

I would like to take this opportunity to express 
my gratitude to G.G. Taluts for checking the manu- 
script and making some useful notes. 


Translated by V. Alford 
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INFLUENCE OF ANNEALING ON THE DECREMENT OF DECAY 
OF VARYING ELASTIC-PLASTIC FLEXURE* 
R.I. GARBER and I.I. SOLOSHENKO 
Khar’kov Pedagogic Institute 
(Received 18 January 1961) 


In varying elastic-plastic flexure the decrement 
of decay is mainly determined by the expenditures 
of energy in breaking up blocks and other processes 
of plastic deformation. In well-annealed crystals 
therefore the decrement of decay will be high 
although it decreases with the strengthening which 
grows with the number of oscillations up to reason- 
ably high amplitudes. It is known that a short 
anneal at not very high temperatures will have no 
noticeable influence on the constitution of mechani- 
cally strengthened crystals, particularly not on the 
density and nature of slip traces. In these condi- 
tions there will be no noticeable variation in the 
decrement of decay either. Prolonged soaking at 
elevated temperature should cause an appropriate 
increase in 5. In order to study the processes of the 
strengthening and annealing of crystals during 
variable flexure the measurement of the dependence 
of the decay decrement on the number of cycles NV 
and temperature was undertaken, and also on inter- 
mediate heating. The experiments were carried out 
on crystals of bismuth, rock salt and polycrystalline 
lead. 

The annealed specimen was placed in clamps 
in the apparatus described in [1]. A resistance 
furnace was fastened between a movable and a 
fixed ring. Care was taken to see that the movable 
parts of the apparatus did not touch the walls of the 
furnace during the work. Temperature was controlled 
by means of a potentiometer and a thermocouple 
attached to the fixed part of the specimen. When the 
_ specimen was heated the springs of the apparatus 
were also heated a little. However, the increase in 
their temperature was so slight that their elastic 
properties remained virtually unchanged. This was 
found in control tests with a particularly rigid 
specimen of fused quartz. Where the strengthening 
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FIG. 1. Change in the decrement of flexural 
decay in lead with increase in temperature 
and in the total number of cycles N inelastic- 
plastic flexure: 
1-—N=823; 2—N=1441; 3 1563; 
4-—-N=1817; 1916 cycles: 
The reduction inthe 5 value at room temper- 
ature on curve 1 was obtained in the process 
of strengthening from N= 1 toN= 612, and 
on curve 2 from N = 823 to N = 893. 


had to be carried on to a stable value, the decre- 
ment of decay was measured several times until a 
constant 6 figure was established which was then 
taken to be the relevant strengthening saturation at 
this temperature. Maximum stress amplitude was 
maintained unchanged and quite high in order to 
preserve the conditions of elastic-plastic deforma- 
tion. 

Fig. 1 shows the results which indicate an 
increase in the decrement of decay in lead on 
heating to 200°C with repeated elastic-plastic 
flexure at a frequency of about 1 c/s. Subsequent 
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FIG. 2. Influence of repeated flexure on the 
decrement of decay in bismuth with 
increase in temperature. 


testing at room temperature caused noticeable 
strengthening of the specimen and a corresponding 
reduction in the decrement of decay [1]. 

If the specimen was work-hardened at the 
annealing temperature then stabilization of 5 due to 
a definite relationship between the rate of anneal- 
ing and work-hardening would be possible. In these 
circumstances 6 should be dependent on tempera- 
ture, frequency and oscillation amplitude. 

Fig. 2 shows the results of investigation of a 
bismuth specimen. In the beginning, at room temper- 
ature, 5 diminishes a little (Figs. 1-2 in the graph). 
With elevation of temperature, despite the simultan- 
eous increase in \, there is a slight increase in 5. 
At around 180°C 5 begins to increase very inten- 
sively. The whole of the sector 7-8-9-10 corres- 
ponds to the same temperature of around 180°C 
which was maintained constant for a long period. 
Close to the maximum 6 (7) effects arise which are 
probably due to displacement of 7,,,, as a result of 
work-hardening at the experimental temperature. 
From this it can be concluded that after the temper- 
ature has risen to 180°C the subsequent series of 
tests causes an increase in the 5 value. Further 
variable deformation at this temperature causes a 
gradual reduction in 5. The increase and subsequent 
diminution of 5 is as much as 50 per cent of this 
value. A 2 hr intermediate anneal at this tempera- 
ture (K on the graph) does not cause any change in 
the rate of fall of the decrement of decay. 

In diagrammatic form Fig. 3 shows a possible 


FIG. 3. Diagrammatic explanation of the 
effect of the fall in the decrement at 
the maximum temperature. 


explanation of this effect. Let us assume that the 
experiment was carried on at a temperature 7 some- 
what less than7 ,,a, for a well-annealed specimen. 
If, in the course of elastic-plastic variable flexure, 
the position of 74x varies on the side of low 
temperatures* then with increase in the number of 
oscillations under repeated experiments 7 max 
should at first coincide with T and then occupy a 
position 7/,4, to the left of 7 (dotted curve Fig. 3). 
Thus the results of the determination of 5 at 
temperature 7 should increase as 7,4, approaches 
T and fall after they have coincided with sub- 
sequent displacement of 7,4, in the direction of 
Tax: 

These results relate to microscopically 
elastic-plastic deformations at various tempera- 
tures. However the conclusion with regard to the 
conformities observed can also be used to study 
macroscopically elastic oscillations as in this 
case, as has been shown in [2], the decrement of 
decay is determined mainly by elastic-plastic pro- 
cesses localized in the superstressed microregions 


of an elastically deformed solid. 
Translated by V. Alford 


* This kind of proposition can also be used to explain 
the fact that the temperature dependence curves are 
higher the higher the number of elastic-plastic flexure 
cycles undergone by a specimen of previously 
annealed lead. 
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ANOMALIES IN THE MODULUS OF ELASTICITY IN SHEAR OF THE 
ANTIFERROMAGNETIC MATERIALS MnO, CoO AND Cr,0,* 
L.A. YEVTUSHCHENKO and R.Z. LEVITIN 
Department of Physics, Moscow State University 
(Received 10 January 1961) 


It has been shown in works by a number of 
authors [1-5] that under longitudinal vibrations, 
Young’s modulus and damping capacity in the anti- 
ferromagnetic oxides VinO, CoO, NiO and Cr,0, are 
subject to anomalies around antiferromagnetic 
transformation point. 

To clarify ideas regarding the nature of the 
magneto-elastic phenomena in antiferromagnetic 
materials we undertook a study of the temperature 
dependence of Young’s modulus G and damping 
capacity under torsional vibrations (-* in poly- 
crystalline specimens of \inO, CoO and Cr,0,. 
Measurements were made at a frequency of around 
85 kc/s by the “composite” oscillator method [6]. 
Fig. 1 shows the temperature dependence of the 
modulus of elasticity in shear and damping capacity 
for MnO. A sharp reduction in the modulus is seen 


on cooling below the Neel point (— 160°C). The 


damping maximum belongs to this same temperature 
range. We found this kind of behaviour for G and 
Q-* in CoO also. 

In Cr,0, (Fig. 2), anomalies in the shear 
modulus and damping capacity were also observed 
around the antiferromagnetic transformation point 
35°C, but they were very much less in magnitude. 

Comparison with the results of papers [1-5] 
shows that in torsional vibration the temperature 
dependence of the modulus of elasticity in shear 
and of damping capacity is very similar to that of 
Young’s modulus £ and damping capacity in longi- 
tudinal oscillations. Poisson’s ratio 


2G 


can be found from F and G measurements on the 
same specimen. Passing from the antiferromagnetic 


6:10" dynes/cm* 


5 


FIG. 1. Temperature dependence of the modulus of elasticity in shear (1) 
and damping capacity (2) of MnO. 


* Fiz. metal. metalloved., 12,No.1, 155-157, 1961. 


to the paramagnetic state Poisson’s ratio diminishes 


from 0.38 to 0.25 in MnO and from 0.38 to 0.20 in 
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CoO. In Cr,0, the change is very much less and is This figures is of a higher order for polycrystals. 
within the range of experimental error. In our experiments the stresses created by longi- 
tudinal and torsional vibrations were about 10* 
dynes/cm? ind it therefore seems improbable that they 
could cause migration of domain boundaries. 

From our point of view the anomalies in the 
modulus of elasticity in shear and in damping 
capacity which occur in antiferromagnetic materials 
under torsional oscillation, may be attributed to 
the processes of a rotation of magnetic moments of 
the domains and, particularly close to antiferro- 

q magnetic transformation point, to the processes of 
1466 spin ordering inside the domains under the influence 
of elastic stresses. The theory of phase transform- 
1464 ation of the second order can be used to explain 
these anomalies, just as has been done for Young’s 
1462 modulus in ferromagnetic and isotropic antiferro- 

: magnetic materials [5]. In this case in expanding 
44505 A: 50 75 708 or the thermodynamic potential allowance must be 
made for the energy of magnetic anisotropy and the 
dependence of magneto-elastic energy on the 
direction of spin in the crystal lattice, which causes 
a variation in the crystal structure of antiferro- 
magnetic materials on transition of the antiferro- 

Street and Lewis [1, 2] have attributed these magnetic state [8]. 
anomalies to the migration of domain walls. How- The authors wish to thank Professor Belov for 
ever, as has been shown recently by Slack’s mea- directing the work. 
surements [7], in well-annealed monocrystals of NiO 
(and consequently also in inO and CoO which have 
the same structure and behave in the same way), 
domain walls begin to migrate on external mechani- 


cal stresses of the order of 10° to 10° dynes/cm’. Translated by V. Alford 


6:10" dynes/cm* 


49 


¢ 
1470 


1468 


FIG. 2. Temperature dependence of the 
modulus of elasticity in shear (1) and 
damping capacity (2) in Cr,0,. 
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THE PROBLEM OF MEASURING THE THERMAL CONDUCTIVITY OF 
METALS AT HIGH TEMPERATURES* 
V.V. LEBEDEV 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 20 February 1961) 


In previous works [1, 2] a method and the 
experimental apparatus have been described, for 
finding the coefficient of thermal conductivity of 
metals in high temperature ranges. To carry out the 
measurements one has to use an “infinitely long” 
specimen, i.e. one in which the diameter is 40-50 
times less than the length. It is however, not always 
possible to produce a bar of this length from a 
number of the refractory metals, and particularly the 
alloys, due to the considerable brittleness of the 
metals or to technological difficulties. This article 
therefore proposes a method by which the thermal 
conductivity of metals and alloys can be measured 
on short specimens (length between 10 and 20 times 
the diameter). 

Let there be two specimens of the same diar 
meter and chemical composition but different in 
length, heated in a vacuum by electric currents /, 

and /, respectively, to the same temperature in their 
centres 7,, (x = 0). Then the following differential 
equations can be written for heat balance [1]: 


(x) ceo r4 
dx? 


d*T,(x) ceo rs _ 2P 


= 0, 


here 7, (x) and 7, (x) are the temperature distribu - 
tions in the first and second specimens respectively, 
d is the coefficient of thermal conductivity, c is the 
perimeter, S is the cross-sectional area of the 
specimens, € is total radiation capacity, p is 
electrical volume resistivity, 7) is ambient tempera- 
ture, and o is Stefan-Boltzmann constant. 


* Fiz. metal. metalloved., 12, No.1, 157-158, 1961. 


After solving this system of equations together 
we find 


(x) aT, (x) 
| dx? L dx* x2 
where points x, and x, are the same so that 
T, (x,) =7, (x,). 
Around the centre the distribution of tempera- 
ture along short bars is subject to a parabolic law 


[2, 3]. Functions 7, (x) and 7, (x) can therefore be 
written in this form 


Ty (X) = Tm t+ Tq (X) = Ty + 


And then 
d*T; (x) (x) 
The values of coefficients a, and a, can be found 
from the gradient of the straight line 


AT = Tm — T (x) = —ax?. 


Thus, knowing the distribution of temperatures 
around the centre of the test specimens the coeffi- 
cient of thermal conductivity can be found 


_ 
2S? (a,— 3) 


If we take one of the “infinitely long” speci- 
mens (the second for example) then in it 7 = 0, i.e. 
a, = 0, and the expression is transformed into our 
previously obtained formula [1]. 


2S%a 4 T 


px 


This method is thus more general than the one 
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suggested before and with it it is possible to mea- The author wishes to express his gratitude to 

sure the coefficient of thermal conductivity of V.S. Gumenyuk and V.G. Bar’yakhtar for participa- 

metals and alloys in a wide temperature range on tion in discussion of the work. 

specimens of simple geometrical shape. Translated by V. Alford 
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THERMAL CAPACITY OF SYSTEMS WITH A SPECIAL 


SUPPLEMENTARY PARAMETER* 
A.N. MEN’ 


Institute of Metallurgy, Ukraine Filial, Academy of Sciences U.S.S.R. 
(Received 15 October 1960) 


Let us consider a system with a supplementary internal parameter r, [1]. Ve can find the equilibrium 
value of no from the condition 


where F = U(T, n) — T S(T, n) is the free energy of the system. 
Let us expand function F into a Taylor series at point 7> 


rad 


To allow for the effect of the supplementary parameter on thermal capacity we will extract some of 
the terms from (2) 


A A 
FT =H, F, = + 


A A 
F3T Hy, F 3n27 HryF, re F, 


A A A 
FAT Ht, Ft 677 Hy, F, + He, + oF, + 


a 


and then 


A A 
Fl =H, = + 
As Fr =F?T=v, then for (2) allowing for (3) and (5) we shall get 


A I 
F =F (Ty) + (Fo )o(T— To) + (T — (Hp Fle + (7 — (HF, Fo + 


* Fiz. metal. metalloved., 12, No. 1, 158-160, 1961. 


| 
VOL. 
1961 
where 
A 
| 
) 


Letters to the Editor 


+ Ty —3F + Os (T — To) 


where 0; (J — 7.) is a power series through 7 — 7, the first term of which has a power of not less than 5. 
From (6) we shall get the formula for thermal capacity 


] A 
+ To)* F — 3F Os (T —To)}- 


As C(T,) > 0 at 7 > 0 for temperatures at which o(7.) # 0',* then from (7) we get 
(2, F), <0. 
Let us find the values of the derivatives of C at point 7> allowing for (4) and (8) 
(C7 = — [Fop + — Tol Far + 


(C27), = — Fo— Tol Flo + 37 Fr 
If the system has no supplementary parameter then formula (9) can be simplified ' 


= | 


= — — Tol Furie 


and as (C7), > 0, if the thermal capacity is a monotonic function then 
Forlo > To ( if \Frjo > 0). (11) 


Let us consider a system containing a singular supplementary parameter. We will call the supplementary 
parameter 7 singular if 7,=4 0, exists in such a way that the equilibrium of the singular supplementary 
parameter satisfies the conditions 


(12) 


aT 


The possibility of the existence of a single supplementary parameter flows from the data in [3] if allowance 
is made for short-range order in binary solid solutions with interatomic bonds of two types or for the 
mutual arrangement of more distant neighbours [4], and also in the determination of the correlation para- 
meters of a binary equal-component alloy [5]. The spontaneous magnetization in ferrites may also serve as 
a singular supplementary parameter (for example see [6], curves M, D, V, N in Fig. 92). 

For the configuration thermal capacity of systems with a single supplementary parameter, from (7) 


* At points of phase transition of the II order = 0 and thermal capacity is disrupted [2]. 
t The marks above the functions indicate that the values are taken at 7 = 0. 
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allowing for (9) and (12) and limiting ourselves to the first non-zero terms (see Fig. 1) we get 


C = ax® + bx?, 


2 


If we do not restrict ourselves to the configuration part of thermal capacity then (9) with allowance for 
(12) assumes the form 
= \Forlo —To (Faro, 


(14) 
== — (Faro + 37 oF 6,3, (057) 


The thermal capacity curve may have an extreme at point 7, in the following cases: 


TABLE 1. 


Correlation between Character 
parameters anomaly C 


2T 
\For\e=To(F = 0 


\(C27),< 0 


FIG. 1. Course of configuration thermal capacity FIG. 2. Possible anomalies on thermal 
close to point x = 0 according to formula (13): capacity curve. 


b 2b 
Xq = Cl— 
0 (—<o) 


a 
C (x0) = 2C (—x9). 


Allowing for the fact that at low temperatures C ~ 7° and at high C(7 + ~) = const, then, allowing for 
(15) we shall get the possible behaviour of the function C(7) (see Fig. 2)*. 

To compare these results with experiment to would be necessary to find the criterion for the existence 
of a singular supplementary parameter in a system. This problem has not yet been resolved. 


Translated by V. Alford’ 


* Dotted line in Fig. 2 shows possible course of the C (7) curve and solid line, the true course. Curves 1 and 3 are 
for case C(T..) > TolForjo, and 2 and 4 for C (Teo) < To \Fozlo - 
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QUASI-STATIC PROPERTIES OF FERROMAGNETIC MATERIALS WHICH POSSESS 
ANISOTROPY OF THE EFFECTIVE FACTOR OF SPECTROSCOPIC SPLITTING IN 
HIGH MAGNETIC FIELDS* 

K.B. VLASOV and B.Kh. ISHMUKHATOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 

(Received 10 January 1961) 


Calculation has been made of the dependence of magnetization on the magnitude and direction 
of magnetic field strength in the high field ranges, corresponding to the termination of the process 
of rotation, and of the susceptibility of paraprocess in specimens of magnetically equiaxed mono- 
crystals of ellipsoidal form, the spectroscopic splitting factor of which is a tensor. On the basis of 
the resultant relationships a law has been deduced for the approach of polycrystalline ferromagnetic 
materials to saturation. In ferromagnetic materials which have anisotropy of the effective factor of 
spectroscopic splitting it has been found that certain features are to be expected, anisotropy of 
saturation induction for instance, the absence of saturation in the mechanical torque operating on a 
monocrystalline specimen, the existence of a finite angle between the vectors of spontaneous 
magnetization field strength and, at magnetic field strength considerably in excess of the effective 
anisotropy fields, anisotropy in the susceptibility of paraprocess and other effects. 


1. It is well-known that anisotropy of the effective factor of spectroscopic splitting is frequently 
observed in paramagnetic materials. It is not impossible that this effect may exist in ferromagnetic 
materials also. This should mean that the factor of spectroscopic splitting in these ferromagnetic 
materials must be not a scalar but a tensor. In ferromagnetic monocrystals which have cubic sym- 
metry this tensor of the second rank (if it is regarded as independent of magnetization) will 
degenerate into a scalar. Anisotropy in the effective factor of spectroscopic splitting is therefore 
to be expected in ferromagnetic materials which have lower crystallographic symmetry (hexagonal, 
tetragonal etc. etc.). 

To simplify and clarify this investigation let us, as an example, consider the kind of ferro- 
magnetic material which is frequently encountered in practice, which has magnetically uniaxial 
symmetry (ferromagnetic materials having hexagonal symmetry belong to this group for example). 

We will assume furthermore, that the ferromagnetic crystal is in the shape of a rotation ellipsoid 
whose axis of rotation lies in the same direction as the symmetry axis of the crystal. In our former 
report [1], investigation was made of the dynamic characteristics of this kind of ferromagnetic 
specimen (anisotropy of the resonance factor w. was calc.). In this report we will study its quasi- 
static properties. 

2. The density of the free energy of a ferromagnetic monocrystalline specimen of ellipsoid form in 
and external permanent magnetic field H can be written in the form 

P= + + Fo t+ (1) 


exc 


where F.., 4, is the density of exchanze free energy. As exchange energy, which is the result of 
the Pauli principal, is expressed through the spin mechanical moments of momentum of electrons we 


* Fiz. metal. metalloved., 12, No. 2, 161-169, 1961. 
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will assume that the density of the exchange free energy of the crystal will be dependent on the 
magnitude of modulus M of vector M of the density of the mechanical moment of momentum, which 


is related to the vector of magnetization I by the relation 


= gM, (2) 


where g is the tensor of the factor of spectroscopic splitting. In magnetic uniaxial monocrystals 
and g,, will be other than zero. We will assume that axis z is always 


their components g,, = Byy 
oriented along the symmetry axis. 
F ,, is the density of the free energy of crystallographic magnetic anisotropy. In ferromagnetic 


materials this energy is determined by internal magnetic interaction. We will therefore assume that 
the density of the free energy of crystallographic magnetic anisotropy is determined by magnetiza- 
tion. From considerations of symmetry it should, in magnetically uniaxed monocrystals, have the 


form 


Fo =P, P +62 +B (3) 


F, is the density of the energy of the demagnetizing fields 
Fo= Ne (4) 


where N= Nyy N,, are the components of the tensor of the demagnetization factor along the main 
axes of the rotation ellipsoid. Fy is the density of the free energy of the ferromagnetic material 


in an external magnetic field- 


(5) 


where H is magnetic field strength. 
We will introduce polar co-ordinates and then, to the vector of magnetization I, the density of 


the mechanical moment of momentum M and the magnetic field strength H, we will give their moduli 

I, M and H respectively with polar angles 6, 0’ and 6 and longitudes ¢, d’ and ¢o. For the 

calculation let us assume that dy = 90° (the vector of magnetic field strength lies in the plane yz). 
As can be seen from what follows it is convenient, after calculating (2) to select modulus ¥ 

of vector M and angles 6 and ¢ which define the orientation of the magnetization vector I, an 

independent variables. For this, in (3), (4) and (5) one was changed to the polar co-ordinates /, 

6 and @ and substitute modulus / with modulus M according to the relation 


872 


which is the result of the relations 


JS 6, (7) 


M €:;M 


sin 6’ = 


which follow from (2). 
As a result the density of free energy can be broken down into two parts 


F = (M) + F*(M, 8, 9), (8) 
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where F* contains the anisotropic terms from (3), (4) and (5). 
The equilibrium values of modulus ‘f and the angles which define the orientation of the 


magnetization vector, @ and d, can be found from the minimum conditions 


(9) 


(10) 


For a general case all three (9) and (10) equations will contain the variables 6, d and V¥. This means 
that the equilibrium values of both modulus ./ of the density vector of mechanical moment and, 
according to (6), the modulus of the magnetization vector, should depend on the orientation of the 
vector of magnetization (and consequently according to (7), also on the orientation of vector M) with 
regard to the crystallographic axes. In finding the anisotropy of the resonance frequency [1], we 

did not solve the eqn. of state (10) and express the resonance frequency through the equilibrium 
value of the magnetization modulus, as we felt that this could be found by experiments. To find 

the dependence of the modulus of magnetization on magnetic field from the magnetization curve 

the combined solution to eqn. (9) and (10) must be found and this presents certain mathematical 
difficulties for a general case. For the majority of ferromagnetic materials however, the problem 
can be considerably simplified if it is assumed that the density of exchange free energy F...), 

is several orders higher than the remaining anisotropic F* terms in the density of free energy F. 

3. Let us first of all consider the region of high magnetic fields at which the processes of 
boundary displacement between regions of spontaneous magnetization have already been 
completed and the processes of rotation are approaching their completion. We will also assume 
that variations in magnetization due to paraprocess can be neglected in this range. This means 
that in this range of fields all the anisotropic terms /* (M, 4, d) for the density of free energy 
are considerably less than for the density of exchange free energy F.,.;, (¥). When calculating 
the derivative OF /OM in equation (10) therefore the anisotropic term F* (i, 0, S) in the expression 
for the density of free energy in (8) can be neglected. Then equation 

9Fexch_ 9 (11) 


M 
will define the value of modulus M of the vector of the density of mechanical moment M. Its solution 


will have the form: 


M=M.,, (12) 


where M, is the spontaneous value of modulus WM of the vector of the density of mechanical 
moment related to magnetization. Thus, where F,,.,, >> F* the value M, of the modulus M of vectorM 
will not be dependent on its orientation nor, in this approximation, will it be dependent either on 
the magnitude or the orientation of permanent magnetic field H. 

The minimum conditions (9) allowing for (1), (3), (4), (5) and (6) give the following formulae 
for the equilibrium values of the angles 6 and d which define the orientation of the vector of 


magnetization: 


3 
OF oF 
0. | | 
of 
o= 90°, 
cos = —— cos 6, | | + —* —— sin*9, sim * 
(2 ef H H 
(13) 
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3 
x | 4 6, cos” 


H,=HS+4H%; (14) 


H, and ri are the effective field of anisotropy of the demagnetizing fields and the effective field 
of crvstallographic anisotropy respectively. 


(15) 


j 
= Nex Noe In; 


(16) 
a(t, + 2— = 
on 
\ Set 
= ; (17) 


Bet is the effective factor of spectroscopic splitting 


(18) 


(g’) = (gt,sin 26, + cos* 


k, and k, are the crystallographic anisotropy constants. 


35 = 82,8, + (g2, —g?,) 
= 8s + 82, (82, — 82,) + — 


(21) 


In this calculation the ratio of the effective field of anisotropy H, to magnetic field strength 


H,/H is the parameter of smallness. 

Knowing the orientation of the magnetization vector and having found the value of the 
modulus of the magnetization vector from (6) and (12) it is quite easy to find the perpendicular 
and parallel components of magnetization which are measured in experiment (from the orientation 


to the direction of apolied permanent magnetic field H). These are: 


4 
| 
(8°) of a; 
4 
x cos? sin? ) ; 
where 
|_| 
VO} 
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+ g7,cos* 5, 


sin sin 


- H 2 2 
ef 


ef 


| 
sin* 26,|' sin 


It can be seen from (13) that as the magnetic field strength increases, the vector of magnetization 
tends to turn to and be oriented in the direction of magnetic field. However, as follows from (13), 
even at very high magnetic field strengths when the ratio of the strenzth of the effective field of 
anisotropy to the strength of the applied field H4/H tends towards zero, the angle between the 
vectors of magnetization and of magnetic field strength will tend, not towards zero, but to the 
finite value 


=are cos (24) 


The parallel component of magnetization, as follows from (22), will increase with magnetic field 
strength. At magnetic field strength considerably higher than the strength of the effective field of 
anisotropy (H > H,), this component will approximate to a certain maximum value which is known 
as saturation induction / “a 

From (22), (17) and (18) there also flows the following feature of the behaviour of ferromagnetic 
materials which have anisotropy of the effective factor of spectroscopic splitting. In these materials 
anisotropy of saturation induction is to be expected. This means that the magnitude of saturation 
induction should be dependent on the crystallographic direction aloag which the magnetization is 
measured. A long way from Curie point, when the variation of magnetization due to paraprocess can 
be neglected, saturation induction will coincide with spontaneous magnetization in ferromagnetic 
materials which have anisotropy of the effective factor of spectroscopic splitting. Where such 
anisotropy exists, both as regards spontaneous magnetization /, and the constant of the ferro- 
magnetic material one can only speak of the magnitude of the intensity of magnetization measured 
in the direction of easy magnetization (where magnetic field strength tends towards zero). 

Where there is anisotropy of the effective factor of spectroscopic splitting saturation induction 
will only coincide with spontaneous magnetization (neglecting paraprocess) when measured in the 
direction of easy magnetization. 

If the direction of easy magnetization is the symmetry axis, then spontaneous magnetization 


I, will be 
(25) 
and if the direction of easy magnetization forms a plane perpendicular to the symmetry axis, then 
(26) 


Formulae (25) and (26) can be used to express the values which are encountered in formulae 


5 
(23) 
fis 
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but which cannot be directly measured in experiment, of the spontaneous figure for modulus M, 
of the vector of mechanical moment through the value of the modulus of spontaneous magnetiza- 
tion /. which is a constant of the ferromagnetic material. Where paraprocess susceptibility is 
exceedingly high, saturation induction is understood to be the magnetization measured in the 
paraprocess range and extrapolated to the zero value of magnetic field strength. 

From (23) it follows that the perpendicular component of magnetization will diminish as 
magnetic field strength increases. At very high fields however (H,/H + 0) the perpendicular 
component of magnetization will tend, not towards zero, but to a certain finite value which, 


according to (23) and (17) will be equal to, 


M,sin 26,. (27) 
Sef 


From this there follows yet another interesting and anticipated feature of the behaviour of 
ferromagnetic materials which have this anisotropy. The mechanical torque, equal to H/,, which 
is acting on a ferromagnetic specimen will not tend to a definite finite limit with increasing 
magnetic field strength H, (as in ferromagnetic materials which do not have anisotropy of the 
effective factor of spectroscopic splitting) but will continue to increase as magnetic field strength 
grows. 
We note also, that at very high fields (H ,/H + 0) the modulus of the magnetization vector will, 
according to (17) and (27) tend towards the value 


/ M,. (28) 
It is also dependent on the orientation of the vector of magnetic field strength and is the same as 
the intensity of spontaneous magnetization, (neglecting paraprocess) only in the direction of easy 
magnetization. 

The following formal features are also characteristic of ferromagnetic materials which have 
anisotropy of the effective factor of spectroscopic splitting. If the free energy of crysiallographic 
magnetic anisotropy is expanded through the intensity of magnetization (3), the terms which are 
anisotropic through magnetization (i.e. = 8,= 8s = 0) will be absent and i! the specimen is in 
the form of a sphere (i.e. V,, = N,,) then the ferromagnetic specimen, as follows from (15), (16), 
(20) and (21), will be magnetically anisotropic in the presence of anisotropy of the effective factor 
of spectroscopic splitting (i.e. where g?, — g3, 4 0). Besides this, as the value of the effective 
factor of spectroscopic splitting g,;, which is dependent on the orientation of magnetic field, is 
inciuded in the formula for the effective fields of crystallographic anisotropy Hi and of demagnet- 
izing field Hy then the effective fields will also be dependent on the orientation of magnetic 
fieid (even at bi = 0). In this connexion we recall, that in magnetically uniaxed ferromagnetic 
materials in which the factor of spectroscopic splitting is scalar, the effective field of anirotropy 
H, is not dependent on the orientation of magnetic field if one only allows for the first constant 
of crystallographic magnetic anisotropy. 

We note also, that if allowance is made for terms to the fourth order in the expansion of the 
free energy of crystallographic magnetic anisctropy through the intensity of magnetization, as can 
be seen from (16), despite the fact that the modulus of magnetization is not constant, crystallo- 
graphic anisotropy will be determined, not by the three constants §;, 8,, and 8s, but by the 
two constants of crystallographic anisotropy 4,, ,, which are determined by (20). This is because 
of the existence of the supplementary condition /. = constant in our case. We note that coeffi- 
cizats 8 4; 84; 84; 8 4and As are the coefficients of the expansion of the free energy of crystallo- 
graphic magnetic anisotropy F,. into a series [1] through the density of mechanical moment M 
similar to the expansion in (3). 
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Allowing for (28) and (17), it is also easy to see that in the present article the formulae for 
H* and H 4 are the same as the formulae for H, and Niy, which were deduced in [1] when one 
remembers that the role of the equilibrium value of the modulus of the intensity of magnetization 
ly. is in this case played by the value /*. 

Let us now consider the region of very high fields where the processes of rotation have been 
completed and paraprocess is occurring. This means that the magnitude of the free energy of a 
ferromagnetic material in an external magnetic field Fj}, will be very much greater than the free 
energy of crystallographic magnetic anisotropy and the free energy of the demagnetizing fields. 
In an external field, however, the free energy remains much lower that the exchange energy. In this 
case only free exchange energy and energy in an external field can be retained in the formula for 
free energy. It is therefore to be expected tuat there will only be a slight variation of modulus M 
with variation of magnetic field strength in the region of paraprocess a long way from Curie point, 
i.e. free exchange energy can be expanded into a series very similar to the state which corres- 
ponds to the spontaneous M. value of vector modulus 4/,, and which will be restricted to terms 
not higher than of the second order 


MoM, 


Using the minimum conditions (9), (10), relationships (11) and (6), we now find the following 
formula for paraprocess susceptibility: 


X= (P /OM - (30) 


We note that the equilibrium value of angle 0, which depends on the orientation of the magnetization 
vector, can be obtained without re-using the minimum conditions in (9) but directly from (13) by 
aubstituting 1 ,/H = 0, which is equal to neglecting the energy of anisotropy. 

Relation (30) shows that in ferromagnetic materials which have anisotropy of the effective 
factor of spectroscopic solitting, it is to be expected that there will be anisotropy of paraprocess 
susceptibility. In the light of (18) relation (30) can be interpreted in the following way: in a 
general case paraprocess susceptibility is a tensor of the second rank whose components other 


than zero will in this case be equal to: 


= S22 OM = 


We would emphasise that all the above calculations and conclusions are based on the assumption 
that the tensor of the factor of spectroscopic plitting is not dependent on the magnitude of magnetic 
field strength. 

5. With the formula for the components of the intensity of magnetization in the direction of 
permament magnetic field H (22) for a monocrystal in the high field regions, one can the calculate 
magnetization in a polycrystalline specimen, i.e. one can find what is known as the law of 
approach to saturation. To find this one must find the average for the parallel component of 
magnetization in all the crystals assuming that all directions of the axis of easy magnetization of 
the crystal are of equal probability. We note that this geometrical averaging is, strictly speaking, 
only purposeful in a case where the energy of the fields of dispersion arising as a result of non- 
uniformity of magnetization in the polycrystal can be neglected. This can be done in the range of 
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fields in which the energy in the external fieid /H is considerably greater than 47/?. [In magnetic- 
ally uniaxed ferromagnetic materials however this range of fields frequently coincides with the 


range of higher fields investigated by us, in which H > Hy. 
To simplify the calculation we will assume that the anisotropy of the effective factor of 


spectroscopic splitting is low, i.e. Ag/g* « 1, where 


Ag = — 


we will introduce another value 
! 


As a result of the averaging we find 


1] A 607 


323. 


Ag 


g 

278873, 


33 g* “68640 


At low Ag values theterm which is proportional to (Ag/g*)? can be neglected, and instead of 
g*,g is substituted. 

It can be seen from (35), (25) and (26) that in ferromagnetic materials which have anisotropy 
of the effective factor of spectroscopic splitting it is to be expected that there will be some 
difference between the magnitude of saturation induction lay measured in a polycrystalline 
specimen and spontaneous magnetization measured in a monocrystal (assuming of course, that 
the variation in magnetization due to paraprocess, is either negligible or has been allowed for). 

Thus we see that both the quasi-static and the dynamic [1] properties of ferromagnetic 
materials which have anisotropy of the effective factor of spectroscopic splitting may have 
certain important features. For this reason, if formulae which do not allow for this anisotropy 
are used to analyse experimental results for torque, the law of approach to saturation, the 
anisotropy of resonance frequency etc. etc., then the constant obtained as characteristics of the 
ferromagnetic material (e.g. crystallographic anisotropy constant) will be different and the 
figures obtained from different experiments will not agree with one another. 

6. In most ferromagnetic materials it seems that the extent of the anisotropy of the effective 
factor of spectroscopic splitting is not very great. The Ag/g value, which quantitatively 
characterizes this anisotropy, may be of the order (A — 2)/A, where A is the Lande factor 
and is in most cases approximately 2. 

It is easier to find the anisotropy of the effective factor of spectroscopic splitting in ferro- 
magnetic materials in which the effective fields of anisotropy (i.e. the constants of crystallographic 


anisotropy) are low, as in this case lower magnetic fields can be used. 


| 
(33) 
ie (34) 
12 
where 19¢€ 
6 g* gt 120 } | g* | M.. (35) 
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As it does not follow from general considerations that the temperature dependence of the 
effective factor of spectroscopic splitting and of the constant of crystallographic anisotropy 
should he the same, investigation of magnetically uniaxed ferromagnetic materials can be made in 
temperature ranges where the constants of crystallographic anisotropy are either equal to zero or 


exceedingly small. 
In conclusion we should like to express our gratitude to 5.V. Vonsovskii for his constant 
interest in the work and for the valuable observations which he has made in discussing it. 


Translated by VY. Alford 
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THE MOTION OF A QUASI-PARTICLE WITH AN ARBITRARY DISPERSION LAW 
IN A WEAKLY HOMOGENEOUS MAGNETIC FIELD* 


V.M. NABUTORSKII and A.A. SLUTSKIN 
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The classic motion of a particle is studied with an arbitrary law of dispersion in a weakly 


homogeneous magnetic field. Eqn. of motion which allow for cross-drift have been deduced for 
the “orbit centre”. These eqn. have been integrated to the first approximation which is non- 
vanishing through the parameter of triviality. A number of particular cases have been analysed, 
including that of the quadratic anisotropic law of dispersion. A study has been made of motion 
on a “corrugated cylinder” type surface. It seems that at certain field configuration a particle 
vill complete an oscillatory movement in an r space. 


1. According to current ideas [1] quasi-particles 
with dispersion law e¢ = € (p) are conductivity car- 
riers in metals and semiconductors. Here energy 
€ (p) is a periodic function of quasi-impulse p with 
the parameters of the reciprocal lattice multiplied 
by 27h. The movement of a quasi-particle in a 
magnetic field is found from Lorents’s equation 


(1) 


Even ir a homogeneous magnetic field the substan- 
tial departure of the function from the isotropic law 
of dispersion leads to a number of peculiarities 

in the movement of a quasi-particle as compared with 
a free electron. For instance, the trajectory of a 
quasi-particle in momentum space may be open 

while on an isoenergetic surface with a saddle point 
trajectories will arise which intersect themselves 


If the magnetic field is non-homogeneous further 
peculiarities are caused in the movement of quasi- 
particles. In this work an investigation is made of 
movement in non-homogeneous magnetic fields, for 
which the inequality 


<L. (2) 


holds. Here R, is the characteristic curvature of the 
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trajectory in r-space. L is the distance at which 


there is a substantial variation in H (r). 
In a homogeneous magnetic field the movement of | 12 
a quasiparticle in momentum space takes place 
along a trajectory which is defined by the eauation 
€ (P) = & py = const,ant where py is the projection 
of a pulse in direction H. Where dH; /dx, = 0 only 
the energy of the particle will be preserved, py, 
will here be a function of time. Ine-wality (2) means 
that the actual motion may turn into rapid rotation 
defined by parameters H (R (t)) and Py (t)= Dy (t) 
and there will be a slow variation in these para- 
meters. The function R (t) determines the position 
of the “orbit centre”. In a homogeneous magnetic 
field R (t) = Tyt; Py = P y= const, where Vy is 
parallel to H. 


The asymptotic method of averaging [3] wa 
used to deduce the equations for R (t) and ?,, i). 
These equations will be studied for » ‘corrugated 
cylinder” type surface. It seems that if impulse 
Py (t) is not preserved, the periodicity of function 
e (p) will, with certain configurations of the magnetic 
field, also cause the particle to complete an oscil- 
latory movement in f-space. 

2. To investigate the movement of a quasi- 
particle in a weakly non-homogeneous magnetic 
field we will introduce an orthogonal curvilinear 
system of co-ordinates with the unit vectors 


12 
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e, = je, x 


Then the equations of motion in (1) will assume 


the form 


We will describe the position of a particle in 
momentum space by means of the following system 
of variables: ¢ is the energy of the particle (¢ is 
the motion integral); p,, is the projection of the 
impulse of the particle by e,,; the angular variable 
a which gives the position of the particle on a 
closed curve ¢ = const, py = const. We will select 
the variable aso that da=dp,/m*v, , wnere 

m* Py is the effective mass for the civen 
cross-section [1], dp, is the arc differential of the 
curve, v, =\ vi+v}. The a values were increased 
in the counterclockwise direction. 

Functions p (a, and v (a, py, are 
periodic through a@ with a period of 27. 

The reasonableness of this selection of variables 
can be seen by the fact that, in a homogeneous 
field, ¢ = const, py = const, da dt = elf */m*c., 
For a weakly non-homogeneous magnetic fie!d, using 
the variables ¢, px, and a we will expand ti¢ true 
motion by the averaged motion and ranid rotation. 
We will deduce e juations for a, p,,, «. To this end 
we will construct the first of equations (3) on vector 
lv i, V and 

Using the a determination and also the fact that 


dp, v,/v — dp, v/v, =dp,, we snall get 


mer | 


apy 

(vo )ey, 
Oy + ve 


2=const, 


t Variable a is related to angular variable t, which is 
usually used to study the motion of a quasi-particle 
in a magnetic field, by the simple relationship 
dt =m*c/eH da. 


where p = Py@y +P,, m* is effective mass. 
Eon. (4) were written in a form suitavile for 

using the asymptotic method of averagiag (3). Se 

will seek the solution to svstem (4) in the form 


r=R+ (A, R), 
Pay + 2(A, Py. 
+ 7, (A, P 7° 


Functions p, & 7 are periodic through A with a 
cycle 27 and they characterize the rapid vibration 
of the particle, while the “averaged” R, Py values 
define the “smooth part” of the motion. Here 
pravl, &€~v5(h=h/a, where is the parameter 
of the straicht lattice), y 27, v=Ry/L <1. 

According to the method of work used in (3), in 
the first non-vanishing approximation we shall 


from (4) obtain the following system of equations: 


where S (¢, Py, @,,) is the cross-sectional area, 

« = const, P;, = constant, the line above vy in- 
dicates averaging through a. Ihe contoured 
in tne first part of the second ecmation in svstem 


(5) has a simple ceometrical meaning 


It can be seen from the first equation in system 
(6) that movement takes place along the line of 
force of the magnetic field. Having introduced 
length / along the line of force the system (6) 
equations can, allowing for (7), be rewritten in the 


form* 


* As €= constant, S is only a function of the two 
variables Py and J. 


1] 
dp eH 
dr (3) 
(5) 
= (R) 
= 
— (@, Pp. —adpr.,, 
p.-" 
dt mee 
It can be shown that 


dS (Py, 1) 
dt 2nm*(Pyl) 
dt Inm* ol H (1) 


From the (8) system of equations it follows that 
d/dt (S/H) = 0, i.e. S/H is the integral of this 
system. Thu=, on the movement of a quasi-particle 
in a weakly non-homogeneous magnetic field the 
S/H value is an adiabatic invariant with precision 
up to terms of about ~ y’. 

The equation S/H = constant defines the implicit 
form of the dependence of / on P;,. Substituting the 
function / (P;,) in the second equation in system (8), 
for P,, we shall get a differential equation with 
divisible variables. 

Having integrated this equation we get 


(9) 


In the subsecuent approximation through y, the 
trajectory of the “orbit centre” will not coincide 


with the line of force of the magnetic field. The 
extent of this departure is determined by the rate of 


cross-drift: 
(piv (n 3 


vy (IP. en) (0) 


Qy] (v YH) — > eV) P| 


Here ris the unit vector o* the tangent to curve 

€ = constant, Py = Py; nis the unit vector of the 
normal; r={e xn]. The line indicates averaging 
througn a: X= X — 

As car de seen from (10) the rate of cross-drift 
is not only determined by the configuration of the 
field, but also by the geometry of the isoenergetic 
surface. (In the case where ¢ = p?/2m the rate of 
cross-drift will be ~ [H x V H]). 
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3. The formulae deduced in the preceding para- 
graph can be simplified for the case of quadratic 
anisotropy of the law of dispersion | 


> 
Py» P2) = Pi + pi + 


+ Pa PH + PH): 
Unit vector e, and e, are chosen parallel to the 
main axis of the ellipse obtained in the cross-section 
constant, P =constant, and therefore 0. In 
this case the rate of “average” motion will be deter- 


mined by dH;/dx, and the angles between the 
magnetic field and the main axes of the tensor of 


the reciprocal masses. 
In this case system (8) will be transformed into 


the following system of equations: 


dl = Py m* wy (11) 
dt M dt 9nm* dt H 


Here M = m,m,m,/m*? (1/m; are the chief values of 
the tensor of reciprocal mass), w= P? /2Mis 
the analogue of “transverse” energy (S oa w), 
Pi,/2M is the analogue of “longitudinal” energy in 
the isotropic law of dispersion. 

The equation for cross-drift (10) has the form: 


Ay Of 
+ 71 ie Bil 
i Mal (12) 
+H 
Vector 
H H — Fx + Pury 
Be 


defines the position of the centre of the ellipse 
obtained when surface ¢ = constant intersects 
plane P;, = constant. The values 


n,and Oh, = P, [ex XP! 


are tensors. In the system of co-ordinates 


Cus 


12 
Pr 
je 
| VO) 
he 
— 
el \ H } 
H 
— 
+ [p | 
on m* len OPy| al 
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the remaining components A,, and r;n, in this 
system of co-ordinates are equal to 0. 

4. Let us consider motion on an isoenergetic 
surface of the “corrugated cylinder type” in a non- 
homogeneous magnetic field which has the direct 
line of force r =f, + ler, (see Fig. 1). 

Let 8 the angle between e°, and the axis of the 
“corrugated cylinder” be less than 90° so that the 
sections of the surface perpendicular to e?, will 
be closed. If the initial moment a particle was at a 
distance « L from the direct line of force, then the 
rate of averaging of the movement will in a zero 
approximation be parallel to . 

To investigate the motion we will make use of 
the fact that S/H is the integral of motion. As 
S (P1,) is periodic through P;, (with b cos 8), then 
it follows from the equation S (P;,/H (1) = const 
that / (P;,) is a periodic function with the same 
period. If the equation S (P,)/H (2) = S(P 7)/H (Lo) 
is the actual solution for all Py, then, as it is easy 
to see, motion in r-space will be periodic. The 
period of this movement will be found from the 
equation (9) 


The boundaries of motion in r-space will be found 


from equations: 


H 
H(h) = Saigi (14) 


where S_;, and S,,,, are the extremal sectors of the 
surface of a “corrugated cylinder”. Calculations 
for the cycle of motion I’ and of amplitude 


B = (1, — give 


Cross-drift will cause the particles to deviate from 
the direct line of force. For cycle I the extent of 


FIG. 1. Movement of a quasi-particle with an 
arbitrary law of dispersion in a weakly 
non-homogeneous magnetic field. 


this deviation will be R,. As R, « L, then for 
angles not too close to 90°, the influence of 
cross-drift can be neglected. For this effect to be 
revealed in a metal the conditions L « A would 
have to be satisfied, where A is the free path 
length. Assuming that A ~ 10°! cm it is easy to 
find (allowing for inequality (2)) that H should be 
of the order of 10° oersted, L ~ 107? cm. 

In conclusion the authors consider it their 
pleasant duty to express their thanks to 
I.M. Lifshits for his constant attention and 
valuable advice. 


Translated by V. Alford 
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HYDROGEN EMBRITTLEMENT IN ALLOYS OF IRON WITH CHROMIUM AND ITS 
DEPENDENCE ON THE TEMPERATURE AND RATE OF TESTING* 
V.A. YAGUNOVA and K.V. POPOV 


East Siberian Branch of the Academy of Sciences U.S.S.R. 
(Received 9 May 1960) 


An investigation has been made of the temperature and rate dependence of the cross-sectional 
reduction of area in alloys of iron with 0.5 to 5% chromium in temperature ranges from — 196 to 
+ 20° and four rates of extension from 200 to 0.045 mm/min. The temperature minimum for ductility 
has been found, which is displaced when the rate of deformation is changed. The existence of the 
minimum is attributed to the formation of additional obstacles to slip which are stable in this 
temperature range, in the form of stationary dislocations filled with an atm of hydrogen atoms. 


The absorption of hydrogen by iron and its alloys 
causes a reduction in the ductility of the metal. The 
extent of the embrittlement is known [1-3, 6] to be 
dependent on rate and temperature of testing. There 
is also some indication of the existence of a temper- 
ature minimum for ductility, which is connected with 
the influence of the solute hydrogen [1, 6]. However, 
no satisfactory explanation for the non-monotonic 
dependence of ductility on temperature has been 
suggested. 

The increasingly embrittling action of hydrogen 
with elevation of temperature and reduction of the 
rate of deformation is either accounted for from the 
point of view of the hypothesis of internal pressures 
which arise ix microhollows as a resu!t of the 
directed diffusion of hydrogen during plastic deform- 
ation [3, 10, 14], or by the hypothesis of the activa- 
tion of surface adsorbable hydrogen which reduces 
the surface energy and facilitates the propagation of 
a crack (12, 16]. The temperature minimum for the 
ductility of alloys containing hydrogen in solid 
solution cannot be explained on the basis of these 
hypotheses. 

The present work is an attempt to explain the 
reason for the monotonic dependence of the ductility 
of a hydrogenized metal on testing temperature. 

According to current ideas the degree of hydivgen 
embrittlement is to a very considerable degree 
determined by the rate of hydrogen diffusion. 
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Besides changing the temperature therefore, yet 
another method was used to influence the effect of 
temperature. Alloys of iron were selected for the 
investigation with different chromium concn. vary- 
ing from 0,5 to 5%. Chromium was chosen as the 
alloying agent as it causes a substantial reduction 
in the rate of hydrogen diffusion in iron [8, 11, 17]. 
The specimens for the mechanical test were 3 mm 
in dia. with a test length of 15 mm, and were 
produced from forged bars. The bars first under- 
went an anneal in order to produce roughly the same 


grain size in both alloys. Ductility was assessed 
from the cross-sectional reduction of area during 
a tensile test in the temperature range from + 20 
to — 196° at rates of deformation from 200 to 

0.045 mm/min. The specimens were hydrogenized 


electrolytically in a molar solution of sulphuric 
acid with 3 mg/I of sodium arsenite as the acceler- 
ating agent. The anode was a platinum spiral the 
current density of which was 0.007 A/cm?. The 
hydrogenation took 2 hr. This was the time 
required te reach maximum saturation under these 
conditions. 

Before testing, the hydrogenized specimens were 
held in air for 2 hr to reduce to a minimum the 
scatter in the figures for reduction of area. After this 
period the hydrogen concn. of the specimens was 
found by heating them in a vacuum at 600° and the 
resulting figure was around 2 ml/100¢g. If the holding 
time was increased from 2 to 6 hr no further change 
in properties arose. On the basis of these experi- 
ments it was assumed that no spontaneous changes 
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in the properties of the specimen would take place 
during the testing time which, even at the lowest 
rate of extension, did not exceed 3-4 hr. 

The extension of the specimens at temperatures 
up to — 120° was carried out in gasolene or propy! 
alcohol cooled by solid carbonic acid or li id 
nitroven. At — 196° the specimens were tested in 


2a 


50 


1. Dependence of percentage reduction of area on 
temperature at a strain rate of 200 mm/min. 
1 — 0.5 % Cr; 2—5% Cr; 
a — without and 6 — with hydrogen. 


liquid nitrogen. The intermediate temperatures were 
produced in a closed vas chamber over evaporatin 
licuid nitroven. 

It can be seen from Figs. | to 4 that the reduction 
in area of hydrogenized specimens is lower than 
that of unhydrogenized ones in the whole range of 
temperatures investizated. peculiarity of the 
temperature dependence of the ductility of hydro- 
genized specimens is the ductility minimum, which 
is more clearly expressed at low rates of ueforma- 
tion. At — 196° (Figs. 2 and 4) cold shortness is 
observed. Indication of this is given by the sudden 
drop in plasticity both in the hydrogenized and 
unhydrogenized specimens. In the hydrogenized 
alloy with 5% chromium the cold shortness threshold 
occurs at a higher temperature than in an alloy with 
0.5% chromium. When the rate of deformation is 
reduced the ductility minimum occurs at lower tem- 
peratures. Chromium did not appear to have anv 
effect on hydrogen embrittlement of iron alloys at 
high rates of deformation (Figs. 1 and 2). At low 
rates of deformation the alloy with 5% chromium 
became more brittle than the one with 0.5%. This 
difference became more noticeable as the strain 


rate was reduced. 

The experimental! results presented in Figs. 1 to 
4 do not exclude the possibility that restoration of 
ductility at temperatures above the minimum mav 
occur as a result of the liberation of hydrozen under 


FIG. 2. The same as Fig. 1 at 
a train rate of 20 mm/min. 


the influence of plastic deformation. [here are 
published data available (18! which indicate that 
piastic feformation will increase the rate of diffus- 
ion of hydrocen in iron. To caeck this proposition 
the hydrogen concn. in the specimens was deter- 
mined after fracture at room temperature. [he rate 
of deformation chosen was the minimum and test- 
ing time was about 3 hr. [he hydrogen conen. in 
these specimens hardly altered at all during the 
test. 

Restoration of ductility with elevation of temper- 
ature is observed from (—100°) to (—60°). Under 
these conditions hydrogen can no lon-er be liber- 
ated from the metal during deformation. [he restor- 
ation of ductility with elevation of temperature 
after the minimum cannot therefore be attributed to 
the liberation of hydrogen. 

Videspread theories of hydrogen embrittlement do 
provide a satisfactory explanation for the descend- 
ing branch of the temperature dependence curve of 
ductility in hydrogenized alloys. However the 
ascending curve cannot be explained by means of 
these theories. We therefore tried to study the 
temperature dependence found for the ductility of 


hydrogenized specimens from the point of view of 
the dislocation theorv of plastic deformation. 

Jue to the interaction of hydrogen atoms with the 
fields of force of dislocations around the latter. 
what are known as “Cottrell atmospheres” are 
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formed. These are accumulations of solute atoms 
[4]. It is difficult for a dislocation surrounded by 


such an atmosphere to move. Under certain condi- 
tions this kind of dislocation will become a further 


la a 
2a 


0 


FIG. 3. The same as Fig. 1 at a strain rate of 
0.6 mm/min. 


static obstacle to the movement of other free dis- 
locations. The time required for the formation of an 


atmosphere [7] can be found from the formula 


AD ‘) (1) 


where k is Boltzmann’s constant; 7 is absolute 
temperature; N/N, is the extent to which the atmos- 
phere is filled; n, is the concn. of the solution; 
Ais the minimum interplanar distance in the crystal 
lattice; D is the diffusion coefficient. The A value 
is found [7] from the formula 


3x2 


where v is Poisson’s ratio andis equal to 0.28; 

G is the modulus of elasticity in shear which, for 
iron, is 7.2 x 10** dyne/cm?; V is the vol. change in 
the primitive cell caused by solution of the hydro- 
gen. 

AV, the vol. change which occurs when hydrogen 
is introduced into the lattice was found by a dilato- 
meter experiment which consisted in observation of 
the change in the length of hydrogenized specimens 
during the reverse diffusion of hydrogen at room 
‘temperature. A simple dilatometer was used with 
direct readings [9] and the specimens were 100 mm 
long. 

Witk a hydrogen content of around 2 ml/100¢ the 
change of length on removal of the hydrogen was 
within the limits of precision of measurement. The 
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FIG. 4. The same as Fig. 1 at a strain rate of 
0.045 mm/min. 


change of length was therefore measured on an 
alloy containing 6 and 16 ml of hydrogen per 100g 
of metal. From the resulting straight line, which 
passed through the origin, the lattice distortion 
under the influence of a solution of 2 ml of hydrogen 
per 100g of metal was determined. It was approxi- 
mately 3 x 107° A. This is in agreement with data 
produced by Wever and Pfarr [19], who studied the 
changes in the lattice parameter of iron under the 
influence of solute hydrogen, using the method of 
X-ray diffraction analysis. Using published figures 
regarding the changes in the lattice on the dissolu- 
tion of hydrogen [19], and the results described 
above and extrapolated to n’/n = 0.5 where n’is 
the number of solute hydrogen atoms in a crystal 
with n iron atoms [7], we find that the vol. change 
in the unit cell of iron due to the introduction of 
hydrogen atoms will be AV = 0.3 x 10°?9 cm’. 

This makes the A value 10°?° dyne/cm?. It can be 
seen from (1) that when the temperature is in- 
creased the time for the formation of the atmosphere 
will be reduced with a consequent increase in the 
number of captured and halted hydrogen atoms from 
the dislocations, which then turn into static 
obstacles to slip. As a result of this process ducti- 
lity should be reduced. To explain the existence of 
the ductility minimum it must be assumed that, on 
reaching a certain temperature, processes take 
place which cause a reduction in the number of 
halted dislocations, the number of obstacles to 
slip becomes less, and ductility will increase once 
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TABLE 1. iemperature dependence of some of the parameters of an alloy of iron with 0.5% Cr 


formation of an 
atmosphere 


Temperature 


&x 107" 
4x 10) 

1079 


—) 


Time taken for the ‘Average life of 


Energy of thermal 
movement 
ergs 


atmosphere 


sec | 
' 


10 


107? y x 
176 1.2x107!4 


10777 2x 


more with subsequent elevation of temperature. The 
maximum number of obstacles should correspond to 
the temperature minimum for ductility Ty. 

Let us assume that the reduction in the number of 
obstacles, and consequently increase in the plasti- 
city of hydrogenized specimens with increase in 
temperature, is due to the diffusion of a hydrogen 
cloud surrounding dislocations. To find the 
“sessile” life of a hydrogen atom in the field of a 
dislocation we will use formula [5] 


aT 


where U is the bonding energy of a solute atom with 
a dislocation, and E is the activation energy for 
the transfer of an atom to a neighbouring equilibrium 
position; 7, is the free oscillating period of an atom. 
For most metals the period of free oscillations 
lies in the range 10°'? to 10°** sec. For hydrogen 
we will assume that 7) is 10°** sec. The activation 
energy will be assumed to be 10* cal/mol (3, 13], 
assuming that in iron and an alloy of iron with 
0.5% Cr the E values should be roughly the same. 
We will assume that the bonding energy of a hydro- 
gen atom with a dislocation is 5 x 10°’? ergs. 
Table 1 sets out the calc. ¢ and 7 values at dif- 


ferent temperatures*. Comparing these results it 
can be seen that the stability of the cloud is 


reduced as the temperature becomes higher. At tem- 
peratures above 300°C the time required for the 
formation of the atmosphere is greater than the 


* The following values were accepted:- N/N, = 0.1 
[7], no = 2 ml/100g = 8 x 10° cm™3 A= 2.5 x 107% cm. 
Diffusion coefficient of hydrogen in St. 20 at room 
temperature is 2.3 x 10°° cm?/sec [10]. As the penetra- 
tion rate of hyarogen through a disc of St. 20 is the 
same as for iron with 0 5% Cr{11), then, for a rough 
estimate of the diffusion coefficient of hydrogen we 


average duration of its existence. At these teinpera- 
tures therefore, no cloud of hydrogen atoms can 
exist. it is not very likely that clouds are scattered 
at room temperature as the time required for the 
formation of an atmosphere is half the period of 

its existence. The stability of the hydrogen clouds 
can also be found by comparing the energy of the 
interaction of a hydrogen atom with a dislocation 

(5 x 10°** ergs) with that of thermal motion (see 
Table 1). This comparison will also indicate that 
scattering of the hydrogen cloud as a result of 
thermal movement may be possible at temperatures 
around 300°C. The conclusion can thus be drawn 
that the recovery of ductility with increased tem- 
perature which is observed experimentally, cannot 
be attributed to the dispersion of the cloud. 

The suggestion can be put forward, that at 
certain temperatures and rates of deformation the 
previously halted dislocations are able to move 
together with their surrounding clouds of hydrogen 
atoms. The temperature Ty at which the hydrogen 
cloud is able to start moving behind the disloca- 
tion, which means that the latter ceases to be an 
obstacle to slip, can be found in the following 
way. The critical rate of dislocation v,, i.e. the 
maximum rate at which the cloud can move together 
with the dislocation, is known [4] to be defined by 
formula v, = 4DkT/A. The rate of deformation at 
which the process of slip can take place by the 
movement of dislocations together with clouds of 
extraneous atoms, is found [4] by equation 
Vy = v, 96, which can be written 


can, for our purposes, use the same figure. 
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4D ge 5 
Uy = A (3) 
-70 


where p is the density of dislocations; 6 is the 

Burgers vector. “60 1 3? 
Transforming equation (3) with some simplifica- 

tions we get 


(4) 


5x 10-872 + (4.35 — In =0. v, mm/min 


\ 


4 FIG. 5. Dependence of temperature 7,, on rate of 
We will now solve equation (4) with reference to an ‘ peronteas M 


alloy with 0.5% chromium. We will calculate the 1 — theoretical curve: 2 — experimental curve. 
diffusion constant D, from the formula for the diffus- 
ion coefficient 


(5) of additional barriers to the movement of disloca- 
tions. These barriers are sessile dislocations 
which have been stopped by clouds of hydrogen 
atoms. Disappearance of the barriers may be the 
result of the displacement of previously stopped 
dislocations together with their surrounding hydro- 
gen clouds. 


D = 


Now we will calculate 7,, for the four rates in- 
vestigated: 0.045; 0.6; 20 and 200 mm/min. From 
the results we plot the curve for the dependence 
of minimal temperature at which the hydrogen cloud 
can move together with a dislocation, on the rate 
of deformation (Fig. 5, curve 1). Curve 2 shows 
the rate dependence of the temperature minimum 
of ductility 7, and is plotted from the results of the 
experiments (Figs. 1 to 4). 


Translated by V. Alford 
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INVESTIGATION OF MAGNETICALLY SOFT POWDER METAL ALLOYS 


IN THE Fe-Si 


SYSTEM * 


G.I. AKSENOV and Yu.P. ORE KHOV 
Kuibyshev Aviation Institute 
(Received 16 September 1960) 


Investigation has been made of the influence of Si, specific compacting pressure and sintering 
temperature on the magnetic properties of powder metal ferrosilicon alloys obtained with long sinter- 
ing in a reducing atmosphere. The properties of an alloy of optimal composition are compared with 
those of other magnetically soft alloys of the Fe-Si system. 


At the present time, besides the electrical engine- 
ering steels and ferronickel alloys of the Permalloy 
type, ever-increasing use, as magnetically soft 
materials, is being made of porous metals obtained 
by the powder metallurgy method. This is due to the 
considerable advantages in the production technology 
of powder metallurgy over the other methods of 


producing component parts. 

Powder metallurgy materials are being used in 
the production of magnetic core working in variable 
h.f. fields (magneto-dielectrics) and in component 
fields. The use of powder metallurgy materials for 
the production of magnetic core working in strong 
variable low frequency fields of the order of 50 c/s 
is limited due to lack of the required combination 
of higher magnetic properties with low specific 
hysteresis and eddy current losses in the known 
materials. In this connexion considerable current 
importance attaches to works which have the aim 
of finding new magnetically soft materials with 
this combination of properties. 

From the point of view of economy in the produc- 
tion of component parts the greatest practical 
interest attaches to powder metal alloys of the 
Fe-Si system. Investigation of these alloys is receiv- 
ing considerable attention both in this country and 


abroad [1]. 
PROCEDURE 


Several powder mixtures were used for the experi- 


* Fiz. metal. metalloved., 12, No. 2, 183-187, 1961. 


ment with the silicon concn. varying from 0 to 10%. 
Starting powders for the mixture were reduced iron 
powder type AS and ferrosilicon powder Si75 
produced by grinding in a ball mill. At specific 
pressures of 5, 10 and 15 tons/cm? annular speci- 
mens were compacted from these mixtures and were 
then sintered in an atmosphere of dissociated 
ammonia at 1000, 1100, 1200 and 1300°C for 20 hr. 
A tubular furnace was used with a molybdenum 
crucible, also in a reducing atmosphere. The spe- 
cimens for sintering were put into the zone of the 
main chamber of the furnace with a temperature 
eradient of not more than + 20°C. Fig. 1 shows the 
dependence on sintering temperature and specific 
compacting pressure of the percentage porosity of 
sintered specimens of the alloy containing 6.5% Si. 
The cross-section of the specimen was determined 
without calculating the area of the pores. 

The magnetic properties of the sintered specimens 
were determined by the ballistic method using an 
apparatus assembled in the usual way [6]. Using 
the commutation method magnetic induction was 
determined for each specimen in the range of 
magnetic field strength from 0.05 to 100 A/cm. The 
The basic induction curves were plotted from the 
resulting data and permeability curves after con- 
verting these figures, and coercive force was also 


calc, 
RESULTS 


The magnetic measurements of the specimens 
indicate a wide range of variations in the magnetic 
properties of powder metai alloys obtained under 
different conditions in all the chemical compositions 


12 
1961 


Powder metal alloys in the Fe-Si system 


tons /cm? 
on 


10 tons/cn* 


25 


15 tons/crm? 
20 


| 
| 


Porosity, % 


1000 00 1200 1300 
Sintering temperature, °C 


FIG. 1. Influence of sintering temperature and specific 

compacting pressure on the percentage porosity of an 

alloy with 6.5% Si produced by a 20 hr sintering in an 
atmosphere of dissociated ammonia. 
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FIG. 3. Dependence of the magnetic properties of an 
alloy with 6.5% Si sintered at 1300°C, on specific 
compacting pressure. 


investigated, and particularly where the Si concn. 
is 5-8 % for magnetic induction B wo, from 2700 to 
18,600 G; for maximum permeability, from 150 to 
11,400 G/oersted; and for coercive force, from 
9.0 to 0.42 oersted. 

Si conen. has a considerable influence on the 
magnetic properties of powder metal alloys. If the 
Si concn. is increased from 0 to 10% there is @ 
reduction of from 20 to 65% in the magnetic induc- 
tion of the alloys, depending on the conditions of 
production. Maximum permeability varies in depend- 
ence on Si content along a curve with a maximum 
whose height and position varies considerably at 


| G Gfeersted 
18000; 6000, 
/6000F 5000; 


14000 h—, 


yen 3000 


1000 
B00 2000 


600G420 


versted 


FIG. 2. Influence of Si content on magnetic properties 
of alloys produced at specific pressures of 
10 tons/cm? and sintering temperatures of 


1200°C. 
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FIG. 4. Dependence of the magnetic properties of an 
alloy with 6.5% Si produced at specific compacting 
pressure on 15 tons/cm’, on sintering temperature. 


different compacting pressures and sintering 
temperatures. Depending on the conditions of pro- 
duction of the alloys maximum permeability occurs 
at a Si content of from 5 to 8%. With a fairly low 
Si concn. (3-5%) some reduction in maximum per 
meability is observed in the alloys over that of 
pure powder metal iron. Coercive force varies in 
dependence on Si concn. along a curve with a 
minimum in the same range of concn. as the max- 
imum of nermeability (5-8 %). In most cases varia- 
tion in Si concn. from 0 to 5 % did not cause any 
substantial change in coercive force. As an 
example Fig. 2 shows the dependence of the 
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FIG. 5. Dependence of maximum permeability of alloys on Si content and 
sintering temperature under a specific compacting pressure of 
15 tons/cm?* 


magnetic properties of powder metal alloys on Si 
content, characteristic for high compacting pres- 
sures and sintering temperatures. When compacting 
pressure and sintering temperature are increased 
there is an improvement in the magnetic properties. 
Sintering temperature has a particularly great influ- 
ence on properties. In most cases on transferring 
from the low temperature zone (1000-1100°C) to the 
high temperature one (1200-1300°C) there is an 
abrupt and considerable improvement of properties 
which is evidence of the qualitatively different 
processes which are going on in the material on 
sintering in these temperature zones. 

Figs. 3 and 4 show typical dependence of mag- 
netic properties on specific compacting pressure 
and sintering temperature for an alloy with 6.5 % Si, 
and Fig. 5 shows the dependence of maximum 
permeability on Si content and sintering temperature. 

The conformity found for the increase in all the 
magnetic properties of the alloys with increase of 
sintering temperature and compacting pressure is 
attributed to the increase in the area of metallic 
contact of the powder particles and increased rate 
of diffusion, which causes an improvement in the 
structure of the material due to the fact that, at the 
sintering time in question, such processes as the 
the formation of a Si solid solution in a-Fe, refining 
of the alloys from undesirable impurities (C, N etc.), 
grain growth, pore spheroidization etc. are brought 


to a further stage of completion. 

The influence of the Si concn. of powder metal 
alloys on their magnetic properties depends on the 
consitution. If the Si is in the form of undissolved 
impurities (at low compacting pressures and sinter- 
ing temperatures), it will break up the uniformity 
of the material and as a result, will cause a deter 
ioration of its magnetic properties. Where the Si 
forms a solid solution with the a-Fe, as occurs 
under high compacting pressures and sintering 
temperatures, its effect is different on different 
properties, particularly in the 5-8% Si zone where 
is a continuous deterioration of one property 
(reduced magnetic induction in fields of force ) and 
an abrupt improvement in the two other properties 
(maximum permeability increases and coercive 
force diminishes). 

The dependence of py on Si content for powder 
metal ferrosilicon alloys compacted at high specific 
pressures with prolonged high temperature sinter- 
ing has the same maximum as for ferrosilicon 
alloys at room temperature [5] but it differs in that 
there is a slight reduction in py if the Si content is 
increased to 3-5%. This is very different from the 
dependence obtained if the figures in [2] for the 
influence of Si on py silicon ferrite are used: 
no abrupt increase in py is observed in powder 
metal alloys with a concn. of 2.5%, as was found for 


ferrosilicon compacts. The dependence of 
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TABLE 1. Properties of some magnetically soft materials 


Material 


Powder metal alloy 
Fe-Si (6.5 % Si, rest Fe) 
Powder metal alloy 


(5.5 % Si, rest Fe) 
Elect. eng. steel 


Magnetic properties 
G/oersted 


oersted 


permeability on Si concn. in powder metal alloys 
produced at high compacting pressures and sinter- 
ing temperatures is analogous to the welJ-known 


dependence of permeability on Si content in ferro- 
nickel alloys [3, 4]. The only difference is in the 
absolute height of the maxima and the correspond- 
ing concn. of solute elements. 

By analogy with compacted ferrosilicon and 
ferronickel alloys the maximum for the py depend- 
ence (% Si) can be attributed to the sharp reduction 
in magnetostriction which occurs at a Si content 
of 6.5 %. 

The investigations have shown that the best 
combination of properties is possessed by powder 
metal alloys with 5-8 % Si. “he alloy with the best 
magnetic propert:es is that with 6.5 % Si 
produced at a pressure of 15 tons/cm? and a sinter- 
ing temperature of 1300°C. The properties of this 
alloy are set out in Table 1 for comparison with 
other magnetically soft materials. 


CONCLUSIONS 


Powder metal alloys on the Fe-Si system have a 
wide range of magnetic properties. The best com- 
bination of magnetic properties is possessed by the 
alloy with 6.5 % Si produced at a specific pressure 
of 15 tons/cm? with 20 hr sintering at 1300°C. The 
magnetic properties of this alloy are better than 
those of the well-known powder metal alloys on the 
Fe-si system; in permeability and coercive force 
the alloy is also better than the electrical engineer- 
ing steel E21 but its magnetic induction in perm- 
anent high strength fields is not quite so good. 

It is not possible to draw any conclusions regard- 
ing the possibility of substituting this alloy for 


electrical engineering sheet in the production of 
magnetic cores working in variable magnetic 
fields until figures have been produced on specific 


losses. 


Translated bv V. Alford 
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TEMPERATURE HYSTERESES OF MAGNETIZATION AND MAGNETOSTRICTION 
IN NICKEL. * 
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A study has been made of the temperature hystereses of magnetization and magnetostriction in 
different magnetic fields under a heating-cooling cycle in the temperature range from 20 to 400°C. 
The maxima of these hystereses have been found in the range of fields from 1 to 10 oersteds. 


The changes in the magnetization and magneto- 
striction of a ferromagnetic specimen in a weak 
permanent magnetic field with cyclic variation of 
temperature, are irreversible. These effects are 
known as temperature magnetic hystereses (TMH) 
and temperature hysteresis of magnetostriction 
(THM). 

The first indication of the presence of TMH was 
given in the book by Ashworth [1] where it is in- 
dicated that the temperature curves of magnetization 
are, in weak magnetic fields, to a considerable 
degree dependent on the direction of the temperature 
gradient (heating and cooling). This phenomenon 
has to date been quite closely studied on a number 
of polycrystalline ferromagnetic materials [2-6]. 
The relative TMH value has been found to be great- 
est in weak fields and in specimens with a low 
demagnetizing factor. [t has also been found that 
the effect is due both to the reversible and irrevers- 
ible migrations of domain boundaries. 

In recent times investigation has been made [7] 
of the dependence of TMH on the magnitude of the 
external mechanical stresses in nickel and perm- 
alloy and it has been found that homogeneous 
stresses (compression, tension) which do not 
exceed yield point, will always cause a reduction 
in TMH. 

The temperature hysteresis of magnetostriction 
has not been sufficiently studied to date [8, 9]. It 
is different in character from TMH. This is because 


* Fiz. metal. metalloved., 12, No. 2, 188-192, 19€1. 


the hysteresis effects of magnetization are caused 
both by the 180° and 90° boundary displacements, 
while magnetostriction effects are not connected 
with 180° boundary displacements and TMH there- 
fore is only caused by irreversible 90° displace- 
ments of the boundaries. There is no doubt that it 
would be interesting to investigate this phenomenon 
together with that of the temperature magnetic 
hysteresis as, despite the difference in their nature, 
they are observed in exactly the same range of 
fields and are governed by qualitatively the same 
laws. All this undoubtedly assists a deeper discri- 
mination between these two effects. 

In the present work an experimental investigation 
has been made of temperature magnetic hysteresis 
and the temperature hysteresis of magnetostriction 
through a cycie A (heating-cooling) in different 
fields and in a temperature range from + 20 to 
+ 400°C using a nickel specimen. 


PROCEDURE 


The investigations were carried out on the 
apparatus shown in Fig. 1 by means of which 
simultaneous measurements can be made of the 
intensity of magnetization and of the magnetostric- 
tion of the specimen in the given range of tempera- 
tures. Magnetization was measured by means of a 
vertical astatic magnetometer 1, the coil of which 
had two independent windings — a magnetizing 2 
and a compensating one 3, to compensate the 
vertical component of the earth and other parasitic 
fields. A cooling water-jacket is fitted in one of the 


Hystereses in nickel 


coils 4. The magnetostriction measurements were 
made by means of a specially constructed apprratus 
which worked on the mechanical-optical lever prin- 
ciple with compensation for the thermal expansion 
of the specimen. The specimen 5 with compensating 
rod 6 was placed inside quartz tube 7, over which 
the heating furnace & was mounted. The magneto- 
striction variations in the length of the specimen 
were transmitted by means of a thin quartz rod 9 
through an agate prism 10, attached to the end of 
this rod, to a light lever 11 which, in its tum, was 
connected to the compensating rod 6 through agate 
prism 12 and quartz rod 13. At the end of the long 
arm of the lever 1] (17.5 cm) rests the leg of the 
mirror holder 14, the second leg of which rests on 
a fixed platform. The disbalancing of the lever as 
a result of magnetostriction causes a change in the 
gradient of the mirror with a resultant deflection of 
the light spot on the reading scale. To exclude 

the influence of mechanical shaking and vibration 
shock absorber 15 is used. 

With a magnetostriction of this type, waich has 
considerable sensitivity (0.28 x 10°’) the magneto- 
striction zero can be fixed at constant temperature, 
repeated measurements can be made and the demag- 
netization of the specimen can be used for com- 
mutating the d.c. with changeover to a.c. with an 
amplitude dying down to zero. 

The temperature hysteresis of magnetostriction 
was measured on the hasis of the experimentally 
established and repeatedly verified fact that the 
length of a specimen will vary exactly the same on 
magnetization and demagnetization. Thus the varia- 
tion in the length of the specimen on isothermal 
demagnetization from the state achieved by heating 
or cooling in the field could be used as the mag- 
netostrictive variation in length. 

In view of the practical impossibility of compens- 


ating directly for thermal expansion, magnetostriction 


curves were obtained from points in the whole 
range of temperatures investigated. The points 
obtained on the heating branch corresponding to the 
given temperature showed a level sequence. After 
the specimen had been demagnetized by the method 
which has already been described, the permanent 
magnetic field was switched off and the specimen 
was heated to the temperature in question. When 
the temperature had been established the position 
of the light spot was fixed on the scale with the 
field switched on. Then the specimen was demag~ 
netized and a scale reading was taken with the 


S 


/ 


. lL. Apparatus for simultaneous measurement of 
magnetization and magnetostriction. 


field switched off. The difference in the readings 
defines the magnetostriction of the specimen at 
the teinperature in question on the heating leg. The 
points on the cooling leg were obtained in the 
same way, the only difference being that the se- 
quence of these operations began from the state of 
the specimen at a temperature above Curie point 
and was carried to a lower temperature. 
Temperature magnetic hysteresis was measured 
simultaneously with the temperature hysteresis 
of magnetostriction, also in the heating-cooling 
cycle. The magnetization and magnetostriction of 
the specimen were taken through every 6-8°. The 
whole cycle of measurements was carried out on a 
cylindrical specimen of electrolytic nickel 
99.98 % pure, 250 mm long and 2.18 mm in dia. To 
remove internal stresses the specimen underwent 
a long high temperature vacuum anneal at 1000° 
before measurement, with subsequent slow cooling 


in amagnetic shield. 


RESULTS AND ANALYSIS 


The investigation of [MH and THM in nickel was 
carried out while the specimen was passing through 
a temperature cycle (heating-cooling) from minimum 
(20° in all measurements) to maximum, which was 
400°. As an example Fig. 2 shows curves for the 
variation in magnetization, and Fig. 3 shows the 
variation in magnetostriction with cyclic variation 
of temperature in permanent magnetic fields: 
0.0195, 0.65, 2.60 and 9.0 oersted. In the field of 
0.0195 oersted no sign of magnetostriction could be 
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200 300 


FIG. 2. Temperature magnetic hysteresis of nickel in 
fields: 
1- 1 — 0.0195 oersted; 2-2 — 0.65 oersted; 
3-3— 2.60 o0ersted; 4-4 — 9.00 persted. 


established either in the process of heating or cool- 
ing. Magnetization on the other hand, appeared very 


clearly in this field (curve ]-/ Fig. 2). 
In all cases as temperature increased there was 
at first a slight increase in magnetization, and then, 


as Curie point was approached, a sharp drop to zero. 


The cooling !eg lies above the heating leg. 

Current theory regarding the technical curve of 
magnetization [10} gives the following explanation 
for the variation in magnetization described above. 
In weak fields, in the zone of displacement proces- 
ses, the vanation in the energy of a magnetic field 
may cause the equilibrium conditions of the domain 
boundaries to be broken and at the same time, 
reversible or irreversible displacement of these 
boundaries. As a result of these processes TMH 
appears. When the temperature of the specimen is 
varied the equilibrium conditions of its magnetic 
structure are destroyed as a result of variation in 
spontaneous magnetization /, (7), the magnetic 
anisotropy constant K (7), magnetostriction A, (7), 
intemal stress o; etc. Thus, when the temperature 
is elevated the weak field induces reversible and 
non-reversible displacement of the boundaries 
from the old, metastable, to new stable equilibrium 
positions. This also causes increased magnetiza- 
tion. 

On cooling from a temperature above Curie point, 


FIG. 3. Temperature hysteresis of magnetostriction in 
nickel in fields: 
2-2 — 0.65 oersted; 3-3 — 2.60 oersted; 
4-4 — 9.00 oersted. 


the weak magnetic field, which influences the form- 
ation of domain structure, may also cause boundary 
displacement from the metastable states, as a 
cesult of which there will be an increase in the 
resultant intensity of magnetization, as can be 
seen in Fig. 2, where the cooling leg always 
passes above the heating one. Analogous is the 
emergence of THM but, as has been shown above, 
this form of hysteresis is only due to 90° bound- 
ary displacement. 

In Figs. 2 and 3 it can also be seen that in weak 
fields the heating legs of the magnetization and 
magnetostriction curves have maxima which become 
lower as the field increases. The appearance of 
these maxima and their displacement may be attri- 
buted to the temperature dependence of magnetiza- 
tion and magnetic anisotropy. The measurements 
showed that the variation in magnetization 
Al =1 —I, and magnetostriction AA=A—A, asa 
result of cyclic temperature variations, became 
greater as the field increased, reaching a maximum 
in a field of around 1.3 oersted for magnetization 
and 5 oersted for magnetostriction (Fig. 4) and 
dying away to zero at fields of around 40 oersted. 

The different maxima for TMH and THM is of 
course, due to the fact that the first form of 
hysteresis is caused both by 180° and 90° displace- 
ments, while with THM it is only due to 90° 
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displacements. As the second form of displacement 
starts in mach stronger fields the THM maximum 
will appear somewhat earlier than the TMH one. 

It can be seen from Fig. 5 that the relative TMH 
value Al/I, and THM value AA/A die away as 
magnetic field increases and become insignificant 
at fields of around 6-10 oersted. If the hysteresis 
effects obseverd are assessed from the size of the 


AA x 
200; J 


/0 


H, cersted 


FIG. 5. Relative changes in magnetization (1) and 
magnetostriction (2) in nickel after passing through 
a heating-cooling temperature cycle, and their 


FIG. 4. Dependence of TMH (1) and THM (2) in nickel 
on the magnitude of external magnetic field. 


“2 ‘ dependence on the magnitude of external 
1961 magnetic field. 


area between the heating and cooling legs, as was 
suggested in [7], then a pattern similar to that in 
Fig. 4 will be obtained. 

The results obtained are in agreement with cur 
rent ideas on the mechanism of technical magnetiz- 
ation [10-11], according to which boundary displace- 
ment is mainly reversible in weak fields. As the 
field increases the proportion of irreversible dis- 
placement grows and at some particular value of 
field it reaches its maximum. It is at these fields that 


the maximum temperature hysteresis values are 
observed. On passing to rotation fields the hyster- 
esis effects diminish as field increases and 
around 40 oersted they return to zero. 


Translated by V. Alford 
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ELECTRON MICROSCOPE AND ELECTRON DIFFRACTION ANALYSIS OF CARBIDES 
IN HIGH TEMPERATURE TEMPERED VANADIUM STEEL * 
M.I. GOL’DSHTEIN, S.G. GUTERMAN and G.D. SUSLOPAROV 


Urals Research Institute of Ferrous Metals 
(Received 15 December 1960) 


The precipitation of carbide particles has been studied in steel with 0.37% C with and 
without vanadium. It has been found that dispersion hardening, which takes place in high 
temperature tempered steel with small additions of vanadium (0.09%), is due to the precipit- 


ation of finely dispersed vanadium carbides. 


Vanadium steels are known to belong to the dis- 
persion hardening group. Highly dispersed precipit- 
ations of vanadium carbide’ [1, 3] have been found 
by X-ray and electron diffraction analysis in steels 
with a fairly high vanadium content (0.7% and 
above). In paper [4] it was shown that even if pro- 
portions of some hundredths per cent of vanadium 
are introduced to carbon steel, it will cause a sub- 
stantial increase in the strength characteristics 
after quenching andhigh temperature tempering. 
The proposition was put forward that this is due to 
the precipitation of finely dispersed vanadium 
carbides, i.e. to dispersion hardening effects. 

The present investigation was undertaken with 
the aim of making a direct determination of the 
finely dispersed particles of vanadium carbide in 
this steel after quenching and high temperature 
temperiag, i.e. to indicate by a direct method, the 
possibility of dispersion hardening under the in- 
fluence of small additions of vanadium. 


MATERIALS AND PROCEDURE 


The specimens used for the investigation were 
taken from the same melt (C 0.37%, Si 0.23 %, 
Mn 0.92 %, P 0.032%, S 0.043 %) without, and with 


varying concn. of, vanadium (0.09, 0.25, 1.7 and 


* Fiz. metal. metalloved., 12, No. 2, 193-196, 1961. 

t Different investigators produce different formulae 
for vanadium carbide in steel. In[2, 3, 5] the 
formuls is V,Cy, in [6] it is VC,, — and this indicates 
composition is between V,C, and VC. 


2.46%). The specimens were quenched from differ- 
ent temperatures and tempered at 500 and 550° for 
4hr. Table 1 shows the quenching temperatures 
of the specimens for different vanadium concn. 
Those without vanadium and those with 2.46 % 
were used for comparison as, after this kind of 
heat treatment, in the first specimen the carbon is 
in the form of cementite and in the second, in the 
form of vanadium carbide. 

For the electron microscope investigations 
carbon replicas were made from the carbide particles 
taken from metallographic specimens. The metallo- 
graphic specimens were etched in a 4% solution of 
picric acid in ethyl alcohol for 20-40 sec. Electron 
diffraction analysis of the carbide particles was 
made on electron diffraction apparatus E'M-4 at a 
voltage of 35 kV. For this, part of the replicas 
used were the same as for the electron microscope 
analysis and part came from specimens containing 
0.09 and 0.25 % V after the metallographic speci- 
mens had been etched for 100 sec. Electron dif- 
fraction photography was made in an electron beam 
of 50 p in dia. in the range of one cell of the sub- 
strate (mesh); the cell was selected by means of 
electron shadow casting. 


RESULTS 


The electron microscope investigations of speci- 
mens tempered at 550° showed coarse granular 
precipitations of cementite in the specimen with- 
out vanadium (Fig. 1). In the one with 0.09% 
vanadium, besides the cementite, there were also 
fine precipitates of carbide particles (Fig. 2). When 
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TABLE 1 


Vanadium content, % 


Quenching temperature, 


FIG. lL. Microstructure of steel without vanadium. 
Tempering at 650°. Carbon replica from captured 
Fe,C grains; x 28,000. 


the vanadium content of the steel is increased there 
is also an increase in the number of dispersed 
carbide particles and at 2.46 % V they almost cover 
the entire replica (Fig. 3). 

The particles are even smaller in specimens tem- 
pered at 500° but it was not possible to illustrate 
them due to the inadequate resolving power of the 
E-M-3 microscope for this object. 

The electron diffraction analysis showed that, 
both in the steel with a high vanadium content and 
in one with an exceedingly low concn. of 0.09% V, 
the dispersion particles are vanadium carbide. 
Thus, on the electron diffraction pattern the speci- 
men with 2.46 %, tempered at 650°, ten distinct rings 
were found, which is suitable for the diffraction 
pattern of the cubic face-centred lattice of vanadium 
carbide with a parameter a = 4.2 A (Table 2). As the 
vanadium content grows less and the tempering 
temperature is elevated, the number of rings dim- 
inishes, while in the electron diffraction patterns 
of specimens tempered at 600°, there is also 
considerable broadening of the rings, which 


1250 | 1300 


FIG. 2. Microstructure of stee! with 0.09% V. Temper 
ing at 650°. Carbon replica with captured vanadium 
carbide particles (indicate by arrow) and 

Fe,C particles; x 28,000. 


indicates greater dispersion of the vanadium 
carbide particles in the specimens. 

From a study of the electron photomicrographs 
the following features can be noted in the distri- 
bution of the vanadium carbides: an internal net- 
work character of the grains (Fig. 2), carbides 
considerably coarser than those inside the grains 
lying between the intergranular boundaries (Fig. 4), 
and the chainlike arrangement of carbides of some- 
what larger size along the boundaries of the former 
martensite needles (Fig. 3). These peculiarities 
can be attributed to the peculiar state of the bound- 
ary regions of the metal. 

In the boundary regions of ordinary grains or on 
the boundaries of regions of coherent dispersion 
of X-rays (blocks) the perfect crystal structure is 
known to be broken up, and these regions have 
greater free energy. As a result of this there is a 
reduction in the activation energy of the diffusion 
processes and the diffusion coefficient is increased. 
The suggestion can therefore be made that the 
network nature of the distribution of vanadium 
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TABLE 2. Interplanar distances and intensity of darkening of the diffraction 
rings on electron diffraction patterns * 


Tempered at Tempered at Tempered at | Tempered at Tempered at 
650°, 2.46% 600°, 2.46% V) 600°, 1.7% V (650°, 0.25% 1) 650°, 0 V 
> d, Al Intensity d, Al Intensity id, Intensity | d, Intensity Intensity 
111 | 2.42 |2.41| intense [2.43] intense |2.41|(V- weak | — | — |  — 
200 | 2.10 | 2.10| » | 2 09 » | 2. 10 | Medium 2. Weak | 2.08] Weak 
220 | 1.48 | 1.48] v. int. | 1 48 » 1.48) Weak 1.47} » |1 49|CV. weak 
$11; 1.27 11,27] Mediu | 1.27] Medium | = 
100 | 1.05 1.05 | V. weak | — — | 
331 | 0.96 10.96 | Weak 10.95 | V. weak 
420 | 0 94 10.93} Medium |0.94| Medium — — | 
4922 | 0,86 86 Weak QO. 85 Weak 
333 | 0 81 | 0.81] v. weak | — | | | 
| aa. | | 
* Intensity of darkening was determined visually. 


FIG. 3. Microstructure of steel with 2.46% V. Tempering 
at 650°. Carbon replica with captured vanadium carbide 
particles; x 28,000. 


carbides inside the grains is due to their predomin- 
ant precipitation along block boundaries. This 
proposition is also supported by the fact that the 
size of the sectors of the metal surrounded by 
vanadium carbides is 10°5-10°* cm, which is of the 
same order of magnitude as the blocks. The form- 
ation of coarse carbides along the boundaries of 
the former austenite grains can also-be attributed 
to the accelerated influx of atoms to the growing 
carbide. 

The discovery of vanadium carbide in steel with 
a low vanadium content (0.09 % V) is direct 
evidence of the fact that the increased strength 


FIG. 4. Microstructure of steel with 2.46% V. Carbon 
replica with captured vanadium carbide particles; 


x 7150. 


properties under the influence of small additions 


of vanadium is due to the precipitation of finely 
dispersed particles of vanadium carbide. 


Translated by V. Alford 
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CONSTITUTION DIAGRAMS IN SYSTEMS WITH A BOCY-CENTRED CUBIC LATTICE 
AND TWO TYPES OF LONG-RANGE ORDER (AB AND A,B) * 
I.L. APTEKAR’ 
Institute of Precision Alloys, Central Research Institute of Ferrous Metallurgy 


(Received 6 December 1960) 


On the basis of the theories of Bragg and Williams, generalized by the introduction of three 
different types of energy parameter (the energy of long-range order of the AB and A;B type and 
energy of displacement) and two long-range order parameters (type AB and A,B) a study is made 
of possible types of constitution diagram. For some of the concrete values of the energy parameters 
calculations have been made for the curves of Kurnakoy points and the boundaries of the two-phase 


regions. 


The constitution diagrams of metallic systems with body-centred cubic lattice (b.c.c.), in 
which there is long-range order, are far more complicated than those deduced in most works. 

For instance, in this kind of system, besides the ordinarily deduced boundaries between regions 
of long-range order and those of the random solid solution (line of Kurnakov points) there may also 
be “two-phase” regions in which there are both ordered and random solid solutions. 

The study of systems with b.c.c. and f.c.c. lattices is different in principle. In systems with 
a f.c.c. lattice the order-disorder transformation may, for an alloy of equiatomic composition, as 
indicated by thermodynamic theory [1], only take place as a transformation of the first order. In 
systems with b.c.c. lattice this can take place as a second order transformation, which is in 
agreement with experimental data for these systems; various different statistical theories of 
ordering contribute to this view. 

For this reason the two-phase state, which exists for example in Cu-Au or Co-Pt systems 
with an f.c.c. lattice, is an ordinary state which corresponds to the “classic” phase transforma- 
tions such as melting, a.*y transformation etc. The presence of a two-phase state where there is 
transformation of the second order requires special evidence. 

Theoretically the possibility of decomposition to ordered and disordered phases in systems 
with one type of long-range order has, where second order transformation exists, been sufficiently 
demonstrated already, both on the basis of general thermodynamic considerations [2], and on the 
basis of a statistical model which allows for correlation between atoms [3]. In [4] it was found 
that if one is not restricted to approximation in allowing for nearest neighbour interaction, and if 
one bears in mind the other forms of bonding energy, then the relationship between “ordering 
energy” and “displacement energy” should vary from system to system. This means that the 


theory of Bragg and Williams [5] can be generalized and a whole series of constitution diagrams can 


be obtained for systems with b.c.c. lattice and with type AB long-range order, which differ from 
one another in the position and shape of the two-phase regions. The only thing which has not been 
touched in experiments up to the present time is the problem of whether disintegration can take 
place in systems in which there is second order transformation. The possibility has been indicated 


in a number of works (e.g. [6]). There are, however, no convincing experimental data regarding the 


* Fiz. metal. metalloved., 12, No. 2, 197-203, 1961. 


VOL. 
12 


Constitution diagrams in b.c.c. systems 


existence of two-phase regions of the @ap + @ynord type, Which are presupposed in the theories 
for systems with b.c.c. lattice. In a sane of metallic systems with a f.c.c. lattice (Fe-Al, 


Fe-Co etc.) both AB (CsCl structure and A;B (Fe,Al structure) type long-range order is observed. 

There is at the present time a considerable amount of indirect evidence of the fact that, 
in the constitution diagrams of this kind of system, besides the lines of Kurnakov points, there 
are also fields of coexistent ordered and unordered solid solutions [7, 8]. As far as we know 
however, decomposition in a system with a b.c.c. lattice and two types of long-range order have 
not been theoretically studied. 

The present article presents some of the results of the study of this problem on the basis of 
the ideas developed in [4]. 

If all the sites in a b.c.c. lattice are divided into two classes (a and 8) then the arranzement 
of A atoms predominantly in a sites will correspond to the AU type (CsCl) and the B atoms will be 
in 8 sites. To study long-range order of the A,B type (Fe,Al) the class B sites must be further 
divided into two subclasses 8’ and 8”. Vith A,B type ordering the A atoms will mainly be in a@ 
and 8’ sites and the B atoms will be in 8” ones (for instance see [10] ). 

Proceeding from the theory of Bragg and Williams [5], but allowing not only for the interaction 
of neighbouring atoms in the first and second spheres [9], but also for other forms of bonding 
energy [4], the formula for the free energy of a b.c.c. system with two types of long-range order 


can be written in the form: 
F = CyE, + CgEg + + + 2 V,— RT + CpSp) + 


2 2 2 


— (Cp — 2) 42 (Cp +4) +2) + 


/ 


Here V, and 7, V, and a are the energies and parameters of AB and A,B type long-range order 
respectively; U is the energy of displacement; Ey and S,, p and Sp are the energies and entropies o 
of the A and B components. 

The 7 and o parameter are found in the following way: 


3, 3° 
om Py —P,, 


where P%4, pe and correspond to the probabilities that a, 8, 3°’ and 8” will be 
occupied by A atoms. We note that the part of the energy of long-range order V, and V, and the 
energy of displacement U which is dependent on nearest neighbour interaction, can be described 
by the relationships: 

Vig = 4N [20an—(vaa + 


; 
Vin = —N [20,2 + 


Ur = 4Vig + 16Vig, 


33 
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vy,» BB and v’ap are the energies of nearest neighbour interaction in the first sphere, 

while U“; 4 U‘gp and U“yp are in the second sphere. In a general case, when allowing for the 

other components of bonding energy (“elastic”, electron etc.) [4], not only the ratio between the 

V, and V, parameters, but also that between U and V, and V, may vary from system to system. 
The temperature of the order-disorder transformation (Kurnakov point) for type AB (T,4p) and 

type A,B (T 4 \p) long-range orders can, where the condition V,; < 0.5 V, is observed, be found 

according to the relationships: 


\ 07 7=0; 0x? 0 
0: Ga (3) 
03? 


Both these transformations are phase transformations of the second order and the line of 
Curie points T4p will lie at all concn. above the line of 74 , points. This means that in a sites 


the concen. of B atoms will be less at temperatures below T ap than in sites (8’ and 8”) while 
when the temperature is reduced to abs. zero this concn. will reduce down to zero. On this basis 
it can be shown that in this case there should be no long-range order in the arrangement of atoms 
in 8’ and 8” sites, and therefore these sites cannot be considered separately as we did in 
deducing the relation (1). Where V, > 0.5 V,, the line of Curie points T A.B will at certain concn. 
either correspond with line T 4, or it will lie above it. This means that the formation of type A;B 
long-range order begins in conditions where type AB long-range order exists. In this case a and B 
sites will be equally valid and redistribution of A and B atoms may take place not only between 
B’ and 8” sites but also between a’ and a” ones. 

Substituting formula (1) in (2) and (3) for the case where V, < 0.5 V, we shall get the follow- 
ing equations, from which the dependence of T 4, and T4\, on concn. Kumakov points can be 
calculated: 


Tap = , (4) 
‘ 7 \ 
= R = 16" (Cx + 4) (Ca— 3}. 
(co | 
(5) 


The parameters U, Ew Ep, Sa and Sp do not influence the determination of Kurnakov point 
as the terms which contain these parameters are discarded on differentiation. Fig. 1 shows the 
Kurnakov lines calculated by us (74, and T, p) for the actual long-range order energy values 
V,=— 500R, V, =— 163R, which correspond to Kurnakov temperatures of 700 and 500° for 
stoichiometric AB and A,B compositions respectively. In their main outlines the arrangement of 
the theoretical Kurnakov point lines is the same as those found experimentally for the system 


Fe-Al (7, 11, 12). 
Matsuda [9] * has also calculated the line of Kurnakov points. He, however, studied the other 


* A juller review of the problem of lines of Kurnakov points has been used in [14, 15] on the basis of the 
same model as that used by Matsuda. We only became aware of this after this article had been prepared 
for the press. 
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ratio of V, and V, energies (V, > 0.5 V,) and, like us, he did not allow for any difference between 
a’ and a” sites, which is,however,essential for this ratio between the )’, and V, parameters. Although 
such a case has not been studied in detail in the work cited, we note that if the redistribution of 
atoms between a’ and a” sites is calculated for V, > 0.5 V, and the natural assumption is made that 
the ordering energy is the same for the redistribution of atoms in 3° and 8”, or in a’ and a” sites 
and that it is equal to V,, then in alloys with equiatomic composition it will not be the type CsCl 
long-range order which is stable but another type, which we will call a’,,. Typical of this kind 
of long-range order is the predominant arrangement of A atoms in a’ and 8’ sites and B atoms in 
a” and 8” ones, which is complete order in the second sphere. 

According to published data no long-range order of the a’, , type has been found in the 
Fe-Co system. On the basis of what has been said above,therefore it can be assumed that in this 
system V, < 0.5 V,. If this is so, then the constitution diagram for this system cannot have the 
form proposed by Viting [8]. If long-range order of the Fe,Co and FeCo, type is on heating, directly 
transformed to the disordered state, as assumed by Viting, then the relationship V, > 0.5 V, should 
be observed and consequently, the appearance of type a’, py long-range order would be expected 


around the FeCo composition. 
The equilibrium values of the long-range order parameters 7 and o correspond at different 


temperatures and compositions to the free energy minimum. To find this minimum below Kumakov 


point it is sufficient to study the conditions: 
OF OF 
—— = 0and— = 0. (6) 


Substituting in (6) the formula for free energy from (1) we get: 


Simultaneous solution of (7) and (8) must be made to find the parameters 7 and o. Analytical 
solution is not possible and for a graphical solution it is convenient to transform the equations 
into the following form: 


8 


4(2Cg + 9)? — Ca) — 
e RT (2C, —(2CB + 9) 


= (n — 2Cp)? + 


The 7 and o parameters found by graphycal solution of equations (9) and (10) for given 
V, and V, were used to plot the curves for the dependence of free energy on concn. at various 
temperatures. Analysis shows that when the relation U > 4V, + 16V, is satisfied, the shape of the 
free energy curves will correspond to disintegration at low temperatures to the phases 


VOL. 
1961 
(9) 
(10) 


Constitution diagrams in b.c.c. systems 


b 


Wdisord 


\ 


+ 
pt 


Qi 03 as 
Cy 


FIG. 1. Possible types of constitution diagram in ordering alloys with b.c.c. lattice: 
—.—.-—.-—. line of Kurnakov points for type AB long-range order; 
line of Kurnakov points for A,B long-range order. 


Qdisord + 2A,B 294d @a,p + Gag. Where the relationship U <4 V, + 16 V, obtains there will be no 


disintegration. 

As Matsuda [9] only used an approximation which allows for the direct interaction of 
neighbouring atoms in the first and second spheres, which means that the relation Vo: 
U=4V,+16V,, obtains, then his study cannot of course describe disintegration into ordered oa 


and disordered phases. 
Without dwelling on a detailed and complete analysis of the possible types of constitution 


diagram which may occur with various relationships between the parameters V,, V, and U, we 
will deduce the results of a concrete calculation for two cases. 

Fig. la shows the constitution diagram which is relevant for U = 0, V; = — 500R, 
V,=— 163R (here for simplicity it is assumed that V4 = Vp and Sy, = Sp. If it is assumed that 
U = 703 R, then in the same circumstances the diagram will have the form shown in Fig. 1). 

The critical point for disintegration to @yp + Ggicorg FO lies on the line of Kumakov 
points and is given by the relationship (4): 

12 3— 
The barrier between the “phases” a4, + ayi,o7q was calc. for the case U = 0 by means 


of the relation 


— Vil — B41 (9? — 
e Vil y) 8 —y)—! 


(where 8 = 7/2, v=C",), which was deduced from equilibrium conditions for the two phases: 
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Constitution diagrams in b.c.c. systems 


To solve equation (12) at fixed temperature for each given “y” the corresponding f values 
from equation (7) were determined graphically, and a was levelled out to zero. The resulting pairs of 
“y” and “B” values were substituted in the right- and left hand parts of equation (12) and the 
curves were plotted for the dependence of each part on “y”. The y value corresponding to the 
intersection of these curves also gave the boundary values sought for equilibrium concn. In all 

the remaining cases the boundaries between the 2- phase regions were found by drawing the 

common tangents to the curve for the dependence of free energy on concn. The boundaries 

found are not completely precise but do nevertheless reflect the general conformity of the 

diagrams in structure. Fig. 1 only shows half a diagram; the second half will be found to be 
completely symmetrical. 

We note that, depending on the conditions of experiment, there will either be a metastable 
diagram containing only the lines of Kurnakov points, or a stable one corresponding to disintegra- 
tion. It seems that the kinetics of disintegration will also be different in the disintegration 
regions lying below line T a,p» between lines T, p and Tp, between lines 7',p and the 
boundary of the region of disintegration to 04;,,,q and @,,p, and also between line A,B and the 
boundaries of the regions of disintegration to a, , and aap. 

If these diagrams are compared with the experimental diagrams produced by Taylor and Jones 
for the system Fe-Al [7] it can be seen that they agree in their main outlines, with the exception 
of the regions lying around Kurnakov temperature for the alloy with stoichiometric composition, 
FeAl. In this region there is disintegration to aj;,,.4 + @ap in the theoretical diagram, which is 
absent in that produced by Taylor and Jones. Viting’s data [8] on the presence of 2-phase regions 
in the F'e-Co system are also in agreement with our considerations. 

It must be said that Taylor and Jones [7], in agreement with the conclusions of paper [6], 
consider that the presence of the 2-phase state in the Fe-Al system is evidence of the fact that 
the order-disorder transformation in this system is a phase transformation of the first order. That 
this conclusion is incorrect has already been shown by the results of papers [2, 3, 4]. We note 
also that the course of the dilatometer curves and other data for this system support the assump- 


tion that the transformations aj; and @peal Ape ,Al are here transformations of the 


second order [13]. 


CONCLUSIONS 


1. The constitution diagrams are different in different systems with body-centred lattice 
where the ordering energy is the same but the energies of displacement are different. 

At certain values of displacement energy there are 2-phase regions a4 p + @yigord> 
+ and + OM the diagrams. 

2. Calculation of constitution diagrams for two actual values of displacement energy 
produce diagrams which are in principle analogous to the Fe-Al diagram [7] but which permit 


disintegration to a4;,..4 + Bap at higher temperatures. 


Translated by V. Alford 
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INTERMEDIATE AUSTENITIC TRANSFORMATION IN CARBON STEEL * 
L.I. KOGAN and R.I. ENTIN 


Central Research Institute of Ferrous Metallurgy 
(Received 10 December 1960) 


The emergence of surface relied in carbon steel with 0.9% carbon has been studied. 
Characteristic signs of intermediate transformation have been found in this kind of steel. 


Intermediate austenitic transformation is very 
clearly revealed in steels alloyed with carbide 
forming elements (chromium, molybdenum, tungsten, 
vanadium). Detailed analysis has revealed that 
this transformation also takes place in steels al- 
loyed with nickel, silicon and aluminium [1, 2]. 
Interme diate transformation is characterized by a 
spontaneous slowing down at constant temperature 
(partial transformation), temperature dependence of 
the upper transformation point, the emergence of a 
characteristic relief and the redistribution of carbon 
in the austenite [1-6]. 

Interme diate transformation in carbon steel does 
not have any of these signs. No separation between 
the pearlitic and intermediate regions is seen on 
the austenite transformation diagrams, nor is there 
any spontaneous slowing down of the transformation 
or rearrangement of carbon in the austenite. On the 
other hand, the intermediate transformation of 
austenite carbon steels is characterized by a change 
in microstructure and in the properties of the pro- 
ducts of transformation. It has also been established 
recently that a relief arises on the polished surface 
of a specimen in the process of austenite transform- 
ation in carbon steels at 350-400° [7, 8]. The forma- 
tion of an acicular relief on the surface is the most 
general sign of intermediate austenite transforma- 
tion in steels and indicates the martensitic mechan- 
nism of the y-a transition on transformation in the 
centre region. The formation of relief is the result 
of regular translations of atoms on martensitic 
transformation, which leads to macroscopic shear 


[10]. 


* Fiz. metal. metalloved., 12, No. 2, 204-207, 1961. 


To date there are definite data regarding the upper 
temperature limit of the intermediate transformation 
in carbon steels. The problem of the reasons for 
the peculiarities in the intermediate transformation 
remain unsolved. In the present work investigation 
was made of the appearance of surface relief in 
carbon steel with 0.9% C. The investigation was 
conducted by means of direct microscopic observa- 
tions of the polished surface of a specimen in a 
vacuum high temperature apparatus [9]. It was 
assumed that if thin specimens (1 mm) were used 
and were heated to a high temperature, it would be 
possible to supercool the austenite to the tempera- 
ture of the middle region and to observed the emer- 
gence of surface relief. 

The specimens were heated for 15 min at 1150°. 
This caused the austenitic grain to increase to 
0.5-0.6 mm in dia. No relief appeared when the 
specimen was cooled to 540° and soaked for 5 min 
at this temperature (until completion of the trans- 
formation) and then subsequently cooled to room 
temperature. This means that this temperature is 
in the pearlitic transformation range. When cooled 
from 1150 to 530° a very small quantity of crystals 
emerged (several crystals in each grain) in the 
first 3 sec after this temperature was reached. No 
further relief was formed (Fig. 1) when the speci- 
men was subsequently soaked at this temperature 
for 5 min and cooled to room temperature. This 
means that at this temperature pearlitic transforma- 
tion takes place after the partial intermediate 
transformation. 

\}en cooled after 3 sec soaking at 530° further 
re. - appeared on the surface of the specimen at 
lower temperatures for the intermediate region 
and below martensitic point (about 230°) (Fig. 2). 


Intermediate austenitic transformation in carbon steel 


FIG. 1. Surface of a specimen of steel U9 after heating 
to 1100°, isothermal soaking at 530° for 5 min and 
cooling to room temperature; x 500. 


FIG. 3. The same as Fig. 1. Isothermal soaking at 
490° for 20 min. 


After heating at 1150°, the other specimen was 
cooled to 490°. At this temperature relief appeared 
on the surface of the specimen 3-4 sec after starting 
the soaking. a- phase crystals were seen to grow 
quite slowly. Separate crystals grew in the course of 


FIG. 2. The same as Fig. 1. Isothermal soaking at 
530° for 3 sec. 


FIG. 4. The same as Fig. 1. Isothermal soaking at 
490° for 15 sec. 


a few seconds. The formation of relief was com- 
pleted in about 15 sec. It covered about a third of 
the total surface. No further relief appeared with 
subsequent soaking for 20 min and cooling to room 
temperature (Fig. 3). When the specimen was cooled 
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Intermediate austenitic transformation in carbon steel 


to room temperature after 15 min soaking at 490° 
further relief appeared over the whole surface 

(Fiz. 4). Isothermal soaking at 470° caused the 
formation of relief over 70-80 per cent of the sur- 
face. Relief covered the whole surface of the speci- 
men at 425, 410 and 340°. An isothermal diagram 

of the intermediate austenite transformation in 
carbon steel (0.9% C) was plotted from the resulting 
data (Fig. 5). 

From the high temperature metallographic inves- 
tigation of the emergence of surface relief it has 
been established that there is a region of inter- 
mediate transformation in carbon steel with 
0.9% C. The upper limit of this region is 530-540°. 
Between 530 and 470° the intermediate transforma- 
tion only develops to a certain stage and then 
pearlitic transformation takes place. The degree of 
intermediate transformation increases as the 
temperature becomes lower. 

It has thus been demonstrated that there are 
characteristic signs of intermediate transformation 
in carbon steel. These are spontaneous slowing down 
at constant temperature and the temperature depend- 
ence of the upper limit of the transformation. Due to 


the rapidity with which the pearlitic transformation 
follows on the intermediate one, it was not possible 


23.5 10 2030 50! 


sec 


FIG. 5. Diagram of the isothermal transformation in steel 

U9. The curves for the beginning and end of the austen- 

ite transformation were found by the magnetometric 

method. The hatched region of intermediate trans forma- 
tion was found by observation of surface relief. 


by the other methods used formerly (magnetometer 
measurements, variations in electrical resistivity) 
for any of the various investigators to find the 
middle region of transformation in carbon steels. 


Translated by V. Alford 
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INFLUENCE OF SILICON ON THE PROCESSES OF CARBIDE FORMATION AND 


GRAPHITIZATION WHEN QUENCHED STEEL IS TEMPERED* 
B.A. APAYEV, B.M. YAKOVLEV and G.F. TIKHONOV 


Gor’kii Physico-Technical Research Institute 


Gor’kii Polytechnic Institute 
(Received 15 November 1960) 


The present investigation was undertaken for the purpose of getting more systematic data 
on the processes of carbide formation and graphitization, and also to find out the relationship 
between these processes. 


temperature was varied through 50° intervals from 
100 to 800°; soaking time was varied from 1 min 
to 20 hr at medium and high tempering temperatures, 


The werks devoted to the influence of silicon on 
the processes which take place when quenched 
steel is heated can be divided into two main 


groups:- one of them is connected with the study of and up to 200 hr at low tempering temperatures. 
the process of carbide formation on tempering [1-4], The main method used for the investigation was 
and the other, to the study of the process of graph- phase magnetic analysis. The experiments were 
itization [5-7]. We know of no works which could be —_ conducted on a ballistic magnetometer with a 
described as systematic investigations, either as magnetic field strength of 8000 oersted. From 
regards the nomenclature of the alloys studied, analysis of the temperature magnetization curves 
which cover a wide range of carbon and silicon (/5(t)) taken during the secondary heating after 
concn. or as regards the results, which do not make relevant tempering, conclusions were drawn 
possible a complete characterization of the phase regarding the formation of the carbide phases and 
transformation processes which take place. A very variations in their ratios. The method of calculat- 
small number of works have heen devoted to ing the quantity of phases from temperature mag- 
establishing the relationship between the processes __ netization curves has been described in paper [10]. 
of carbide formation and graphitization [8-9]. The data obtained were used to calculate the mag- 
Two groups of steels were used for the inves- netization of e.carbide. Hydrostatic weighing was 
tigation: used as a supplementary method of finding the 


1) Steel with a constant carbon content of 1% and density of this phase. 
silicon conca. varying from 0.4 to 4%; 


2) Steel with carbon concn. varying from 0.3 to INFLUENCE OF SILICON ON THE PROCESS 
1% and constant silicon content of about 2%. The OF CARBIDE FORMATION 
chemical composition of the steels investigated is 
shown in Table 1. In the nomenclatures of the It has been noted in papers [1-3] that silicon 
types of steel used the first and last figures indic- steels have high resistance to tempering which has 
ate the carbon and silicon content respectively in some effect on the mechanical properties of the 
tenths per cent. tempered steel. The results of paper [11] showed 
The pre-quenching heating was carried out ia a thatin a group of steels with 1%. carbon, in which 
vacuum furnace at 1180°. The specimens were the silicon content was varied from 0.3 to 4%, 
quenched in a 10% solution of caustic soda with stabilizing action of the silicon begins to appear 
subsequeat cooling in liquid nitrogen. Tempering at concn. above 1% and increases abruptly at 


higher concn. It must be noted that this also causes 
the second stage of tempering to take place at 
* Fiz. metal. metalloved., 12, No. 2, 208-216, 1961. high temperatures. 
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Influence of silicon on quenched steel 


TABLE 1. Composition of silicon steels, % 


Element content % 


Steels 


10S15 

10S20 

10S40 
8540 
3820 
6820 


Silicon does not introduce any particular peculiar- 


ities into the general character of the processes of 
carbide formation as compared with what occurs in 
carbon steels. The formation of the carbide phases 
takes place in exactly the same way and in exactly 
the same sequence with increased temperature and 
duration of tempering. Nor does the nature of the 


processes vary with silicon concn. The exchange of 


carbide pkases can therefore be represented as 


follows: 
M-»: Fe Fe,C (1) 
The distinctive action of silicon in this stage of 


tempering only amounts to aisplacing the tempera- 
ture ranges of the separate transformations, due to 


the stabilising influence of silicon on martensite and 


to some peculiar effect the silicon has on the stab- 
ility of the e- and X-carbide phases. 

As compared with other elements silicon causes 
an abrupt increase in the stability of «carbide. It 
can be seen from Fig. 1 that in steel 10520 it is 
preserved during a 3 hr soaking at 400°, while in 
10S40 it is preserved even after a 6 hr soaking, 
while an hour’s soaking at 400° causes complete 
disintegration of this carbide in steel U10. The 
phase composition is characterized by the presence 
of only two carbide phases, cementite with Curie 
point 210° and X-carbide with Curie point 265° 
(curve 3, Fig. 1). The anomalous change in mag- 
netization in the region of 380° (curves ] and 2, 
Fig. 1) must therefore be regarded as only due to 
magnetic transformation at the Curie point of the 
¢-carbide. The high resistance of €- carbide in 
silicon steel creates the conditions for a more 
precise determination of its quantity and also of a 


; 
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heating; | 


A cooling — 


FIG. 1. Typical temperature-magnetization curves for 
silicon and carbon steels after tempering for various 
periods at 400°: 

1 — 10520 — 3 hr; 2 — 10540 — 6 hr; 

3—U1l0 —1 hr. 


number of the characteristics of this phase. The 
results of our calculations show that the average 
density of €- carbide is 6.92 z/cm’, while the 
average magnetization is 850 G. 

It has already been noted that the stability of 
€-carbide increases with the silicon concn. From 
Fig. 2 it can be seen that in steels with less than 
2% silicon the ¢- carbide is unstable even in the 
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FIG. 2. Effect of silicon concn. on change in amount of 
€- carbide on isothermal tempering at 400°. 


first moments of isothermal soaking at 400°, while 
its quantity becomes less when the soaking time 
is further prolonged. If the silicon concn. is in- 
creased to more than 2% the rate of disintegration 
of this phase is retarded and as a result there is an 
increase in the amount of e- carbide when the tem- 
pering is prolonged and the maximum on the curves 
appears at longer isothermal soaking times. When 
the silicon content of the steel is increased not 
only is there a reduction in the rate of disintegra- 
tion of the «- carbide at the tempering temperature 
in question, but also there is an increase in the 
upper temperature limit for its existence. With a 
silicon concn. of up to 1% the €-carbide is virtually 
unstable at temperatures above 500°. If the silicon 
concn. is increased to 4% the upper temperature 
limit of this phase rises to 650°. As an illustration 
of the high stability of e-carbide Fig. 3 shows the 
variation in its concn. in steel 8540 when the soaking 
time is increased at various tempering temperatures. 
The influence of silicon on the stability of 
X-carbide is quite different. Variations in concn. do 
not have any effect on the upper temperature limit 
for the existence of this phase. After an hour’s 
tempering at 550° X- carbide was found in all the 
steels we investigated (Curie point 265°) while at 
600° it had completely disintegrated after this 
period of time. Silicon also has only a slight influ- 
ence on the rate of transformation of this carbide 
phase. jt amounts to some slowing down of the 
rate of disintegration of X- carbide with increased 
silicon content and appears in a narrow range of 
temperatures from 450 to 550°. At lower temperatures 


Influence of silicon on quenched steel 


FIG. 3. Influence of temperature and tempering time on 
variation in amount of €-carbide in steel 8540. 


the influence of silicon concen. cannot be found 
due to the high stability of X- carbide while at 
higher temperatures on the other hand, it could not 
be revealed due to the very low stability of this 
phase. From a comparison of Figs. 3 and 4 it can 
be seen that at temperatures above 500° the stabi- 
lity of X- carbide is lower than that of ¢- carbide. 
Disintegration is completed in shorter soaking 
times. 

The fact that we find the stability of ¢- carbide 
to be higher than that of X- carbide in a certain 
temperature range in high silicon steels must be 
regarded as one of the most interesting features 
of this class of steels, as in carbon steels and 
steels alloyed with carbon-forming elements, as 
also in nickel and silicon steels with less than 
2% silicon, the X-cabide is always more stable 


than the carbide. 


Fig. 5a shows curves which characterize the 
quantitative variations of phases in steel 8S40 
with tempering temperature after an hour’s soak ing. 
The maximum quantity of €- carbide occurs at 
around 400°. The beginning of the formation of the 
X- carbide lies at higher temperatures while its 
intensive growth takes place at the moment of 
disintegration of the ¢-phase. Disintegration of the 
X- carbide is accompanied by inereased vol. of the 
cementite phase and also by the development of 
the graphitization process. As a result of disinte- 
gration of the cementite the process of graphitiza- 
tion is intensified at higher temperatures. When 
the silicon content of the steel is decreased the 
curves characterizing the changes in the amount 


44 
NN 
710 x100 min 10 «100 min 
VO’ 
191 


Influence of silicon on quenched steel 


of the phases lie at lower temperatures (Fig. 5 5). 
The change in the nature of the a- phase and 
cementite curves is due to the fact that at this 
silicon concn. and the tempering period chosen 


FIG. 4. Influence of temperature and tempering time on 
variation in amount of X-carbide ia steel 8840. 


(1 hr) no graphitization is found to occur. 


DIAGRAM OF THE TEMPERATURE RANGES FOR 
THE STABILITY OF CARBIDE PHASES 


A diagram for the temperature ranges of the carbide 
phases has been constructed from analysis of the 
experimental material. With this one can follow the 
change in phase composition with increased temper- 
ing temperature and the variation in the general 
character of the processes with increased silicon 
concn. (Fig. 6). This diagram was plotted from data 
which characterize the phase composition after an 
hour’s tempering, and is a vertical cross-section 
of the ternary metastable diagram Fe-Si-C with 
constant carbon content of 1 %. 

A peculiarity of the diagram is the fact that the 
upper boundary of the e- carbide (line EF) is raised 
when the silicon content is increased, while the 
temperature limit ot the X- carbide (line MIN) 
remains unchanged. It is also interesting to note 
that with 2% silicon or more there is a variation in 
the relative stability of the metastable carbide 
phases. Below this limit their reiative stability 
remains the same as in carbon steels, while when 
the silicon concn. is increased the stability of the 
€- carbide is higher than that of the X- carbide. 

The diagram also reflects the fact that increased 
silicon content reduces the temperature for the 
beginning of the graphitization pr (line XS). 
Line ab which is plotted on the diagram, indicates 
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FIG. 5a. Nature of the variation in the amount of the 
phases with elevation of tempering temperature 


(r= 1 ar) in steel 8540 
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FIG, 5. 6 — the same — for steel 10S10. 


the maximum temperature for the stability of retained 
austenite. In view of the stabilizing ettect of silicon 
on martensite and ¢-carbide, with shorter soaking 
times it is to be expected that lines 42, &/ and 

EF (in the ranze of higher silicon concn.) will lie 

at higher temperatures. 


INFLUENCE OF SILICON ON THE 
DEVELOPMENT OF THE PROCESS OF 
GRAPHITIZATION 


It is indicated in papers (8, 9] that the metas- 
table carbide phases of iron participate in the 
process of graphitization. In the first uf these 
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papers the opinion was expressed that the nuclea- 
tion of centres of graphitization is due to dis- 
integration of X- carbide. In paper [9] on the other 
hand, the initiating role in this process is attributed 
to €- carbide. 

Data regarding the effect of silicon on the process 
of carbide formation during tempering, on the pro- 
ducts of disintegration of and X- carbide and on 
the influence of certain elements and plastic deform- 
ation on the development of the graphitization 
process seem to us to permit a development of the 
theory of the role of X-carbide in this process [8]. 

The intensely stabilizing effect of silicon on the 
stability of martensite and carbide means that 
martensite disintegration and the development of 
carbide transformations which occurs after this, 
will occur at higher temperatures as the silicon 
concn. of the steel is increased. Let us develop 
this theory. In Fig. 7, which is for steels with 
various silicon concn., the variation in the amount 
of « and X-carbide with tempering temperature with 
slow heating to a given point is shown. The temper- 
atures corresponding to the maxima on the curves 
(T, and 7’) can be regarded as the limits for the 
stability of the carbide phases because at higher 
temperatures these phases are found to diminish 
in quantity. It follows from Fig. 7a, that in steel 
with 1% silicon the disintegration of the carbide 
phases occurs sequentially. At temperature Ty, at 
which the greatest amount of X- carbide is formed, 
the low temperature carbide phase hardly exists in 
the structure of the tempered steel. When the silicon 
concn. is increased at first the temperature ranges 
of the carbide iransformations are seen to overlap. 
disintegration of X- carbide begins at the same 
temperature at which a considerable amount of the 
€-phase is maintained; in the temperature range 
AT the stability of this phase is higher than that of 
X- carbide (Fig. 76). As can be seen from Fig. 7c, 
in a steel with 4% silicon, transformation takes 
place in both phases at exactly the same tempera- 
tures. The temperature range AT’, in which the 
stability of ¢- carbide is higher than that of 
X-carbide, is very wide. The diagrams in F'ig. 7 
also reflect the experimental fact that an increase 
in the silicon content will accelerate disintegration 
of the X-carbide which is characterized by the 
adPy/dT value. When the silicon concn. is increased 
the temperature range 7, — Ty is lowered, and as 
a result of this the formation and disintegration of 
the X-carbide takes place at higher temperatures 
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FIG. 6. Temperature ranges of stability of the carbide 
phases during the tempering of silicon steels. 


and in a wider range of temperatures, due to the 
higher temperature limit 

With this kind of effect from the silicon it is to be 
expected that there will be accelerated disintegra- 
tion of X-carbide with isothermal tempering, when 
the tempering temperature is above Ty. In these 
conditions superheating of the martensite and 
e-carbide is quite easy and as a result of this the 
temperature limit for the stability of e-carbide 7, 
will be changed, causing a reduction in the temper 
ature interval T, — Ty. Thus, a higher tempering 
temperature (increase in the rate of heating) will 
have exactly the same results as increased silicon 
concn. in conditions of slow heating up to the 
tempering temperature in question (Fig. 7). When 
isotherma! tempering is carried out in high silicon 
steels the deg of superheating of the e- carbide may 
be so great that the 7, — Ty difference is negative. 
In these circumstaaces disintegration of €- carbides 
will occur at temperatures higher than the upper 
limit for the stability of the X- phase, which will 
cause greater acceleration of its disintegration. 

The process of graphitization takes place more 
completely when the tempering temperature is 
higher. The indications of the increase in the rate 
of carbide transformations are not sufficient to 
explain this fact. It must be assumed that there is 
also a change in the nature of these transformations. 
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Influence of silicon on quenched steel 


Vel. carbide phase, % P, 


Tempering temperature °C 


FIG. 7. Influence of silicon concn. on the temperature 
ranges of the €- and X~-carbide transformations: 
a — steel 10810; — 10S20; ec — 10840. 


Evidence of this given by the curves in Fig. 8. 

After short soaking periods, three carbide phases 
Fe,C, and Fe,C were established, while 
with longer soaking periods no sign of the X- carbide 
was found. An analogous pattern is observed also 


when the tempering temperature is raised (Fig. 7 5-c). 


This means that the nature of the decomposition of 
the carbide phases has changed. 

The data published in paper [12] indicate that the 
transformation is of an allotropic nature and takes 
place without precipitation of excess carbon and 
iron. Confirmation of this is supplied by the experi- 
mental data regarding the similar composition of 
these phases, which answers to the formula Fe,C 
[13-15]. It can be assumed that isothermal temper- 
ing at a higher temperature cannot influence the 
rate of the «+ X reaction as it is anyway exceed- 
ingly high for an allotropic transformation, and 
consequently it cannot alter the nature of the de- 
composition of the €- carbide. 

The transformation of the X- carbide when in 
combination with the a- phase (in the tempering of 
bulk specimens), takes place as follows 


(2) 


Fe,C Fe Fe,C, 


D 


Vol. carbide 


Graphite content 


FIG. 8. Variation in the amount of the phases in steel 
8540 in dependence on tempering time at 700°: 
1 — €-carbide; 2 — X- carbide; 
3 — cementite; 4 — a- phase; 
5 — graphite (weight %). 


i.e. the iron from the surrounding X- phase particip- 
ates in the formation of cementite from the 
X-carbide [16]. In the isolated state the tempera- 
ture effects on the \-carbide cause it to decompose 
into iron and carbon [17, 18] 


x Fe.C 


» 2Fe + C. (3) 

As the medium temperature tempering of silicon 
steel causes the formation of cementite and the 
process of graphitization is seen to develop at 
higher temperatures, it is permissible to assume 
that at medium temperatures the transformation of 
X- carbide takes place along the lines of (2), while 
at higher temperatures the conditions are realised 
which lead to decomposition of this phase accord 
ing to (3). 

In the light of these facts it is impossible to 
deny the role of micropores and microcracks in the 
development of graphitization [7], but they can 
hardly be regarded as being of primary importance 
in this process. Indeed, if these micopores were 
to break up the boundary between the X- carbide 
and the surrounding a- phase, the former will be 
more or less isolated, which facilitates its decom- 
position into iron and carbon according to (3). Low 
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temperature carbide does not take a direct part in 
the formation of the end products of transformation. 
However, being the source for the formation of the 
X-phase, it can control the rate of its trans forma- 
tion and thus determine the actual nature of the 
products of its decomposition. 

The considerations above lead to the conclusion 
that the process of graphitization must be more 
complete as the stability of the X- carbide becomes 
less and its state approaches closer to isolation. 
This conclusion is confirmed by a number of experi- 
mental data. If the carbon concn. is increased to 
something above 1.2% and copper and aluminium 
are added, this will accelerate the process of 
graphitization in steels andiron [9, 19]. Our data on 
these steels indicate a sharp reduction in the stab- 
ility of the X- carbide if C, or Al concn. are in- 
creased. The process of graphitization during the 
tempering of quenched nickel steels is rather slower 
than that which occurs with silicon steels and may 
be due to the effect of the X-carbide. Unlike silicon, 
nickel has only a slight effect on the stability of 
martensite and the ¢- phase and therefore no notice- 
able increase can be achieved in the rate of trans- 
formation of the X-carbide during isothermal soak- 
ing. Another reason why this cannot occur is that 
the effect of nickel on the stability of the X- phase 
is the opposite to that of silicon: the stability 
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KINETICS OF THE GAS BORONIZING OF NICKEL*' 
M.L. RUTKOVSKIH, N.A. ANUFRIEVA, O.M. KOP’YEVA, N.V. POTAPOVA and I.V. KAZAKOV 
(Received 14 October 1960) 


In this work investigation has been made of the process of the gas boronizing of nickel at 
900° and the influence of a number of different factors on this process: time, the ratio between 
components and the rate of flow of the gas mixture. The structure of a boride film has been studied 
and the microhardness of various layers has been found. The mechanism of the process of gas 
boronizing in a mixture BC], + H, and the participation of chlorine ions in this process has been 


studied. 


The development of the chemical industry and 
high temperature technology have made new demands 
on materials both as regards their high resistance 
to chemical action at various temperatures and 
good resistance to erosion wear. These requirements 
are satisfied by borides, silicides and carbides 
formed by the interaction of the metal with the cor- 
responding metalloids at high temperatures. 


One of the most promising methods of producing 
this combination is thatin which a gaseous com- 


pound of the metalloid interacts with the heated 
surface of the metal. 

The diffusion coating method has been studied by 
a large number of authors [1-8], but Paul affirms 
[9] that up to the present time there are no large 
investigations which have been devoted to the 
study of the rate of boronizing. 

The formation of metal borides occurs as a result 
of two simultaneous processes [9]: 

a) thermal dissociation or hydrogen reduction by 
the haloid of the boron compound: 

b) substitution of boron in the haloid compound of 
the metal, with the surface of which it reacts. 

When the reducing reaction develops there is an 
increase in the weight and dimensions of specimens 
while when the substitution reaction develops on 
the other hand, the weight of the specimens 
diminishes and no external layer of boron is formed. 
In this case the whole of the boronized layer con- 
sists of metal borides while its outer part consists 
of the compounds which are saturated to a greater 
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extent with boron. 

A boride layer can also be produced by the inter 
action of the metal with diborane [10]. In this case 
the depth of the boronized layer will not exceed 
5 # [11]. According to Zhigach and others, however 
[10], the depth of the boronized layer formed may be 
considerably greater. 

Our work was devoted to the boronization of 
nickel in a mixture of boron trichloride and hydrogen 
in the ratio 1: 4 at 900°. The influence of a number 
of factors on the rate of boronization of nickel and 
the influence of chlorine ions on the process of 
boronization was investigated in the course of the 
work, 


PROCEDURE 


The boronization was carried out by means of an 
apparatus (Fig. 1) which consisted of a cylinder 
for the gas mixture 1, Tishchenko safety glasses 2, 
rheometer 3 filled with fluorided paraffin wax, 
glass traps 4 and 10, tubular furnace 5, absorption 
vessels 6 to 9. The metal specimens for the test 
were put into a quartz tube 30 mm in dia. which 
was placed in the tubular furnace. The temperature 
in the furnace was measured by a chromel /alumel 
thermocouple and registered by a recording poten- 
tiometer. Due to the temperature gradient, the 
furnace was first graduated and the specimens were 
placed in a particular zone. Before beginning the 
experiment the system was checked to see that it 
was airtight and nitrogen passed through it, after 
which the heating of the furnace was switched on. 
The gas mixture was fed in when a temperature of 
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FIG. 1. Apparatus used for the boronization of the specimens. 


500- 600° was reached. The operating period was 
considered to have started after the temperature in 
the furnace had reached the given level. The spe- 
cimens were made of sheet metal and were in the 
form of rectangular plates 25 x 10 x 2 mm. 

Before starting the experiment the specimens 
were finished on emery paper and washed in 
alcohol. Their depth was measured by a micrometer 
and after this they were weighed on analytical 
scales. The depth of metal Al consumed in the 
formation of the boride layer was found according to 


the formula 


— 


Al= 


where J, was the depth of the specimen before 
testing; 

l, was the depth of the remaining layer of 
metal after testing (measured on a PMT-3 
apparatus). 

To reduce the deg. of error in finding Al, the depth 
measurements before and after testing were made 
in exactly the same place (the centre). é 


RESULTS AND DISCUSSION 


After short periods of testing (5-10 hr) the speci- 
mens had a matt smooth surface very little different 
in colour from the original metal. After longer 
periods of testing the shape of the specimens had 
changed (there was some buckling), although there 
was no sign of loosening or scaling. 

Metallographic examination of microsections 
taken from cross-sections of the specimen showed 
them to be coated with a dense triple layer of film 
which formed a sharp jagged boundary between this 
and the parent metal (Fig. 2). The microhardness 


of all three layers was measured by means of a 
PMT-3 apparatus. The outer layer had the greatest 
hardness (about 1700 kg/mm?). In the middle layer 
microhardness was about 1500 kg/mm? and that of 
the inner layer was about 1150 kg/mm? (Fig. 3). It 
can be seen from the constitution diagram of the 
alloys nickel-boron shown in Fig. 4, that at normal 
temperature there are three nickel borides, NiB, 
Ni,;B, and Ni,B. A number of works [12-15] indicate 
the existence of the boride Ni,B. 

If one accepts the constitution diagram shown in 
Fig. 4, then it can be assumed that the layers of 
boride film revealed in the metallographic analysis 
must correspond in composition to the three borides 
enumerated above. The outer most highly boron 
saturated layer must of course correspond to the 
boride NiB. The middle layer would be the boride 
Ni;B, and finally, the inner layer, which contains 
the smallest quantity of boron, must be the boride 
Ni,B. We can find no indication in published litera- 
ture of the microhardness figures for nickel borides 
of differing composition due obviously, to the well- 
known difficulties in producing pure borides of 
definite composition by any other method. 

It would be interesting to find what substances 
participate in the formation of the boundary between 
the different layers of borides. It was not possible 
to find this out by chemical means due to the nar- 
rowness of these boundaries, which did not exceed 
15 p on av. (see Fig. 3). It is highly probable that 
non-boronizing or weakly boronizing impurities such 
as carbon, copper, sulphur, and silicon take part 
in the formation of boundaries. According to 
Besedin [6], at temperatures up to 1100° carbon does 
not combine with boron and it must therefore belong 
to the non-boronizing compounds in the conditions 


$1 
7 
o/ Nitrogen F L 


of our experiment, just like copper, sulphur and of 
course, silicon. It can also be assumed that it is 
mainly these elements which are arranged along 
the boundaries of the layers. It is highly probable 
that the solubility of these elements differs in the 


FIG. 2. Structure of the boronized film of nickel after 
soaking in the mixture BC],+H, at 900° for 5 hr; x 42. 
(Electrolytic etching in solution of 5 ml CH,COOH, 
10 ml HNO, and 85 ml H,0). 


different borides, otherwise they would all be 
compressed together along the boundary between the 
nickei and the inner layer of the boride film. 

Looking at the depth of the different layers it can 
be seen that the depth of the Ni,B layer adjacent 
to the nickel, is the least. This provides the basis 
for the assumption that the formation of Ni,B is the 
slowest stage. In this work determination was made 
of the dependence between boronizing time and the 
depth of the metal consumed in the formation of the 
boronized film. This dependence is of a linear 
nature (Fig. 5). This can only happen if the forming 
boride film does not provide a barrier to the diffus- 
ion of boron into the metal. Consequently only two 
possible limiting stages remain: 

1) interaction between the nickel and the boron; 

2) arrival of the boron at the surface of the 

boride film. 

If it is the arrival of boron on to the surface of 
the boride film which is the limiting process, then 
if the rate of flow of the gas mixture is increased 
this should have some effect on the results of the 
boronization. 

In this work a study was made of the influence of 
increases of 4 and 6 times in the rate of flow of the 
gas mixture on the change in the weight of the spe- 
cimens. It must be noted that in all the rates in- 
vestigated from 0.003 to 0.048 m/sec the flow of 
the gas was laminar. 

The following results were obtained: 


(see Table 1). 


Gas boronizing’ of nickel 


FIG. 3. Structure and microhardness of 
boronized specimen; 


x 204. 


When the rate of flow of the gas mixture was 
increased there was a corresponding increase in 
the rate of boronization and a more or less 
quadratic dependence was observed between the 
two. In the diffusion range the rate of reaction 
should be proportional to the rate of flow of gas in 
the power 0.4 to 0.5 [16]. As our figures on the 
increased rate of the process of boronization with 
change in the rate of gas flow are in very good 
agreement with the requirements of diffusion 
kinetics, it can be assumed that the limiting stage 
in the process of boronization at the rates of gas 
flow investigated, must be the diffusion of boron 
from the gaseous phase to the surface of the metal. 
It seems that the rate of boronization should also 
vary when the concn. of boron trichloride in the gas 
mixture is varied. Here it is to be expected that 
when the concn. of boron trichloride is reduced 
there should be a proportional reduction in the rate 
of boronizing. Our figures on the rate of boronizing 
of nickel with variation in the ratio of the com- 
ponents of the gas mixture from 1:4 to 1: 10 are as 
follows: (see Table 2). 
The rate of boronizing is virtually independent of 
the boron trichloride concn, of the gas mixture. 
This provides a basis for the assumption that 
boron trichloride does not take any direct part in 
the process of boronizing and is only the initial 
product from which the chemical compound is 
formed which produces the interaction with the 
nickel boride. This compound could either be 
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TABLE 1 


Velocity of gasl/hr- - 


Increase in wt. g/m’*/hr 


TABLE 2 


Boron trichloride/hydrogen ratio 


— 


Increase in wt g/n?/hr 


TABLE 3 


Wt. of specimen, g | Concn. of | Concn. of 


| After 
Before experiment | 


Addition | nickel boron 
of wt. g after expt after expt 


& 


1166 2.5373 | 0.1378 
0.1918 198 


oC At % Ni 
40 50 7 
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\ 
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FIG. 4. Constitution diagram for the system Ni-B. FIG. 5. Dependence of the depth of metal consumed in 
the formation of the boronized layer on boronizing 
time at 900°. 
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diborane or any active complex formed on the inter- 
action of boron and hydrogen. In the latter case, 
however, there should be no noticeable change in 
the concn. of the active complex when the concn. 
of boror trichloride is varied. 

We also investigated the problem of the particip- 
ation of chlorine in the process of boronizing 
according to the reaction 


2BCl, +- 3Ni -> 3NiCl, + 2B. 


Boronized specimens which had been weighed 


before and after boronizing were analysed chemically. 


If the initial weight of the nickel specimens is 
known, and also the addition in the process of 
boronizing and the weight of nickel and boron in the 
boronized specimens, (from chemical analysis), the 
intensity of the exchange reaction can be found. 
Our results are set out in the table. The difference 
is the weight of nickel before and after the experi- 
ment was not more than 1% which lies within the 
range of accuracy of the analysis. These figures 
show that nickel trichloride is not formed in the 
process of boronizing. 

Our work does therefore not confirm Paul’s pro- 


position regarding the substitution of boron in 
a haloid compound with the metal. It must be noted 
that otier investigators [17] who carried ont the 


boronization of niobium in a mixture of BCI,+H,, 
also failed to find that any niobium chlorides were 


formed. 


CONCLUSIONS 


1. In the process of the gas boronization of nickel 
(900°) a linear dependence is observed between the 
depth of the metal consumed in the formation of the 
boronized film and the boronizing time (at a film 
depth of 0.8 mm). 

2. The boride film on the surface of the metal 
consists of three layers which have different micro- 
hardnesses. 

3. The limiting stage in the process of the boron- 
ization of nickel with a mixture of BCI,+H, at 900°C 
is the diffusion of the boronizing agent from the gas 
phase to the surface of the specimen. 


4. It is possible that it is not boron trichloride 
which is the boronizing agent but a compound which 


is formed by the interaction of boron with hydrogen. 
5. In the process of the boronizing of nickel by 
the mixture BCI, + H, no chloride salts of nickel ¥ 


are formed. 


Tronslated by V. Alford 
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THE PROBLEM OF SIMULATING THE STRUCTURE OF CRYSTAL BOUNDARIES* 
V.I. ARKHAROV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 20 December 1960) 


A general method is suggested for simulating the structure of crystal boundaries on the basis 
of the idea of a three-dimensional nucleus. A model produced in this way can be described without 
resort to ideas of lattice dislocations (although it can be related to dislocation models) and it will 
have universal application as regards type and degree of disorientation of the crystals forming the 
junction. As the quantitative characteristics of the structure of a junction it is suggested that use 


can be made of the average value of atomic dislocations in an 


“equivalent pack” of atomic planes. 


From a comparison of the mean atomic displacements in junctions with experimentally measured 
type III distortions in workhardened crystals some ideacanbe gained of the lower limit for the depth 


of a crystal boundary. 


1. At the present time crystal boundaries are 
treated as transition zones by means of which 
adjacent crystals are joined into one mechanicaily 
strong whole, a polycrystalline solid. The atoms 
which go to make up these zones and are in their 
middle layer, are to an equal degree subject to the 
influence of the lattice of both of the crystals and 
are arranged in the layers in such a way that the 
potential energy of their interaction is at a minimum 
not only between themselves but also with the atoms 
of neighbouring lavers and thus, between the atoms 
of both crystallites. This arrangement is in some 
degree different from that of atoms in an equilibrium 
lattice. It is suggested that there is a collection of 
atomic configurations across the zone. At each of 
the two edges of the zone these configurations will 
be very little different from a periect lattice with 
the orientation of the crystal ¢ jacent to this edge; 
the configuration in the middle of the zone will be 
more different from that of a perfect lattice. This 
collection of configuration can be called the struc- 
ture of an intercrystal boundary. For any given type 
of perfect crystal lattice it will be determined by the 
disorientation of the crystals forming the junction. 

2. Several models have been suggested to simulate 
the structure of intercrystal boundaries [1-7, 9]. The 
model proposed by Hargreaves and Hill [2] is suit- 
able for what are known as large-angle tilt bound- 
aries. It was devised by the authors for a simple 
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cubic lattice where in one of the crystallites the 
cube plane lies parallel to the boundary plane, 
while in the other crystallite the cube plane is 
rotated around axis [100] which is common to bot! 
lattices and lies in the boundary plane at an angle 


2n 
arc cos — 


n?+ ] 


where 2 is any odd number. Here, in the section 
perpendicuiar to the boundary plane and to direction 
100], a particular kind of linear “nonius” will be 
formed along the junction which will be character- 
ized by the periodic coincidence of some of the 
lattice sites of one crystal with the corresponding 
sites of the other. 

In the Hargreaves-Hill model it is assumed that 
the joining crystals are separated along a common 
normal to the plane of the junction. Between pairs 
of sites, which coincide in the “nonius”, perfect 
chains of sites are inserted which extend into the 
lattices of both crystals. The identity period in the 
chains fluctuates steadily between its value for the 
given direction in one of the crystallites and that 
for the same direction in the other one. In between 
these chains the order of the arrangment of atoms 
is disturbed in varying degrees depending on the 
stage of transition from one crystal to the other. 
The greatest disorder will be in the middle of the 
junction zone. The Hargreaves-Hill model is of a 
qualitative nature. 

For the purpose of making quantitative 


calculations, in a number of works by Burgers [3], 
Bragg [4], Read and Shockley [5], what is known as 
the dislocation model of a crystal boundary has 
been proposed and developed. This model represents 
an intercrystal boundary (with tilt-type disorienta- 
tion) as a system of edge dislocations with the axis 
in the plane of the boundary parallel to the axis of 
rotation. This kind of system can be used for 
quantitative calculation at quite considerable dis- 
tances between the dislocation axes where the in- 
teraction between dislocations will be quite small. 
This means that the model is suitable to represent 
boundaries with only a small angle between them 
(small disorientations). For large misorientation 
angles it has been suggested that the intercrystal 
boundary could be modelled [6] by sectors of more or 
less coherent transition from one crystal to the other 


with non-coherent ones. In essence this model has no 


particular advantages over that of Hargreaves and 
Hill. 

Attempts are being made currently to extent the 
dislocation scheme for tilt boundaries with large 
angles introducing, instead of the one “wall” of the 
twist dislocations, several “walls” with various 
different distances between them and between the 
dislocation axes in each wall*. The possibility is 
also being discussed of extending the dislocation 
scheme to model the structure of intercrystal bound- 
aries of the rotating and mixed type, introducing 
both edge and screw dislocations into the study. 
Without stopping here to consider these attempts, 
we note that the systems of dislocations required 
for the calculation or even simply to describe the 


structure of istcrerystal boundaries, become extremely 


complicated when the grain disorientation is in- 


creased and that the dislocations should in this case 
converge at a distance of the order of the size of the 


dislocation core, so that they will lose their indivi- 
duality as line defects, which means that the struc- 
ture can no longer be described in terms of dis- 
location theory. For this reason, when developing 
representations of the structure of intercrystal 
junctions, it is not always possible in a general 
postulation of the problem to draw this structure 
into a complex of dislocations. 


In this article an attempt is made to find a general 


method for modelling the structure of intercrystal 
boundaries for any kind of disorientation without 
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using dislocation representations *. At the back of 


this attempt lies the Hargreaves-Hill model extended 


in three dimensions with the generalization of the 
order established for the necessary arrangements to 
make it applicable to any kind of disorientation 
(both as regards the type and the size of the angles) 
and with the introduction of certain quantitative 
characteristics. This scheme has been ontlined in 
general terms in article [9]; in this article a fuller 
description of the proposed model will be given. 

3. We will proceed from the assumption that, 
independent of the depth of an intercrystal trans- 
ition zone, the arrangement of atoms in its central 
part will to an equal extent be subject to the in- 
fluence of each of the two differently oriented 
lattices of the adjacent grain. The arrangement of 
atoms in the centre part of the zone should therefore 
be intermediate between that which they would 
occupy if they were the peripheral atoms of one of 
the crystals in the absence of the other, and that 
which would be the case if they belonged to the 
periphery of the second crystal ir the absence of 
the first. This intermediate arrangement can be 
found as follows. In each of the adjacent crystals 
let us take the crystallographic networks, which at 
the disorientation in question lie closest to the 
plane parallel to the boundary plane, and in which 
the rotation of these networks around the common 
normal for this disorientation, will be common to 
both in the common plane. 

The resulting configuration of a binary system of 
point sites in both networks will be a kind of two- 
dimensional nonius. [n each of the crystallographic 
directions in the common plane the identity periods 
will be different for the two networks and if any 
pair of sites in these networks coincides to form 
the beginning of co-ordinates, then in each of the 
directions passing through the beginning of a 
co-ordinate a linear nonius will be produced. At a 
certain distance, after several identity periods, the 
coincidence of the sites of the two networks will 
be repeated. For the probelm interesting us, which 
is not a purely mathematical one but is related to 
physical objects — crystalline substances, precise 
coincidence of the corresponding pairs of sites is 
not required. It is sufficient to note that there is 
periodic repetition of the approximation of the sites. 
Among the muitiplicity of directions passing 


* See e.g. [7, 13]. 


* 4 model devised in this way for slight disorientations 
would automatically lead to a dislocation network. 


56 | 
VOI 
1z 
19€ 
| 


The structure of crystal boondaries 


through the origin of the co-ordinates and set by 
numbers of sites from both networks, there will be 
two along which the coincidence of the sites (or 
their approximation to the required degree) will have 
periods less than in all the other directions. We 
will take these two directions for the axis. Closer 
to the beginning of a co-ordinate, the coincidence 
or approximation of the sites on each of the axes 
will define the side of a parallelogram which we 
will take to be the “elementary loop” of a two- 
dimensional! nonius *. 

In view of the physical nature of these networks 
(which describe the arrangement of atoms in a 
solid) it can be assumed that where the coincidence 
is not exact each of the networks as a whole (as a 
single atomic layer) will be elastically deformed 
until there is precise coincidence between the 
approaching sites. After this we shall have the 
superposition of our two networks as a perfectly 
precise two-dimensional nonius. The whole super- 
position pattern wil! here be represented as a two- 
dimension periodic (translation) repetition of the 
elementary loop of the two-dimensional nonius. 

As in general these networks will have different 
reticular density then, besides the two-dimensional 
form of the network we must introduce the three- 
dimensional shape of a pack of crystallographic 
plane, which will contain a certain number of sites 
within the limits of a rectangular parallelepiped cut 
up into a pack with four planes passing through the 
side of the elementary loop of the two-dimensional 
nonius and perpendicular to its plane. This paral- 
lelepiped is as it were, the unit cell of the struc- 
ture of the intercrystal boundary modified by the 
mutual influence of the differently oriented regions 
of normal structure in the adjacent crystals. For 
every combination of the two networks (i.e. for 
every kind of intercrystal boundary) the appropriate 
number of planes must be selected for the pack, so 
that there is the same number of sites in the unit 
cell in both of the packs; we will call these equi- 
valent packs’. 


* The position of the elementary oop can be found by 
calculation after finding the distance between pairs 
of sites comparable in a definite sequence, and 
selecting the closest pair nearest the origin of the 
co-ordinates. It is however much simpler to find 
the loop graphically by plotting the superposition of 
networks. 

Fig. 2 shows this kind of pack in different stages 
of rearrangement (i.e. at different depths through 
the boundary zone). 


The model we are suggesting for the stracture 
of a crystal boundary is based on the idea that a 
certain number of equivalent packs are arranged in 
sequence along the normal to the plane of the 
boundary. At the two edges of the packs the ar- 
rangement of atoms will be closer to that of the 
perfect crystal lattice adjacent to the edge in 
question (the only difference will be the even 
elastic deformation of the networks described 
above). In the subsequent packs the arrangement 
of the sites (atoms) will gradually change approach- 
ing that of the lattice in the opposite crystal. 

Besides the displacement of sites inside a pack 
there will be a gradual and successive change in 
the width of the packs. Whereas in the equivalent . 
pack belonging to a normal lattice all the sites 
will be arranged in the crystallographic planes 
belonging to the pack, in those in the transition 
zone of the junction some of the sites will not 
only be displaced from their planes, but they will 
also extend into the interval between planes form- 
ing @ sort of transition between neighbouring 
planes. These will be created either by the forma- 
tion of new crystallographic planes in a pack, or 
by the liquidation of “surplus ones” in depend- 
ence on the direction in which one considers the 
sequence to be running and the relationship 
between the number of planes in a given pair of 
equivalent packs. Thus if there is a certain re- 
arrangement taking place in the sequential transi- 
tion from one pack to the other in the middle of 
the junction, there will be a pack in which the 
arrangement of sites or atoms will be exactly 
intermediate between that of the two extreme packs. 
We will find this arrangement as follows. 

Let us imagine two equivalent packs for a given 
disorientation of adjacent grains in a normal 
crystal lattice. By a slight elastic deformation 
along the normal to the planes of the packs we will 
make them of the same average depth. Then we 
will combine them in space in such a way that 
the apexes and the size of the elementary paral- 
lelepiped of the two packs coincide. This super 
position will be a kind of three-dimensional 
nonius. Then we will draw straight lines from each 
site in the one pack to its nearest neighbour in the 
other. These lines can be regarded as the displace- 
ments along which a crystal lattice of the one 
orientation can by the simplest method be re- 
arranged into a lattice of exactly the same crystal- 
lographic shape, but with the other orientation. 
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The points which divide these lines in half will 
represent the intermediate position of the atoms, 
i.e. the combination of points will show the struc- 
ture of the centre part of the intercrystal boundary. 

Similarly, if we mark the points which divide the 
lines between the corresponding sites in the two 
packs in proportions less or greater than 1:1, we 
shall get the position of the atoms in the packs 
which are nearer to one or other of the adjacent 
crystals. The pack in which the lines are divided 
in half (the centre of the junction) will have the 
position of the atoms which differs most from that 
of a perfect lattice. 

Some further observations must be made regarding 
the conditions essential for the application of this 
method of making a model of the structure of the 
junction between two crystals for actual concrete 
cases. If the sites selected for joining to those 
in one of the superposed equivalent packs are the 
nearest neighbour ones in the other one, beginning 
with the sites which are nearest in distance, and 
then passing on to pairs which are separated by 
ever increasing distances, then it will be found that 
in some of the sites (in one or other pack) all the 
nearest neighbours belonging to the composition of 
the other pack are already connected to other sites 
in the first one. When sites are found which have 
no nearest neighbours in the other pack this means 
that in the gradual rearrangement of the pack the 
atom in question is being pushed into an intersti- 
tial site, if one regards the structure in the inter- 
mediate zone as a modified lattice. A similar 
situation with regard to the sites in the second of 


FIG. 1. Superposition of crystallographic networks (100) and (111) of a 
simple cubic lattice with orientation [001] I [110]. 


the superposed packs will mean that there are 
“vacancies” in it*. But considerable local dis- 
tortions are known to exist in the environment of 
vacancies or atoms which have been forced into 
interstitial sites, i.e. the atoms closest to these 
lattice defects have been displaced from their 
positions. Therefore the diagram for the rearrange- 
ment of the equivalent packet may be subject to 
the requirements of the minimum total extent of 
displacement of all the atoms of the elementary 
parallelepiped in the equivalent pack’. A detailed 
study of this problem has shown that a few differ- 
ent variations may be equally suitable for rearrange- 
ment along these lines. They can be distinguished 
by the difference in the pairs of sites in the three- 
dimeasional nonius but there is only a slight 
difference in the value of the total extent of the 
displacements''. The variation in which the total 
extent of site displacements is at a minimum on 
rearrangement will be regarded as corresponding 
to the equilibrium structure of the boundary. 


* These terms are put in inverted commas because this 
arrangement cannot really be treated as a real crystal 
lattice because of the considerable modification of 
structure, which varies along the normal to the 
boundary. 

t The forces of atomic interaction in the boundary zone 
are assumed to be the same as in a lattice and to be 
similarly dependent on distance. 

tt This is important for the physical nature of an 
intercrystal boundary as it makes the elementary acts 
of diffusion in boundaries much easier that in a 
perfect lattice. 
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FIG. 3. a — first plane of three-dimensional nonius. 

Small circles indicate projections of 
sites of the lower second plane (111). 
Bold lines show displacement of sites 
necessary for rearrangement; 

6b — the same for second plane of three- 
dimensional nonius; 

c — the same for third plane of three- 
dimensional nonius. 


Yet another complication in devising a model of 
this structure is due to the fact that the number of 
planes in the equivalent pack will not usually be a 
multiple of the planes to be found in one identity 
period along the normal. Therefore in equivalent 
packs calc. from the minimum possible same number 
of atoms in the elementary parallelepiped, the 
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FIG. 2. Diagram of the mutual] rearrangement of equi- 
valent packs when the number of planes in them 
is varied. 


periodicity of the structurally identical planes will 
not always be complete and each succeeding pack 
will not always be identical with the first plane 
of the preceding one. To make the geometrical 
conditions in the series of layers in the boundary 
completely comparable the depth of the equivalent 
packs must be increased an appropriate number of 
times*. For boundary structure models however this 
would only be of significance in relation to the 
selection of corresponding sites in a three-dimens- 
ional nonius. As for the extent of the displacements 
(expressed in proportions of the whole distance 
between corresponding sites), this may vary within 
the one pack if the latter is thick enough. 

4. As an example let us consider the boundary 
between the two sectors of a simple cubic lattice 
oriented parallel to the plane of the boundary 


* This is equal to the product of the number of planes 
belonging to the identity period along the normal 
in both packs. 
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FIG. 4, Atom configuration corresponding to rearrange- 
ment of equivaient pack up to half of each atomic 
displacement: 

a-c — for I, II and III planes respectively of the equi- 
valent pack. 


between planes (100) and (111) where the direction 
[001] in the first is parallel to [110] in the second. 
Fig. 1 shows the superposition of the corresponding 
networks. The tops of the elementary loops of the 
two-dimensional nonius have heen circled. The 
slight disparity between the corresponding sites is 
compensated by the low elastic deformation of the 
networks (0.75 per cent along axis x and 1.0 per cent 
along axis y). The two-dimensional nonius loop is in 
the form of a rectangular with sides 7 and 5 cube 
edges long respectively. 

As the reticular densities for (100) and (111) are 
1 and \/ 3/3 resvectively we shall get the minimum 
number of planes four and seven respectively, for 
the equivalent packs. Due to the elastic deformation 


FIG. 5. Atom configuration corresponding to rearrange- 
ment of equivalent pack up to a quarter of each 
atomic displacement: 

a-c — for I, Ii and III planes of equivalent pack 
respectively. 


of the networks we shall get the same number of 
atoms, 4, for the unit area of a network in both 
packs and the same number of atoms, 140, for the 
whole elementary parallelepiped (in both equivalent 
packs). In pack (100) there are 35 of them to each 
four planes and in (111) there are 20 of them in 
each seven planes. To rearrange the elementary 
parallelepiped according to the three-dimensional 
nonius scheme, seven of the (111) planes must be 
transformed into four (100) planes. This means than 
an appropriate number of atoms from the II, IV and 
VI planes in pack (111) must pass over to the 
remaining four planes, bringing their number of 
atoms up to 35. 

A diagram of these transitions is shown in 
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Fig. 2, which is a diagrammatic cross-section of the 
junction of a plane perpendicular to the boundary 
plane. 

Fig. 3a shows the first plane of the three- 
dimensional nonius produced by combining both 
equivalent packs; small circles have been drawn 
round the projection of the sites of the second, 
underneath plane (111). The site displacements 
necessary for rearrangement have been drawn in 
with thick lines. Fig. 35 and c show similar rear- 
rangements for the second and third planes of pack 
(100); the fourth plane has the same shape as the 
first (see Fig. 3a) if rotated through 180°. 

The atom configuration corresponding to the re- 
arrangement carried through to a half of each of the 
displacements (the structure of the centre of the 
junction), is shown in Figs. 4a-c for each of the 
successive three type (100) planes respectively 
(the fourth is the same as the first rotated through 
180°). To introduce some perspective into these 
drawings the sites are encircled by rings which de- 
crease in dia. as they get further away from the 
viewer. The diminishing width of the lines joining 
the sites of the distorted type (100) network are 
for the same reason. 

Figs. 5 a-c show a similar construction for the 
displacement of atoms by a quarter from the sites in 
the pack oriented parallel to plane (100); here the 
distortion of network (100) is correspondingly less. 
When the atoms are displaced from the sites in pack 
(100) by three-quarters the resulting configuration 
will be very similar to that of pack (111). This is 
shown in Fig. 6 for the first plane of the pack (see 
Figs. 4a and 5a). Here one can see a distorted 
rhombic network formed by the atoms remaining in this 
plane. The atoms which have left it, together with 
those displaced in the opposite direction from the 
following type (100) plane form a type (111) plane as 
shown in the diagram in Fig. 2 (B). The configura- 
tions of any of the other intermediate packs in the 
boundary are constructed in a similar manner. 

5. The atom displacements from the perfect 
lattice sites achieved by the configuration of the 
middle layer of the junction will be similar to those 
which are modelled for III type distortions as a 
result of mechanical action and transmitted to the 
distorted sector from below. The structure of the 
junction can therefore be described as a kind of 
III type distortion. The average extent of displace- 
ment calc. for one atom can be used as the main 
quantitative characteristic of the junction. 


FIG. 6. Atom configuration corresponding to rearrange- 


_ment of equivalent pack’ up to three-quarters of each 


atomic displacement; plane I of the pack is shown 
(see Fig. 4a and 5a). 


For boundaries with considerable disorientation 
the average magnitude of atomic displacements in 
the equivalent pack half rearranged will be several 
times greater than the average displacement in 
III type distortions in metals with the maximum 
work-hardening. In our example it is 28 per cent of 
the interatomic distance in a perfect lattice. The 
maximum III type distortions in materials which 
have undergone considerable work-hardening are 
known from published sources to be characterized 
by the average displacement of atoms from lattice 
sites (u;) 14, of the order of 3-4 per cent of the 
normal interatomic distance [10, 11]. It can be 
assumed that the degrees of “distortion” between 
neighbouring packs in a boundary will bot exceed 
the (u ;)max level observed experimentally. This 
hypothesis makes it possible to assess the mini- 
mum depth of a crystal boundary with considerable 
disorientation. The number of packs, each corres- 
ponding to a given disorientation, should be more 
than twice the number of displacements in the 
“half rearrangement” of a pack. 

As a pack will include several atomic layers 
the minimum assessment of the depth of a boundary 
must be several tens of atomic layers. This figure 
must increase considerably when one allows for 
the very high probability of finer stages in the 
degree of distortion than the maximum found expen- 
mentally for the III type distortions revealed. The 
peripheral lattice layers of the grains subject to 
the flat elastic deformation described must also be 
included in the depth of the boundary. Bearing all 
this in mind, the assessment of depth for a general 
case must, with one or two noted exceptions 
(twinning orientation for instance), be in the range 
of several hundred atomic layers. This is in 
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agreement with the assessments which would be obtained by other methods [12] 
deduced from analysis of the experimental data 


Translated by V. Alford 
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AUTORADIOGRAPHIC AND RADIOMETRIC ANALYSIS OF INOCULATED CAST IRON 
WITH SPHEROIDAL GRAPHITE * 
A.P. LYUBCHENKO, M.V. MOZHAROY and Yu.G. BOBRO 
(Received 6 October 1960) 


This article presents the experimental results of the investigation of the distribution of cerium 
(the radioactive isotope’**Ce) in inoculated cerium and cerio-magnesium cast irons. The distribution 
of the cerium radioisotope was studied by the autoradiographic method and also by finding the speci 
fic radioactivity of the phases in the iron after its electrolytic dissolution. 


The extensive disagreement between theories on 
the crystallization of graphite in inoculated (with 
magne sium or cerium for instance) high duty cast 
iron [1-3] can to a very considerable degree be attri- 
buted to the absence of direct experimental data 
regarding the microdistribution of the inoculent 
within and around the graphite grain. The only 
attempts known to us to obtain information regarding 
the microdistribution of an inoculant in iron are 
either not applicable to our purpose [4] or they 
have been very inaccurately carried out [5] so that 
the results cannot be used with any degree of 
certainty. 

The present article presents the results of the 
experimental investigation by means of the radio- 
active isotope Ce of the distribution of cerium in 
cast irons inoculated by cerium or by a mixture of 
cerium and magnesium. 

1. Iron with spheroidal graphite was produced in 
a vacuum induction fumace type NVP -3M from grey 
iron (castings were about 1 kg each). The inoculated 
iron was produced by adding either pure metallic 
cerium (“Ce iron”) or a cerio-magnesium hardener 
(“Ce + Mg iron”). In both cases during the inocula- 
tion the same definite quantity of metallic ‘Ce 
was introduced to the molten alloy, to bring the 
specific radioactivity of the melt to not less than 
1 wCu per g. Afterinoculation the iron was cooled 
at the rate of 6U-70°/min. As the specific radio- 
activity of the melt was extremely high we decided 
to make a chemical analysis of irons produced in 
similar conditions but without the radioactive 
isotopes. The results were as follows: 


* Fiz. metal. metalloved., No. 2, 233-239, 1961. 


Ce iron (3.85 % C, 0.82 % Mn, 2.55 % Si. 0.12% Cr, 
0.26 % Ce, 0.055% P, 0.012% S, no Mg); Ce +Mg 
iron (3.56 % C, 0.81% Mn, 2.85 % Si, 0.17% Cr, 
0.075 % Mg, 0.18% Ce, 0.055% P and 9.013 % S). 

These irons were analysed metallographicaily 
and by the X-ray diffraction, autoradiographic 
and radiometric methods. As the radioisotope “Ce 
emits both 8-particles and also y-quanta [6] thin 
microsections of 40-60 u had to be made in order 
to get a clearly defined autoradiographic pattern. 
To this end the mechanically polished microsec- 
tions were finished from a depth of 1 mm by elec- 
tropolishing in a 20% solution of HCi with a current 
density of 200 A/dm? down to about 50 p (rate of 
dissolution was 3 x 10°* cm/min). The microsec- 
tions were photographed on NIKF plates with a 
MK emulsion and these were developed in an 
amidol solution. The radioautographs obtained were 
studied at a magnification of 100-400 times 
(gradually increasing). 

The distribution of cerium between the graphite 
and the parent metal was found by comparing the 
specific radioactivity of the iron and graphite elec- 
trolytically removed from the iron (the method has 
been described in [7] ). X-ray patterns were 
obtained by reflection from a microsection in a 
Debye camera in Fe anode radiation. 

2. Fig. 1 shows a photomicrograph of Ce-iron which 
shows that after the alloy has been cooled the 
graphite is spheroidal while the metal base consists 
mainly of pearlite, sometimes with traces of 
ledeburite. The graphite grain has an edge of 
ferrite. The autoradiograph of the iron (Fig. 2) ia 
an almost exact copy of the pattern of the unetched 
section. As it can be seen from Fig. 2, the cerium 


FIG. 1. Photomicrograph of the structure of radioactive 
cast iron inoculated with cerium; x 1390. 


is conc. mainly in the graphite. Uneven darkening 
can clearly be seen on the autoradiograph of the 
region corresponding to a graphite grain (Fig. 2 5). 
The conclusion was confirmed by photometering 
(Fig. 3). The distribution of Ce in the (Ce + Mg) 
iron is similar to the Ce-iron. For this reason no 
autoradiographs are shown for the (Ce + Mg) iron. 
It must be noted that if the uneven darkening is 
analysed carefully a pale oreole can be seen 
around the graphite grain, which is the metal base 
adjacent to the graphite grain and contains less 
cerium than the sectors further away from a grain. 
The width of this zone is about 4-6 times less than 
the depth of the ferrite edge to the graphite grain. 
X-ray diffraction analysis of the insoluble 
precipitate from the electrolytic dissolution of iron 
inoculated with cerium or cerium and magnesium 
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FIG. 2. Autoradiograph of the distribution of cerium (radioisotope Ce) 
in cast iron inoculated with cerium; a — xX 130, 5b — x 800. 


shows this to be graphite. The positions and in- 
tensities of all the interference lines in the X-ray 
pattern plot into a system of diffraction maxima 
from the crystal lattice of a-graphite. However, 

the d_,, values for the spheroidal graphite of 
inoculated cast irons is somewhat higher than the 
tabulated d,,, values for graphite [8]. Its interfer- 
ence lines have rather smaller Bragg angles. For 
example, if the shear is 1.5 mm in the region of the 
line corresponding to the reflection from the 
standard graphite plane with doo, = 3.38 A, then for 
dys, = 1.15 A the displacement of the lines will 
increase to about 2.5 mm. We found this by compar- 
ing the d_,, values for the undissolved precipitate 
with the tabulated ones for graphite, and also by a 


direct comparison of the X-ray patterns of graphite 
precipitaved from the inoculated cast iron, and 
those of spectrally pure graphite. 

After the inoculated Ce and (Ce + Mg) iron had 
been dissolved with different current densities the 
radioactivity of the electrolytically precipitated 
graphite powder was measured. The curves in 
Fig. 4 show the dependence of sp. vol. radioactivity 
(radioactivity related to a unit of vol. of the compact 
graphite) on current density. For comparison the 
same graphs show the sp. vol. radioactivity of Ce 
and (Ce + Mg) cast trons (curves J] and 2). The 
first thing that can be seen from these curves is 
that where the inoculation is with cerium alone, 
the maximum specific radioactivity of the precipit- 
ated graphite is practically the same as the specific 
radioactivity of the iron. With combined Ce + Mg 


i 
‘ 


12 
1961 


Analysis of inoculated cast iron 


inoculation it is about four times less. Attention 

is drawn to the reduced specific radioactivity of the 
graphite obtained when the measurement is made 
after the iron has been dissolved at higher current 
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FIG. 3. Photometer curve of the darkening in an auto- 
radiograph of a graphite grain. 


densities (above 200 A/dm?). 


3. These results do give us some idea of the 
nature and sequence of the elementary processes 
which accompany the crystallization of graphite in 
irons inoculated with cerium and magnesium. In 
future in this article it will be assumed that the dis- 
tribution of darkening on the autoradiograph indicates 
the distribution of cerium in the alloy. The spherical 
region (“nucleus”) in the centre of the graphite crys- 
tallite, which is more saturated with cerium than the 
peripheral part of the grain, may be an indication 
that at a certain stage of crystallization there is a 
sudden change in the rate at which atoms (ions) of 
cerium reach the graphite. As the cerium passes by 
diffusion from the surrounding medium into the 
graphite crystal, this must mean that after the centre 
part of the grain has crystallized there is an abrupt 
change in the mean diffusion coefficient of cerium 
in the region around the grain, i.e. the structure of 
the medium is changed. This change must take 
place in such a way that it causes a reduction in the 
diffusion coefficient of cerium (p&e > p©*), where 
subscript | refers to the beginning and subscript 2 
to the final state of the system. 

The following variations are possible in the change 
of structure in the region surrounding a “nucleus”: 

1) a change in the aggregate state (i.e. transform- 
ation from liquid to solid where D“° >> ie ); 


2) polymorphous transformation solid to solid 
(in this case only a phase transformation is possible 
[9, 10] and here « as the diffusion 
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coefficient in the a lattice of iron is usually 


& 


an 


No 


Specific radioactivity, imp. min™*., 


200 
Current density, A/dm? 


FIG. 4. Dependence of specific radioactivity (radio- 
isotope *“Ce) of graphite powder electrolytically 
precipitated from inoculated cast iron, on current 
density. The curves show the sp. vol. radioactivi- 
ties: 

i — Ce-cast iron; 

2 — (Ce + Mg) — cast iron; 

3 — graphite in Ce-cast iron; 

4 — graphite in (Ce + Mg) — cast iron. 


considerably higher than in the y lattice [11]}). 
Allowing for the conditions necessary for the 

formation of a saturated nucleus cerium DY° > pce 

and bearing in mind that in the second case 

« , we must draw the conclusions that 


the sudden change in the diffusion coefficient is 
due to the formation of a solid phase around the 
spherical nucleus of a graphite crystal which has 
crystallized from the liquid fusion. The further 
crystallization of the graphite grain, of its per- 
ipheral zone which has a lower cerium content than 
the nucleus itself, will take place in the solid 
state. The presence of a zone denuded of cerium 
around the graphite is a direct and clear indication 
of the diffusion character of the cerium saturation 
of the graphite crystals in the peripheral zone, 
which takes place in a solid solution of cerium in 
iron in which a mach steeper cerium concn. gradient 
can be maintained than in the liquid [18] *. 

The interference lines on the X-ray pattern of the 
graphite precipitated from inoculated cast irons are 


* The views here expressed regarding the sequence of 
the crystallization stages of graphite include the 
case where a graphite grain is preserved in the iron in 
the liquid state, and is not subsequently dissolved 
when the alloy melts. 
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solid with uniform density of darkening. This means 
that the size of the region of coherent dispersion 
cannot be more than 107‘ cm and not less than 107° 
to 10°’ cm, as in the latter case a halo was observed 
on the X-ray patterns without any clear diffraction 
maxima, and in the first the individual reflections 
could be seen [8]. Bearing in mind that there is 
cerinm in the graphite grain (see Fig. 2) and that 

the graphite precipitated from the iron virtually loses 
its radioactivity (see Fig. 4), we must draw the 
conclusion that the cerium inoculator is disposed in 
the graphite along the boundaries or sub-boundaries 
of crystallites, fragments and, apparently mosaic 
blocks, the cross-sectional dimension of which 

must be in the regions of 10°* to 10°‘ cm. This con- 
clusion is also supported by the pattern of the 
microdistribution of cerium. On the autoradiograph of 
a cerium grain there are no regions greater than 

10°* cm along the boundaries of which radio-cerium 
could be disposed. 

The graphite grain is thus a polycrystalline aggre- 
gate and after inoculation the cerium is disposed 
along the boundaries of crystallites, fragments and 
graphite mosaic blocks. The surface density of the 
cerium will be different in the central and peripheral 
parts of the graphite grain; it will be higher in the 
nucleus and lower on the periphery. We note in this 
connexion that the considerable reduction in speci- 
fic radioactivity of the graphite powder,which was 
obtained at high current densities,may be due to the 
fact that in these circumstances the graphite in the 
centre part of the grain will be broken up and conse- 
quently there will be a much more complete diffusion 
of the cerium. [t must, however, be noted that the 
fact that there is a larger amount of cerium in the 
centre of the graphite grain than in the regions 
bounded by the parent metal may, to a known degree, 
also be due to the greater dispersion of the graphite 
in the central part (less than the size of the blocks 
and fragments). In this case, even with the same 
surface density of the cerium in the centre and the 
peripheral regions, the nucleus was found autograph- 
ically to be saturated with cerium. This is due to 
the considerable “volume density of the boundaries” 
(between blocks and crystals) in the centre part of 
the grain and the large volume concn. of cerium con- 
nected with this, which will be localized along the 
boundaries and sub-boundaries of crystallites. 

However, in this case also, the abrupt change in 
the dispersion of the graphite from the periphery to 
the centre of the grain may here be due to the 
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It seems that there is considerable possibility 

[11, 12] of causing a sudden and considerable 
change in the dispersion of the graphite as a result 
of the transformation of the nucleus enviroment 

from the liquid to the solid state. This is because 
no very great change occurs on the polymorphous 

y ~ a transformation: surface tension on the graphite 
environment boundary, difference in specific thermo- 
dynamic potentials of the phases which decide the 
critical dimension of a nucleus, and the diffusion 
parameters of the system, are all the same as in the 
liquid to solid transformation. Transformation of 

the system to another aggregate state will cause a 
more substantial change in the substructure of the 
growing graphite crystal. However direct experi- 
mental data would be required to prove this point, 
which are not at our disposal at present. 

Attention is drawn to the fact that the cerium 
concn. of the graphite is different with the cerium 
and cerium + magnesium inoculations (see Fig. 4). 
Combined inoculation with Ce + Mg causes less 
cerium saturation of the graphite than when only 
cerium is used. It seems that magnesium, being a 
more surface-active element than cerium [13], 
partially displaces the latter from the surface of the 
graphite crystals. It follows from the experimental 
data from this work that cerium is an intensive 
surface-active element as compared with carbon. 
Its conen. in the “nucleus” of the grain is parti- 
cularly high. In these conditions it is very probable 
that the coefficients a; of surface tension of the 
i boundaries of a graphite crystal, after diminishing 
in absolute value, will tend to a certain average 
value a. Therefore, in accordance with the Gibbs- 
Curie principle {see e.g. [14]) the equilibrium form 
of the graphite grain should approach that of a 
sphere. This is what has been observed experi- 
mentally *. 

The subsequent rate of formation of the grain 
(after crystallization of the “nucleus”) is deter- 
mined not so much by the intensity of growth of the 


* We note in this connexion that there are only two 
physically sound reasons why there should be spher- 
oidal graphite in cast iron and these are mainly due to 
the tendency for the system toward minimum free 
energy. The first is due to the a; » @ transformation 
and occurs in inoculated irons and the second is due 
to the tendency for the surface of the graphite 
dendrite towards the minimum which occurs, 

e.g-, in malleable iron on annealing. 


structural transformation of the nucleus environment. 
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carbon monocrystals in different crystallographic 
directions but by the rate of change of shape of the 
“pores” (“negative” crystal [15]) which arise as the 
result of the “crystallization” of vacancies which 
form a supersaturated solution in the y phase as a 
result of the withdrawal of iron atoms from the 
growing graphite crystal! [16]. In view of the low 
rate of self-diffusion of iron [17], the process res- 
tricting the rate of formation at this stage will not 
be the rate of growth of the graphite in a thermo- 
dynamically (11, 12] unsuitable crystallographic 
direction, but the rate of increase in the dia. (cross- 
sectional dimension) of the “negative” crystal. 
According to Gibbs and Curie, in this case a 
“negative” crystal should have a cubic (“quasi- 
static”) face [15]. 

Attention must,however, be drawn to the relationship 
between the shape of the “negative” crystal and the 
graphite grain. Despite the fact that the rate at which 
the graphite assumes its shape after crystallization 
of the parent metal is determined by the intensive 
growth of the “negative” crystal in the iron, where 
there is preferred graphite growth in a certain cryst- 
allographic direction there will also be variation in 
the shape of the pore in this same direction. In 
this case the “defromation” of a pore is energetic- 
ally satisfactory as it will cause a reduction in the 
free surface energy of the system due to the intens- 
ive deformation in a direction which is thermodynamic- 
ally satisfactory for the graphite crystal. 

We note in conclusion that the experimental 
results of this work do not confirm the well-known 
proposition (for instance see [16]) that the boundary 
layer between the graphite and the parent metal is 
enriched by the inoculating element. On the con- 
trary, our data show (see Figs. 2, 3) that the bound- 
ary zone is somewhat denuded of the inoculating 
element. Therefore the opinions expressed in [16] 
regarding the influence of the inoculator on the rate 
of the self-diffusion processes cannot be regarded 


as experimentally sound. 
CONCLUSIONS 


1. A method has been developed and put into 
practical use for using the radioisotope *“Ce with 
radiometric and autoradiographic analysis to deter- 
mine the distribution of cerium in high duty cast 
irons with spheroidal graphite which have been 
inoculated with cerium or a mixture of cerium and 


magnesium. 


2. Most of the cerium is found in the graphite. 
The intermediate zone between the graphite and 
the parent metal is denuded of cerium. The distri- 
bution of cerium in the matrix is practically uniform 
{no cerium denuded regions could be found under 
a magnification of 2000). 

3. A spherical “nucleus” has been found in a 
graphite grain saturated with cerium. The dia. of the 
nucleus is about one-third that of the grain. The 
cerium content in the peripheral part of the graphite 
grain is less than in the nucleus but higher than 
that of the matrix. 

4. In the graphite grain the cerium is disposed 
along the boundaries of crystallites, fragments and 
blocks. The regions which have cerium along their 
boundary zones are about 10°‘ to 107° cm in size. 

5. When a mixture of magnesium and cerium is 
used for inoculation the magnesium partially dis- 
places the cerium from the sub-boundary zones in a 
graphite polycrystal. 

6. Some opinions have been expressed regarding 
the nature of some of the elementary processes 
which occur during the solidification of iron. In 
particular, it has been shown that the most probable 


process by which inoculated cast iron crystallizes 
in the conditions under review, corresponds to the 
primary crystallization from the liquid state of the 
graphite grain “nucleus”. The peripheral part of 
the grain crystallized after the matrix metal of the 
cast iron. 


Translated by V. Alford 
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INVESTIGATION OF THE INFLUENCE OF UNIAXIAL ELASTIC TENSION 
AND COMPRESSION ON SATURATION INDUCTION AND PARAPROCESS 
SUSCEPTIBILITY IN FERROMAGNETIC MATERIALS* 

V.V. PARFENOV and V.P. VOROSHILOV 
Urals State University 
(Received 12 December 1960) 


This article presents the results of the experimental investigation of changes in saturation 
induction and paraprocess susceptibility under the influence of uniaxial elastic tention and com 
pression at temperatures from 77 to 400°K in high magnetic fields. Both with uniaxial elastic 
tension and uniaxial compression there is a change in saturation induction, but the changes are in 
the opposite direction. This variation is practically independent of field, with the exception of 
states around Curie temperature. In this case no noticeable change in paraprocess susceptibility 
was observed under the influence of elastic tension and compression. 


One of the most important problems in current 
theory of ferromagnetism is that of the influence of 
mechanical effects on saturation induction. The 
possibility of this influence is not ruled out by 
current theories and is attributed to the fact that 
the change in interatomic distance, under the influ- 
ence of elastic stress or tension, should to a known 
degree be reflected by the energy of the interaction 
of electrons participating in the ferromagnetism and 
consequently, also on saturation induction and 
paraprocess susceptibility. Available experimental 
investigations confirm that both with volumetric 
compression [1-3] and uniaxial elastic tension [4] 
there is a change in saturation induction. For a 
long time the view has been held that uniaxial 
elastic tension cannot influence saturation induc- 
tion if there are no changes of phase composition 
in the material. Belov, however [4], who studied 
various alloys at room temperature and around Curie 
point in fields of up to 1000 oersted, has found that 
this is not so. 

With the aim of further developing this problem we 
undertook the experimental investigation of the 
influence on saturation induction, not only of uni- 
axial elastic tension but also uniaxial elastic 
compression on different ferromagnetic materials 
and at different temperatures (ranging from 77 to 
400°K). Furthermore, as this effect should to a 


* Fiz. metal. metalloved., 12, No. 2, 240-248, 1961. 


substantial degree be dependent on magnetic field 
we considerably extended the range of magnetic 
fields used (up to 3500 oersted). Besides this 

we undertook the investigation of the influence of 
mechanical action on paraprocess susceptibility. 
The possibility of such an inflaence is not raled out 
by current theories. It has been shown in one of 
our papers [7] that paraprocess susceptibility 
hardly varies at all under the influence of uniaxial 
elastic tension. This means that only saturation 
induction can vary under the influence of mechan- 
ical action. Exactly the same effect would be 
achieved if there were a change in phase composi- 
tion in the process of deformation under the influ- 
ence of mechanical action. However, our inves- 
tigations were only carried out at room temperature 
and in a limited range of magnetic fields. This 
deficiency has been made good in this work and the 
nfluence of uniaxial elastic tension and compres- 
sion on paraprocess susceptibility has been studied 
in various ferromagnetic materials in higher 
magnetic fields and at different temperatures. 

We also made an investigation of the influence of 
elastic deformation on saturation induction, using 
specimens which had previously undergone plastic 
deformation. If irreversible changes occur under the 
influence of mechanical loads, this should be 
reflected in the variations in magnetization under 
the influence of elastic deformation and by its 
dependence on field and temperature. In undertaking 
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these investigations we hoped to resolve yet an- 
other problem, which had not claimed attention in 
Belov’s works. Under uniaxial tension it has been 
found that the variation in saturation induction is 
proportional to the load applied. It is rather odd 
that such a dependence should also be maintained 
under loads which ought to lead to irreversible 
changes in the ferromagnetic materials investigated. 
To solve this problem we undertook a special 
investigation. 

This work sets out the results of measurements 
made during the investigation of certain ferro-nickel 
alloys belonging to the Invar group. These materials 
were selected for the investigation as the effect is 
very marked in them and they can be magnetized to 
saturation in comparatively weak fields. Besides 
this we went into the influence of elastic tensile 
and compressive deformation on saturation induction 
in the ordering alloy Ni,Mn which has high suscepti- 
bility and vol. magnetostriction in the paraprocess 
range. The investigation of this alloy is of interest 
in itself. This kind of alloy is known to possess 
the peculiarity of undergoing a considerable change 
in its physical properties, including magnetic ones, 
when there is a rearrangement of atoms. The possi- 
bility of the influence of mechanical action on 
saturation induction is also not ruled out in this 
alloy. The problem of the influence of uniaxial 
elastic tension and compression has not been dis- 
cussed. 


TEST SPECIMENS AND PROCEDURE 


Cylindrical test specimens with length 1 = 300 mm 
and dia. from 2.5 to 5.0 mm were used for the mea- 
surements. After fashioning, the specimens were 
annealed in a vacuum at 1000° for several hours 
with subsequent slow cooling. 

_ The changes in saturation induction (A/,) under 
the influence of uniaxial elastic tension were 
measured according to the method proposed by 
Belov [4], with very slight variations. To measure 
the change in saturation induction under the influ- 
ence of uniaxial elastic compression we used the 
apparatus shown in Fig. 1. Two brass tubes 2 and 4 
were placed coaxially with a small clearance in- 
side a solenoid with oil cooling J. The outer tube 
was used to transmit the compressive deformation 
to the specimen 3. It could be freely shifted along 
tube 4 without any noticeable friction. Lugs 5 were 
welded to the upper part of tube 2 to attach cord 6 


FIG. 1. Diagram of measuring apparatus. 


which is carried to rod 8. To the upper part of this 
rod was attached the cord through which the load 
was transmitted. A flat support 9 was screwed into 
the lower part of tube 2. After careful centring 
inside the solenoid the inner tube 4 was firmly 
attached by one end to a massive brass plate 7. 
The plate itself 7 was formly attached to special 
supports. The test specimen was in the shape of a 
cylinder 300 mm long and 5 mm in dia. In the middle 
of the specimen was a measuring coil J0 10 mm long. 
The jutting out ends of the specimen were inserted 
into the channels of the brass rods I] and 12. The 
whole of the specimen with the exception of the 
part where the measuring coil was fitted, was in- 
side these channels. Their dia. was a little higher 
than 5 mm in order that the specimen could be 
shifted inside them without any noticeable friction. 
The ends of the specimens were firmly attached to 
these rods. This had to be done in order to protect 
the specimen from bending during compression. 
Furnace 13 was used to heat the specimen. It 
consisted in a copper tube with a bifilar winding 
of constantan. This provided for a stable and suf- 
ficiently uniform temperature along the whole of 
the specimen. The temperature was measured at 
three points by copper-constantan thermocouples 
attached to the ends ard the centre of the specimen. 
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FIG. 2. Dependence of Vi ‘o on field H for alloy with 36% Ni and 64% Fe at 
various temperatures: 


l and 5 — 400°K; 


The furnace was put on rods J] and 12 and then, 
together with the specimen, was placed inside brass 
tube 4. The specimen was attached to tube 4 by 
means of pin 14. The lower end of rod /2 passed 
through brass sleeve /5 and extended a little beyond 
it. For differential susceptibility measurements a 
further solenoid 17 was wound round brass tube 2, 
and magnetizing field AH was generated. The 
method of measuring susceptibility has been des- 
cribed in papers [5, 6]. The change of magnetiza- 
tion A/ under compression was measured as follows. 
The test specimen was heated to the temperature 
desired and the upper end was attached by means 

of pin 14. In this case the lower end was freed by 
moving pin 16. The required load was attached to 
the end of the cord which passed round the block. 
Under the influence of this load tube 2 shifted 
upwards and the pressure was transmitted to the 

rod 1/2 through support 9, compressing the test 
specimen. After this the magnetic field of the 
magnetizing solenoid was switched on and after 
rapid removal or application of load by means of 
lever 18 the ballistic deflection of the galvanometer 
was observed. 8-10 measurements were carried out 
in each place. The resultant figure for the value 


2 and 4 — 288°K; 


3 — 77K. 


Al,,G 


FIG. 3. Dependence of Al. on @ for alloy with 36% Ni 
and 64% Fe in tension -|.., ® )and compression — 


(2. * | at various temperatures: 


400: 298; 77K: 


measured was reported after averaging all the 
readings. 

With this kind of apparatus it is possible to 
measure both uniaxial compression and uniaxial 
tension. For this purpose the specimen was attached 
ta the lower part of tube 4 by means of pin 16. 


71 
Al/a x 10 
\ | 
10 
| ! | 
\ | | | 
| | 
E 900 150 2009 
| | | 
| 5 
| | 
VOL. 
12 
1961 
| 
| | | 
| 
} } | 
kg/mm? 


Ferromagnetic materials 


AI/o x 10° 


0 500 1000 2000 2500 H, oersted 


FIG. 4. Influence of plastic deformation on the dependence of AJ/a on field 
H for alloy with 36% Ni and 64% Fe at various temperatures: 
land 2—77; 3 and 4— 295°; 5 — 400°K 


= 16; 7%). 
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FIG. 5. Dependence of A/ s ong for alloy with 36% Ni and 64% Fe at various 
temperatures: 
1—77?; 295°; 400°K 


(e — initial state, x- = 14%). 


The upper end of the specimen was freed by remov- tion measurements consisted of two sections con- 
ing pin /4. Load was applied through the cord which __ nected in series and counter to one another. The 

is attached to rod JJ. Then, as in the case of com- number of turns was chosen so that when the cur- 
pression, by the rapid depression or elevation of rent in the solenoid was commutated there was no 
lever 18,load was applied or relieved and the ball- deflection in the galvanometer (without the speci- 
istic reading of the galvanometer was observed. men). If the specimen was placed in the measuring 

Magnetization of field were measured by the coil and the current in the solenoid commutated, the 

ballistic method. The coil used for the magnetiza- ballistic deflection observed was proportional to 
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FIG. 6. Dependence of AJ. on temperature and field H for alloy with 30% Ni 
and 70% Fe ato = 6 kg/mm: 


1 — A = 315 oersted; 2—H= 


4 — H = 1575 oersted; 


the change in magnetization and the difference in 
the number of turns in both sections. The sensitivity 
of this system in A/ measurements was 0.05 G/mm 
(for a specimen 5.0 mm in dia.). 

For the differential susceptibility measurements 
we used the method which hasbeen described in 
papers [5, 6]. For these measurements the sensiti- 
vity of the \/ measurements was 0.05 G/mm and 
in the AH measurements it was 0.2 oersted/mm. 

For all the magnetic characteristics we used a 
solenoid with oil cooling which enables one to 
obtain quite a uniform field of up to 3500 oersted 
in the working chamber. All these measurements were 
carried out in the temperature range from 77 to 


400°K. 
RESULTS 


Fig. 2 shows the curves for the dependence of 
Al/o on field and temperature for one of the speci- 
mens which had undergone uniaxial elastic tension 
and compression; here A/ is the change in magnet- 
izatior in the specimen on variation of load by the 
value o. The upper curves are for a specimen which 
had undergone uniaxial tension at different temper- 
atures and the lower ones are for compression. Where 
uniaxial tension causes an increase in magnetiza- 
tion, compression, on the other hand, causes it to 
diminish. 

It can be seen from Fig. 2 that in the range of 
fields observed \//o decreases with increase in 


525 oersted; 
5 — H = 2090 oersted; 


3 — A = 1050 oersted; 
6& — H = 3020 oersted. 


field and then, after reaching a certain value of 
field H, it remains practically unchanged. This 
conformity in the \//o variations with fieldis 
observed at different temperatures and in all the 
test specimens of the Fe-Ni system (Ni from 32- 
40%) both in tension and compression. \/]/a is 
dependent of field in the range of magnetic fields 
where the changes observed are due to true mag- 
vetization. It is known that mechanical action may 
influence not only saturation induction but also the 
initial distribution and orientation of regions of 
spontaneous magnetization. This plays a consider- 
able role in fields below technical saturation. Our 
measurements of differential susceptibility at 
varions temperatures confirm that in the range of 
magnetic fields where \//o remains unchanged 
with field, the changes we observed were due to 
true magnetization. The measured \/ value in this 
case is different from the change in saturation 
induction 

The straight line sectors where E is not depend- 
ent on field, were used to find the dependence of 
variation in A/. onc. Fig. 3 shows the dependence 
of | AJ. ! on applied load o. As the load is in- 
creased the change in saturation magnetization 
Al, increases proportionally to o both in tension 
and compression. This conformity in the a depend- 
ence of Al. changes is observed at various 
temperatures from 77 to 400°K in all the test speci- 
mens of the Fe-Ni system belonging to the Invar 
group. 
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FIG. 7. Dependence of Al, on field for alloy with 30% Ni and 70% Fe at 
different temperatures: 


1-18; 2-34; 


Our measurements, which were carried out in a 
wide range of fields up to 3500 oersted, have con- 
firmed the accuracy of the linear dependence of 
Al, on o, which was found by Belov [4] on the 
basis cf measurements in quite weak fields (up to 
1000 oersted). 

To investigate the influence of plastic deforma- 
tion on variation in magnetization A/ the specimen 
first underwent various degrees of plastic deforma- 
tion in tension (up tc Al/1 = 14% and then mea- 
surement was carried out under the influence of 
elastic tension. These measurements showed that 
both the A/, value, and its dependence on o and 
temperature, remained practically unchanged after 
plastic deformation. The rsults of these measure- 
ments are given in Figs. 4 and 5, from which it can 
be seen that the straight line sectors where A//o 
is not dependent on field H, have shifted to higher 
fields. This means that plastic deformation only 
affects the initial distribution and orientation of 
the regions of spontaneous magnetization. This is 
also supported by the measurements of the para- 
process susceptibility and its dependence on tem- 
perature. All this is further confirmation of the 
fact that in the range of fields investigated, we 
are actually dealing with true magnetization and 
that all the processes related to the existence of a 
technical magnetization curve, can be excluded. 

We thought it would be interesting to investigate 
the change in saturation induction under the in- 
fluence of elastic stresses around Curie point and 
in higher magnetic fields. The effect itself is here 
quite high and all the magnetization processes con- 
nected with the existence of a technical curve of 
magnetization, are completed in quite weak fields. 


3 ~ 50°C (o = 6 kg/mm’). 


All this makes it easier to study this effect. 

Considerable technical difficulties are en- 
countered in making measurements at high temper- 
atures and for this reason the object chosen for the 
investigation was an alloy with 30% Ni and 70% Fe, 
which has a low Curie point. The temperature 
range was 16 to 125°C. In the course of the mea- 
surements special study was made of the reproduc- 
ibility of measurements made during heating and 
cooling. Reproducibility was perfect and no varia- - 
tions were found in the measurements. 

Figs. 6 and 7 show the curves for the dependence 
of variations in A/ on 7 and field H for o = 6kg/mm?. 


Al, increases on approaching Curie point, and 
reaches a maximum and then diminishes. The in- 


fluence of magnetic field on AJ, is here quite 
apparent. The A/. value increases with increase 
in temperature and diminishes with increase in 
magnetic field. It can be seen from Fig. 6 that the 
T dependence of AJ, levels out with increase in H, 
and in higher H fields the AJ, maximum practically 
disappears. The curves intersect at higher tempera- 
tures and then A/, increases further with increase 
of field. According to the thermodynamic theory of 
phase transformations of the second order [4], 
variation in saturation magnetization A/, should 
be linearly dependent on og, and on field as H~% . 
It can be seen from Figs. 7 and 8 that in the whole 
range of temperatures and fields used our measure- 
ments are in very good agreement with the con- 
clusions of this theory. This conformity is also 
maintained for the state above Curie point. 

We also studied the influence of uniaxial elastic 
compression and tension in an alloy with approxi- 
mate composition Ni,Mn in the ordered and unordered 
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states. Our experimental investigations of the tem- 
perature dependence of susceptibility at various 
magnetizing fields have confirmed that in the range 
of fields used the variations which we observed 
are due to paraprocess. Paraprocess susceptibility 
is here very high. Our measurements showed that 
saturation induction increases under the influence 
of tension and diminishes under compression in the 
whole range of temperatures from 77 to 400°K. 
Variation in \/, is here very slight. There is a 
change in saturation induction of about 0.3 G at a 
load of 7 kg/mm?. Nor is any particular change in 
paraprocess susceptibility observed under the influ- 
ence of mechanical action. 

In the case of iron, nickel and permalloy at room 
temperature a slight change in saturation induction 
is observed under the influence of uniaxial tension 
and compression. Thisis because the effect itself 
is very slight in the materials studied. 

We also studied the influence of elastic deforma- 
tion in tension and compression on paraprocess 
susceptibility in alloys of the Fe-Ni system, in an 
alloy of approximate composition Ni,;\Vin in the 
ordered state andin other materials. In all cases 
close to Curie point we did not find any noticeable 
variation of paraprocess susceptibility in fields up 
to 3500 oersted. 

There is some change in susceptibility under the 
influence of o in weak magnetic fields and this is 
due to the influence on the initial distribution and 
orientation of regions of spontaneous ma gnetiza- 
tion. Our negative result shows that mechanical 
action can only influence saturation induction. 


CONCLUSIONS 


Uniaxial elastic compression, like uniaxial 
elastic tension, causes a change in saturation in- 
duction. In practically all the test specimens used 
this change in Al, is almost independent of field. 
This conformity is observed at all temperatures, but 
not around Curie point. 

In alloys of the Fe-Ni system belonging to the 
Invar group (with 32-40 % Ni) we also found, both 
with uniaxial elastic compression and in tension, 
that the change in saturation magnetization is pro- 
portional to the load applied. This conformity is 
maintained very well at various temperatures from 
77°K to Curie point. 

Furthermore, it follows from our measurements 
which were carried out on various materials at 


Al., C 


75 


FIG. 8 Dependence of Al, ond in alloy with 30% Ni 
and 70% Fe at different temperatures: 
1-50; 2-34; 3-16; 

4— 70°; 5 — 75°; 6 — 81.5°; 

7 — 101°C ( = 1050 oersted). 


different temperatures, that under the influence of 
uniaxial elastic tension and compression there is 
practically no change in paraprocess susceptibility. 
This means that in our case mechanical action can 
only affect saturation induction. 

The current state of theory permits a qualitative 
explanation of the conformities observed in the 
changes in saturation induction. The variation in 
interatomic distances which takes place under the 
influence of elastic deformation, should be reflected 
by the energy of the interaction of the electrons 
participating in the ferromagnetism and consequently, 
also in the magnitude of saturation induction. 
Unfortunately the current state of theory does not 
yet permit a quantitative analysis of the influence 
of mechanical action on the \/ value or on its 
dependence on temperature and field, nor does it 
provide a definitive explanation for the reason why 
Al, is not dependent on field, or why paraprocess 
susceptibility is not dependent on o. There also 
remains the problem of the slight change in satura- 
tion induction observed under the influence of 
elastic deformation in the alloy Ni,Mn, which has 
high vol. magnetostriction and paraprocess sus- 
ceptibility [8]. The simplest explanation for these 
anomalies in Invar alloys might be provided if one 
assumes the existence of “latent” antiferromag- 
netism in them [9]. If one accepts this assumption 
it would also be easy to explain the high paraprocess 
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Further all-embracing investigation of various 
ferromagnetic materials would help to resolve this 
interesting problem which is so important in the 
theory of ferromagnetism. 


susceptibility and its peculiar dependence on tem- 
perature and field. However the possibility is also 
not exc!uded that the considerable changes in 


saturation induction observed in the alloys of the 
Invar group under the influence of mechanical 


action, is due to a second cause, possible change in 


phase composition in the process of deformation. 
To date there are no direct indications of this. 


2. 
3. 


Translated by V. Alford 
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KINETICS OF RECRYSTALLIZATION IN TUNGSTEN * 
L.N. ALEKSANDROV and V.S. MORDYUK 
Research Institute of Light Sources 
(Received 17 May 1960) 


The kinetics of recrystallization of tur gsten wire have been studied from the variation in 
mechanical properties and microstructure with annealing temperature and soaking time. The activa- 
tion energy of recrystallization has been found. Equations are compared with the kinetic equations 


of the theory of phase transformations. 


The reason why tungsten wire can be used in 
high temperature conditions is that a stable crystal- 
line structure is formed. The study of the mechan- 
ism of recrystallization and grain growth in cold 
deformed tungsten is therefore of comsiderable in- 
terest. In a study of the process of recrystalliza- 


es tion which flows from the principles of kinetics [1], 
1961 a formula was deduced using the theory of phase 


transformations, for recrystallization time tin a 
part 7 of the initial vol. [2] 


where U is the activation energy of recrystalliza- 
tion of critical sized undeformed centres; 


3 — 9) 


A, and A, are the pre-exponential multipliers in the 
formulae tor rate of nucleation and rate 
of grain growth. ; 

In a first approximation, neglecting % in formula 

(1) it can be assumed that for the kinetics of prim- 

ary recrystallization: 


U ef (2) 
fe A x 


| 


Using kinetic equation (2) we calculated activation 
energy U and the value of the pre-exponential 
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multiplier A for primary recrystallization. The 
kinetics of recrystallization were studied on four 
specimens of tungsten wire, detailes of which are 


set out in Table 1. The U and A values deduced 
are given in the last columns of this table.. 

The specimens were heated by the direct flow 
of current in a vacuum of about 107° mm Hg. The 
heating temperature was measured from the current 
using a miliammeter graduated by means of an 
optical pyrometer from a standard. Precision in 
temperature measurement was + 20°C. The speci- 
mens were annealed for 20 sec, 200 sec, 10 min and 
30 min in temperatures ranging from 800 to 2600°C. 
Due to peculiarities in grain growth in tungsten 
wire it was not possible to calculate the rate of 
growth on recrystallization by direct observation 
of the change of size, and therefore the full 
kinetics of recrystallization was studied by an in- 
direct method, from the change in physical proper- 
ties. 

The process of recrystallization was followed up 
from the variations in ultimate tensile strength at 
room temperature with annealing time and tempera- 
ture, and also from the results of microstructural 
and X-ray structural analysis. Ultimate tensile 
strength was found on testing machines RM-5 and 
MR - 0- 05. 

Figs. 1a-b show thermokinetic recovery curves 
for wires type VA-3 50 pin dia. Fig. 2 a-6 is for 
wires 250 in dia.; and Fig. 3 is for thoriated 
tungsten wire VT-15 200 yu in dia. When the recryst- 
allization process is complete the change in 
tensile strength ceases. It is therefore natural to 
suppose that the first slanting sectors of each 
curve are for primary recrystallization while the 


U - 
( 
RT 
where 
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TARE 1. Chemical composition and kinetic parameters of the specimen 


Composition, (%) | 


Dia. | 
(sec) | 


/g-at.| 


Mo Ni | CaO | MgO! ThO,| 
| | 
| | 


| 003; 0.003) 0.005, Nil Nil Nil 
| 0.006! 0.007; 0.008) 0.001; 0 O11) Nil 
BA—3 | 250 | 0.001 0.004} 0.005! Nil Nil Nil 
BA--3 | 250 | Nil 6.001] 0.007) Nil | Nil Nil 
|} BT—15 | 200 | — | 0,002) 0,004! 0.001) — Ni] | 


i= 2sec 
[= 27) SEC 
/0 min 


1500 2000 ; 1500 2000 2500 

on t ° C 


FIG. 1. Influence of annealing time at different temperatures on tensile 
strength of tungsten wire 50u in dia.: 
a — specimen 1; 6 — specimen 2. 


second ones represent secondary recrysiallization. vhere A is Planck’s constant; 
It can be seen from Fig. 4 that the annealing B,y are the vol. and surface stacking coef- 
temperature dependence of the time for the com- ficients; 
pletion of primary recrystallization expressed in v is the sp. vol. of the substance; 
semi-logarithmic co-ordinates for each specimen is the propcrtion of vol. recrystallized 
plots very weil into a straight line. The activation in time ¢; 
energy of recrystallization U and the pre-exponential is annealing temperature; 
multiplier A were found from this straight line. is characteristic temperature; 
Coeificient A which was found from observation is atomic radius; 
of primary crystallization in wires 50 y in dia., is the change in free energy on precipita- 
was compared with the corresponding coefficient tion of a unit vol. of recrystailized 
deduced in paper (3] from the general theory of metal. 
phase transformations for the case of three-d:mens- For tungsten r, = 1.41 A, y = 0.65, B = 0.55, 
ional growth of recrystallization centres. v= 10 cm’/g.at. T, = 310°K, a= v. Primary 
recrystallization is completed at 2000°K. On the 
assumption that in regions commensurate with the 
=| (4) volume of a aucleus (i0°*-10°* cm’) the change 
4nA Fyr3 RT3 ay? in free energy AF, will be about 107* cal/cm! [1], 
and the value of the pre-exponential multiplier A 


No. | Code | 
| 8x 1074) 6741 
Nil | 1X 107°] 67s! 
Nil | Lx 107 
: Nil 3% 107"*| 130+2 
1.67 
a 
b 
Ys. 
| 
| 19¢ 
1000 
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1000. 1500 2000 


2500 


1000 509 2000 


FIG. 2. Influence of annealing time at various temperatures on 
tensile strength of tungsten wire 250 u in dia.: 


a ~ specimen 3; 


5 — specimen 4. 


Dp, mm? 


20sec 
200 sec 
/Omin 
IG min 


FIG. 3. Influence of annealing time at various temperatures on tensile strength 
of tungsten wire VT15 200 in dia. (specimen 5). 


(4 is about 107* sec) can be calc. from equation (4). 
Calculation of A from the kinetic equation 


l—rivAF, 


deduced for the case of linear grain growth in a 
wire [3], gives a value of about 10°*? sec for 


specimens | and 2. 
Comparison shows that the value of coefficient A 


found experimentally for the recrystallization of wire 


50 uw in dia. agrees better with the value found 
from equation (4) than that from equation (5). It can 
therefore be assumed that grain growth on primary 
crystallization must occur in three dimensions, 
even in a wire of such a small dia. This assumption 
is also supported by the fine grain structure of 
the wire after primary recrystallization (Fig. 54). 
Analogous comparison of the A values obtained 
experimentally and calc. from kinetic equations 
(4) and (5) for a tungsten wire 250 in dia. shows 
that in this case it is the A value obtained from 
equation (5) which is in a better agreement with 
the experimental one. This,however, does not 
provide any basis for the assumption that linear 
grain growth predominates as the nature of the 
kinetics can only be established by analysing all 
the kinetic curves from equations (4) and (5), and 
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not from the A value alone. A special study would 
be required for this. 

The activation energy of recrystallization was 
higher in specimens 3 and 4 than in | and 2. 
Besides the differences in chemical composition 
(rather higher concn. of the Al and Fe oxides in 
specimens ] and 2), this might be attributed to the 
increased work of formation of critical recrystalliz- 
ation centres in the thick wires, due to the lesser 
degree of deformation. It can be seen from equation 
(2) that there will be an increase in the U,; value 
found by us. The difference in the U values for 
specimens 3 and 4 appears to be due to the higher 
content of Al and Fe oxides in specimen 3, which 
accelerates grain nucleation. 


7 


FIG. 4. Dependence of time for the completion of 
primary crystallization on annealing temperature 
for specimens | to 4. 


The effect of thorium on the kinetics of recrystal- 
lization in tungsten is typical. There is no break 


in the kinetic curves for thoriated tungsten (speci- 
men 5, Fig. 3) and for this reason the activation 

energy of recrystallization for the annealing times 
selected cannot be regarded as infinitely high. The 


oxide of thorium ThO,, which is known to be arranged 


along grain boundaries [7], presents an obstacle 

to growth andpromotes the formation of a fine grain 
stable structure. Fig. 6 shows a photograph of the 
microstructure of thoriated tungsten. The activation 
energy figures which we obtained can be compared 
with the figures: U = 25 kcal/g.at. [4] and the U 
for grain growth on primary recrystallization found 
in [5], 110 keal/g-at. According to the figures in 
[6] the activation energy of self-diffusion in pure 
tungsten is V = 142 kcal /g-at. 


FIG. 5. Microstructure cf tungsten wire (specimen 1), an- 
nealing time 200 sec; x 340: 
a — beginning of primary recrystallization (1100°C), 
b — end of primary recrystallization (1800°C), x 450; 
¢ — completion of secondary recrystallization (2500°C), 
x 340. 


FIG. 6. Microstructure of thoriated tungsten after 
high temperature anneal (2900°C), x 340. 
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In paper [4] the activation energy of recrystalliza- presence of grains which have not yet reached 
tion was found from equations based on the theory visible dimensions. 
of Avrami which, as was found in [2], may produce The kinetics of secondary recrystallization in 
different U values (conversion gives 90 kcal/g.at). tungsten cannot be studied by the method used due 
The beginning and end temperatures for the re- to the peculiarities of the collective growth of 
crystallization process found from the change in grains. It requires further development. 
tensile strength are confirmed by analysis of micro- In conclusion we would like to express our 
structure (Fig. 5a-c). It must be noted that when gratitude to Yu.M. Aleksandrov and B.V. Potapov 
the temperature for the commencement of recrystal- for their assistance in carrying out the work. 
lization is found from the change in mechanical 
properties the figure will be rather lower than that 
which is found from ordinary micrustructural analysis 


(T, = 0.47,,) as the first method allows for the Translated by V. Alford 
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INFLUENCE OF ELECTROLYTIC HYDROGEN ON MICROHARDNESS IN 
CERTAIN METALS * 
V.V. KUZNETSOV, N.I. KONSTANTINOV and V.A. FROLOV 
Natural Science Institute attached Permian State University 


(Received 19 December 1960) 


This work presents the results of the experimental determination of change of microhardness 
in armco-iron, nickel and tantalum under the influence of electrolytic hydrogen. 


There are indications in literature that in a 
number of metals (Ta, Pd, Ni, Fe, Cr) and alloys 
there is an increase in hardness after they have 
been treated in a hydrogen atmosphere, after etching 
and also on cathodic polarization. The conformity 
of the variations in this important property of the 
metals has however, been insufficiently studied. 

Chaudron, Portevin and Moreau [1] observe that 
there is an increase of about 50% in the hardness 
of palladium and also in tantalum. They note further 
more that there is no reduction in hardness even 
after the cold hydrogen degasification of the metals. 
Sugeno and Kowaka [2} found that the curves for the 
change in the hardness of palladium with the dura- 
tion of cathodic hydrogen saturation of the metal 
passes through a maximum. The authors note that 
there is a difference in the nature of the change of 
hardness in the a and § phases of palladium on 
annealing. Zamotorin and Ageyeva [3] found experi- 
mentally that there are two maxima on the curve 
for the change ofhardness with increased annealing 
temperature in electrolytic iron. In the opinion of 
the authors the first of these is due to disintegra- 
tion of the solid solution in the iron-hydrogen 
system, while the second is due to dispersion 
hardening. A detailed analysis of the changesin the 
hardness of iron has been made by Chaudron and 
Moreau [4-7]. The saturation of armco-rion with 
cathodic hydrogen began to cause increased Brinell 
hardness while further polarization of the metal 
causes a siow drop in hardness. The authors 
attribute the increase in hardness to distortion of the 
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iron lattice and a change in the interatomic bonds 
due to the intrusion of hydrogen atoms. They 
consider that when iron is saturated with hydrogen 
the processes of diffusion of the gas are carried 
on mainly along grain boundaries. As lattice 
impurities and defects are usually concentrated 


along grain boundaries, this must create favourable VO 
conditions for the formation of molecalar hydrogen 1 
which leads to the formation of cavities and to 19) 


cracking along theintercrystalline sectors etc. 
This is manifested in experiments as a drop in 
hardness. 

The investigation here described was carried 
ont with the aim of studving the nature of the 
changes in microhardness in armco-iron, nickel 
and tantalum after cathodic polarization in acids, 
particularly in acids containing hydrogenation 
stimulators. 


MATERIALS AND PROCEDURE 


The investigations were made on sheet metal 
specimens of nickel — 0.08 mm thick, armco-iron ~ 
0.18 mm thick and tantalum — 0.12 mm thick. 

This meant that the change in microhardness 
could be found both on the side of the metal turned 
to the electrolyte and on the opposite side. 

Preliminary measurements showed that there 
were no regular variations in microhardness in 
unannealed iron specimens. This appears to be due 
to the non-uniform hydrogenation of the metal as a 
result of residual internal stresses. For this 
reason, to remove internal stresses, iron strip was 
annealed in a vacuum of 10°* mm Hg at 900°C for 
1% hr. The nickel and iron sheet did not undergo 
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FIG. 1. Variation in microhardness of armco-iron with 
time of cathodic saturation in 2N H,SO,; 
d, = 5 A/dm. Load 10 g. 


annealing. 

Before cathodic polarization the armco-iron speci- 
mens were electropolished in an electrolyte of the 
following composition: 40% '1,P), and 50% glycer- 
ine = 0.5 A/cm’. The first measurements were 
made on a polished surface without allowing for 
the microstructure of the metal. Subsequently the 
polished specimens were etched in a 5% nitric acid 
solution and microhardness was measured in the 
centres of the grains and around their boundaries. 
The nickel specimens were polished mechanic- 
ally and etchedin a mixture of conc. nitric and 
acetic acids (1:1). The tantalum was only polished 
mechanically. The specimens were saturated with 
hydrogen in the process of cathodic polarization in 
solutions of sulphuric or hydrochloric acid ata 
cathode current density of 7.5 A,/dm?. The anode 
was platinum plated. To accelerate the hydrogen 
saturation of the metal the hydrogenation stimul- 
ators arsenic or selenium were injected into the 
electrolyte. The concn. of the addition agents was 
deduced in :ng/] from a calculation based on ele- 
mentary arsenic or selenium. ‘ihe specimens were 
immersed in the electrolyte with current switched 
on. Microhardness was measured on a PMT-3 
apparatus before and after hydrogen saturation at 
loads of 10, 50 or 200 g. From the results curves 
were plotted for the change of microhardness 
AH with the hydrogen saturation time ¢. Hach 
point of a curve is the average result of seven 
measurements. The precision of measurement was 
t 5 kg/mm?. 

The first series of measurements was made 
without allowing for the microstructure of the iron. 
The specimens were first polarized in solutions of 
chemically pure hydrochloric or sulphuric acids and 
then in acid solutions with additions of arsenic or 
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4H, kg/mn? 
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36 60 64 
Time, br 
FIG. 2. Variation in microhardness of armco-iron with 


cathodic saturation time in 1N H,SO, with additions 
of 5 mg/i As; d, = 5 A/dm’. Load 200 g. 
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FIG. 3. Variation in microhardness of nickel (1) and 
tantalum (2) on polarization in IN H,SO, with 10mg/1 
As addition; d) = 7.5 A/dm. Load 10 g. 


selenium. Figs. 1 and 2 show typical curves, It can 
be seen from the course of the curves that the 
microhardness of the specimen polarized in pure 
acids beyins first of all to increase, and then, 
after passing through a maximum, it diminishes to 
a certain minimum value close to the original one. 
The microhardness of the specimens polarized in 
electrolyte with additions of arsenic or selenium 
continues to increase once more after the rise 
and fall. A similar dependence is observed in 
nicke! and tantalum. Fig. 3 show the curves for 
this. 

4 special series of experiments was carried out 
for the purpose of studying the nature of the change 
in microhardness in the centre and around the 
boundaries of the grains. Before the beginning of 
polarization the structure was revealed by etching 
and microhardness was determined. Measurements 
showed that in the centre of the grain microhardness 
was 93 kg/mm? and on the boundaries it was 
98 kg/mm?. The cathodic polarization of the speci- 
mens was carried out in a special glass cell in 
such a way that one side of the specimen was in 
contact with the air. Fig. 5 shows the curves for 
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FIG. 4. Dependence of microhardness in armco-iron on 
cathodic saturation time in 1N H,SO, with 10 mg/] As; 
d, = 7.5 A/dm’: 

1 and 2 — microhardness for boundary and central sec- 
tors of grain on the side of the metal turned 
to the electrolyte; 

3 and 4 — the same on the opposite side. Load 10 g. 


the charge in microhardness in the centre and 
around the boundaries of grains on the side of the 
metal turned to the electrolyte, and on the opposite 
side. The curves for the change of microhardness 
produced by the saturation of the metal with 
cathodic hydrogen both in pure hydrochloric and 
sulphuric acids, and in the acids with an addition 


of selenium or arsenic, are exactly the same in shape. 


It is typical that the height and position of the 
maxima on the curves for the change in microhardness 
remain the same. 

Fig. 5 is the curve for the change of microhardness 
in iron after annealing. After hydrogen saturation the 
specimens were soaked in a thermostat at 150°C. 
The microhardness of the iron began to grow and 
then it diminished to a value close to the initial 
state before hydrogen saturation. 


DISCUSSION 


When the results are analysed it can be seen that 
the curves for the change in microhardness in the 
different metals with polarization time, pass through 
a maximum. This provides a basis for the assumption 
that the mechanism of hydrogen hardening is the 
same in these metals. When the polarization period 
is increased the amount of metal saturated by the 
hydrogen increases and there is a corresponding 
increase in stress and hardness. This process is 
considerably accelerated by the introduction of 
hydrogenation stimulators to the acid. 

It is onr opinion that the drop in hardness is due 
to reduction in the stresses in the metal as the 
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FIG. 5. Dependence of microhardness of armco-iron 
on annealing time: 
1 — on grain boundaries; 
2 — in grain centres. 
T 150°C, d, = 7.5 A/dm’. 
Electrolyte — in*H,SO, with 10 mg/I As. 
Load 10 g. 


result of the “loosening” of the surface layer, 
mainly due to corrosion cracking. It is generally 
assumed that one part of the hydrogen in metals is 
in the form of atoms or protons and the other in the 
form of molecules, which fill the microhollows and 
cracks. Krupkowski and Smialowski [8] note that if 
microhollows are close to the surface there may be 
corrosion cracking of the layer of metal separated 
from the surface by the microhollow as a result of 
the increasing pressure of the molecular hydrogen. 
Popov and Yagunova [9] calculated the pressure of 
molecular hydrogen in microdefects in steel St. 20, 
necessary for the spontaneous formation of blow 
holes in surface layers. This pressure was 

25 kg/mm?. We note that the chaage which we found 
in the microhardness of armco-iron under the influ- 
ence of electrolytic hydrogen is also in the region 
of 25-30 kg/mm?. One cannot possibly put the sign 
of equality between these two values but thereis 
some basis for the assumption that they are con- 
nected with one another. 

Molecular hydrogen fulfils a double function in a 
metal. As long as its pressure in the microhollows 
is insufficient for the formation of cracks there 
will only be deformation of the grains and crystal 
blocks adjacent to the microhollow, and this will 
lead to increased stress in the metal and increased 
hardness. When the pressure of the molecular 
hy drogen in the microhollows reaches a certain 
maximum there will be corrosion cracking of the 
surface layer of the metal. This, as has already 
been noted in published literature, is of consider- 
able significance in explaining the reasons for 
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hydrogen embrittlement. Our results show that 
prolonged polarization of metals in acids with ad- 
dition of hydrogenation stimulators will cause in- 
creased microhardness after a fall. This increase 
in microhardness is in our opinion due to the dif- 
fusion of arsenic or selenium in the metal, which 
may be precipitated on the surface as a result of 
the electrochemical reduction of the relevant sub- 
stances from the solution. The rate of diffusion of 
arsenic of selenium atoms, which are considerably 
bigger than the hydrogen atoms, is relatively high. 
As a result lattice distortions of the metal due to 
the introduction of these extraneous particles will 
become considerable only after prolonged cathodic 
polarization. 

The assumption that there is a change in micro- 
hardness after the introduction of arsenic is in 
agreement with the results produced by Svechnikov, 
Pan and Shurin [10] who found experimentally that 
when the concn. of arsenic in iron was increased by 
1 at. %, there was an increase of 25 kg/mm? in 
microhardness. We do not know the concn. of the 
arsenic in the iron nor its diffusion coefficient in 
the metal in the conditions of the experiment. But if 
it is assumed that all the arsenic injected into the 
electrolyte is precipitated on the surface of the spe- 
cimen, and that during the experiment it is diffused 
into the metal to the depth of the diamond indenter 
(calculations were made for an indenter load of 
10 g), then the concn. of arsenic in the iron will be 
2 at. %. But according to the figures in [10] the 
microhardness of iron with this concn. of arsenic 
would only increase by 50 kg/mm?. According to our 
measurements the microhardness increases by 25- 
30 kg/mm?. This difference in the microhardness 
figures may probably be attributed to the fact that 
the real concn. of arsenic in the metal is less than 
that calc. 

The figures we found for the difference in micro- 
hardness in the centre and boundaries of the grains 
are interesting. On the electrolyte side andon the 
opposite side of the metal, microhardness on grain 
boundaries was in all cases 4-8 kg/mm? higher that 
in the centre. This permits the conclusion that the 
processes due to hydrogen diffusion in the metal 
take place more intensively on grain boundaries than 
in the centres of the grains. There is however a con- 
siderable increase in microhardness in the centre 
of a grain. These changes are in ail probability 
due to the diffusion of hydrogen through the crystal 
lattice. 


The annealing curves for iron saturated with 
hydrogen show that in this case the change of hard- 
ness passes through a maximum. The mechanism 
of this effect can be explained as follows. Atomic 
hydrogen absorbed by the metal or intruded into 
the lattice is quite easily liberated to the atmos- 
phere on heating. This will cause a reduction in the 
stresses in the metal and hardness should diminish. 
But in structural microdefects there will always be 
certain quantities of molecular hydrogen which do 
not possess the same mobility. To be removed from 
the metal the hydrogen molecules must either dis- 
sociate into atoms, or the pressure of the molecular 
hydrogen should increase on heating until micro- 
cracks are formed through which the hydrogen 
molecules can penetrate the metal. In the initial 
stages of annealing therefore there is an increase 
in microhardness and as the degasification of the 
metal progresses this begins to diminish. 


CONCLUSIONS 


1. Measurement has been made of the changes in 
the microhardness of iron, nickel and tantalum 
under the influence of electrolytic hydrogen. It has 
been found that the curves for the changes in micro- 
hardness in grain centres andon the boundaries 
pass through a maximum both on the side of the 
metal turned to the electrolyte andon the opposite 
side. When the metals are polarized in electrolytes 
with additions of hydrogenation stimulators — 
arsenic or selenium — after a drop, a rise is 
observed on the curves for the change in micro- 
hardness. The reason has been put forward for this 
effect. 

2. The change in microhardness has been measured 
in iron saturated with hydrogen in the course of 
annealing. 


Translated by V. Alford 
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THE MECHANISM OF THE FORMATION OF A WHITE ZONE IN THE SURFACE 
LAYER OF MILD STEEL UNDER DRY FRICTIOCN* 
I. Ye. BRAININ and N.N. SELEZNEV 
Donets Polytechnical Institute 
(Received 6 December 1960) 


Under dry friction specimens of mild steel are enriched by an active surface layer containing 
up to 1.6 % carbon and 50-200 yu thick. During prolonged tests the surface layer which is enriched 
with carbon and chromium, becomes heated to above A_, point and, of course, directly the machine 
is stopped it becomes quenched due to the rapid cooling. This causes the formation of a light zone 
the structure of which consists of martensite, austenite and cementite. Due to the displacement of 
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the ferrite the active surface layer is not then enriched by carbon. 


In [1] it was found that there were considerable 
precipitations of surplus cementite in the light 
zone of friction surfaces of carbon steel type 20 
(0.25% carbon, initial structure ferrite and pearlite) 
and in a pair of counter-bodies made of steel 40Kh 


(0.45% carbon, structure troosto-sorbite) working 
under dry sliding friction. The tests were carried out 
on a machine designed by Zaitsev in air at a speci- 
fic pressure of 30-40 kg/mm’ and a rate of slip of 
2.47 m/sec; they lasted 5 hr. The presence of 
cementite was established by controlling the micro- 
structure after microsections had been etched in an 
alkaline solution of sodium picrate, by X-ray dif- 
fraction analysis and by microhardness testing. 
Besides the cementite, the X-ray diffraction anal- 
ysis also revealed the presence of martensite and 
austenite in the light zone. The carbon enrichment 
of the surface zone was also established by study- 
ing the microstructure after annealing and after 
normalizing. Annealing was carried out in a 

vacuum at 750° for 1 hr; the normalizing was carried 
out at 850° for 15 min. 

After these heat treatments the microstructure 
produced in the surface layer of the light zone was 
found to be entirely pearlite (Fig. 1), the average 
microhardness of which fluctuated in the range 300 
to 350 Au r00- Here, and also under cementation, 
below A,, point the carbonized layer is not very 
deep (after 5 hr testing its width was 175-200 zp) 


* Fiz. metal. metalloved., 12, No. 2, 260-264, 1961. 


but, due to the accumulation of structurally free 
cementite in the ferrite, it has a high carbon concn. 

In the investigations attention was paid to the 
following characteristic phenomena which accompany 
the process of wear. At the actual beginning of 
testing (first 10-15 min) there was intensive strain 
hardening of the friction surface from 155 to 350 
400 HV units, which is equal or even higher than 
the hardness of the counterbody. At the same time 
the predominate abrasion of the counterpiece com- 
menced. Parallel with this, particles of metal 
attached themselves to the friction surface of the 
specimen. In cross-section their shape was that of 
a lens (Fig. 2). The average depth of these particles 
was 30-70 yu. They were pressed into the metal of 
the specimen, protruding slightly above its surface 
and started to bear most of the load transmitted 
from the counterpiece. This caused the metal below 
these lenticular shaped particles to become consider 
ably deformed while the particles themselves, be- 
tween the strain-hardened cushion and the counter 
piece, were subject to intensive plastic deformation 
(Fig. 3). These particles of deformed metal subse- 
quently covered most of the friction surface of the 
roll and became welded to one another and under 
the microscope it was found that their friction 
surface was shiny. 

When the surface layer of the specimen was 
heated to 600°C and above the intensive volume 
stressed state which was preserved even at this 
temperature, promoted the vigorous diffusion of 
the carbon from the counterpiece to the surface 
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FIG. 1. Microstructure and microhardness under a load of 
100g on the friction surface of a specimen of steel 20 
after abrasion testing and subsequent vacuum annealing 
for 1 hr at 750. The structure in the white zone is 
pearlite only; x 90. 


FIG. 3. The same as Fig. 2, after further testing; 
x 100. 


layer of the lenticular particles. The diffusion 
coefficient of carbon in a- iron is known to be con- 
siderably higher than in y-iron at the same tempera- 
tures. The possibility of deformations being pre- 
served at temperatures around 600° has been indic- 
ated in paper [2], from which it follows that the 
distortions arising on friction are by nature qualitat- 
ively different from distortions which are only due 
to ordinary static or dynamic compression, and 
therefore they have greater stability on heating. 
The intensive plastic deformation and the accu- 
mulation of dislocations in the surface layer of the 


FIG. 2. Shape of the lenticular particles attached 
to the friction surface of a specimen of steel 20; 
x 100. 


FIG. 4. Microstructure of white zone in a specimen of 

steel 20 after abrasion testing and etching in an alka- 

line solution of sodium picrate. Considerable precipi- 
tations of excess cementite can be seen; X 2500. 


specimens promotes the development of the pro- 
cesses of uphill diffusion. As the maximum intens- 
ity of the stresses will occur at a certain distance 
from the friction surface, this will mean that the 
diffusion of carbon atoms inside the active layer 
will be accelerated. This would explain the in- 
creased microharduess which we noted in [1] and 
which is very frequently observed (and which is 
very different from the ordinary pattern for the dis- 
tribution of carbon in objects after cementation), 
together with an increase in excess cementite pre- 
cipitations, in the direction from the friction 
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surface into the white zone. 

As the ferrite of the surface zone becomes in- 
creasingly supersaturated with carbon there will be 
precipitation and the accumulation in it of structur- 
ally free cementite. Under the influence of temper- 


FIG. 5. Microstructure and micrc-indentations An20) of 


white and transition zones in surface layer of specimen 

of stee], 20. The microstructure of the transition zone 

consists ef light sectors similar to the white zone but 
with finer recrystallized ferrite nuclei; x 600. 


ature and plastic deformations developed in the 
process of friction, fine particles of cementite will 
increase in size as a result of coalescence. This 
carbon enrichment mechanism for the surface layer 
at temperatures below A., point means that it can 
be accumulated in the surface layer up to quite high 
concentrations. It was found by microspectral anal- 
ysis that there was 1.6% carbon * in the white zone 
of a specimen of steel type 20, while etching in an 
alkaline solution of sodium picrate revealed consi- 
derable cementite precipitations (Fig. 4). It was 
found by spectral analysis that the surface layer 
was also enriched by chromium due to diffusion of 
the latter from the counterpiece, from 0.01 - 0.02 to 
0.4- 0.6 %. 

It was found from microthermocouples fitted into 
the counterpiece, that under prolonged testing the 
temperature in the contact layers of some of the 
specimens rose to 700° and at times to 850°. In 
these specimens the pearlite in the transition zone 
under the light layer underwent fundamental changes. 


FIG. 6. Initial microstructure of specimen of steel 

O8kp taken from the external zone of the ingot. 

Ferrite grains and hair-like cementite precipita- 
tions can be seen; X 375. 


Part of the pearlite was extended in the direction of 
the friction forces while the cementite coalesced to 
form large particles. Directly the white zone was 
formed as a result of the intensive withdrawal of 
heat from the friction surface inside the specimen, 
these pearlite sectors were also sometimes quenched 
with the formation of a structure similar to the 
white zone, consisting of martensite, retained aus- 
tenite and surplus precipitated cementite (Fig. 5). 
The ferrite between these sectors consists of fine 
recrystallized nuclei 1-2 pu in dia. 

Previously we had assumed that the accumulation 
of carbon in the surface layer of specimens being 
tested for abrasion is not only the result of its 
diffusion from the counterpiece, but also of the 
displacement of ferrite in the process of deforma- 
tion of the surface zone [1] *. However, it was 
found by careful microscopic analysis of a series 
of specimens with considerable plastic deformation 
of the surface layer, as a result of which burrs 
were formed on the surface pitches, that no ferrite 


* Analysis was made in the laboratory of the department 
of metallography and contact strength of the Institute 
of Mechanics, Academy of Sciences Ukraine S.S.R. in 
March 1959. 


* Certain investigators [3] regard this as the main 
reason for the carbon enrichment of the surface 


layer. 
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White zone formation in mild steel 


FIG. 7. The same as Fig. 6, after testing for abrasion and etching in the 
alkaline sodium picrate solution. The microstructure in the outer zone is 
troosto-sorbite; micro-indentations under load of 100 g; x 300. 


whatsoever had accumulated in these burrs. 

The fact that, under surface friction, the counter- 
piece is the only source for the enrichment of the 
surface layer of specimens by carbon and other 
elements, was confirmed by the abrasion testing of 
specimens of steel O8kp containing traces of chrom- 
ium. The specimens were produced from the outer 
surface part of an ingot with strongly inverse segre- 
gation, in which the carbon content was0.05% and 
microstructure consisted of ferrite and thin streaks 
of structurally free cementite along grain bound- 
aries (Fig. 6). In the initial state microhardness was 
120 Hi, 199- After one specimen had been tested un- 
der the conditions given at the beginning of the 
article 0.4% chromium was found by spectral 


analysis in the surface layer. At a depth of 50-604 
the specimen was enriched in carbon andhad a 
troosto-sorbite structure with a microhardness of 
520 Huroo (Fig. 7). 

Thus, in our experiments the formation of the 
white zone in specimens of mild steel which had 
undergone abrasion testing under dry friction must 
have occurred as a result of the enrichment of the 
surface layer with carbon and chromium (due to the 
processes of uphill diffusion of the elements) as a 
result of the pile-up of dislocations in them and the 
long period at relatively high temperatures close to 
point. 


Translated by Y. Alford 
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THE RELATIONSHIP BETWEEN BOUNDARY MIGRATIONS AND DEFORMATIONS 
IN BOUNDARY ZONES DURING CREEP * 
L.A. VOLOSHINA, V.M. ROZENBERG and I.B. FINKEL’SHTEIN 
Institute of Metallography and Metal Physics, 


Central Research Institute of Ferrous Metallurgy 
(Received 19 December 1960) 


It has been found that the cyclic nature of the time dependence curve of “relative grain 
displacement” is not the result of the alternation of the processes of grain “displacement” 
and boundary migration. The cyclic nature of the process of deformation in the boundary sectors 
of a grain is due to the alternation of the processes of strain hardening caused by deformation, 
and of recovery. In this case recovery is due to boundary migration which causes the re- 
establishment of a perfect crystal lattice in the region through which the migration has passed. 


Under high temperature creep boundary migration 
and intensive deformation in the sectors of grains 
adjacent to the boundaries are observed in polycryst- 
alline metals. Fig. 1 shows a photomicrograph of a 
sector of an aluminium specimen 2 per cent deformed 
at 300° under stresses of 0.2 kg/mm’. The success- 
ive positions of the boundaries which are displaced 
along the whole front during creep can clearly be 
seen from the photograph. It can also be seen that 
there has been displacement at the boundary, of a 
scratch made on the polished surface of the speci- 
men before testing. Studying this photograph the 
impression is formed that the deformation of this 
sector of the specimen from the initial to the final 
position of the boundary is only due to relative 
grain displacement along the boundary. This causes 
the boundary to appear at its intermediate position 
and where there is considerable displacement, it 
also causes a fracture in a scratch intersecting the 
boundary. This pattern sometimes creates the impres- 
sion of alternation of the processes of relative 
grain displacement and boundary migration. From 
observation of this kind of photomicrograph Chang 
and Grant [1] drew the conclusion that boundary 
displacement and boundary migration during creep 
are alternating processes. This is how they ex- 
plained the cyclic nature of the dependence of the 
deformation of sectors of a coarse-grained speci- 
men, which only had one boundary. 


* Fiz. metal. metalloved., 12, No. 2, 265- 268, 1961. 
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FIG. 1. Boundary migration and displacement of a 

scratch on the boundary of a bicrystal specimen 

of aluminium. 2 per cent deformation after 78 hr 
at 300°C and stress of 0.2 kg/mm’; x 280. 


If it is assumed that the deformation of boundary 
sectors is only due to relative grain displacement 
on either side of the boundary, then this explana- 
tion of the cyclic nature of the load-elongation 
curves of the sectors of specimens included by one 
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boundary, or of bicrystal specimens, would appear 
to be perfectly natural. However, a number of ex- 
perimental data produced recently [2-4] forces one 
to the conclusion that the steps arising at the grain 
boundaries during creep and causing fracture of a 
crack intersecting the boundary, must be mainly the 
result of non-uniform grain deformation on either 
side of the boundary and not of the relative displace- 
ment of the grains as a whole. For this reason it is 
desirable to carry out a more detailed study of the 
relationship between the deformations in sectors 

and the boundary migration. In presenting our ex- 
perimental material we will use the already estab- 
lished term “relative grain displacement” although 

it will have a purely conventional meaning in con- 
nexion with our report. 

We set out below the data obtained from experi- 
ments carried out on aluminium bicrystals. The 
boundary between the crystals composing the speci- 
men was at an angle of 45° to the tension axis of 
the specimen. The tests were carried out at 300°C 
and loads of 200 g/mm?. Before testing a number of 
scratches intersecting the boundary were made on 
the electropolished surface. The tests were inter- 
rupted in the course of creep to measure the dis- 
placement of the scratches, to get an idea of the 
relative displacement in the plane under observa- 
tion and of the height of the steps arising on the 
boundary, which gives an idea of the relative 
grain displacement in the direction perpendicular to 
the plane of observation. The latter measurement 
was made by means of an interference microscope. 
Besides this the distance by which the boundary 
was displaced was also measured. 

Fig. 2 shows the curves which indicate how the 
true values for relative grain displacement and 
migration vary in time. We found the true relative 
displacement of the grains from the figures for the 
vertical and horizontal grain displacement, together 
with the information regarding the orientation of the 
boundary plane relative to the observation surface 
(surface of the specimen). The method of assessing 
true boundary migration was borrowed from paper 
[10] andhas been described in paper [11]. As in 
works [2, 5, 6], the extent of the relative grain dis- 
placement varies cyclically with time. The curve 
for the variation in migration with time is of the 
same nature. Comparison of these two curves how- 
ever, shows that, contrary to the observations of 
Chang and Grant [1], diminishing displacement does 
not correspond to more intensive migration, or vice 
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FIG. 2. Change in the true values of “relative grain 

displacement” (®) and the true value of boundary 

migration (A) during creep in a bicrystal aluminium 
specimen. 


versa. Measurements made on other sectors of the 
boundary of the same specimen, on other specimens, 
and also on a polycrystalline specimen with a 
coarse grain, confirm this observation. One gets 
the impression that there is some disagreement 
between the data presented in Fiig. 2 and photo- 
micrograph in Fig. 1 which is of the same speci- 
men from which the measurements were taken. This 
contradiction is, however, quickly removed if use 
is made of the interference microscope by means 
of which the change of relief on the surface of the 
specimens is revealed, which cannot be seen 
under an ordinary microscope. 

Fig. 3 shows a photomicrograph of the same 
sector of the specimen as in Fig. 1, made hy means 
of an interference microscope. The deformation of 
the grain in the sectors between the intermediate 
boundary positions can clearly be seen. The 
pattern of the relief arising on a boundary can be 
plotted from the resulting interference pattern. 

Fig. 4 shows the profile of a specimen made on 
the basis of an interference photograph. It can be 
seen that a step has been formed between the 
initial and final positions of the boundary. This 
kind of step can be attributed to the deformation 
of grains in the sectors adjacent to the boundary. 

These data show that deformation in boundary 
sectors is not restricted by boundary migration. 
Thus the cyclic nature of the time dependence of 
the deformation of boundary sectors cannot, as has 
been done in paper [1], be attributed to the 
alternation of relative grain displacement and 
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FIG. 3. Photomicrograph of the same place as shown in 
Fig. 1, but taken on an interference microscope; 
x 280. 


boundary migration. This kind of deformation on a 
boundary appears to be due to the alternation of the 
processes of strain hardening due to deformation, 
and to recovery. Such an explanation was suggested 
by Rhines and collaborators [2], who described the 
recovery from polygonation which occurs in the 
body of a grain andon its boundaries at different 
rates. 

Boundary migration is known to be one of the 
forms of recrystallization. Migration is only poss- 
ible where the free energy accumulated by the 
neighbouring grains on either side of the migrating 
boundary is different. Experiment has shown that 
the difference in the energy states of grains is the 
result of their different plastic deformation. There- 
fore the fact of migration indicates the presence of 
deformation inside the grains, i.e. it means that at 
the high temperatures at which the migration is 
observed, deformation cannot be attributed only to 
the “relative displacement” of grains. Relative 
grain displacement cannot lead to the appearance of 
driving forces for the migration of boundaries. 

After migration the boundary leaves material 
behind it with a more perfect lattice and less resist- 
ance to deformation than in the main part of the 
grain. Plastic deformation therefore takes place 


more slowly in the recovered sectors which follow 
the migrating boundary. If one accepts the idea 
that a migrating boundary “washes away” crystal 
defects (including sub-boundaries), leaving a more 
perfect lattice behind it [7], then this removes the 
objections made by Chang and Grant who, in dis- 
cussing the article by Rhines and collaborators [2], 
observed that intensive polygonization in boundary 


FIG. 4. Relief of the sector of a specimen at the bound- 
ary. Calculated from the interference micropattern 
shown in Fig. 3. 

a — initial state; 6 — after deformation. 


sectors should lead to strain hardening, and not to 
recovery. 

It must also be noted that the rearrangement of 
the crystal lattice which is connected with migra- 
tion should be favourable to the process of plastic 
deformation in the regions where this rearrange- 
ment is occurring. Resistance to plastic deforma- 
tion is known to be sharply reduced at the moment 
when phase transformation [8] or recrystallization 
[9] are taking place. 


Translated by V. Alford 
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INVESTIGATION OF THE STRUCTURAL CHANGES WHICH OCCUR AS A RESULT OF 
SLIGHT DEFORMATIONS AND SUBSEQUENT HEATING, FROM AN 
ANALYSIS OF THE INTENSITY OF X-RAY INTERFERENCES* 

S.S. GORELIK and E.N. SPEKTOR 
Moscow Institute of Steel 
(Received 15 November 1960) 


By means of the geometry of a photograph it is possible to make a qualitative distinction 
between the role of extinction and texturization in changes in the intensity of interferences in 
iron and nichrome under slight deformations. Slight degrees of deformation ranging from 3 to 
6 per cent cause the substructure to be refined to some tenths of a micron, and also promote the 
onset of texturization. The intensity of these variations depends on the rate of deformation and 
the type of lattice. Recrystallization after a critical stage of deformation causes a slightly 
higher degree of perfection in the substructure than after considerable deformations. 


The study of the mechanism of slight degrees of 
deformation in metals and alloys, and also of the 
influence of rate of deformation on this, is of con- 
siderable importance in explaining the mechanism of 
creep, polygonization, “critical” recrystallization 
etc. An enormous number of works have been 
devoted to the X-ray investigation of structural 
changes which occur on deformation. The field of 
slight deformations has however, been inadequately 
studied and this is responsible, in particular, for 
the existence of widely differing points of view on 
the problem of the relative roles of internal and 
recrystalline displacements on slight deformations, 
the mechanism of critical recrystallization etc. 

Our investigation of the structural changes in 
nickel and nichrome from analysis of the line broad- 
ening by the approximation method, and also the 
results obtained on iron in [1], have shown that this 
method is not sufficient to reveal the refinement of 
the structure, i.e. the internal displacement which 
occur on slight deformations. These results show 
that if dispersion of the structure occurs on slight 
deformations, the size of the coherently scattered 
regions will remain below 0.1-0.2 u and therefore 
they will have no influence on the broadening of 
X-ray interference lines. We decided it would be 
interesting to find out whether, at slight deforma- 
tions of yp to 10-12 per cent, the structure could 
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not be refined down to more dispersed regions than 
0.1-0.2 u. The answer to this problem can be 
found by analysing the effect of primary extinction 
which, as is known from [2], consists in the in- 
crease of the dimensions of coherently scattered 
regions from some tenths of a micron to several 
microns which causes a weakening of the lines, 
particularly those with low interference indices. 
If the substructure is refined down to dimensions 
of some tenths of a micron the opposite effect, 
intensification of these lines, will occur. It was 
the purpose of the present work to carry out such 
an investigation. 

Iron and an alloy of nickel with 13 % chromium 
were used for the investigation. The cylindrical 
specimens were deformed by upsetting in a press 
(rate of deformation 20 mm/min) and also in an 
impact testing machine (rate of deformation 4 m/sec). 
After upsetting, the specimens about 30 mm in dia. 
were cut in half perpendicular to the axis of the 
cylinder. The photographs were taken of the centre 
of the specimen which was rotated at the same 
time in the direction of deformation. The investi- 
gation was made on an ionization X-ray apparatus 
URS-50I, in copper anode radiation for the nichrome 
and cobalt anode for the iron. 

It is very important in this kind of investigation 
to allow for the influence of texture on line in- 
tensity. It can be assumed that a partial axial 
texture will arise in the specimens even as a 
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result of quite slight degrees of reduction, and that 
this will to some extent be reflected in the intens- 
ity of the lines, particularly those with low indices. 
In paper [3], in order to allow for or to reduce the 
influence of this factor, it was not the absolute 
line intensity which was analysed, but the ratio 
between the intensity of pairs of lines obtained as 
a result of reflections of various orders of identical 
planes. This method cannot be regarded as suitable 
for greater degrees of deformation as it is well 
known that the texture maxima on lines with low 
angles are formed considerably more intensely and 
sharply than those with large angles. For low 
degrees of deformation this method can with some 
reservations only be used where the position of the 
sector of the diffraction ring whose intensity is 
being registered by the counter, is the same in 
respect of the texture maximum for the lines of both 
orders of reflection. 

A check was carried out to see if these condi- 
tions obtained. The method of doing it was as 
follows. Allowing for the geometry of the photograph 
the angular positions of the texture maxima were 
calculated on different diffraction rings relative to 
the sector of the ring whose intensity was being 
measured by the counter. As the texture axis coin- 
ciding with the cylindrical axis of the specimen 
was inclined at an angle of £2 # 90° to the incident 
X-ray during the photograph, the position of the 
texture maxima on the upper and lower halves of the 
ring were not symmetrical and did not conform to the 
known formula for axial textures where 8 = 90°, 
and cos p = cos 9. cos 5. They could however, be 
defined from the formulae for the upper and lower 
diffraction maxima respectively around a horizontal 
line: 


cos p — - sin} (1) 
sin B - cos® 


cos p — cos (180 — 8) - sind 
sin (180 — B) - cos 


where @ is the angle of reflection; 

p is the angle between the texture axis and 
the normal to the reflecting plane (hk/); 

B is the angle between the texture axis and 
the incident beam; 

5 is the angle between the radius described in 
the position of the texture maximum and the 
direction on the film which corresponded to 


FIG. 1. Arrangement of texture maxima (*) and counter 
slot (0) interference rings under the following 
conditions of photography: 

a— Ni— cr 
b — Ni—Cr (222) ,; 
e — Ni—Cr (220) 
d — Ni—Cr (331) |; 
e — Fe, (110)g; 

f — Feg (220)g. 


the line of intersection of its plane which passed 
through the texture axis, and the direction of the 
incident beam. 

The slot of the recording counter was placed 
on the sector of the ring which corresponded to the 
angle 5 = 180°. Fig. 1 shows the arrangement of the 
counter slot and texture maxima which we deduced 
by calculation from the prescribed geometry for the 
following powder rings: nichrome — (111) 4, 

(222) g, (220) g, (331) g; iron — (110) g, (220) g. 

If is clear that where the slot of the counter is not 
in the same place as the position of the mixture 
maxima, as for instance, for (110) q in iron, some 
of the recordable intensity due to texture will die 
away as the texture increases. Where the angular 
position of the slot and the texture maxima coin- 
cide, as for instance in (220) q in nichrome, the 
proportion of recordable intensity due to texture 
should increase with increased texture. 

Comparing the schemes shown in Fig. 1 it can 
be seen that for the pairs of lines which differ in 
the order of reflection — (111), and (222) , nichrome, 
and (110) g and (220)q iron — the sectors of the 
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ring being recorded do not coincide with the 

texture maxima and are at roughly : = same dis- 
tance from them. Therefore, if one ignores the fact 
that the texture minima on the lines with low angles 
are formed more intensively and clearly than on the 
rear lines, then the use of the ratio /,,,//,,, for 
nichrome and /4,5//4.9 for iron should, at least for 
slight deformations, be secure against the influence 
of texture. At the same time, the measurement of the 
absolute intensity of other lines with other relative 
positions of slot and texture maxima, for instance 
(220) ,, nichrome, can well be used as an additional 
check on the influence of texture on intensity. 

To avoid errors due to irregular operation of the 
counter in time, after each line intensity measure- 
ment on a test specimen line intensity was also 
measured on a standard and the appropriate correc- 
tion was made. For each alloy the standard used 
was a specimen of the same composition which had 
been cold worked on an abrasive wheel. This kind 
of specimen produces the maximum 

28,21, 


ratio and tor the purposes of calculation can be 
assumed to be ideally mosaic. 

The size of the coherent regions was found by 
means of Darwin’s formula [2] 


fon, 2k; 2h _ ‘te (3) 


\ lon, Qk; 2l; / st 


where q is the reflective capacity of one plane 
(hkl); 
n is the number of planes in the crystallite 
which participate in the reflection. 

Block size D was found from the formula 
= -d, where d is the interplanar distance. 

It was first established by caiculation that the 
influence of primary extinction on the intensity of 
the last studied lines, (222),, for nichrome and 
(220) g for iron, remained not more than | per cent 
right up to block sizes of the order of 0.8-1 y. 
The role of secondary extinction was also asses- 
sed approximately by means of the formula ) 


} 


where les: specimen/! ‘standard is the 
relative intensity found from experiment according 


to formula (3); 


\ 


is the proportion of relative intensity due to 


| 


is the proportion of relative intensity due to sec- 
ondary extinction; g is the coefficient of secondary 
extinction, which can be found from its depend- 
ence on the angie of block disorientation 7,4 in 
the assumption of statistical distribution of the 
angle of disorientation, according to the formula 


primary extinction; 


(5) 


wis the linear coefficient of decay; Q is the 
integral reflection from a unit of volume. 
After solving equation (4) as the square of 


the relative error which might be introdaced by 
secondary extinction was determined where the 
relative intensity 


was used instead of 


in finding block dimensions according to formula 
(3). » and Q were found by the usual means. The 
angles of disorientation 7,4 had to be found for g. 
Before deformation the 7,q value for nichrome, 
determined according to the method proposed by 
Rovinskii [5], was 10*- 20’ or (3-6) 107° radians. 
On the basis of the figures in [6], the angles of 
disorientation for iron were assumed to be 10’. 
Calculations using equation (4) showed that if the 
influence of secondary extinction is allowed for, 
at angles of 7,4 = (10°- 20’) there may be 10-15 per 
cent difference in the block sizes. In deformed 
specimens where the 7,q angle increases, the 
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FIG. 2. Dependence of the intensity of interferences 
on the degree of deformation for nichrome: 


@ 333 — c — 1420; d — Is. 


influence of sec: dary extinction is even less. This 
relatively slight influence cannot be of any signifi- 
cance for our purposes, the more so, as, besides 
secondary extinction, some degree of error in deter- 
mination of block sizes was introduced also by th« 
influence of texture, quantitative allowance for 
which is not possible, particularly at high degrees 
of deformation. For this reason we made no further 
allowance for the effect of secondary extinction. 


RESULTS AND DISCUSSION 


The data on the variations in line intensity are 
given in Figs. 2 and 3. Before analysing them we 
emphazise once more, that due to structural refine- 
ment (reduction in extinction effect) the intensity 
of reflections with low indices should increase 
while due to texture (see Fig. 1) intensity of lines 
(111) g, (222) g and (331) g in nichrome and (110) g 
and (220) g in iron should be reduced, but (220) , 
in nichrome will be increased. The actual pattern 
is as follows: the absolute intensity of lines (111), 
in nichrome and, which is particularly noticeable, 
(110) , iron at first, starting with extremely small 
stages of deformation, increase, and then as de- 
formation increases, they fall, passing through a 
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FIG. 3. Dependence of the intensity of interferences 
on the degree of deformation for iron; 


maximum at 2 per cent in nichrome and 4-5 per cent 
in iron. The intensity ratio of the corresponding 
pairs of lines /,,,/1,., nichrome and 29 iron 
will increase at very low deformations and this 
increase will slow down subsequently. With deform- 
ation in the press, in nichrome after 6 per cent 
upsetting andhigher the ratio begins to diminish. 

In iron there is no drop in the ratio, but even after 
10 per cent it ceases to grow. 

These results show quite convincingly that, even 
beginning with extremely small stages of deforma- 
tion, both effects, reduction in the influence of 
extinction and intensification of the influence of 
texture are revealed by lines intensity. In the early 
stages of deformation (up tc about 6 per cent in 
nichrome and 10 per cent in iron) it is the extinction 
effect which predominates and after this the influ- 
ence of texture becomes the more important. The 
sudden increase in the intensity of line (220) , of 
nichrome, beginning with a deformation of 2 per cent 
and repeated at 6 per cent, is convincing proof 
that the influence of texture starts at very low 
deformations. While the first increase of intensity 
is, of course, due to the role of extinction, the 
second increase, beginning at 6 per cent is only 
due to texture. It must be emphazised that the 
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influence of texture begins to show itself at very 
low deformations; in nichrome it begins at around 
3 per cent and in iron at 7 per cent if not earlier. 
The intensity of line (331), varies hardly at all 
due, of course, to the only slight appearance of 
texture at large angles, as also with low degrees 
of third type distortion. These figures confirm the 
fact that, beginning with exceedingly small stages 
of upsetting, deformation takes place by means of 
transcrystalline shears which cause the crystals to 
break up into fragments and blocks up to some 
tenths of a micron in size. Fig. 4 shows the results 
of the calculation of these elements of substructure 
D,) from formula (3). When analysing these figures 
one must allow for the fact that, due to the influ- 
ence of texture, the absolute values of the dimens- 
ions of the microregions, found at low deformations, 
will only be approximate. It is not really possible to 
calculate the D,) values by means of formula (3) 
for stages of deformation after the drop in ratio 


Confirmation of the transcrystalline mechanism of 
deformation is provided not only by the established 
effect of extinction, but also the appearance of 
texture at low degrees of deformation. Actually, the 
texturization in itself cannot be regarded as the 
result of viscous intergranular flow. Texture can 
only be formed as a result of transcrystalline shears 
in definite crystallographic planes and directions. 

If the data for nichrome andiron are compared the 
interesting conclusion can be drawn that texture is 
more easily created in nichrome and begins to 
appear at lower degrees of deformation. This is 
probably due to the difference in the type of crystal 
lattice and the considerable difference in the number 
of slip systems. Further investigation of this 
problem would be most rewarding. 

The experimental figures also permit certain con- 
clusions regarding the influence of the rate of de- 
formation on the intensity of the process of textur- 
ization. Comparing the course of the change in the 
intensity of lines (220) , and (111) g in nichrome with 
degree of deformation in a press and in the impact 
tester (Fig. 2), it can be seen that as the rate of 
deformation diminishes the formation of texture in 
nichrome occurs even more intensively. In these 
circumstances of course, slip along the preferred 
planes of orientation is easily achieved. In this 
respect the rate of deformation appears to have no 
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FIG. 4. Dependence of the size of regions of coherent 
dispersion in nichrome (a) and iron (5) on the 
degree of deformation. 


influence at all on iron. The data obtained are not 
sufficient to judge the influence of the rate of de- 
formation on the intensity of structural disintegra- 
tion. 

For iron, line intensity was analysed not only 
after slight deformations, but also as a result of 
subsequent heating at 800° (r= 30°). A special 
check showed that at this annealing temperature a 
degree of deformation of 6-7 per cent is critical 
It would thus be possible to analyse the features 
of changes in substructure during heating after 
subcritical, critical and hypercritical deformation. 
Heating after a subcritical deformation, as has 
been shown in [7], is accompanied by polygoniza- 
tion. This means the redistribution of dislocations 
with the formation of vertical dislocation walls. 

It can be seen from the curves in Figs. 3a and 46 
that this kind of dislocation grouping into walls 
will cause the coherent regions to grow and also 
some intensification of extinction. 

It is very important that heating after critical 
deformation which is known to cause the formation 
of very coarse grains, is not accompanied by an 
abrupt increase of extinction or growth of substruc- 
ture. Besides this, on passing from critical to 
hypercritical deformations, when as a result of 
annealing the grain sizes will be less than after 
critical deformation, the extinction effect does not 
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diminish but continues to increase. Thus, as a 
result of heating after hypercritical deformation the 
grain sizes will be less and the sizes of the 
coherent regions will be bigger and substructure 
more perfect, than after critical deformation. This 

is in very good agreement with representations 
regarding the difference in the mechanism of critical 
and hypercritical recrystallization [7] and is a very 
clear confirmation of this proposition. It also 
provides a very good explanation for the reason why, 
in ranges of deformation slightly higher than critical, 
when recrystallization occurs in two different ways, 
by the collective growth of some of the original 
grains and by the formation of recrystallization 
nuclei, the latter are more stable and grow pertially 
at the expense of the original grains, which appeared 
at an earlier stage of the process by the collective 
mechanism, which is typical of critical recrysial- 
lization [7]. 

The results of this work, show that the determina- 
tion of the sizes of regions of coherent dispersion 
in massive specimens from the extinction effect on 
pairs of lines with different orders oi reflection 
cannot be regarded as satisfactory at very low 
stages of deformation (5-8 per cent). The reason 
for this is the different intensity of formation of the 
texture maxima on the lines with widely differing ~ 
angles of reflections. On the lines with wide angles 
the texture maxima are known to be expressed very 
much less strongly while their dispersion is some- 
what greater than on those with low angles. This is 
supported by the fact that the intensity of line (331) , 
in nichrome with an angle 6 = 71° remains practic- 
ally unchanged on deformation (Fig. 2d), although 
the counter slot was not in the same position as the 
texture maximum (Fig. 1d) and the intensity of the 
line should have been diminished. At the same 
time, tne intensity of the lines with smali angles, 
(110) , and (220) ,, varied considerably under the 
influence of texture. 


CONCLUSIONS 


1. The course of the structural changes which 
occur in nichrome andiron ender slight deformations 
has been analysed from the variation in the intens- 
ity of X-ray interferences, due to the iafluence of 
extinction and texture. 

2. When iron and nichrome are upset texturization 
begins at extremely slight deformations (3-6 per 
cent) and the influence of texture, beginning at 


approximately 5-7 per cent deformation, overlaps 
the influence of extinction. As the rate of deforma- 
tion diminishes this effect is more clearly expres- 
sed. Texturization takes place more easily (at 
lower degrees of deformation) in nichrome than in 
iron. 

3. Beginning at extremely slight deformations 
(1-2 per cent) in iron and nichrome the structure is 
refined from dimeasions of the order of a micron 
down to 0,9-0.8 4 at A = 2 per cent and 0.2-0.3 4 
at A = 10 per cent. 

4, Polygonization, which takes place when iron 
is heated after subcritical deformation, is accom- 
panied by a slight increase in the regions of 
coherent dispersion. 

5. The changes of substructure on recrystalliza- 
tion in iron are quite different after critical and 
hypercritical deformation. This is indirect evidence 
of the different mechanism of these processes. The 
coarse grains which are formed on recrystallization 
after critical deformation are very little different 
in substructure from those which are only subject 


to polygonization on heating, and are considerably VO! 
less perfect than the yrains which are formed during i 
( 


heating after hypercritical deformation as the result 
of the formation and growth of recrystallization 
nuclei. 

6. The determination of the sizes of regions of 
coherent dispersion in massive specimens from the 
extinction effect on pairs of lines with different 
orders of reflection cannot be regarded as satis- 
factory for quite slight degrees of deformation. 


Translated by V. Alford 
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The metallographic, X-ray and thermal analysis methods have been used to establish the 
position on the equilibrium diagram and the approximate width of the region of homogeneous inier- 
mediate phase in the partial system MnSi-Si. The co-ordinates of the eutectic and peritectic 
points in this system have been found and a more precise variation of the constitution diagram 


is proposed. 


The silicides of the transition metals, which 
appear to be compounds of variable composition, 
have in a number of cases semiconducting proper- 
ties [1]. Despite this fact, far too little attention 
has been paid to the study of the electrical charac- 
tersistics. For this reason the properties of some 
silicides which could have a considerable future 
and very wide application remain unknown, and 
some of their features, unexplained. This is parti- 
cularly so in the case of alloys of Mn and Si, 
investigation of whose electrical conductivity and 
thermoelectromotive force [2, 3] has revealed a 
very complex structure in the relevant isotherms in 
the range of concentrations! 45-55 % Si. Precise 
information regarding the phase composition of 
these alloys is required to explain these features. 
Among other things, the information regarding the 
structure of the equilibrium diagram for the partial 
system MnSi-Si is exceedingly contradictory and 
unreliable. 

As far as we know only Doerinckel [4] has 
studied this systematically. Using rather impure 
starting material (99.4% Mn, 98.0- 98.9% Si) and 
metallographic and thermal analysis, the writer of 
[4] came to the conclusion that in the system Mn-Si, 
besides the congruently fusible Mn,Si and MnSi, 
there also existed a higher silicide containing 
about 45% Si. However, as precipitation of primary 
crystals is already observed in an alloy containing 
50% Si, the author first denied the possibility of 
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the existence of the stoichiometric bisilicide 
MnSi,, and then he observes that there should be an 
explicit or implicit maximum between 45 and 50% Si 
to correspond to the intermediate phase on the 
equilibrium diagram of the partial system MnSi-Si. 

Boren [5] carried out the X-ray structural analysis 
of the phases composing alloys of manganese with 
silicon, which had been prepared from purer 
materials. He came to the conclusion that three 
silicides existed: Mn,Si, MnSi and MnSi,. In parti- 
cular, it was found from Laue, rotating crystal 
X-ray and powder patterns that the bisilicide of 
manganese is characterized by a tetragonal unit 
cell with parameters a = 5.513kX, c=17.422kX 
and c/a = 3.16. From these figures, and the mea- 
surement of the density of a preparation contain- 
ing 49.8 % Si (D,, = 5.3 g/cm*), Boren came to the 
conclusion that 46 atoms existed in the cell. As- 
suming that this value could be rounded to 48, he 
observes that there appear to be 16 MnSi, mole- 
cules in the unit cell. These conclusions require 
considerable clarification, as the author of [5] 
was working with a non-single-phase preparation 
and his densitometric measurements included some 
gross errors (more will be said of this below). 

At the same time as Boren the phase composi- 
tion of Mn-Si alloys containing from 0 to 35% Si, 
was studied by Vogel and Bedarff [6]. They con- 
firmed the existence of Mn,Si, Mn;Si, and MnSi. 

Discussing the published information regarding 


the composition of individual manganese silicides 
(Mn;Si, Mn,Si, Mn,Si, MnsSi,, MnSi, Mn,Si, and 
MnSi,), Hansen [7] comes to the conclusion that 
Mn,Si, Mn,Si,;, MnSi and MnSi, must exist. An 
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FIG. 1. Photomicrograph of alloys of manganese with silicon: 


a — 44.0% Si; 


b — 45.0% Si; 


c — 46.0% Si. 


Crossed polaroids x 66. 


TABLE 1 


No. Si No. 
specimen specimen 


important point here is that the author ignores 
Doerinckel’s information regarding the existence of 
Si crystals in an alloy with 50% Si. He assumes 
the higher manganese silicide to be the stoichio- 
metric bisilicide. Hansen and Anderko [8] and also 
Pearson [9] contribute to this point of view. 
Nikitin on the other hand [10], who studied the elec- 
trical properties of MnSi alloys, assumes that in the 
partial system MnSi-Si there are two intermediate 
silicides, Mn,Si, and MnSi,. 

There is thus at the moment considerable lack 
of clarity regarding the high Si part of the constitu- 
tion diagram for the system Mn-Si. Further informa- 
tion is required about the amount, composition and 
structure of the intermediate compounds, the con- 


FIG. 2. Microstructure of single-phase alloys of man- 
ganese with silicon containing 46.5 % Si. 
Crossed polaroids; x 66. 


centration ranges of their stability, and also melting 
conditions and the position of the boundary line on 
the equilibrium diagram. In this work the greatest 
weight has been given to finding the nature of the 
silicides existing in the partial system MnSi-Si. 


MATERIALS AND EXPERIMENTAL 
PROCEDURE 


The test specimens were prepared from manganese 
& 


102 
, % é 
VO! 
gh 19€ 
2 45 () 10 19.0 
5 46.5 13 50.5 
8 48.0 


Phase components of the system MnSi-Si 


FIG. 3. Photomicrograph of alloys of manganese with silicon. 


a — 47.0% Si; 


b — 48.0% Si; c — 49.0% Si; 


— 51.5% Si. 


Crossed polaroids; x 66 


distillate with an impurity content of less than 
0.05% and chips from silicon monocrystals type 
KM-1. The components were melted in evacuated 
and sealed quartz ampoules in a h.f. induction 
furnacé. Control chemical and spectral analysis con- 
firmed the high purity of the resulting alloys and 
that in composition they corresponded to the amount 
of components in the charge. Using this method 15 
specimens were prepared for the careful study of 
the intermediate silicide. Their chemical composi- 
tion is set out in Table 1. 

The phase composition of the alloys was studied 
metallographically and by X-ray analysis. In the 
first case the microstructure was studied under a 
microscope type MIM-8M using polarized light. In 
this case the specimens were analysed both “raw” 
straight from the melt, and also after preliminary 
homogenization for 20 hr at 950°C. No notable dif- 
ference in the structure of the annealed and unstabi- 
lized alloys was revealed after studying a large 
number of microsections. This indicates very rapid 
phase transformations on crystallization. For the 
final generalization only the data obtained from the 
study of the homogenized specimens was used. 

The microhardness of the phase components was 
studied on etched (1 part HF, 1 part HNO,, 1 part 
H,O) microsections using a PMT-3 apparatus (load 
30-50 g). The Debye-Scherrer method was used for 
the X-ray analysis. The photographs were made in 
chromium K_g radiation (at /, = 18 mA and 


V = 23 kV) in VRS-3 cameras (144 mm). Exposure 
was 5 hr. 

To assist in clarifying the equilibrium diagram, 
besides the results of phase analysis, use was 
also made of data obtained from a study of thermo- 
grams. These photographs were made by means of 
the apparatus designed by Kurnakov, a programm- 
ing temperature controller, a Pt-PtRh thermocouple 
and other standard instruments. The procedure was 
very little different from the described in [11]. The 
alloys used for the thermographic investigations 
were prepared in the induction furnace in an argon 
atmosphere, using technically pure components 
(electrolytic manganese and refined crystalline 
silicon). 


PHASE COMPOSITION OF THE ALLOYS 


Analysis of the microstructure of an alloy 
containing 44.0% Si, revealed that it has two 
phases. It appears to consist of an optically active 
matrix (higher silicide) and optically inactive 
surrounding inclusions of monosilicide (Fig. 1 a). 
In shape and nature of distribution the latter are 
very reminiscent of the FeSi crystals which are 
precipitated on the crystallization of ferrosilicon 
containing from 34 to 51 % Si [12, 13]. The optic- 
ally active matrix revealed an exceptionally clear 
“anisotropy effect” (illumination four times with 
the microscope rotated through 360° and observation 
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of the microsection with crossed polaroids) and a 
“birefringence effect” [14] (two illuminations with 
rotation through 360° and observation of a micro- 
section with one polarizer). 

As the Si content of the alloy increased (45.0, 
45.5, 46.0% Si) the amount of the inactive mono- 
silicide diminished rapidly (Figs. la-c) and the 
whole of the major part of the microsection was 
filled with the optically active matrix of the higher 
silicide. It must be noted that ia this range of com- 
positions the microhardness of the phase components 
and their optical and structural characteristics 
remained unchanged. In particular, the micro- 
hardness of the intermediate phase of the higher 
silicide was 1050 kg/mm’, and that of the mono- 
silicide was 850 kg/mm’. 

The alloy containing 46.5 % Si was single-phase. 
Only the optically active matrix was present (Fig. 2). 
Further increase of the Si content (47.0% Si) 
caused traces of a new phase to appear. This means 
that there is a fairly long range of homogeneity in 
the higher silicide (46-47% Si). In this range the 
microhardness of the intermediate phase varies very 
little (not above the possible range of error in mea- 
surement). The new phase which was precipitated 
inside the grains of the matrix, was optically inactive 
and in colour was exceedingly reminiscent of silicon 
(Fig. 3a). There was no change in the phase com- 
position of the alloy when the silicon concentration 
was increased to 48%. For the most part it con- 
sisted, as before, of the optically active crystals of 
the higher silicide, along the boundaries of which 
precipitation of the inactive component could be 
observed. Morpuologically however the crystals of 
the matrix in this specimen were very little differ- 
ent from the other ones, — there was very consider- 
able fragmentation of the grain (Fig. 3 5). Alloys 
with a somewhat higher Si content (48.0 and 48.5 % Si) 
also had a fine crystalline structure, although it 
must be said thatin the alloy with 48.5% Si, besides 
the small grains of the matrix surrounded by the 
iaactive component, some coarse silicide crystals 
could also be seen. Inside these there were also 
fine precipitations of Si crystals. The structure of 
the alloys containing 49% and more Si showed that 
they are two-phase and that the component higher 
silicide is of a coarsely crystalline nature. Eutectic 
precipitations of Si are seen inside these crystals. 
They increased in quantity as the silicon content 
of the alloy was increased to 50.5-51.5% Si 
(Fig. 3c, d). The alloy with 51.5% Si virtually 


FIG. 4. Microstructure of alloy of manganese with 
55 % silicon. Crossed polaroids; x 66. 


consisted of the one eutectic. There were no 
primary crystals of the intermediate silicide or Si 
in it. This means that in the MnSi-Si system a eutec- 
tic is formed which consists of the crystals of the 
higher silicide and Si and which contains approxi- 
mately 51.5% Si. Hansen was right [7] when he 
noted the erroneousness of Doerinckel’s suggestion 
[4] that primary crystals of Si existed in an alloy 
with 50% Si. It can be seen that primary crystals of 
silicon only appear in alloys containing more than 
51.5% Si (Fig. 4). 

X-ray analysis of all the test specimens revealed 
the phase which has been indicated by Boren as 
MnSi,. Besides this, on the X-ray patterns of alloys 
containing 44.0 and 45.0% Si, interferences can 
clearly be seen which correspond to the compound 
MnSi. In specimens with 49% or more Si, MnSi, and 


Si can be seen. This agrees very well with the results 
of the metallographic investigations and means 


that there is a singie intermediate silicide — MnSi,, 
in the system MnSi-Si. If the X-ray patterns of the 
pre- and post-bisilicide alloys are compared, it can 
be seen that the interplanar distances of the bisi- 
licide lattice are somewhat different. In the first 
case they are somewhat less (by about 0.1-0.2 per 
cent) than in the second. In other words, it can be 
assumed that the bisilicide has a measurable con- 
centration range of homogeneity, within which 
there is an increase in some of the interplanar 
distances as the Si concentration increases. 

Thus, the metallographic and X-ray results 
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indicate that the intermediate phase in the partial 
system MnSi-Si is a phase of the bertollide type. 

Its concentration ranges of stability can be approxi- 
mately given as from 46-47 % Si. It is particularly 
interesting and important that the Si concentration 
of this phase is considerably less than that corres- 
ponding to the stoichiometric bisilicide (50.56 % Si). 
Its gross composition can be described by the 
formule Mn, Si,,_,. This conclusion is to a known 
degree in agreement with the observations by 
Doerinckel [4], according to which the intermediate 
phase contains 45% Si. Despite this, for conveni- 
ence we will call it manganese bislicide. 

In the light of all this, the results produced by 
Boren [5], who indicated that the intermediate 
phase was stoichiometric bisilicide, cannot be 
regarded as satisfactory. It must be noted that in 
this work the general conclusion regarding the 
existence of a MnSi, phase is unproven. The fact is 
that the author only used X-ray methods without 
supplementing them by other ones capable of 
establishing the chemical composition of the phase 
under examination. Furthermore, in the original of 
the work there are direct indications that the test 
specimen containing 49.8 % Si, was two-phase. The 
problem of the composition of the bisilicide cannot 
therefore be decided on the basis of Boren’s data. 

The position is even worse as regards the con- 
clusions produced by the writer of [5], concerning 
the number of atoms in the unit cell. The density 
of the bisilicide (D,, = 5.3 g/cm*) which he found 
is unbelievably high. This is clear when this 
figure is compared with the results produced by 
other authors, both before and after Boren. Frilley 
{15], in an old publication indicates that the density 
of an alloy containing 50.92% Si is 4.29 g/cm’, and 
according to Davydov and Gel’d [16] for a specimen 
with 49.96 % Si it is around 4.24 g/cm*. We obtained 
similar results. The cell model proposed by Boren 
(48 atoms to the lattice) assumes a theoretical 
density of 5.53 g/cm*. Such a density is possessed 
by alloys [16] similar in composition, not to the 
bisilicide, but to the monosilicide. In the light of 
this it is amazing that Boren’s figures should 
have been introduced into all manner of reference 
sources. If one proceeded from Boren’s figures 
regarding the dimensions of the unit cell of bisili- 
cide, the results of this investigation of its com- 
position, and earlier published [16] data on the 
density of Mn and Si alloys, it would not be difficult 
to conclude that there are approximately 14 atoms 


of Mn and 24 of Si in the unit cell of the bisilicide. 

It must be noted however that these figures give 
very little information regarding the structure of the 
bisilicide. On their basis only the following could 
be concluded. On the basis of the assumption that 
the phase Mn, Si,,_, under review is a solid solu- 
tion on the basis of the lattice of the hypothetical 
MnSi,, then one must admit the existence of 
vacancies in the Si sublattice. Actually, the other 
possible variations in the structure of the bisilicide 
are in agreement with the concentration range of its 
existence (for example interstitial solid solution of 
Mn in MnSi, or substitution of the Si by Mn), cannot 
explain the increase in the interplanar distances 
with increase in Si concentration. Indeed, doubts 
must also be expressed regarding the assumption 
that the Si sublattice is of a hole character. This 
is because, in the higher silicides of the transition 
metals, the Si atoms are usually arranged in pairs, 
chains or complete layers. 

On the other hand, the assumption that is Biss 
is a solid solution on the basis of a hypothetical 
phase with a lower Si content (Mn,Sis for instance) 
is difficult to fit in with the fact that all the remain- 
ing transition metals of the fourth period (from 
titanium to nickel) form bisilicides. [t seems that 
both variants, the hole sublattice of Si in MnSi, or 
the interstitial atoms of Si in the Mn,Si; lattice, 
only differ formally from one another. 

The structure of the Ma, Si,,_, thus remains 
unexplained and requires further careful study. 

As has been noted above, metallographic 
analysis of a large series of alloys has revealed 
the existence of only one eutectic, the bisilicide 
Mn-Si. The eutectic MnSi — Mn,Si,,_, Joes not 
exist in the specimens, and this can be taken as a 
sign of the peritectic origin of the bisilicide. 

It is difficult to explain the refinement of the 
Siz,—x grain in alloys containing 48.0 and 
48.5 % Si on the basis of available data. It seems 
to be due to kinetic effects, for instance, crystal- 
lization on a metastable scheme. This probability 
is very high, because, as will be seen from what 
follows, in the range of compositions observed the 
liquidus line is almost contiguous with the eutectic 
and peritectic isotherms. 

In summing up this section it can be stated that 
in the partial system MnSi-Si only the intermediate | 

3e Mn, Si,,_, is formed, the composition of 
waich can hardly be described by a rational 
stoichiometric formula. The phase seems to be a 
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defect structure which melts incoherently. In this 
connexion, considerable doubt must be thrown on 
the idea expressed in [10], and based on the study 
of the structure of electroconductivity and thermo- 
electromotive force isotherms in Mn and Si alloys, 
that two intermediate phases Mn,Si, and MnSi, exist. 


EQUILIBRIUM DIAGRAM OF THE SYSTEM 
MnSi-Si 


For the construction of an equilibrium diagram 
use was made of the characteristics described 
above ci the phase components of the system MnSi- 
Si, and «lso data obtained from thermographic in- 
vestigation. Besides this reference was also made 
to the results of the investigation of the tempera- 
ture dependence of electroconductivity in solid 
and liquid Mn-Si alloys, which were carried out by 
the method of the “rotating magnetic field” (2, 3]. 

It can be seen from Fig. 5 that the characteristics 
found for this system are in quite good agreement 
with the proposition that in MnSi-Si alloys there is 
one incoherently fusible phase, the range of homo- 
geneity of which is covered by the narrow scope of 
composition MnSi, ¢7 to MnSi, 73. The peritectic 
point is approximately 1150°C and this corresponds 
approximately to 48.8% Si. The bisilicide of Mn and 
Si forms a eutectic. The eutectic point has the co- 
ordinates t, ~ 1145°C and [Si] = 51.5% Si. Our 
figures do not agree at all badly with the old 
observations by Doerinckel (see Fig.5). This can be 
seen aiso by the shape of the liquidus line for the 
crysta!lization of the monosilicide, and the tempera- 
tures of the pcritectic and eutectic transformations. 

In this connexion attention must also be drawn 
to the improbability of the phase diagram for this 
system which was proposed by Hansen and Anderko 
[8]. These writers, who only had the old figures 
given above at their disposal, first assumed the 
presence of a stoichiometric bisilicide in the system 
and then corrected the structure of the liquidus line 
plotted by Doerinckel. It is impossible to agree with 
this. It must be said that the old variation of the 
diagram put forward by Hansen [7], had considerably 
more basis and was much closer to what is actually 
the fact. It must always be borne in mind that only 
the use of very pure materials makes it possible to 
ascertain the nature of the intermediate bisilicide 
phase, its range of homogeneity and conditions of 
melting. 
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FIG. 5. Equilibrium diagram of system MnSi-Si: x, 

o — thermal analysis data from Doerinckel [4] and 
authors of the present article respectively; 

A — results obtained from a study of the temperature 
dependence of electrical conductivity [2, 3]. 


CONCLUSIONS 


1. Metallographic, X-ray and thermal analysis 
have revealed that in the system MnSi-Si there 
exists an incoherently melting intermediate phase 
Mn, Si.,—-x, whose range of homogeneity is en- 
compassed within the limits from MnSi, 67 to 
MnSi, 73 (at 950°C). 

2. The eutectic Mn, Si,,_,-Si with co-ordinates 
t. = 1145°C and [Si] = 51.5% Si and the peritectic 
t, = 1150°C; [Si] = 48.8 % Si have been found to 


exist in this system. 
3. A more precise variation of the equilibrium 
diagram for the system MinSi-Si has been proposed. 
4. The erroneousness of the model of the unit cell 
of manganese bisilicide proposed by Boren has 
been revealed. 


Translated by V. Alford 
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SHORT REPORTS AND LETTERS TO THE EDITOR 
INDIRECT DETERMINATION OF SHEAR ON THE FERMI SURFACES OF POLARIZED 
CONDUCTION ELECTRONS IN FERROMAGNETIC MATERIALS* 
S.V. VONSOVSKII, M.S.SVIRSKII and N.V. VOLKENSHTEIN 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 22 April 1961) 


Some interesting papers have appeared recently [1, 2] on the indirect method of determining 
the size of the energy gap of a superconductor by using the tunnel transition of conduction elec- 
trons from the superconductor to a normal metal, or to another superconductor, through a thin 
insulating layer (about 20 A). In this note we will indicate the thecretical possibility of using 
tunnel effect to make indirect measurement of shear on the Fermi surfaces in the conduction 
electrons of a ferromagnetic material with opposing spin projections, due to the exchange inter- 
action with spontaneous moment (s-d exchange [3] ). The results of appropriate experiments are 


also presented. 
Let us consider a ferromagnetic and non-ferromagnetic metal, separated by a thin insulating “a 
layer. If there is only a slight difference in potentials V between the metals when |eV| < | u/|, 19 


where 2uV is the size of the shear of the Fermi spheres (, is relative magnetization, / is the 
parameter of s-d exchange), the tunnel current can be found from the equation 


J = (E — eV) (E) (E — eV) — (E — fa (E aE, (1) 


where C,is the coefficient of proportionality; E is the kinetic energy of a conduction electron; p,, 
f, and p,, f, are the density of the states and function of Fermi distribution for the ferromagnetic and 
non-ferromagnetic metals respectively. Here the argument £ + y/ is used for electrons with one (the 
right for instance) spin projection andargument EF — yl for those with the opposite projection. As the 
sum f,(E + pl)+f,(E —p) is included in (1), it will be clear that the possible effects in the system 
ferromagnetic material-insulator non-ferromagnetic material (FM-I-NMF) will be different from the cor- 
responding effects in the system non-ferromagnetic metal-insulator-non-ferromagnetic metal (NMF- 
NFM), by a value which will be proportional to (yI)?. 

Let us, for instance, consider the case where V = 0 and for simplicity let us assume that 
¢, = Cx, where Cis the Fermi energy and that the quadratic law of dispersion obtains for the con- 
duction electrons'*t, i.e. p, (E) = p, (E) = C,E %. Then it follows from (1) that 


J=C,C3 (E)—¢ (E+ pI) (2) 


It can be seen from (2) that where »/ = 0 in a NFM-I-NFM system the strength of the current will be 
equal to zero. If however, the second metal is a ferromagnetic one and consequently p/ # 0, then 


* Fiz. metal. metalloved., 12, No. 2, 285-287, 1961. 
t Formula (1) is generalized from (1) in [2]. 
tt The calculation below can easily be generalized for ¢, # ¢, and the arbitrary law of dispersion. 
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the current strength in NFM-I-NFM will not return to zero*. In particular, in the limiting case 
where 7 = 0, we shall from (2) get 


J = —C,C2 (41). (3) 


Where 0 <|jeV| <|,/|, under the assumptions accepted above and where T = 0, it will follow from 
(1) that 


eV 


where €+ = + yu]. In a linear approximation through V it emerges from (4) that 


J C,C5 (2% eV — /2). 
According to (5) the current changes its direction at potential 


42 [2 
(6) 


Thus, having found experimentally the point where the direction of current changes, and knowing 
é, the »/ value can be measured. It was with this aim that we set up the following experiment. 


mA 


| ae 


Q075 


Q025 | 


5 eV 


Two electrodes were deposited on to a glass plate by buming-in a silver paste. By evapora- 
tion in a high vacuum an aluminium film was deposited on to one of the electrodes. After holding 
for 5-10 min in air, as a result of oxidation it became coated with a thin film of Al,0,, 15-20 A 
thick. Then the plate was again placed in a high vacuum andon top of the Al,0, film a film of 
aickel was deposited, which was in contact with the second electrode. The three-layered specimen 
(Al-Al,0,-Ni) was placed in a vessel with liquid helium. A potential difference V of from 0 to 1 mV 


* This current mast, of course, disappear at equilibrium which, however takes a long time to establish, 
due to tunnel effect. 
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was applied to the silver electrodes. The current arising in the circuit was measured by a precision 
galvanometer. The results of the measurements are shown in the illustration. 

It can be seen from the graph that current is observed even at V = 0. This is in agreement 
with formula (3). With increase in V the current increases mainly linearly in accordance with (5), 
and then at V, ~ 0.03 mV there is a change in the direction of the current, which is in agreement 
with (5) and (6). Substituting the V, — 0.03 mV value in (6) and assuming for the calculation that 
€>S5eV, we get | z/| = 2x 10-* eV, which is in very good agreement with the usually accepted 
figure of x] = 10°“ ergs. In the case where ¢, # ¢, and with the arbitrary law of dispersion 
0 #C,E% instead of (6), it is not difficult to find that at €,+ eV > <, 


and 


2eV (22) po (64) 


pl > (8) 


where p and dp/0E can be found, for instance, from the figures for the variation in electron thermal 
capacity and the temperature dependence of the contact potential difference in the helium temper- 12 


ature range. 19€ 
In this case, as can be seen from (7) and (8), experiments of this kind can provide information 


regarding the upper and corresponding lower limits (u/). At the present time we are using this 
method to investigate a number of other systems (NFM-I-NFM and FM-I-NFM). 


Translated by V. Alford 
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THE PROBLEM OF THE ENERGY LOSSES CF FAST NON-RELATIVISTIC 


ELECTRONS 


IN METALS* 


A.A. RUKHADZE and V.P. SILIN 
Physics Institute, Academy of Sciences U.S.S.R. 
(Received 28 February 1961) 


A large number of papers have appeared recently, 
which have been devoted to the energy losses of 
fast non-relativistic electrons in metals [1). It is 
quite natural that there should be interest in this 
problem. The study of problems regarding the 
aneiastic scattering of fast electrons in metals may 
throw light on some aspects of the problem of 
solids. On the other hand, some explanation is re- 
quired to the multitudinous experiments which have 
recently been carried out in energy losses of fast 
electrons in metals [2]. 


From our point of view the theory of energy losses 


propounded by Tamm, Frank and Fermi [3], which is 
based on the properties of the permittivity tensor of 
the medium “iy (w, k), with allowance for space 
dispersion, provides a quite satisfactory definition 
of the features of the effect of anelastic scattering 
of fast electrons in metals. If space dispersion is 
allowed for, the Tamm-Frank-Fermi theory [3] does 
actually coincide with what is known as the theory 
of collective losses. Recently however in a number 
of works ({1] for instance) the assertion has been 
made that the theory of collective losses can oniy 
describe the scattering of electrons in metals due 
to “intrazonal” transitions, and thatit dees not 
allow for “interzonal” transitions. 

To allow for “interzonal” transitions Vyatskin 
[1] developed the theory of anelastic scattering of 
fast electrons in metals in the approximation of 
weakly bonded electrons. According to Vyatskin’s 
theory, it is typical of this kind of transition for the 
energy losses of fast electrons in metals to be 
dependent on lattice parameter. In the case of a 
cubic lattice the energy losses will be inversely 
proportional to the square of the lattice constant. 
The author feels that this feature of the energy 


losses of fasi electrons in metals does not fit 
into any other theory. 

This erroneous conclusion is based on the fact 
that in literature the permittivity deduced for the 
metal is quite frequently only correct for the elec- 
trons of one zone, and is independent of lattice 
constant. With this kind of permittivity of course 
there can hardly be a dependence between the 
energy losses of fast electron and lattice constant. 
However, if one uses the formula for permittivity 
which can be found from calculation of the zonal 
structure of a meta!, then the Tamm-Frank-Fermi 
theory of losses will also deduce the dependence 
indicated by Vyatskin between the electron losses 
and lattice constant. In the approximation of weakly 
bonded electrons, this kind of permittivity has been 
found for the case of a cubic lattice, and without 
allowing for space dispersion, by Segeiev and 
Thernikovsky [4], and it has the following form*: 

(1) 


== H(w) + —  o(w), 


* Fiz. metal. metalloved., 12, No. 2, 287-289, 1961. 


* See also [5]. 
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&) 


where g = (g:, £2, Zs) is a vector with whole number 
components through which summation is made; 

ko is the boundary Fermi impulse for electrons; 

n is the namber of electrons per unit vol.; 

wD) are the boundaries of the conductivity 
sone of the metal; a is lattice constant; ve is the 
matrix element of the potential of the interaction 
between electron and lattice; m is electron mass; 
m* is a certain effective electron mass close to m. 
It can be seen from formulae (1) and (2) that the 
permittivity of metals is very far from being depend- 
ent on lattice constant. Now using the formula for 
the total losses of a non-relativistic electron mov- 
ing at velocity v in a medium with permittivity 


(@) [3]* 


A noticeable contribution to the total energy 
losses are borne not only by the frequency fields 
in which there is considerable absorption (a (w) 0), 
but also by those fields in which o (w) is negligibly 
small. In such cases 


t The qo value in (3) can be found from the condition 
for the applicability of the formula for permittivity 
€ (@) without space dispersion. 


—> (7, (w)). 


w 


j 


(4) 


It can be seen from (2) and (3) that the energy losses 
of a fast electron in a metal are a complex function 
of the lattice constant which may, as follows from 
(4), possess very clearly defined maxima around 
zero. As the characteristic frequencies in a metal 
are proportional 1/a? (the latter is obvious from 
considerations of dimensions), the appearance of 

a similar conformity in the amount of energy lost 
by an electron will be quite natural. Thus the 
Tamm-Frank-Fermi theory does fit in with the de- 
pendence of the energy losses of electron in a 
metal on lattice constant, even if space dispersion 
is neglected. 

It remains to add that the formulae deduced by 
Vyatskin for the angular distribution of electron 
radiation in a metal, can, in view of his approxima- 
tion, only be correct for large angles (higher than 
the ratio between the velocity of the medium elec- 
trons and that of the moving electron, but much 
less than 1), while in the Tamm-Frank-Fermi 
theory, if the spacial dispersion of permittivity as 
allowed for, the angular distribution of radiation 
can be found without these limitations (see paper 
(3]). 

We are extremely grateful to academician Tamm 
who drew our attention to Vyatskin’s paper. 


Translated by V. Alford 
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GROWING MONOCRYSTALS OF ZINC AND A ZINC-TIN ALLOY WITH 
PRESCRIBED BASAL PLANE ORIENTATION * 
V.V. BAZHENOV and V.A. LABZIN 
(Received 27 January 1961) 


A very widely used method of growing monocrys- 
tals of pure metals is that of zonal crystallization 
[1]. However, to produce metal specimens with 
prescribed orientation of the crystallographic planes 
this method can only be used under certain condi- 
tions [2-4]. Considerably more difficult is the 
problem of growing monocrystalline specimens of 
metal alloys, particularly with prescribed orienta- 
tion. The purpose of the present work was the study 
of the conditions under which metallic monocrystals 
of pure metals andalloys can be grown with pres- 
cribed orientations of the basal plane. The starting 


metal used was zinc, and the alloying metal was tin. 


The monocrystals were grown by the zonal crystal- 
lization method using the apparatus proposed by 
Labzin and Bazhenov [4]. 


1. GROWING MONOCRYSTALS OF ZINC 


Polycrystalline zinc wire 1 mm in dia. and 200mm 
in length was placed on the heating plate above 


the apparatus and a third of its length was recrystal- 


lized (transformed into a monocrystal). To find the 
position of the basal plane of the monocrystalline 
part of the wire, it was first energetically rubbed 
(20-30 mm) with cotton wool soaked in a 10 per cent 
solution of HNO,, then washed in water, slightly 
deformed and immersed for a few seconds ina _- 
saturatec solution of mercurous nitrate [5, 6]. This 
meant that the monocrystalline part could be separ- 
ated along the basal plane and the position of the 
latter determined. After this the monocrystalline 
end of the wire, 30-35 mm in length, was bent in 
such a way that the direction of the basal plane 

lay at the prescribed angle to the axis. The bent 
wire was placed on a plate in the same apparatus in 
such a way that the furnace was at first in front of 
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the bend over the monocrystalline part, and under- 
went further recrystallization. 

The monocrystals produced in this way had the 
prescribed orientation of the basal plane. These 
monocrystals could be used as small seeds (25- 
30 mm) for growing monocrystals of greater length 
but with the same orientation. To fuse the mono- 
crystalline seed with the polycrystalline wire their 
ends were dipped for 1 sec in a weak solution of 
HCl and then put in a glass tube with its dia. ap- 
proximately the same as that of the wire, and 
heated over a flame. The ZnCl on the surface was 
carefully washed away in water. 


2. GROWING MONOCRYSTALS OF A 
ZINC-TIN ALLOY 


Our experiments showed that it is not possible 
to produce wire of a Zn-Sn alloy with given orienta- 
tion and a smooth surface by the usual method of 
passing heated metals through a calibrated aper 
ture. When the alloy is extruded the tin comes out 
in drops through the gap between the plunger and 
the cylinder and causes a reduction in the tin 
concentration of the alloy, while the surface is 
quite rough. 

However, monocrystals can be produced from a 
zine wire coated with a layer of tin. Zinc wire was 
immersed in a tannic sulphate electrolyte produced 
by the electrolytic dissolution of tin [7]. To pro- 
duce specimens containing less than 0.5% tin 
the tin coating of the zinc wire was carried out 
without passing current through the electrolyte 
(by a substitution reaction). For higher tin con- 
centrations current was passed through the electro- 
lyte. In this latter case allowance was also made 
for substitution reactions. 

To form a solid protective film the zinc wire 
coated with tin was immersed in a solution of 
silicate cement (25% dry substance) stretched at 
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the rate of 2 mm/min and dried for 3-4 hr at 
80-110°C. When the specimens without the protect- 
ive film recrystallized their surface was rough and 
covered with an uneven oxide film, while their 
shape was very far from cylindrical. After recrystal- 
lization the protective coating was removed from 
the specimens by a solution of 1 g NaOH in 1 litre 
of water. 

After etching a lamellar structure was found in 
the recrystallized specimens. The layers were 
parallel to the zinc basal plane. As the tin con- 
centration of the zinc increased the tin layers 
became more clearly defined and separate (up to 
8 layers per mm). 

One of the important disadvantages of the mono- 
crystals produced in this way was that in most 
cases the tin concentration increased towards the 
end of a specimen. Another disadvantage was that 
the orientation of the basal plane of the zinc and 
tin interlayers was almost parallel to the axis of the 
specimen. It was extremely difficult to produce 
monocrystals of the Zn-Sn alloy with basal plane 
orientation of 35-55° to the axis. 

The experiments showed that: 

a) If a polycrystal is coated with tin and then, 
after attaching a monocrystal seed with the neces- 
sary orientation, the surface part is recrystallized, 
in the overwhelming majority of cases the layers 
will be parallel to the axis of the specimen; 

6b) If a monocrystal specimen with the necessary 
basal plane orientation is grown from pure zinc and 
then coated with tin and recrystallized, the layers 


will be the same as in the first case; 

c) If a monocrystal of Zn-Sn is grown with 
layers along the specimen and is then bent at the 
required angle and recrystallized, then, beginning 
at the bend, the direction of the basal plane will 
either fail to be preserved at all, or only in a small 
sector, after the bend. 

Monocrystals of the alloy Zn-Sn can be produced 
with the necessary orientation of the basal plane 
as follows. 

A polycrystalline zine wire coated with tin and 
a protective layer was recrystallized from one end 
along its whole length, and then again in the 
reverse direction. After this the end of the specimen 
from which the primary recrystallization had started 
was freed of the protective layer and etched to 
find the orientation of the basal plane. The speci- 
men was then bent at such an angle that the basal 
plane of the bent short part was at 45° to the main 
part of the specimen, and then it was again re- 
crystallized. With this kind of triple recrystalliza- 
tion it is possible to produce monocrystals of the 
alloy Zn-Sn with the basal plane of the parent 
metal Zn inclined at approximately 45°, with 


roughly even tin concentration along the whole 
length of the specimen. 

Under successful conditions of recrystallization 
the usable output of specimens was as much as 


30 per cent. 


Translated by Y. Alford 
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NUCLEATION OF BRITTLE TRANSCRYSTALLINE CRACKS ON TWIN AND 
GRAIN BOUNDARIES IN MOLYBDENUM * 
Yu.I. DEMKIN 
Institute of Quality Steels 


Central Research Institute of Ferrous Metallurgy 
(Received 20 February 1961) 


Having developed Mott’s idea [1] that stress 
concentration at the end of a slip band, delayed by 
some kind of barrier, will cause the nucleation of 
brittle crack, Stroh [2] theoretically determined the 
conditions under which the energy of the pile-up 
dislocations will exceed that required for the 
formation of the crack. With only a small number of 
dislocations in the pile-up the energy of the delayed 
group may be less than that of the crack and will 
not cause any such formation. But all types of 
barriers which prevent the slip of dislocations in 
metals have quite reasonable stability. Thus in 
metals with a face-centred cubic lattice the break- 
up of sessile Lomer-Cottrell dislocations takes 
place before the pile-up reaches the energy required 
to nucleate a crack [3]. In metals with a body- 
centred cubic lattice the grain and twin boundaries 
should, according to theoretical calculations [4], 
be powerful enough as boundaries to maintain the 
pressure of the dislocation pile-up with the energy 
necessary for the formation of a brittle crack. In the 
present work it has been found experimentally that 
brittle transcrystalline cracks in molybdenum are 
nucleated in the places indicated by the theory [4]. 
The analysis was made on the brittle fractures 
of notched specimens of cast molybdenum fractured 


under standard impact bending tests at 200°C. FIG. 2. Diagram of stressed fields caused by the 
pile-up of dislocations at a grain boundary. 


FIG. 1. Microfractrograph of the point of nucleation of 
a crack at a grain boundary; Xx 3600. 


Before fracture the specimens were annealed in a 
vacuum at 1600°C for 1 hr. The carbon replicas for 


the electron microscope analysis were removed the transcrystalline planes of the fracture face. 
electrolytically in a solution consisting of 9 ml. Fig. 1 shows the form of the fracture structure 
H,SO, per 100 ml methyl] alcohol. At 200°C the which corresponds to the beginning of a trans- 
brittle fracture of recrystallized molybdenum takes crystalline crack with certain of the characteristic 
place both in a transcrystalline and an intercryst- rays of a flat face. The “rays” begin on the point 
alline manner. In this work we studied the trans- where the crack is nucleated at the grain boundary. 
crystalline sectors of the fractures surrounded by The number of “rays” may vary from | to 4, but 


oacaa there is always one main wide smooth band. The 
* Fiz. metal. metalloved., 12, No. 2, 291-292, 1961. “rays” slowly contract as the distance from the 
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FIG. 3. Formation of brittle cracks at grain boundaries and twin boundaries: 


a — X 3600; 


boundary at which the crack is beginning becomes 
greater. Of course, the flat bands are formed by the 
fracture face in the first moment of fracture as a 
result of the action of maximum normal stresses. 
Then the stresses decrease rapidly, the energy is 
not taken up on the flat face and different signs of 
fracture appear, which continues to absorb the 
energy of the growing crack and cause a further 
reduction in its rate of growth. This kind of thing 
at the beginning of a crack indicates the direction 


of the field of normal stresses caused by the pile-up 


of dislocations in front of a grain boundary. The 
diagram for the distribution of stresses (Fig. 2) at 
the moment of nucleation of a brittle transcrystal- 
line crack in a polycrystalline aggregate reflects 
the most probable case of the mutual arrangement 
of slip planes P in which a dislocation pile-up may 
be formed, and the fracture plane Q. Plane MN is 
the plane of the boundary between the grains. The 
hatched area is that where the normal stresses are 
greatest. The width of the stress field and the 
presence, besides the one main “beam” of several 
subsidiary ones is probably determined by the 


mutual orientation of planes P and Q, and the shape 


and structure of the boundary dividing the neigh- 


bouring grains. 
In Fig. 3a, besides the smooth rays of a flat 


fracture face, there are what are known as “tongues”. 


Crussard and collaborators [5] who studied the 
fracture face of coarse monocrystals of ferrosilicon 


6 — x5000. 


alloys and analysed the crystallographic rela- 
tionships, were able to show that the smooth plane 
of the “tongue” is a twin boundary. The nucleation 
of the new facets of a brittle fracture face with a 
smooth band along the axis of a facet depends on 
the point of intersection of the twin band with the 
fracture band (Fig. 3). The facets, which start at 
the twins, are similar to those of a fracture face 
which occurred on the grain boundaries. It is 
interesting to note that the smooth “rays” con- 
nected with the twin boundaries are strictly 
parallel to the main “ray” which does out from the 
grain boundary. 

In previously published papers on the subject of 
twinning and the process of fracturing it has not 
been clear at what moment a brittle fracture starts 
to be propagated from a twin. From analysis of a 
microfractrograph of molybdenum it can be con- 
cluded that twinning occurs as a result of the 
action of a stress wave [6] before the front of a 
growing crack, as the formation of a twin boundary 
should precede the pile-up of dislocations in front 
of it and the opening up of the crack beyond the 
boundary of the twin. 

It has thus been demonstrated experimentally 
that coarse transcrystalline cracks in a metal with 
a body-centred cubic lattice are nucleated at grain 
and twin boundaries. The field of stress which 
causes the crack to open is precisely oriented. 


Translated by V. Alford 
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REASONS FOR THE LINEAR TIME DEPENDENCE OF THE DEPTH 
BORONIZED LAYER ON NICKEL * 
M.L. RUTKOVSKII, N.A. ANUFRIYEVA, O.M. KOP’YEVA and N.V. POTAPOVA 


(Received 28 February 1961) 


In [1] it was found that when nickel is boronized 
there is a linear dependence between the depth of 
the layer of metal A/ consumed in the formation of 
the boronized film, and boronizing time r (at 
Al <0.8 mm). The curve for the rate of a diffusion 
process usually shows a parabolic dependence in 
accordance with the equation y? = f: 7, and only 
where the resulting film has mechanical defects due 
to which the diffusing substance reaches the sur- 
face of the initial material, is it possible for there 
to be linear dependence between the depth of the 
layer and time. 

Fig. 1 shows a photograph of the microsection of 


a layer of nickel borides. The conditions under 


which they were produced have been described in 
detail in [1]. It can be seen from the photograph 
that the quality of the diffused layer gives no 
grounds for the assumption that this linear depend- 
ence is the result of mechanical defects in the 
film, as there are no such defects perpendicular to 
the surface of the specimen. If the structures of 
boride films on nickel and cobalt are compared 
(Fig. 2) it can be seen that they do not differ in 
principle from one another and that their quality is 
roughly the same. Nevertheless, in cobalt the 
variation in the depth of the boronized film with 
time is subject to parabolic law and, at exactly the 
same temperature, that in nickel is subject to a 
straight line law (Figs. 3 and 4). The linear depend- 
ence of the nickel thus requires some explanation. 
In studying the influence of temperature on the 
rate of boronization of nickel it was found that the 
temperature coefficient of the rate of nickel boron- 
ization at temperatures above 900°C is consider- 
ably higher than could be expected on the basis of 
an exponential relationship between the diffusion 
coefficient and temperature. When boronization was 
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FIG. 1. Structure of boronized nickel film after soaking 
+ H, at 900° for 
etching in solution of 5 ml Ch,C( i, 10 ml HNO,, 


85 ml H,f 


in a mixture of BCI, 5 hr. Electrolytic 


carried out at 1000°C a low m.p. eutectic NiB + 
Ni;B, 


mens melted. 


- 990°C [2]) was formed and the speci- 


The formation of this eutectic brings to mind 
the fact that where the formation of borides is of 
an exothermic character [3] the linear dependence 
between the depth of the boronized layer and time 
at temperatures very similar to that for the forma- 
tion of eutectic, can be explained as follows. 

It seems that on the surface of specimens of 
nickel being boronized a concentration fluctuation 
takes place which, if the boronization process 
has an exothermic character, will cause a local 
increase in temperature in the specimen and the 
formation of points of the low m.p. eutectic in 
them. The diffusion coefficients in these points 
should increase instantaneously, which will also 
cause a general increase in diffusion coe fficiert 
and, as a result, a change in the nature of the 
curve. In this case the change will be to linear 
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FIG. 2. Structure of boronized cobalt layer after soaking 
in mixture of BC], + H, at 900° for 50 hr. x 100. 
Chemical etching in saturated solution of copper 

chloride in aqua regia. 


dependence between boronization time and depth of 


the layer. 

The maintenance of the parabolic dependence in 
the case of cobalt boronization is, of course, due 
to the fact that the temperature for the formation of 
the low m.p. eutectic in the system Co-B is, at 
1105° [4], is 205° higher than the boronization tem- 
perature. In the boronization of nickel this tempera- 
ture difference is only 90°. 

Thus the heat which is liberated during the 
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FIG. 3. Dependence of depth of boronized nickel 
layer on time at 900°. 


50 


Time, hr 


FIG. 4. Dependence of depth of boronized cobalt 
layer on time at 900°. 


boronization of cobalt, as a result of exothermic 
reactions, appears to be inadequate for the forma- 
tion of a low m.p. eutectic in the places where 
concentration fluctuates. This causes the parabolic 
dependence Al = f(r) to be preserved in the boron- 
ization of cobalt at these temperatures. 


Translated by V. Alford 
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POLYGONIZATION IN Mn-BASE ALLOYS * 
M.P. RAVDEL’ and G.A. FAIVILEVICH 


Institute of Precision Alloys 


Central Research Institute of Ferrous Metallurgy 


(Received 25 November 1960) 


In this work analysis was made of the micro- 
structure of a high-resistance alloy on the system 
Mn-Cu-Ni, containing 67% manganese, 20% nickel 
and the rest copper. At room temperature these 
alloys have a peculiar so-called “block” micro- 


structure which can be revealed by ordinary chemical 


etching in a3 per cent aqueous solution of sul phuric 
acid (Fig. 1). The nature of this structure is still 
not quite clear. It has been suggested that it is the 
effect of polishing [1], chemical etching [2] or the 
appearance of heterogeneity due to the possible 
co-existence of two solid solutions in this range of 
Mn concentrations [1]. 

However the block structure shown in Fig. | is 
only characteristic of single-phase solid solutions 
with a face-centred cubic lattice. On disintegra- 
tion it virtually breaks up and then the shape of the 
block structure is dependent on the concentration 
of Mn and Ni in the solid solution. In Mn alloys 
with a tetragonal lattice the ordinary polyhedral 
structure with twins has been observed. 

To resolve the problem of whether the block 
structure is characteristic of a high temperature 
solid solution or is formed in the process of cooling, 
the investigations were carried out in the course of 
heating up to 800° and subsequent cooling to room 
temperature. The microstructure was analysed on 
non-etched microsections after electrolytic polish- 
ing. The electrolytic polishing was carried out in 
an electrolyte consisting of 800g orthophosphoric 
acid and 200g chromium anhydride. The analysis 
was made in a vacuum on type VIM-1 apparatus 
and on another special apparatus by means of which 
heating could be carried out in a pure hydrogen 
atmosphere [3]. 

Neither in a vacuum nor in hydrogen did the 
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FIG. 1. Microstructure of Mn-Cu-Ni alloy (67% Mn, 
20% Ni, remainder Cu) after quenching from 800° 
in water (chemical etching); x 130. 


thermal etching reveal the block structure. At 
400-500° grain boundaries appeared (Fig. 2) and 
with further heating the grains remained quite un- 
changed. At 800° there was a sudden break-up of 
the initial grains in the formation structure shown 
in Fig. 3. Subsequent cooling did not cause any 
appreciable variation in structure. As can be seen 
from the illustrations, the initial grains have been 
broken up into fragments 5-10y in size. The bound- 
aries of these fragments are shown by straight rows 
of etching points arranged at certain distance. The 
peculiar break-up of the grains revealed by the 
correct observation of the structural changes in the 
process of heating Mn-Cu-Ni alloys may, of course, 
be due to polygonization — the formation of 
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FIG. 2. Grain boundaries which are revealed when an 
electropolished Mn-Cu-Ni specimen is heated to 400°; 
initial state — quenched from 800° in water; x 330. 


FIG. 4. Slip lines revealed in Mn-Cu-Ni alloy on 
impulse heating. 


ordered systems of dislocations as a result of their 
displacement in the crystal lattice during annealing. 
This kind of structure has been observed in alloys 


on the system Fe-Al [4], Fe-Si [5] and Al [6], 


FIG. 3. Microstructure reveaied when Mn-Cu-Ni 
alloys are heated to 800°; x 660. 


usually after preliminary deformation and annealing. 
They have been revealed by the usual method of 
chemical etching at room temperature. In our case 
it was only by the method of thermal etching that 
it was possible to observe directly the fragmenta- 
tion of the grains when a previously quenched 
specimen is heated to 800°. In manganese alloys 
this may be due to the abnormally high coefficient 
of thermal expansion and the development of high 
temperature stresses on heating, which causes 
plastic deformation (this is illustrated by the slip 
lines which appear during impulse heating, see 
Fig. 4). 

The block structure which is revealed under the 
ordinary chemical etching shows no sign of the 
boundaries of polygons. The block structure 
revealed by chemical etching can only have a dis- 
location nature in solid solutions with a face- 
centred cubic lattice. This kind of structure has 
been proposed theoretically for metals with a 
face-centred cubic lattice [7] and demonstrated 
experimentally by means of the chemical etching of 
Al with Mn. The authors attributed this to the 
regular arrangement of dislocations. 

In Mn-Cu-Ni alloys the disappearance of block 
boundaries on disintegration is accompanied by the 
appearance of a large quantity of randomly arranged 
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boundaries. 


etching pits. These may perhaps provide exits for 


some of the dislocations which were previously 
arranged in an orderly manner along the block Translated by V. Alford 
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(Received 17 April 1961) 


1. As ie well known the spin wave method is 
used to define ferromagnetic state at low tempera- 
tures in the Heisenberg approximation. This method 
is based on Bloch’s idea [1], according to which the 
spin excitations of ferromagnetic materials can be 
regarded as quasi-particles (magnons). In a first 
approximation the ferromagnetic state can be 
regarded as an ideal magnon gas. However, some 
difficulties arise if one allows for the interaction 
between quasi-particles. Dyson recently [3] indic- 
ated a sequential method of allowing for this inter- 
action. Oguchi [4] has found that it is also possible 
to allow for the interaction between magnons within 
the framework of the Holstein-Primakoff theory [2], 
and to obtain results which are the same as those 
produced by Dyson. In the Holstein-Primakoff 
theory the adjoint magnon creation operators are 
identical with the magnon annihilation operators. 
For this reason the functions of state are therefore 
orthogonal. It is interesting to note that in the 
Dyson theory the functions of state are not ortho- 
gonal, as the adjoint magnon creation operators 
are not identical with the annihilation ones. Up to 
the present time the form of annihilation operators 
according to the Dyson theory has not yet been 
determined. The determination of these operators is 
the purpose of the present work. 

2. To find annihilation operators in the Dyson 
theory use is made of the analogy between the 
Holstein-Primakoff and Dyson theories. In the 
Holstein-Primakoff theory the creation operators 


ay and annihilation operators ay are known to be 


determined by the following relationships: 


(1) 
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where n; is the quantum number operator of spin 
of an atom with index &. 

This relation can also be applied in the Dyson 
theory, but attention must be drawn to the differ- 
ence, that in the Dyson theory an annihilation 
operator cannot be adjoint with a creation operator. 
We will use b* to denote a magnon creation 


operator and c x for a magnon annihilation operator. 
According to the Dyson theory the (1) relation will 
have the following form: 


+ + 
nib, = b, 
CRN, — ALC, = 


oS 


In these relations the operator by is already 


known 
b, = (2S) 2S; 


(3) 


The operator c,, however, cannot be definitely 
found from relationships (2) as there is no relation 
equivalent to the equality b, =c,. This is the 
relation which we have to find. 

3. With this aim let us consider the following 
equality: 

= Np (2S + 1 — Mp). 


From this equality by means of (2) and (3) we 
find 
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Np 
Ss, = | te (4) 


Let us now consider relation (3) on the basis of 


which, from relation (4) we shall get 


(7) 


We have thus found the relation for full determina- 
tion of the operator c;,. 

The c, operator found above can be represented 
in a matrix form: The operator by is known to have 


the following form: 
VOL. 
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where 
(Dm n = 


In a similar way we find that 


We note that for the operators br, c, a commuta- 
tion relation can be written similar to that for the 
operators a}, a,, introduced by Izyumov [5], 


Proof of the accuracy of the assertion that, from 
the cy operators found above and using formula 


the magnon annihilation operator in the Dyson 
theory can actually be found, is given if the 
Hamiltonian of the Heisenberg model is expressed 


by means of the operators by , cy . And indeed, 


using the definition of operators b, and ¢, , and 
also the relations (3) and (5) and S7 = — S+nj 
we have: 


H = S*N +25 D1,_, 
h kel 


Now let us express operators at c, through 
operators b* cx determined by formula (2). Then 


E, = —; SNH? —S°N 


e, = + 2S D Ig (i ~—e'*"), 


4 


= |, 


Then if this operator H is used on the functions 
of state in the Dyson theory (n > and the resulting 
expression is compared with that which only 
consists of the bt operators, it can be seen 
quite convincingly that the c x operators can with 
complete accuracy be described as magnon 
annihilation operators. 

I would like to express my gratitute to L. Pal 
for his assistance in completing this work. 


Translated by VY. Alford 
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ANISOTROPY OF THE ELASTIC PROPERTIES OF THE MONOCARBIDE OF TUNGSTEN * 
V.A. IVENSEN, A. Ye. KOVAL’SKII, S.V. SEMENOVSKAYA and O.N. EIDULE 
All-Union Research Institute of Hard Alloys 


(Received 11 March 1961) 


In view of the difficulty in preparing, and of find- 
ing the properties of monocrystals of tungsten car- 
bide, the anisotropy of its elastic properties has 
been studied ou a polycrystalline specimen of 
WC-Co (10% by wt. Co). Due to the difference in the 
coefficients of expansion of their phases, thermal 
stresses are known to arise [1-3] in two-phase 
alloys, which, according to |4-6], are of a reversibie, 


i.e. an elastic character. It is known from [7, 8] that 
to find the absolute magnitude of the stresses photo- 
graphs must be made with at least iwo different 
angles between the reflecting plane and the surface 
of the specimen. As the problem in this work was 

to compare the magnitude of deformation in different 
crystal planes with other conditions either equal or 
exceedingly similar, the method of angular photo- 
graphy was not used, and in all the experiments the 
surface of the specimen was focused in relation to 
the beam by the Bragg-Brentano method. The photo- 
graphy was carried out in Co Kg radiation on a 


URS-50 diffractometer. The Kg radiation was used 


in order to exclude the K,,,, doublet effect. The 
lines investigated lay in the relatively short-range 
of reflection angles from 52 to 65° from the crystal- 
lographic plane and which were very different in 
their orientation in respect of the WC crystal 
lattice axis. 

Each line was photographed on to the potentio- 
meter diagram five times in the large angle direction 
and only once in the opposite direction. The dis- 
placement of the centres of gravity of the specimen 
lines was found in comparison with the same lines 
in a standard of free tungsten carbide. The average 
error in the determination of the angular displace- 
ment can be assessed at + 0.5’. From the resulting 
figures for the angular displacement, calculation 
was made of the relative variation in interplanar 
distance 
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\d Asin 


d sin 6 


Besides displacement determination was also 
made of the “structural” width of a 8 line, which 
is dependent on the non-uniformity of thermal 
stresses. In this case, from the total width of the 
lines calculation was made of the width of the 
same lines after the cobalt phase had been removed 
(by dissolution in sulphuric acid), which relieves 
the thermal stresses. The calculation was made 
according to a linear formula, and from the resulting 
figures the range of relative non-uniformity in the 
interplanar distance values was calculated using 
the formula 


Ad 1 


a 


In a number of works it has been found that the 
surface of WC-Co alloys after sintering is enriched 
with cobalt and that after leaching this is removed 
together with the surface layer of tungsten carbide. 
In this case the mosaic blocks may be different 
from those in the inner layers and they will there- 
fore have a different eifect on the width of the 
lines. To exclude the influence of this factor on 
line width before and after leaching the cobalt, 
the investigation was made after a surface layer had 
been removed from the specimen by oxidation 
roasting, with subsequent removal of the resulting 
oxides by a hot alkali. 

As tungsten carbide is oxidized to a greater 
depth than cobalt, the new surface of the specimen 
will have a relief. The depth of the surface relief 
was found from the displacement of the (100) , WC 
line @= 20°50’, in respect of the same line in free 
WC. The displacement (s), which according to a 
preliminary assessment cannot be due to other 
causes at such a low angle of reflection, was 
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TABLE 1 


cotan 104| 


10° radians 
A d 


0.4417, 

7536 ; -+-0.8) 
0.5930, +1.8 
0.4880] 


0.6170! +1. 


103 | 0.91301 66° 1971 G1578 
| 1.0310] 52°59° 79846 
| 0.9480 | 59°25’ | 0.86089 | 


0.931014 63°56" | (89828 | 
1.9850 | 58°23 0.85157 


ty 


| 


ae 


equal to 1.5’ and conversion by the depth of the 
relief according to the formula s = A\OR/cos 6 
(where X is the radius of the *camera”) produced 
a s value of around 100 uw. With this relief Bragg- 
Brentano focusing is not very good and the state of 


the specimen is found experimentally, not as a 
plane stressed but rather more as a volume stressed 


one, i.e. the true nature and sign of the thermal 
stresses in the specimen are more accurately 
reflected. 

Table 1 sets out the extent of the angular displace- 
ment of the X-ray pattern lines AO’ and of their 
broadening § in the carbide phase of a WC-Co spe- 
cimen induced by thermal stresses in different 
crystallographic planes, and the relative change in 
interplanar distances 


Asin @ Ad 
and 48 cot 6 


d sin 6 


caiculated from them. The mean square error in deter- 
mination of A@ is + 0.00005 

It can be seen from these data that the extent of 
deformation falls regularly and consequently, the 
modulus of elasticity increases as the direction of 
the crystallographic plane approaches axis c. If 
calc. from the (103) and (210) lines Aa — 0.0009 A 


* Deformation anisotropy can also be caused by aniso- 
tropy in the coefficient of thermal expansion. However, 
according to [10], this is practically the same along 
the a and c axes of tungsten carbide (3.84 x 10°° 
and 3.90 x 107°). 


and Ac = 0,0006 A, i.e. the modulus of elasticity 
along axis c is found to be approximately 1.5 times 
higher than that along axis a*. The dispersion of 
the stresses varies in rough proportion to their 
values. 

Assuming the stresses in the specimen to be 
cubical, the tungsten carbide lattice in the alloy 
can be regarded as compressed, which is in agree- 
ment with all the proposed models for thermal stres- 
ses in a two-phase system (2, 3, 5]. The cobalt 
lattice should in this case be rather drawn ont. 


Translated by V. Alford 
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THE THEORY OF MAGNETIC MODULATORS OF THE EVEN HARMONIC 
TYPE UNDER LOAD CONDITIONS 
Yu. F. PONOMAREV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 2] April 1961) 


Despite the large number of works [1-9] on the theory of magnetic modulators with longitudinal 
and transverse excitation under load conditions, their theory is still not sufficiently developed. 
This article sets out the principal moments in the theory of magnetic modulators, and is a general- 
ization of previous works. This theory is applied to modulators both with longitudinal and trans- 
verse excitation in no-load conditions, and also in load conditions where the measurable values — 
magnetic field and their gradients — are low. 

The flux linkage of a measuring coil is expressed in the form 


= (Lit; + Micig x 10" = (h; + he), (1) 
vo 
where L; = Ay and W; are induction and the number of turns in the measuring coil; A=W;S h;/i;x107° “a 


is a coefficient; i; and A; are the current and field of the measuring coil; i, and A, are the current 
and field of the control coil in the magnetic amplifier (for ferroprobes A, is the external measur- 
able field); S is the total area of the cross-section of the cores surrounded by the measuring coil; 
Mi. = WiSu he/ic x 10°* is the coefficient of mutual inductance between the measuring and 
control coils of the magnetic amplifier; 1 is the transverse and longitudinal dynamic permeability * 
of the cores. 

Permeability p is a function of the electromagnetic properties of the cores, excitation field 
and of the values to be measured. It can be presented in the form of a Fourier series through the 


hamonics of the excitation field 


Lo >! (2) 
where jg is the complex amplitude of a g-harmonic; @ is the frequency of the excitation field. 
Field h, is in a general case periodic, and frequencies can also be represented in the form of 


a Fourier series 


> H Qt 
y 
oo (3) 


where H, is the complex amplitude of a p harmonic of field hg. 
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t tis here taken to be a general characteristic of cores, which can be found experimentally. 
In particular for hysteresis — less remagnetization curves at low field h; and hg, this is the same as. 
differential permeability in longitudinal and normal! permeability in transverse excitation. 
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The formula for the e.m.f. of a measuring coil under no-load conditions, when i;= h; = 0 will, 
after substituting (2) and (3) in (1), and differentiation through time, have the form 


— 0° [|= —oo 
For the circuit of the measuring coil, the load of which will, with allowance for the deduced 
resistance of the control coil, be represented in the form of series connected inductance L,, 
capacitance C, and resistance R,, and also for (1) to (4), we shall have: 


| 
(5) 


lv 


where L, = A bg. It can be shown that equation (5) becomes a linear integro-differential equation 


in the case of weak h; and h, field. This solution we will bring to the form 


oo oo 


(w-00 
where / 4 is the complex harmonic amplitude of the current with frequency (cw + dQ). 


After substituting (4) and (6) in (5) we get 


+d 2) 0; 


> + + dL) (Ly 
- 00 = 


g=—0of 


p= 


Levelling out the coefficients in (7), at the same frequencies in a general case for determination 
Iq we shall get an infinite system of linear algebraic equations. The solution to (7) can be 
somewhat simplified if certain limitations are allowed, appropriate for the actual conditions of 


operations. 
1. Let us assume for example, that in series with the load there stands a filter which only 


lets through the harmonic with fre quency qw while field 4, is a constant field of Hy. For a current 
amplitude of /,, we shall have 


q WW. S Ug Ra 


qo 
Ri + [qo (Lo 


R2 + -- 
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spontaneous oscillation will arise in the circuit of the measuring coil. The formulae for the second 
harmonic of the load current which were deduced in [3, 4, 7] are special cases of the formula (8) 


where q = 2. 
2. Let us consider the case where field 4, is a variable field of fairly low frequency 2 and 


amplitude H,; the filter in the measuring coil circuit is tuned in at frequency © and satisfies the 
conditions + gqw + 1. 4 + 1. where q # 0. For the amplitude of the frequency current {2 we shall 


have 


x 10-8 


Ri+ 


ly, 


] 2 
(Lo-+ In) 


Later a more detailed exposition will be given of the physical principles behind this theory and 
of its results. 


Translated by V. Alford 
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THE QUESTION OF THE INFLUENCE OF MAGNETIC FIELD ON 
MARTENSITIC TRANSFORMATION IN STEEL * 
V.D. SADOVSKII, N.M. RODIGIN, L.V. SMIRNOV, G.M. FILONCHIK and I.G. FAKIDOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 22 May 1961) 


Some reports have appeared recently [1-3] in 
which it has been indicated that there is a possibility 
of influencing the mechanical! properties of certain 
alloys by heat or heat and mechanical treatment 
with the simultaneous application of a magnetic 
field. The investigation of the influence of magnetic 
field on the martensitic transformation in steel is 
therefore of considerable interest. With this aim the 
following experiments have been carried out. After 
quenching from 850 and 1000°C in oil, magnetometric 
specimens 3 mm in dia. and 50 mm long of steel 
9Kh2Nt containing 11 and 37 % retained austenite 
respectively were magnetized once by a superhigh 
impulse magnetic field generator [4]. The range of 
the field was 200-350 k oersted and frequency 
3000 c/s. Magnetic measurement by the Steblein- 
Schroter method revealed no increase in the amount 
of martensite. 

Similar experiments on this and other steels, 
carried out at the temperature of liquid nitrogen, | 
also failed to reveal any reduction in the amount of 
retained austenite as a result of the application of 
the magnetic field. The only thing observed was the 
usual increase in the amount of martensite which 
takes place on subzero cooling. When the number 
of magnetizing cycles was increased to five this also 
had no effect on the results. It can thus be con- 
cluded for a general case that impulse magnetizing, 
even in very strong fields, does not cause the trans- 
formation of retained austenite in a quenched steel. 

Further experiments were carried out on steel 


»50KhN23't. When this steel is quenched from 1200°, 


at room temperature a purely austenitic structure is 


* Fiz. metal. metalloved., ‘2. No. 2, 302-304, 1961. 

+ 0.9% C, 1.83% Cr, 0.53% Ni, 0.27% Si, 0.30% Mn, 
0.01% S, 0.018% P. 

tt 0.52% C, 1.49%Cr, 22.85 % Ni, 0.3% Si, 0.19% Mn, 


found. If cooled to subzero temperatures the mar- 
tensitic transformation begins around —100°C and 
at the temperature of liquid nitrogen the amount of 
retained austenite is about 40-50 per cent. If one 
compares the microstructure of this steel, previously 
quenched from 1200°C in water, after gradual (for 
30 min) cooling before the temperature of liquid 
nitrogen, with that of the same steel cooled in the 
same way but with the application of 50 times 
repeated magnetizing pulses in a field of around 
40-50 k oersted, no essential difference can be 
seen, although the amount of matensite is slightly 
greater in the specimen which has been treated 
with the magnetic field*. 

This gives grounds for pursuing the experiments 
in the following directions. It is known that in 
steels in which the martensitic transformation 
develops at sub-zero iemperature ranges, the 
position of martensitic transformation point and the 
degree of transformation which occurs with super- 
cooling will be dependent on the grain size of the 
austenite. For fine-grained austenite the marten- 
sitic transformation point is lower and the stage 
of transformation on cooling to any given tempera- 
ture (that of liquid nitrogen for instance) will be 
considerably less [6]. 

Test specimens of steel SOKhN23 10 x 10 x 60 mm 
in size were quenched in water from 1200°C, cold 
rolled to 60 per cent reduction and then quenched 
again from 850, 900, 950, 1000°C in water, after 
which magnetometer test specimens were made 
from them. At room temperature all the specimens 
had a purely austenitic structure andonly differed 
in grain size. Control cooling in liquid nitrogen 
showed that in the specimens which had been 


0.068 % P. 
* The apparatus used has been described in 5!. 
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quenched from 850, 900 and 950°C the amount of 
martensite formed did not exceed more than 1-3 %. 
After quenching from 1000°C, with austenitic grain 
size correspondingly greater, the cooling in liquid 
nitrogen caused the formation of 20-30% martensite. 

However, impulsive magnetization at the temper- 
ature of liquid nitrogen caused the intensive trans- 
formation of the austenite to martensite also in the 
fine-grained specimens quenched from 850-900°C. 
Fig. 1 shows a longitudinal microsection of a speci- 
men quenched from 900°C after a single impulse 
magnetization in a field of 350 k oersted at the 
temperature of liquid nitrogen. Because the field at 
the end of the specimens is weaker due to the short 
length of the magnetizing coil, austenitic structure 
is here preserved, while in the centre part there is 
a considerable amount of martensite. 

Fig. 2 shows with greater magnetization, the 


FIG. 2 


transition zone and Fig. 3 shows the microstructure 
of the martensite formed under the influence of 
magnetic field. In specimens quenched from 1000°C, 
in which the actual cooling in liquid nitrogen 
causes considerable martensite formation, the ‘ 
application of field causes some additional increase 
in the amount of martensite. 
It is interesting that an increased number of 
magnetizing cycles did not have any particular in- 
fluence. The main part of the martensite which 
arises on the application of field, is already formed 
in the first magnetizing cycle. No preferred orienta- 
tion of the martensite in respect of the direction of 
field could be found by metallographic analysis. 
It may thus be concluded that impulsive magnet- 
ization does intensify the transformation of aus- 
tenite to martensite. The case on hand is character- 
ized by the fact that the austenite is artificially 
stabilized by the small grain size, and at the tem- 
perature of liquid nitrogen there is a sort of 
supermetastable state which undergoes super- 
cooling below the normal position of the martensitic 
transformation point. 
The most probable reason for the activation of 
the transformation under the influence of magnetic 
field is in this case the magnetostriction effects 
due to the presence of a certain quantity of 
magnetic phase. However the problem of the mech- 
anism of the influence of magnetic field on mar- 
tensitic transformation requires further study. 


Translated by V. Alford 
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DISTORTION RELAXATION IN THE LATTICE OF 
COLD DEFORMED METALS* 
_B.M. ROVINSKII and V.G. LYUTSAU 
Institute of Mechanical Engineering, 
Academy of Sciences U.S.S.R. 
(Received 11 January 1961) 


Investigation has been made of the lattice distortion relaxation curves of cold deformed 
aluminium and copper produced by the method of measuring the integral intensities of X-ray 
reflections (420) and (400). These relaxation curves have been found to be the resultants of 

two independent processes of the “spontaneous closing up” of defects occurring in the lat- 


tice during cold deformation. 


The defects which arise in the crystal lattice 
of metals under cold deformation can, like radiation 
defects, be annealed out very well by prolonged 
soaking at elevated, room or even quite low temper- 
atures [1, 2]. The lattice defects caused influence 


the intensity of X-ray scattering to various degrees. 


However, the process of the re-establishment 
of the intensity of X-ray scattering in cold deform- 
ed metals has been studied very little [3]. This 
appears to be due, on the one hand, to lack of 
development in the theory of the scattering of X-ray 


by a lattice containing different forms of defect and, 


on the other, to the contradictory results obtained 
as a result of the investigation of the weakening of 
intensity in cold deformed metals (4, 5]* 

in the present work an analysis is made of the 
spontaneous increase of intensity in powder rings, 
due to the relaxation of lattice distortions. But 
although this investigation ts connected with the 
phenomenon of the weakening of line intensity on 
cold deformation, this problem will not be dis- 
cussed here. 


PROCEDURE 


The starting specimens for the investigation 


* Fiz. metal. metalioved., 12, No. 3, 305-313 (1961). 
Only a part of the contradictory works has been cited. 


were produced in such a way that they were all 
identical, as fine-graimed, as possible, without 
texture. 

At 550 and 850° respectively pieces were 
forged from aluminium type AVOOO (99.99%) an: 
electrolytic copper WOO (99.92%) and from these, 
cubic-shaped specimens were cut 40 x 40 x 40 mm. 
After a 3 hr anneal at 380 and 650° respectively, 
they were reduced in three mutually perpendicular 
directions and then the starting specimens 20 x 20 
x 20 mm were cut from these pieces. These were 
then annealed in a vacuum furnace at 270 and 380° 
for 3 hr. The temperature of the first anneal was 
380° for Al and 650° for Cu; for the second anneal 
the temperatures were 270° and 380° for AJand Cu 
respectively. \Vetallographic and X-ray methods 
were used to check the structure of the specimens. 
On the X-ray patterns of finished specimens, 
produced without rotation, the interference lines 
were exceedingly clear without any noticeable 
broadening and no texture could be seen. 

The reverse photography method was used to 
produce standard X -ray patterns of the specimens 
in the initial state, from which integral intensity 
could be studied. Then the specimens were slowly 
reduced in the three mutually perpendicular 
directions in several passes to a total reduction of 
about 50%, without any noticeable heating. In this 
process the hardness of the aluminium and copper 
was about doubled, which seemed to us quite a 
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good criterion of the presence of considerable lat- 
tice distortions. 

After reduction the specimens were placed in 
the same reverse photography X-ray camera as had 
previously been used for the specimens in the unde- 
formed state and further standard X-ray photographs 
were taken through set intervals of time, for a total 
of 500 hr. All the photographs were made at room 
temperature (22-24°). But to accelerate the process 
of annealing out the defects in the copper lattice 
these specimens were soaked in the intervals be- 
tween photography in a thermostat at +80°C. The 
weakening of the intensity of the interference lines 
considered below can therefore be attributed to the 
temperature of +80°. 

X-ray patterns produced by reverse photography 
[6] were used to study intensity. Integral intensity 
was determined from the area around the photometric 
curve and from the background, which was establish- 
ed by extrapolation to the background a long way 
from the “tails” of the interference maxima, and was 
expressed in arbitrary units. Besides the integral 
intensity of the (420) diffraction lines in aluminium 
and (400) in copper (at angles of 81 and 81°40’ 
respectively) measurement was also made of the 
intensity of the absolute dark ground blackening 5S; 
at a predetermined distance from the edge of the 
X-ray pattern — at angles of 83 and 84°5 “— and the 
intensity of fogging Ss, — the darkening of the film 
on the sector which did not come under the influence 
of the X-rays. 


RESULTS 


Fig. 1 sets out the figures obtained by the 
method described above for / the integral intensity 
of X-ray reflections from plane (420) in aluminium 
and plane (400) in copper in the undeformed, and /’ 
in the deformed states. The curves give some idea 
of the integral intensity of the lines /% for metals 
immediately after deformation, and also of their 
intensity /”, through an interval of time ¢, i.e. of the 
total chen;e in 500 hr at room temperature and at 
+80° (copper). After deformation the line intensity 
is reduced by 45% in aluminium and 45% in copper, 
or at any rate by 41%. Here it must be remembered 
that if the annealed aluminium and copper were not 
sufficiently fine grained and if, as a result of this, 


the effects of primary and secondary extinciiv. 

were to influence the intensity of their scattering, 
then the total reduction of intensity under deforma- 
tion would be considerably higher than that obtained 
in these measurements. 

After the testing period of 500 hr tne intensity 
of the aluminium line increased by 48% and in the 
copper, by 40 or 30%. They thus regained their 
initial intensity to a considerable degree. In the 
lower part of the illustration figures are given for 
the measurement of background intensities S; and 
fog S;,. The intensity of the background on the 
X-ray patterns of deformed aluminium dies away 
spontaneously and after 500 hr it has been reduced 
by a total of 21% and on those of copper, by 23%. 
After deformation the intensity of the background 
increased by 37% in aluminium and by 47% in copper. 

The experimental figures in Fig. 1 show that 
while the intensity of the interference lines in de- 
formed metals increases in the course of time, the 
intensity of the background dies down. After cold 
deformation line intensity dies away and background 
intensity increases. The relative increase in the 3 
background after cold deformation and its sub- 
sequent decay in the course of time is less than the 
relative drop and subsequent increase in line inten- 


sity. 
DISCUSSION 


The increase in the integral intensity of the 
diffraction lines with the simultaneous drop in 
background intensity cannot be attributed to any 
other causes than the spontaneous dying away of 
lattice distortions or relaxation distortions in the 
course of time. This conclusion still obtains even 
if one pays no attention to the drop in background 
intensity. The increase in line intensity cannot be 
due to a reduction of extinction effects, as then it 
is to be expected that after the annealing out of the 
distortions there will be a reduction in the size of 
the mosaic blocks. Apart from this block growth 
is known [7] to occur during this process. 

We will not go into the problem here of the 
general drop of background intensity in any more 
detail. In the study of background a considerable 
part is played by the purity of the radiation and 


other experimental conditions [8], and also the 
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FIG. 1, Variation in integral intensity /° of Debye 

lines (420) and (400) and background intensity S¢ 

incold deformed aluminiim and copper, and also of 

the fog 3¢, in X-ray patterns 500 hr after deforma- 
tion of the metals. 


FIG. 2. Integral intensity 7” of ines (420) and 

(400) in cold deformed aluminium and copper as 

functions of (1/¢)*, (1/t)2 and (1/t) and extrapola- 
tion to the value 1/t= 0. 


position of the sector of the background under 


observation — its proximity ta the “tails” of diffrac- 
tion maxima [9]. Our background intensity measure- 
ments are applicable to a particular case and there- 
fore do not necessarily conform to the requirements 
for this particular type of investigation. The results 
obtained are only of a qualitative nature but they 

de add to the information on the spontaneous in- 
crease of line intensity. [n annealed metals the 
degree of intensity must be lower than its true value 
both as a result of extinction effect and also as a 
result of the possible presence of residual distor- 


tions in the specimens. A high-temperature anneal 
is a good way of reducing the plastic distortions 
but this would undoubtedly lead to an increase of 
extinction effect. It is for this reason that the heat 
treatments enumerated above were selected. As for 
the value deduced for line intensity in the initial 
specimens, this is easy to check by means of extra- 
polation assuming that where t = ~ the lattice is in 
a completely perfect state. 

Fig. 2 shows the curves for the variation in 
intensity /’ for deformed aluminium and copper 
through the function 1/¢. As this function decays 
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exceedingly rapidly, the /’ values in the illustration 
are alsc shown through the functions (1/t) and 
(1/t)%, Extrapolation to the 1/t = 0 value shows 
that the line intensity of annealed aluminium appears 
to be 42¢ and not 344, as was obtained under mea- 
surement. As for the copper, the figure of 190 
obtained by experimental means does coincide with 
that produced by extrapolation. 

The integral intensity of the X-ray reflection 
! from aa arbitrarily selected surface (Aki) is known 
to be expressed by the formula 


(1) 


where /, is the intensity of the incident beam; C is 

a value which is dependent on structure, polarization 
aod the zeometrical conditions of X-ray photography; 
N is the number of unit cells or atoms per unit of 
volume participating in the coherent scattering of 
the crystal substance; f, is the scattering power in 

a state of complete rest; 


is the thermal factor and A is absorption, which 
includes extinction. According to Waller the value 


38 
uy , 


where %, is the mean quadratic displacement of 
atoms on thermal oscillations. According to Debye 


where h and & are the well-known universal con- 
stants; 7 is the atomic mass of the scattering sub- 
stance; © is the characteristic temperature; x = 
and ® (x) is the well-known function calculated by 
Debye. 

The intensity of the (Ak/) reflections for metals 
directly after cold deformation can be expressed by 
the formula 


Ko) = 1,C Noy foto) (2) 
and through a period of time ¢ after deformation 


where .V’ = cN; is the coefficient which charac. cr- 
izes in unit volume the amount of the cohereutly 
scattering substance remaining after deformation, 
[10]; e-” is a factor which characterizes scatter- 
ing by a cold deformed metal and A” is the absorp- 
tion factor of the cold deformed metal, which 
includes extinction. According to Waller's formula 
where uz? is the mean quadratic 
“static” displacement of atoms from their normal 
positions in the lattice. According to Debye’s 
formula, the change in the thermal factor may be 
due to a change in the nature of the function ® (x) 
or, if this remains unchanged, to a change in the 
characteristic temperature of the metal. 

When photography is carried out with standard 


~ exposure,/, can easily be deduced to a single value 


[6]; f probably varies very little with plastic 
deformation ~ at the most it will be found that 
under wide @ angles in practice {> = fo, while the 
lattice parameter and consequently S!2° remain 
practically unchanged. Assuming moreover that 
A’=A, i.e. that extinction remains unchanged, we 
shall thus find that where ¢ = 0 


In (1/1’)(o) = 2 —M)+ Inf (3) 


\ 


and in a moment of time ¢t 


In = 2 [(Min— + he )| (a) 
Fig. 3 shows the curves In(///’*) = f(t), 

which characterize the general process of the 
diminishing of distortions and defects in aluminium 
and copper, as the percentage number of defects in 
the lattice n © 1 — c. Two curves have been given 
for aluminium, the lower was calculated from the 
experimental value / = 344 and the upper from the 
extrapolated value / = 420. The curve for copper 
has two sectors in the beginning, a solid upper and 
a dashed lower sector. This corresponds to the 
solid and dashed sectors in Fig. 1. The reason for 
the two sectors at the beginning of the curve for 
copper in Fig. 1 is that there were not enough 
experimental points. Therefore, as can be seen from 
the illustration, it has to be drawn in a rather 
arbitrary fashion. As c is considerably different 
from 1, then (3/’— M) > c and as @ is apparently a 
linear function of c [10], then 
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In (1 = (4a) 


200 300 500 
hr 


100 


FIG. 3. In(///’) values as a function of time ¢ for 
cold deformed (/°) and undeformed (/) metals. 


Having represented in In(/,/*) value as a 
function of 1/¢ and as in Fig. 2, extrapolating the 
fenctions (1/2) and (1/t)* to 1/t= 0, we shall find 
that the upper aluminium curve and the copper 
curve in Fig. 3 extrapolate very well to the zero 
value and that besides this, the lower aluminium 
curve extrapolates to a value below zero. Extra- 
polation thus confirms that the lattice of a 
plastically deformed metal tends to be com- 
pletely restored and, on the other hand, that 
the /= 420 (aluminium) and / = 190 (copper) 
values produced are appropriate for an initial state 
where the lattice has no plastic deformations and 
the specimens produce scattering without extinction 
effect. 

If the number of lattice defects reduces in the 
course of time according to equation [2], 

an 
at 


= (5) 


where k,, is a velocity constant which is not depen- 
dent on n, so that the solution to this equation is 


= Rg) kf (6) 


then where there is linear dependence between a 


and 


—9 
Ket) = Ugo, * 


If the 


In J —-In lin 

—!n ly 
value is represented as a function of time it is easy 
to determine the character of the lattice distortion 
relaxation process under review, i.e. it is easy to 
ascertain how precisely it is defined by equation 
(7) and is therefore a homogeneous process of a 


self-diffusion nature. 
Fig. 4 shows the 


valve as a function of ¢, with two curves eact for 
aluminium and copper. The upper curve foraluminium 
corresponds to / = 420 and the lower to / = 344; the 
upper copper curve was obtained from calculation of 
the dashed sector and the lower from the solid 
sector in Figs. 1 and 3. The figures in Fig. 4 show 
that the relaxation of distortions and consequently, 
the reduction in the number of defects in the lattice 
of cold deformed metals is not a uniform process. 

It can be represented as a simple case in the form 


of two simultaneous independent processes which 
can be defined by the «eneral equation 


Ne (1) = e 


where a, b and c = 1/a are constants. 
Fig. 5 shows the functions 


k,t=/}(t) and =/(t), 


calculated from the upper curves in Fig. 4. The 
rate of one of the processes ‘, was calculated 

frum one of them. For aluminium and copper the 
figures obtained were 106 x 1075 and 67.5 x 10°! 
and for relaxation time r, = + — 940 and 1,480hr. 
The essence of this process seems to consist in the 
annihilation of point defects and the flow of 
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displacemeat of atoms in the lattice immediately after 

cold deformation and after the lapse ofa period of time 
t after deformation. 


FIG. 5. Relaxation of lattice distortions represented 
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vacancies to dislocations. The second of the 
functioas represented in Fig. 5 characterizes the 
other independent process of the relaxation of 
lattice distortions, due apparently to the with- 
drawal of vacancies to the interfaces and to the 
sub-micropores associated with them. At first this 


process occurs very intensively, but it rapidly dies 
away. In aluminium it is generally completed efter 
100 hr. In copper it goes on more intensively. The 
intensive period in copper ends after about 200 hr, 
although it continues but with very clearly expressed 


decay. 

On Fig. 5 we have shown none of the calculated 
figures obtained from the lower curve in Fig. 4. A 
higher relaxation figure /,, — about 60% higher — 
was obtained from the iower curve for aluminium and 
only a slight increase in the intensity of the second 
process. For copper the 4, figure obtained was 
practically the same as for the upper curve in Fig. 4, 
but the intensity of the second process was higher 
by about 50%. 

It is easy to find the approximate @: values 
from formula (4) in cold deformed metals, both in the 
more distorted state directly after deformation, and 
after the lapse of an arbitrary period cf time ¢. Thus 
for aluminium it is found that 7,9, = 0.0477 107% 
em? and for copper Weg) = 0.0368 x 107 cm. How- 
ever, if use is made of the c, u dependence deduced 
in paper [10], then more precise figures can be 
obtained: in bulk copper lattice distortion is 1.2 
and 1.7 times higher than in filed powders [10]. Thie 
appears to be due to the more strenuous conditions 


9 


of cold deformaticn. 

The weakening in the intensity of lines (420) 
and (400) in aluminium and copper after cold deform- 
ation is due to distortions which have apparently 
occurred as a result of two kinds of defects — point 
defects and dislocations. But in a number of works 
a third kind of defect — stacking faults [11] — is 
also studied. Paper [12] puts forward data on the 
influence of stacking faults in cold deformed 6 - 
brass on the intensity of Debve lines. A similar 
weakening in the intensity of (200) and (420) reflec- 
tions in metals with a face-centred lattice has 
already been observed, and in [10] it has been shown 
that this weakening is in a definite dependence on 
the number of defects in the lattice n ~ 1 ~ ¢ and 
on 2, i.e. it is related to the 4“ value and the 


factor e~ “in equation (Za). The increased inten- 
sity and lessening of background intensity found in 
paper {12}, i.e. the relaxation, does indicate a 
general weakening of line intensity dae apparently 
to the combined influence of all three forms of 
defect. 


CONCLUSIONS 


The increase in integral line intensity with 
simultaneous drop in background intensity can only 
be interpreted on the assumption that defects 
arising in the lattice during cold deformetion have 
annealed out in the course of time and that the 
lattice distortions created by them have therefore 
been relaxed. Analysis of the distortion relaxation 
curves produced has shown that relaxation is the 
superposition of at least two independent processes. 
The first of these processes occurs at constant 
rate; relaxation time in aluminium is 940 and in 
copper, 1430 hr. The second process begins with 
considerable intensity and then suddenly dies 
away. In sluminium it dies away after approximately 
100 hr. fn copper this process is in itself more 
intensive, and it dies away usually after 200 hr. 

The extent of the weakening of line intensity 
and increase in background intensity is strongly 
dependent on the conditions of plastic deformation. 
Under certain conditions of deformation the plastic 
distortions may be exceedingly smali [13], ia which 
case it will be practically impossible to measure 
them, particularly where there is extinction and 
texture. This means that the results will not be 
reliable. 

In the present investigation the extent of work 
hardening was checked by bardness figures. It was 
found thet the hardness of cold deformed metals 
also dies away in the course of time, i.e. it is 
relaxed. These data provide very good confirmation 
of the conclusions based on the results of intensity 
measurements. A separate work will be devoted to 
the results of the hardness relaxation investige- 


tion. 


Translated by V. Alford 
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In this work a study has been made of an effect discovered in Invar, which was revealed 
by a drop in the level of damping capacity in the process of isothermal holding at temperatures 
below Curie point. The extent of the drop in damping capacity has been found to be dependent 
on the carbon content of the alloy. The level of damping capacity studied after isothermal 
holding can be restored to its previous value by magnetic (magnetization and demagnetization) 
or thermal] (heating and cooling) treatment. In this work the hypothesis is put forward that carbon 
atoms are segregated in the region of domain boundaries in the process of isothermal soaking. 
On the basis of this hypothesis the experimental results are discassed. 


The alloy Invar which has an iron base and 
contains 36 per cent nickel, has a number of abnor- 
mal properties [1]. A large number of papers have 
been devoted to the study of these abnormalities 
(1, 2]. There still remains unsolved the problem of 
the influence of heat treatment on the properties of 
the alloy, and also the question of the lack of per- 
manent stability of the coefficient of expansion. 
Some authors assert [3, 4, 5] that this lack of 
stability can be attributed to ageing due to the 
carbon. Others consider that it is due to the y-a 
transformation which takes place at low tempera- 
tures (e.g. see [5].) 

Belov [1] has put forward the suggestion that 
the time decay in the coefficient of linear expansion 
is due to a peculiar non-equilibrium state of the 
lattice in Invar alloys and to the fact that dis- 
solution of the carbon increases the lack of equili- 
brium and stability of the lattice. Belov states that 
[2] “the physical aspects of the influence of heat 
treatment on the properties of Invar, and also the 
lack of stability of the coefficient of thermal expan- 
sion have been inadequately studied”. 

In [5], in which investigation was made of 
TInvar with more than 0.01 per cent carbon, an effect 


* Fiz. metal. metalloved., 12, No. 3, 314-321 (1961). 


was detected which the authors have called y- 
expansion. It occurs at temperatures below 205°C; 
the maximum expansion is observed at temperatures 
between 80 and 95°C. The reversibility of the y- 


expansion detected by the authors is of considerable 


interest. 

Houdremont [7] considers that the elongation 
of Invar during ageing in the region of 100°C and 
the reversibility of this process during tempering 
around 200°C can be attributed to the formation and 
diffusion of local pile-ups of carbon atoms, rather 
similar to an atmosphere. 

Analysis of published data shows that the 
nature of the processes which decide the stability 
of the properties of Invar has still not been dis- 
closed. While the magnetic nature of Invar is borne 
in mind in explaining its anomalous thermal expan- 
sion, no allowance for this has been made with 
regard to the effect of heat treatment on its proper- 
ties or the lack of stability of the properties in 
time. We undertook this investigation with the aim 
of studying the low temperature transformations in 
Invar. The damping capacity method was selected 
for the investigation as we felt it had greater sen- 
sitivity than the method of studying the atomic 
diffusion processes which take place in metals and 
alloys and also makes use of the dependence of 
damping capacity on the magnetic state. 


| 
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The experiments were carried out on a relaxa- 
tion oscillator type RKF- MIS. The heating appara- 
tus was placed with the specimen in a solenoid so 
that damping capacity coulc be measured both dur- 
ing the application of magnetic field and after the 
prescribed magnetic treatments had been carried 
out directly in the oscillator. 

The specimens were 300 mm in length and 
0.7 mm in dia. The measuremenis were made in a 
vacuuin of 10°* to mm. Hg. Jamping capacity 
was calculated from the well-known formula 


where 4, is the initial vibration amplitude; A, is 
the final vibration amplitude; n is the number of 
vibrations. 

In all the tests 4. was 3 cm and A, 2.5 em, so 
that even at percentage deformaticns of 10° on the 
surface of the specimen the amplitude dependence 


of damping capacity was clearly observed*. 
RESULTS 


1. Influence of the time factor on the level of 
damping capacity in Invar. Fig. 1 (curve 1) shows 
a typical temperature dependence of damping capa- 
city in Invar with 0.02 per cent carbon. The temper- 
ature cependence curve of damping capacity shows 
an abrupt drop in background up to a temperature of 
300°. A damping peak is observed on the curve, 
which reaches its maximum at 200°. The peak is due 
to the diffusion of carbon atoms in the y- lattice of 
the Invar in an elastic stress field. Below we shal] 
refer to this curve as the principal damping capacity 
curve of Invar. 

Below Curie point damping capacity varies with 
time. The maximum drop of 17-20 per cent occurs 
around 100°. At room temperatures and at tempera- 
tures around Curie point (260°), the drop becomes 
smaller and smaller in the course of time. The main 


* A special article wil] be devoted to a detailed analysis 
of the aata regarding the efiect of variable and per- 
manent magnetic fields, and also vibration amplitude, 
on the damping capacity level of Invar. 


drop is observed after the first 1% hr, subsequent 
reduction being exceedingly small. The kinetics of 
the change in damping capacity were therefore 
studied during the first 2 hr. 

Fig. 2 (curve 2) shows summarized data which 
characterize the drop in the level of damping capa- 
city of Invar with 0.02 per cent carbon during the 
course of 2 hr at various temperatures. It can be 
seen from Fig. 1 (curves 1 and 2) that where damp- 
ing capacity is at a low level the Invar is in an 
unstable siate on heating. Thus, in the course of 
2 hr at temperature 7, the damping level drops from 
point 1 to point 2. ‘leating through 20° (temperature 
7,) restores the level to the value characteristic of 
the principal curve (point 3), 2 hr soaking at 7, also 
causes a drop in the level of damping capacity 
(point 4). Renewed heating again restores the level 
to the value in the principal curve (point 5) etc. etc. 
For Invar therefore, two damping capacity tempera- 
ture dependence curves must be studied. The first 
is the principal curve which defines the change in 
damping capacity during continuous heating, and 
also during heating in the first moment of time 
(point 3 for instance) after previous soaking (at 7, 
here); the second curve, which describes the level 
of damping capacity at different temperatures after 
2 hr soaking time, will be described below as the 


stabilized curve. 


= 


2 60 100 140 160 220 260300 30 30°C 


FIG. 1. Temperature dependence of damping 
capacity in Invar with 0.02% C: 
1 — curve obtained under continuous heating; 
2 — curve obtained as a result of 
2 br soaking. 


At low temperatures and around Curie point, 
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both curves merge. At these temperatures there is 
no change in the level of damping capacity during 
the course of 2 hr. li is very important in these 
experiments that the passage from one point on the 
stabilized curve to the other (from point 2 to point 

4 for instance) should be done not directly, but via 
the principal curve (through point 3). Assuming that, 
in the process of isothermal soaking, some trans- 
formation occurs as a result of which there is a 
change in damping canacity, then the new state of 
the alloy which arises in the course of time wil! be 
destroyed on heating and can only be stable at a set 
temperature, (the damping capacity level increases 
from point 2 to point 3 and remains unchanged from 
point 2 to point 4). In the course of soaking at tem- 
perature 7, a new drop in the level of damping capa- 
city occurs, i.e. the state described by the stabilized 


curve is restored. 


init 


° 
? 


FIG. 2. Drop in damping capacity after 2 hr 
below Curie point: 
1 — Invar with 0.26% C; 
2 — Invar with 0.01% C. 


The figures given were obtained at a torsional 
vibration frequency of around 0.4 c/s. Uoubling the 
frequency to 9.8 c/s failed to introduce anything 
basically new in the nature of the laws observed. 

Important results were obtained in the study of 
the effects described above in a magnetic field. On 
the application of fields which magnetize the speci- 
men to technical saturation the drop in damping 
capacity ceased under isothermal conditions. The 
temperature range in at which the described drop in 
damping capacity disappeared coincided with that 

f an intensive reduction in the magnetization of 
Invar on approaching Curie point. 

2. Influence of carbon on the laws governing 

the variation of damping capacity in Invar. When 


the carbon content of the alloy was increased to 
0.26 per cent no qualitatively new effects arose, 
although there was considerable intensification of 
the effects described in the previous section. The 
temperature dependence of damping capacity shown 
in Fig. 3 (curve 1) is typical of this alloy. As a 
result of the sharp increase in the dimensions of the 
carbon peak the curve is considerable more deformed 
than that for Invar with 0.02 per cent carbon, al- 
though its overall character is the same. 

In isothermal conditions below Curie point 
there is a considerable drop in the level of damping 
capacity. It can be seen from Fig. 2 (curve 1) that 
the drop in damping capacitv is maximum between 
80 and 90°; at these temperatures the level is reduc- 
ed by practically a half in the course of 2 hr. Com- 
paring curves 1 and 2 it can easily be seen that 
carbon increases the fall in damping capacity at 
these temperatures. 

Fig. 4 shows the kinetic curve for the change 
of damping capacity at 80° (temperature of the maxi- 
mum drop in damping capacity). The shape of the 
curve is typical of diffusion processes. The main 
drop is during the first hour and the subsequent fall 
becomes slower without, however, reaching the zero 
value even after 6 hr. 

Fig. 3 (curves 1 and la) show the results of 
tests similar to those discussed above (Fig. 1). It 
can be seen from these figures that in the course of 
time there is a considerable drop in damping capa- 
city (from point 1 to point 2 for instance), and that 
subsequent heating to temperature 7, causes an 
increase in the level up to a figure which corres- 
ponds to the principal curve; soaking at this temper- 
ature causes a new drop in level etc. etc. As in the 
case of Invar with 0.02 per cent carbon, the prin- 
cipal and stabilized curves merge at the tempera- 
tures which correspond to the intensive reduction 
of magnetization on approaching Curie point. 

To find out whether the drop in damping capa- 
city would be stimulated if the specimen were in 
conditions of periodic deformation in the course of 
the experiment, further tests were carried out in 
which this factor was eliminated, i.e. no intermedi- 
ate measurements were made. The complete qualita- 
tive and quantitative identity of the resuits shows 
that the effect is not detera.ined by these factors. 

As in the case of Invar with 0.02 per cent 
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FIG. 3. Temperature dependence of damping capacity of 
Invar with 0.26% C: 
1 — curve produced under continuous heating; 
la — curve produced as a result of 2 hr soaking; 
2 — curve produced on the application of magnetic 
field of 250 oersted. 
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FIG. 4. Kinetic curve for the variation 
in damping capacity of Invar with 
0.26% C at 80°C. 


carbon, tests were carried out with the application 
of magnetic fields. The results are shown in Fig. 3 
(curve 2). The curve obtained under the application 
of field of 250 oersted is very different from that 
produced without magnetic field. First of all the 
damping capacity background is practically 


independent of temperature and has an exceedingly 
low value, and secondly the height of the damping 
capacity peak is considerably reduced (curve 2) due 
to the presence of carbon in the alloy. Tests for 
the study of isothermal effect in a magnetic field 
showed that there was no reduction of damping 
capacity. 

The following conclusions can be drawn. 
Below Curie point in Invar a transformation occurs, 
as a result of which it seems that there is a regular 
reduction in the level of damping capacity under 
isothermal conditions. The extent of this effect 
depends on the carbon concentration of the alloy. 
On the application of magnetic fields this effect 
does not appear. 

3. The reversibility of the drop in damping 
capacity in Invar under the influence of magnetic 
field. The information given in the previous sec- 
tions indicates a close connexion between the 
intensity of magnetization and the drop in damping 
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FIG. 5. Reversibility of the drop in the damping capacity of Invar with 
5.26% C under the influence of magnetic treatment: 
1 — initial kinetic curve; 2, 3, 4 — kinetic curves produced aiter 
magnetic treatment, 
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capacity under the isothermal conditions. This 
connexion is even clearer in the following experi- 
ments. An Invar specimen with 0.26 per cent carbon 
was soaked at 80° for 2 hr; the damping capacity 
level was reduced by a half as a result (Fig. 5 
curve 1). After this the specimen underwent mag- 
netization and demagnetization. As a result of this 
treatment the level of damping capacity was sud - 
denly restored to a level close to the initial one 
(Curve 2 point a), and in the course of time a new 
drop was observed. 

Fig. 5 shows four kinetic curves obtained at 
80°. After 2 hr soaking the specimens underwent 
magnetic treatment and in all cases an instantan- 
eous restoration of the previous level was observed 
followed by a drop in the course of time. it can be 
seen from a study of the kinetic curves that the 
initial points on curves 2, 3 and 4 have a lower 
value thaa in the corresponding previous curves. 
\fter the fourth cycle of magnetic treatment (not 
shown on Fig. 5) the value of the initial points 
remained unchanged. Similar laws are also observed 
in respect of the final points on the kinetic curves, 
although not so sharply. 

Thus, after four cycles the position is reached 
where the drop in the level of damping capacity 
after magnetic treatment takes place at exactly the 
same level and to the same extent. This occurs 
both in the low carbon Invar and in that containing 
0.26 per cent carbon. 

If the variation in damping capacity in tie is 
attributed to the course of any particular transform- 
ation then Cris transformation must be reversible in 


respect of magnetic treatment. In other words, the 
state which arises in Invar as a result of isothermal 
soaking can be destroyed by magnetic treatment 
and restored again in course of time. 


DISCUSSION 


The effect which has been discovered in Invar 
in low temperature regions below Curie point 
appears to be the result of a special transformation 
which takes. place in this range of temperatures. 
From the anomalous properties of this transforma- 
tion it can be distinguished as a qualitatively new 
type of transformation of a magnetodiffusion nature. 
The diffusion nature of this transformation is con- 
firmed by the following experimental data. First of 
all, the kinetic curves have the shape which is 
typical for diffusion processes (Fig. 4), and 
secondly the magnitude of the transformation effect 
is dependent on carbon content, the higher the con- 
tent the more apparent is this effect (Fig. 2). It 
can thus be asserted that this effect is due to the 
diffusion redistribution of carbon. 

Experimental data, on the other hand, indicate 
that this effect is closely connected with the mag- 
netic state of Invar. The following supports this 
view. First of all, when magnetic field is applied 
there is no transformation such as would cause a 
drop in damping capacity in course of time. Second- 
ly, under the influence of magnetic treatment, re- 
versibility is observed which reveals itself in the 
restoration of the damping level to a figure which 
was almost the same as its initial state. And 
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thirdiy, the temperatures at which the transformation 
effects disappear correspond to the region of inten- 
sive reduction of magnetization on approaching 
Curie point. 

It seems to be this double nature of the mag- 
netodiffusion transformation which seems to cause 
the anomalous effects, which have not so far been 
observed during the course of known transformations 
in metals and alloys. To understand the features of 
this low temperature transformation allowance must 
also be made for the diffusion processes and inag- 
netic structure of Invar. 

We put forward the following hypothesis. In the 
initial state the carbon atoms are distributed more 
or less evenly in the y- lattice. If the alloy is 
heated to a predetermined temperature below Curie 
point, the carbon atoms in the immediate vicinity of 
domain walls migrate in their direction in the course 
of time. This peculiar form of uphill diffusion is to 
be expected if one stands by the point of view that 
domain boundaries are regions of increased energy 
as the result of distortions of magnetic origin in the 
atomic lattice. [he reason why it is in Invar that this 
effect appears to such a noticeable degree is pro- 
bably because of the peculiar structural and energy 
state of the lattice in this alloy [1]. In Invar, of 
course, the gradients of the elastic crystal lattice 
distortions of magnetic origin are high along domain 
boundaries, and as a result of this the conditions 
are created for the oriented diffusion of carbon atoms 
in this alloy. This would expiain the temperature 
dependence of the magnetodiffusion transformation 
effect. At low temperatures the diffusion motion of 
carbon atoms is so small that in the course of 
several hours the process of oriented diffusion has 
not yet been completed. However, as a result of 
soaking for 2-3 days, even at room temperature, 
this transformation effect appears quite noticeably. 
In the range of temperatures where ferromagnetism 
losses occur the effect is absent as domain structure 
is destroyed on approaching Curie point (260°) 
causing at the same time the disappearance of the 
conditions necessary for the redistribution of carbon 
atoms in the y- lattice of Invar. The magnetodiffusion 
transformation appears most fully at maximum tem- 
peratures of 80-100°C where the motion of the 
carbon atoms is sufficient and the magnetic and 
domain structure creates the best conditions for this. 


On the application of a strong magnetic field, 
which causes the disappearance of domain bound- 
aries, once again the conditions necessary for the 


transformation have disappeared. 

The reversibility of the magnetodiffusion 
transformation under the influence of magnetic 
treatment can be explained in the following way. 
After some time has elapsed at a given temperature 
a peculiar segregation of carbon atoms occurs 
around domain boundaries. It is the carbon atoms in 
the immediate vicinity of the domain walls which 
take part in this process. If the specimen is mag- 
netized up to technical saturation domain structure 
will disappear, and reappear again on demagnetiza- 
tion. The restoration of the original magnetic 
structure after this action is very unlikely; it is 
more probable that the domain boundaries will 
occupy new positions. In this case once again the 
conditions will arise for the diffusion redistribution 
of the carbon atoms. In this way the mechanism 
suggested for the magnetodiffusion effect in Invar 
does explain its repeated reversibility under the 
influence of magnetic treatment (Fig. 5). 

The anomalous effects due to thermal action 
can also be explained on the basis of this 
hypothesis (Fig. 1 and 2). Let us now try to under- 
stand why the damping capacity level is lowered 
when carbon atoms are segregated around domain 
walls. If the specimen is not magnetized, then the 
high level of damping capacity will be mainly due 
to losses on magneto~elastic hysteresis. ‘hen 
carbon atoms are segregated around domain bound- 
aries they will block them. The losses will there- 
fore diminish as this process develops with time 
(Fig. 3). It appears that after a 6 hr soaking at 80° 
the blocking of the domain boundaries becomes so 
complete that magneto -elastic hysteresis losses 
can no longer make a significant contribution to the 
level of damping capacity. This is why the level of 
damping capacity in Invar at this temperature is the 
same in the state of magnetic saturation and after 
isothermal soaking for 6 hr. When the domain 
boundaries become deblocked as the result of 
magnetic or heat treatment (heating after soaking, 
see Fig. 1) the damping capacity level immediately 
becomes higher as a result of losses due to the 
irreversible displacements of unblocked domain 


boundaries under the influence of elastic stresses. 
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The experimental data wbtained as a result of 
the damping capacity metaod cannot be interpreted 
satisfactorily on the basis of the ideas of low tem- 
perature processes which take place in Jnvar which 
have been deduced in certain papers!3, 4, 7]. At the 
same time the results achieved in this work are in 


better agreement with the data in paper [6!. 


The method used in the present investigation 
thus not only reveals the diffusion nature of the 
processes which take place in Invar below Curie 
point, but it also establishes the close connexion 
between these processes and the magnetic structure 
of the alloy. 


CONCLUSIONS 


i. Vhe drop in the level of damping capacity 
which has been discovered in Invar as a result of 
isothermal soaking below Curie point has been 
studied. The maximum drop occurs at temperatures 
between SO and 100°C. The magnitude of this effect 
is dependent on carbon content. It becomes less as 
the carbon content increases. 


2. Ifthe specimen is magnetized up to 


technical saturation no drop in the level of damping 
capacity is observed. 

5. The damping capacity level observed after 
isothermal soaking can be restored almost to its 
former figure as a result of magnetic treatment. 

A new cycle of drops in damping capacity levels 
is observed in course of time. 

4. Heating after isothermal soaking will 
restore dainping capacity to a level which corres- 
ponds to the principal curve. 

5. The effects disclosed in this work can 
be attributed to the segregation of carbon atoms 
around domain boundaries. 


Translated by V. Alford 
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THE ROLE OF STRESSES IN THE FORMATION 
OF HAIR-LINE CRACKS* 
I. Ye. BRAININ 
Donetz Polytechnica! Institute 
(Received 14 October 1960) 


Objections are raised to Mes’kin’s hypothesis [2] regarding the mechanism of formation of 
hair-line cracks. A scheme is given for the influence of stresses and molecular hydrogen on 
the pile-up of dislocations. {t has been fonnd that the pressure of molecular hydrogen against 
the walls of a “gap” formed by dislocation pile-up may cause the hydrogen atoms to gather 
towards the top in the elastically extended crysta! lattice cells of ferrite. The parallel process 
of the association of atoms into molecules causes high stresses in the lattice and embrittle- 
ment of the ferrite, as a result of which the “gap” develops into a hair-line crack under the 


pressure of molecular hydrogen. 


It has been firmly established at the present 
time that the reason for the formation of hair- line 
cracks in steel is the hydrogen content. With not 
more then 1 cm’ of hydrogen per 100 g metal no 
hair-line cracks will be formed even in large forg- 
ings of alloyed steel after cooling in air [1]. But 
if the reason given for the formation of hair-line 
cracks does not give rise to doubts, the mechanism 
of their formation does require further discussion. 

Mes’kin [2] has deduced a new hypothesis, 
according to which hair-line cracks are formed as a 
result of thermal fracture due to the instantaneous 
release of bonding energy on the formation of mole- 
cular from atomic hydrogen. The author deduces this 
conclusion on the basis of data obtained by him 
after treating 3 mm thick steel specimens with 
1.2 per cent carbon, in hydrogen. The treatment was 
carried out at 450° for 96 hr and a pressure of 
200 atm. The conclusion was drawn on the basis 
of a superficial similarity between the longitudinal! 
surface cracks, which were obtained on the speci- 
mens with deformation of the metal around the frac- 
tures, with cracks produced in cylindrical tubes as 
a result of powder fracture. 

At one time Mes’kin and Margolin, analysing 


* Fiz. metal. metalloved., 12, No. 3, 322-326 (1961). 


their own results, drew attention to the considerable 
decarburization of specimens as a result of the 
interaction of hydrogen with cementite and drew the 
correct conclusion that cracks are formed under the 


high pressure of methane accumulated in micropores 
and defective parts of the crystal lattice [3]. 
Methane is neither dissolved nor diffused in steel, 
but accumulates in places where reaction takes 


place, preferably on grain boundaries, causing con- 
siderable stresses which finally lead to corrosion 
cracking. According to [4], at hydrogen pressures of 
100-200 atm and temperatures 400-500° decarburiz- 
ation and a break-up of grain boundaries takes 
place with the formation of intercrystalline cracks. 
If it is considered that, when saturated by 
hydrogen under high pressure at room temperature, 
steels of the pearlite class, particularly mild steels, 
become brittle in roughly the same way as when 
saturated in hydrogen electrolytically [5-9], and 
that the formation of local hollows and bulges in 
sheets due to the pressure of molecular hydrogen 
accumulated in internal defective sectors of the 
metal (reveaied by normal or electrolytic etching 
in acid) is a generaliy accepted fact, then it can be 
assumed that in Vies’kin’s tests the formation of 
cracks in specimens may take place at 450° in a 
hydrogen atmosphere under the influence of the hign 
pressure of methane accumulated in micro- and 
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ultramicroscopic pores. At any rate this pressure 
undoubtedly causes the initial plastic deformation 
of the thin surface layer of specimens and their 
final fracture, possibly as a result of additional 
pressure of molecular hydrogen formed by the re~ 
combination of hydrogen atoms released when the 
solution is cooled from 45@ to room temperature. _ 

Mes’kin asserts that during the incubation 
period for the formation of hair- line cracks, inside 
the crystal lattice of the ferrite where non-metallic 
inclusions, martensite and other structural imper- 
fections delay the diffusion of hydrogen after 
liberation from the solid solution, an enormous 
amount of hydrogen atoms pile up. Their sudden 
release as the result of the recombination of atoms 
to molecules causes a kind of atomic~ molecular 
“hydrogen bomb” with the formation of the hair- 
line cracks. 


This seems unconvincing and highly improbable. 


It is more likely that the disintegration of the solid 
solution will be accompanied by the gradual accum- 
alation of hydrogen in the defective parts of the 
crystal lattice. Here they will gradually become 
associated into molecules and, consequently, the 
heat liberated thereby will gradually be absorbed 
and withdrawn from the metal, which has high con- 
ductivity. Vies’kin regards his hypothesis as cen- 
viacing and satisfactory in that it does not relate 
the mechanism of the formation of hair-line cracks 
to stresses or the non-uniform distribution of 
hydrogen in the steel. Ile considers that it is only 
the influence of stress on the orientation of the 
cracks which seems doubtful. Nowever the multi- 
tudinous amount of data accumulated from practice 
and experiment indicate that with a normal quantity 
of hydrogen in the steel hair-line cracks can occur 
under the influence of interna! stresses [10-16]. 
According to these data it is only where the 
hydrogen content is very high, as the result of the 
saturation of annealed specimens of chromium 
nickel steel at 550° and 1000 atm, that the hair- 
line cracks were formed under slow cooling in the 
furnace, i.e. virtually in the absence of heat and 
structural stresses [14]. The current practice of 
preliminary annealing in order to prevent the forma- 
tion of hair-line cracks does aot seem to lead 

to any noticeable reduction of hydrogen content in 
the pieces, and its effective influence is mainly due 


to the reduction in internal stresses [17, 18]. 

Analysis of the circumstances which lead to 
the formation of hair-line cracks and of the 
mechanism of the influence of hydrogen on the 
embrittlement of ferrite, leads to the conclusion 
that both effects occur under the combined influence 
of stresses and the pressure of molecular hydrogen 
in places where dislocations have piled up on the 
block boundaries of mosaic structure. The solute 
hydrogen does not remain statistically evenly 
distributed in the ferrite but accumulates in dis- 
locations in the elastically extended crystal lattice 
cells at the apex of the “gaps” formed by disloca- 
tion pile-ups. Hydrogen molecules, liberated into 
the “gap” between blocks, create pressure on the 
surface boundiug such gaps. This pressure is 
perpendicular to the surface and consequently, it 
can replace the total forces Q which also act per- 
pendicular to the appropriate surface (see iilustra- 
tion). The horizontal components of pressure (Q, 
acting on the side walls of a gap, should be equal 
to one another and oriented in opposite directions. 

These horizontal forces and the bending 
moments created by them 
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(h is the height of a gap) promote the development 
of elastic tensile stresses at the apex. As a result 
of this the solid solution is here enriched by 
hydrogen due to uphill diffusion. In the places 
where the concentration of elastic tensile stresses 
is greatest there will be maximum concentration of 
hydrogen atoms, accompanied by a reduction in 
internal stresses and in the free energy of the 
lattice. However, local high concentration of 


_ hydrogen atoms causes them to recombine into 


molecules and also causes the development of 

high stresses and embrittlement of the metal [19]. 
It was established in paper [20] that a non- 

uniform stressed state does influence the course of 


diffusion. In this paper it was found that under 


these circumstances allowance must be made not 
only for the concentration gradient of the diffusing 


element but also for the gradient of elastic deforma- 


tion. For this Konobeyevskii reduces the second 
diffusion equation to a generalised form: 
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FIG. 1. Nucleation of a hair-line crack at the 


point where dislocations and hydrogen have 
accumulated under the influence of stresses. 


The dislocations shown in the Fig. have a 
Burgers vector of 3b. 


la an elastically deformed metal diffusion flow 
is a mixture of two equal flows: one is due to the 
presence of a concentration gradient and is charac- 
terised bv the diffusion coefficient D’, and the 
second, which is characterised by diffusion coef- 
ficient D”, is due to the influence of stress gradient 
(strain). 

In papers [10-18], only the mechanical action 
of stresses was allowed for and their influence on 
the pile - up of groups of dislocations, the redistri- 
bution of hydrogen and increase in its concentration 
at the apex of a gap as a result of uphill diffusion, 
with subsequent recombination to molecules and 
local increase of stress, were all completely 


ignored. 

Confirmation of the fact that stresses promote 
redistribution and localization of hydrogen is pro- 
vided by what are known as snowflakes which occur 


in the process of mechanical! tensile testing ia a 
metal without any cracks. These snowflakes some- 
times occupy almost the whole section of the 
fracture under normal or only slightly lower ultimate 
tensile strength figures but considerably reduced 
ductility [21-23]; they may be removed by appro- 
priate annealing. 

As for the arrangement of the hair-line cracks, 
it must be noted that they occur in the most struct- 
urally brittle component of the steel. This is 
hypoeutectoid steel, in which grain boundaries con- 
sist of ductile ferrite, and the hair-line cracks pass 
inside the grains along the pearlite, i.e. they form 
transcrystalline cracks. In hypoeutectoid steel, 
where there is a carbide network, the hair- line 
cracks pass mainly along the carbide network, i.e. 
they are intercrystalline cracks [24]. 

The plastic properties of a metal not only 
influence the position, but also the direction of 
hair~line cracks. Most frequently of all they occur 
under the influence of tangential stresses along the 
fibres, despite the higher axial stresses which 
cause reduced ductility across the fibres and the 
concentration of point the line defects (dialocations) 
in the crystal lattice between the fibres {25}. 


CONCLUSIONS 


1. Hair-line cracks in steel are formed under 
the simultaneous influence of molecular hydrogen 
in the “gaps” in mosaic structure blocks, where 
there is accumulation of groups of dislocations, and 
the elastic tensile stresses which develop as a 
result of this at the apex of such “gaps”. Due to 
this there is local hydrogen enrichment as a result 
of uphill diffusion, with subsequent embrittlement 
of the metal due to the recombination of the atoms 
into hydrogen molecules. 

2. Where there is a normal concentration of 
hydrogen in a steel (5-8 cm*/100 g) the main role 
of supplementary stresses, apart from their mechan- 
ical action, consists in that they cause the segrega- 
tion of vacancies, pile-up of dislocations and 
stimulate the conditions for uphill hydrogen 
diffusion. 


Translated by V. Alford 
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ULTRASONIC ABSORPTION BY METALS IN ELECTRIC 
~ AND MAGNETIC FIELDS* 
V.G. PESCHAUSKII and I.A. PRIVOROTSKII 
Khar’kov University 


(Received 7 January 1961) 


Investigation has been made of the ultrasonic absorption by metals in electric and magnetic 
fields. It has been found that at E_| H the absorption coefficient may be subject to resonance 
variations which are periodic through £. The limiting effective electron masses on the Fermi 
surface can be found from the cycles of the “resonance” variations. 


Ultrasonic absorption by metals in a magnetic field 1 has been theoretically studied in papers [1-4]. 
Experimental investigation of this eiiect may provide a method of restoring the Fermi surface. Pippard [1] 
and Gurevich [2] have indicated the “resonance” nature of ultrasonic absorption by metals in the range of 
magnetic fields r « / (27 is the wavelength of sound; r is the characteristic radius of curvature of an 
electron trajectory in a magnetic field; J is the length of an electron path). 

An electron will absorb the maximum ultrasonic energy if it drops on to the plane of the same one 
phase in every cycle of movement in a magnetic field 7, i.e kv7/k = nA where k is the wave vecior in the 


direction of the propagation of sound; A = 27; n is a whole number or zero; kv = 77? ( kv dt, v is the 


velocity of the electron. 0 
If there is no electron drift along k (i.e. where n = 0) the ultrasonic absorption coefficient will 


oscillate with magnetic field and the oscillation cycles will be connected in a simple way with the limiting 
diameters of the Fermi surface [2]. If the electrons drift in the direction of the wave vector k (i.e. 4 0), 
then periodic “resonant” variations and increased absorption coefficient should be observed (2, 4]. 

The existence of “resonant” variations in the absorption coefficient at k | H is evidence of the fact 
that in the given H direction there are open periodic trajectories ¢(p) = constant, py = coastant [4] (e(p) is 
energy; p is the quasi-momentum of an electron). But from the cycles of “resonant” variations in an absorp- 
tion coefficient it is quite impossible to glean any kind of information regarding energy spectra. These 
cycles are only dependent on a constant reciprocal lattice. 

In crossed electric and magnetic fields (E, H) = 0, besides being displaced along H, an electron will 
drift in direction [E, H] at arate vu = clE, H]/H?. For this reason where E | H and H = constant, resonance 
variations in the absorption coefficient should be periodic through FE, where kv, = ck[E, H]///? + 0. The 
cycles of the “resonance” variations in the absorption coefficient wil! be determined by the limiting 
(through py) effective electron masses on the Fermi surface. 

1. To find an absorption coefficient the kinetic equation for the function of electron distribution must 
be resolved and the dissipation of acoustic energy proportional to the rate of growth of the entropy of the 
electron gas must be calculated. 

The solution to the kinetic equation can be conveniently sought in the form f+ f,, where f is a function 
of electron distribution in the crossed electric and magnetic fields, while /, ~ e'°‘—*" is the addition due 
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to the sound wave; w is ultrasonic frequency. The kinetic equation linearized through f, can be divided 
into a static (1) and high frequency (2) part: 


+ W if} =: 


where Q = — _— ~y¥ ; ft (p) is the flight time of an electron; 7 {f} is the collision integral. As 
r 
independent variables in momentum space we have selected the integrals of motion in crossed fields [5] 
e*(p) py, and movement time 7 along trajectory e*(p) = const, py = const, ¢*(p) = e(p) — pvo. 
Where the electric fields are not too large, and electrical conductivity in the absence of sound can be 
regarded as independent of electric field, equation (1) and the right-hand side of equation (2) can be 


OT 


linearized through E. In this case Q = —*-.Q;, where f is the Fermi function of electron distribution, 


: 
and Q, is the smooth function of its arguments, the f, must be sought inthe form 7/ ties At low 
temperatures oe is almost a 5 function through energy and the main part in ultrasonic absorption will 
be played by the electrons on the Fermi surface only. 
In shape equation (2) is the same as the equation for a non-equilibrium addition to the Fermi function 
of electron distribution which was resolved in papers([2,4], and we will make use of the well-known 


solution (see formula (4.11) in [2] and formula (3) in | 4]); 


X (7, Px, = —exp ia—i—--—T \ exp 


Q 


| (fo + ds ] Qs 


In larger electric fields the @ function will become more pronounced, electrons in the vicinity of a 
Fermi surface will participate in ultrasonic absorption and the “resonance” of the absorption will 


disappear. 
2. The ultrasonic absorption coefficient in crossed electric and magnetic fields will have the form 


Qi QF (te) 


oP dz + (S,—S))= (cM. [2,4]) 


Where e is electron charge; h is Planck’s constant; 7 is the energy density of an instant soundwave; 


| Re a= Eats. r; is the point of the maximum effective electron interaction 


e! 2k 
with the soundwave (point kv = 0 on trajectory (p) = =const),, 9 


21 
+ (2) 

VOL. 

1961 

| 
(3) 


Ultrasonic absorption by metals 


Let us consider the case where k | H and in any direction of magnetic field all the e*(p) = const,, and 
Py = const,trajectories will be closed. In this case a = KVo_ In a weak electric field with precision up to 


the linear terms through F. “ 


((' (#) is the ultrasonic absorption coefficient in a magnetic field calculated in {2, 4! 


t k ks 
a K1,cE/sH €1l,n= > ~~ ’% isthe speed of sound). From this it can be seen that where 


kv, < 0 the ultrasonic absorption coefficient will decrease as F increases, and where kv, > 0 it should 
increase with growth in E at /i = const. The increase of I (F, //) will continue until kv, is equal to o, i.e. 
until the drift veloc ity of the electron coincides with the speed of the soundwave. At kV, = w the absorption 
coefficient will be at its maximum and then, as / increases it will die away althouga in order of magnitude 
P(E, #) will coincide with I (7/) right up to fields where E<vH c&l. 

Ii formula (3) is analysed it can be seen that in eleciric fields vu, chl < E < vH/ckr the absorption 
coefficient falls abruptly as electric field increases, diminishing EF, s H)? >1 times. 

At E,H > v/ckr “resonant” variation in the absorption coefficient should take place 


te tsints — G2, 8 (hw) x 


6(e— 9) -a*p. 


(uo is the Fermi energy boundary), 

The resonance maxima of the absorption coefficient coincide with the £, 1 and w values when |kv, — | 
is a multiple extremal through the py value of the Larmor frequency cei —— (m* tr is the extremal 
effective electron mass). At fixed w and // the resonance variations will] be poradis through F with a 
cycle A (E) = —- ae ( is the angle between vectors k and E). After measuring the cyles of 

ke? sin 
the resonance increases in absorption coefficient atk, E | H,the extremal effective electron masses on the 
Fermi surface can be found. This kind of characteristic of the energy spectrum of electrons in a metal can 
be found by means of the investigation of cyclotron resonance [6]. Unlike cyclotron resonance, ultrasonic 
absorption in metals is a volume effect. This means that careful preparation of the surface is unnecssary*. 

If in the given H direction there are open periodic sections of the Fermi surface with plane py = const, 
then the open trajectories e* (p) = constant, py = constant wil] only be periodic when E is parallel to their 
direction. In this case, if kv) #0 the resonance variations in absorption coefficient at // = constant will be 
periodic through with acycle A (E) = HT*"/2 kc. sind. 

To study this effect electrical fields E > vH/ckr, are required which, for extremely pure metals, 
corresponds to a current of j > 10° — 10’ A/cm? (1 ~ 0.1-1.0 cm, @ ~ 10° sec~*). But the electrical fields 
must not be so big that the shape of the trajectory in momentum space varies very little when F is 
connected, i.e. where the inequality — < H v/c must be fulfilled. At © « H v/c the values m* (e*, py) and 


* We note that this investigation would also provide information on the topology of the Fermi surface. The isolated 
directions of the open trajectory can be found from the abrupt angular dependence of surface resistance, 
This method is, however, very laborious. 
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T (e*, py) can be substituted by m* (¢, Py) and T (e, py). in the formula for the absorption coefficient. 
Besides this, to study the “resonant” changes in absorption coefficient with variation in F the angle by 
which E and H vectors deviate from the perpendicular must not exceed r//. Where £,,/" > — electron 
movement will not be periodic, there will be no “resonant” variations in absorption coefficient and the order 
of magn:tude of the absorption coefficient will be the same as in the absence of electric or magnetic field. 
If the electric fields are not too great the conditions Fy/F < “fe are always satisfied in experiment if the 
angle between current j and magnetic field H is not too sinall. For some j orientations HIE, will also 
return to zero as a result of the symmetry of the crystal lattice. 

At high ultrasonic frequencies w >, in the absence of electron drift along k resonance should occur 
at frequencies » = 2Q*'* (nis a whole number), similar to the cyclotron resonance in metals. [The 
(% is the flight time of an electron) 


The 


percentage width of the maximum at w = constant 1/7 H~ ——- ~ | 


iT} 


will not be dependent on n and where ff = const 5 w/w ~ rn! it will diminish with increase in n. 
resonance growth cycle will be determined by the extremal effective masses Afw H) = -~—-., 


which will also make it possible to find go Meme 


Translated by V. Alford 
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ELASTIC INTERACTION OF IMPURITY ATOMS IN A CRYSTAL* 
I.M. LIFSHITS and L.V. TANATAROV 
Physico-Technical Institute, Academy of Sciences Ukr. SSR 
(Received 27 February 1961) 


In th?» work a calculation is made of the energy of elastic interaction of two impurity 
atoms at a great distance from one another (weak concentration). The calculated energy has 
been found to be inversely proportional to the sixth power of the distance between them. 


In resolving a number of questions regarding crystal lattice theory the problem arises of finding the 
elastic part of the energy of interaction of pairs of impurity atoms at a great distance from one another. The 
simplest mathematical analogy to this problem is that of finding the elastic interaction energy of two 
identical solid spheres of radius a at a distance R from one another. In this problem the material of which 
the sphere is composed is isotropic and is characterized by elastic constants, the modulus of elasticity in 
shear G’ and the volumetric modulus of compressibility X’, introduced into an infinitely isotropic elastic 
medium with the constants G and K. The volume of these spheres is slightly different from the volume of 
the space into which they have been inserted; the difference in volume is denoted by AV. In their endeavour 
to expand, these spheres compress the surrounding medium, becoming themselves compressed thereby. 

The elastic energy stored in an entire system consisting of an elastic medium and the spheres intro- 


duced into it, will be equal to 


] 
E = Uj; dv. 


Here integration is carried out through the whole volume [1]. 
To calculate the interaction energy of the spheres, the elastic energy part of the total energy of a 
system consisting of only one of the spheres introduced into this medium must be doubled. Interaction 


energy will be equal to 


1 


The index “zero” here denotes that the values belong to the system with one sphere. 
To calculate elastic energy the field of displacement u must be known. In the case of the one sphere 


the field of displacement a?! outside it [1] 


€ r—Tea 
4 G |r—re | (2) 


1+ 


* Fiz. metal. metalloved., 12, No. 3, 331-337 (1961). 
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and inside 


where £, is the radius vector of the centre of a sphere. 
We will now seek the displacement field u consisting of two inserted spheres. At first glance it seems 


that the sum of a type (2) solution could be used as wu! 


r—r | 


a! = 


where f, and Ig are the radius vectors of spheres a and 8. 
The type (3) solution corresponds to the case of infinitely small spheres which have finite elastic 
energy (centres of dilatation). But the interaction energy of two centres of dilatation is equal to zero [2]. 
Certain boundary conditions should be satisfied on the surfaces of spheres of finite dimensions. In the 
case under review of the rigid connexion of the surface of a sphere with the surface of the hollow 


(cemented sphere) these conditions will be: 


I Il 
=:, 


I ul 
IV. . 


A quick check will show immediately that the solution determined by formula (3) for displacement 
vector u! outside the spheres or formula (2a) for displacement u!! inside the sphere, would not satisfy 
boundary conditions (4). Therefore some correction is required to this solution (which we will deduce in the 
form of a zero approximation), in order for it to satisfy the “correct” boundary conditions (4). 

First we will seek the u! solution for the region outside the spheres. As before we will seek a solution 
which consists of two parts: a part relating to sphereaand another part relating to sphere §, i.e. 


+ u; (5) 


(indices a and § denote the spheres). 
We will construct vector solutions to the a equilibrium equation outside the sphere, from the spherically 
symmetrical biharmonic scalars r and at, where r= |r — fj, using vectors V and a (a is the unit vector of 

8 
= - One of the solutions is already known to us, this is V mA . The second is a Green function 

"a 


=- 


(where o is Poiss.u s ratio). 
It can be seen from the very structure of the equilibrium equation (Lame equation) that all the remain- 


ing solutions can be found by applying the different positive degrees of the operator (a V) to these two 


solutions: 
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(C, and F, are unknown coefficients which must be found). Using the spherical functions, vectors f{? and 


££?) can be written differently: 


(1 


{aP, —n Pest] ; 


fi?) =—, (7) 


Ir Legendre’s polynomials the arzument is cos $ = (an). 
We will now write yet another formula for f, (OB and £{2* on the surface of sphere a: 


+ 2) Py + 2(2 +) Pin). 
Here 6 = =. The formula for f{?)* is written with precision up to 5°. Calculation shows that this is 


sufficient to find the interaction energy with a precision of up to 5°. 
The solution for the inner region of the inserted sphere will have the form [1] 


K’ a A,VYerit 
k=0 (9) 


3 
1 Ye-1 7) 
> ||. 


+ 


i! (k—1) + G’ (3k—2) 
k=0 


Here A? is the first Lame coefficient for the material of the sphere; Y, = re p , (cos $) is a spherical 


function of the order of k. 

Substituting (6) and (9) in the boundary conditions (4) and using (7) and (8), we shall get a system of 
equations consisting of the unknown coefficients C,, f,, A, and 5,. These coefficients should be expanded 
to the 5th powerand two indexes introduced: the first index indicates the number of solutions and the 
second the power of 5 to which the appropriate coefficient is proportional. Thus for instance, C,, is this 
coefficient where f} is proportional to 5°. We will find a system of equations to define the coefficients by 
levelling out the formula for the same 5! P ,, values. For instance, after levelling the terms at & P, inI 
and III boundary conditions and 5° sin @ P, in II and IV, we get the system of equations for find C,5, F,s, 


Ays, Bys: 


Coy «2 Fe 
_ 2/Ay4+—+ By); 
a5 ae ae 3 
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‘ 


a3 ae 3 a5 \ 3 


ay 0 
Here . = : 1. Having solved the equation, we find: 


"15 


] 
1IS(i+p) 1 


O(1+5n) 2 


After levelling the terms at 5° P, in the I and III boundary conditions and 55 sin @ . P, in [i and IV, 
we get the system for determination of C,,, F,;, 43; and 335. Its solution is 


The terms at 5° P, boundary conditions in I and III and 5° sin 0 P, in conditions II and IV give C,5, Fys, 
Bss, ++ Bas; 


Co 9(3—p) 38 


as 21(1+p) | 


2(1+9p) 


Fy, =0: By; =0; + — Bys = 0. 


The terms at 5* P, in conditions I and III and 5* sin*}, P, in II and IV give 


! 
79 (1 + ») — + 


B 


The f, solution with & 4 0 means that corrections proportiona! 'o the different powers of 5 must be 
made in the solution which corresponds to the zero approximation. Thus, having levelled the terms 
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proportional to 5° P, in I and II boundary conditions, we get the equation 


— 


3 


1 
+ | : 
the solution of which is: 


_ 5(1—p) 3 
2(1+5y) 


Similarly we find that 


(the latter is the result of the fact that F,, = 0). 
Finally, the terms proportional to 5° Py give the system of equations: 


Co 2 x3 Fo \ 


a 


from which we find 


25(2 + + p) 


( 90 (u— 1) a6 
(+5)? 43 1 +p) 1) 


% | — +5 yy (1+ 
\ 


2(1 +5) 


Coo 
3 
0 


§ 
Bu ). 


/ 


Knowing all the coefficients calculated above is sufficient to find the interaction energy with a 


precision of up to 5°. 
To find the displacement vector yet more coefficients C, and F, with uneven and A, and 2, with even 


k values must be found. We deduced the results: 
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ao 
| 
203 3 Bys = 0; Cys =0 (15) 
G 2 F. 
3 3 (u—1)é 3 = Bos + 3 
0 0 0 
(16) 
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sot! p) 


+y) 
2(1+45u) 


Now one can already write displacement u} outside and u!! inside the sphere with a precision up to 
terms of the order of 55. 

We note that correction to the zero approximation in displacement vector u! (outside the sphere) is of 
the order of 53. The mutual displacement of the spheres as a whole is about 6?. 

Interaction energy is calculated from formula (1). vhich can be satisfactorily transformed to spherical 
co-ordinates 


ig 
\ + dS— | dS + 


Using the boundary conditions, the formula for energy can be written more simply 
= | of pt) as. 


Having carried out integration, we find 


Substituting the formula for Sos + + B,., in (18) finally we find 


Ey = —) 


, 
2(1+5u) all 


here € = oa (A V is the difference in the volumes of a sphere and of a hole). 


29 
(— 15) = cy 
4(1+7p) | 0 
35 (1 + 4) 
= + — By); 
Fy, = 0; By = 0; By =u; 
4(14+7u) 
+, 
(17) 
uf —] 3 (18) 
1+? 
38 


Elastic interaction of impurity atoms in a crystal 


If the spheres are infinitely hard then the formula for energy will be simplified. After directing ¢ to 


infinity it can be found as 


Having expressed yp and G through Poisson’s ratio 0, and Young’s modulus E we get 


15 E(1— a 
E,, = —(AV/ 6 == 
B3 4x (A ae ( R 


In the other limiting case of low ¢ values or, which is the same, G’ = G, we have 


20228 
+ 1) ae 


= 


i.e. the interaction energy is equal to zero when the spheres are made of the same material as the elastic 
medium which is their environment. This is natural as the equality C’ = G corresponds to the simple case 
of two centres of dilatation (the interaction energy of which is equal to zero as was indicated before). 
Actually from the very structure of the coefficients C;,; and F,, with k 4 0, it can be seen that they all tend 
towards zero where ¢ > 0 and the solution to u! returns to a9? 1. 

Paper [2] has also been devoted to the calculation of the energy of elastic interaction between two 
impurity atoms in a crystal lattice. As in the present article the lattice was in an elastic medium and the 
energy of interaction was calculated for two singular types of dilatation centres (u ~ V a. Besides this 
the supplementary energy of interaction due to the finite nature of the dissemination dimensions was 
calculated. No closed formula was, however, produced in this work for the energy calculated. 


Translated by V. Alford 
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THE THEORY OF THE DAMPING OF ELASTIC VIBRATIONS IN SYSTEMS 
CONTAINING SOLUTE PARTICLES OR MICROHOLLOWS* 
M.A. KRIVOGLAZ 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
(Received 16 January 1961) 


A study has been made of the dispersion of the speed of sound and attenuation of elastic 
vibrations due to variation in solubility under the influence of an elastic wave in a system 
containing solute particles or microhollows. The frequency dependences of the speed and 
abserption coefficient of sound and also of damping capacity have been determined at high and 
low frequencies. 


1. POSTULATION OF THE PROBLEM 


In the previous work [1] we studied the mechanism of decay of elastic vibrations due to variation in 
the conditions of phase equilibrium when an elastic wave passes through a binary mixture. Different cases 
of kinetics of the process were investigated in single - component two-phase systems and also certain 


cases of more multitudinous variations which relate to two-component systems (two solutions). In this 
work a detailed review will be made of one of these variants where one of the phases is composed of 
particles which may be dissolved in the other phase. 

Let us consider the case where the second phase consists of spherical particles of a pure component 
A which can to a certain extent be dissolved in the first phase A-B and then, let us consider that the 
concentration by volume of the second phase x, is not large (after certain modifications these formulae can 
also be applied to the case where the second phase consists of particles of a chemical compound of 
constant composition). The solubility of B atoms in the spherical particles will be regarded as negligibly 
small. Examples of this kind of system are emulsions, suspensions or gas bubbles which are partly dis- 
solved in a liquid, or ageing solid solutions containing precipitated particles of an impurity (at that stage 
of the process where the presence of a denuded layer around these particles can be disallowed). Just such 
a system is a crystal containing microhollows, as they can be regarded as a “condensed phase of vacuum 
atoms”, while the vacancies can be regarded as “vacuum atoms” dissolved in the solid. 

In the state of thermodynamic equilibrium the A atoms will be dissolved with a certain concentration 
c in the first phase. Variation of temperature and pressure in the elastic phase passing through the system 
will cause a variation in solubility. With low frequency vibrations, in the course of one cycle of vibration 
it will be possible for the changed concentration of solute atoms to be established in the first phase, while 
at high frequency vibrations this will not be possible. As the volume of the system is changed on the dis- 
solution of impurity atoms, in the first case the ratio between the volume change and pressure, which 
determines the rate of propagation of elastic vibrations, will be very different from the usual (in the absence 
of a dissolution process), which is characterized by the elastic moduli, and takes place in the second case. 
Due to this, in the system under review, just as in a general case of the propagation of elastic vibrations 


* Fiz, metai. metaiioved., 12, No. 3, 338-349 (1961). 


Damping of elastic vibrations 


in two-phase mixtures [1], there should be a very strong dependence between the rate of propagation of 
oscillations and frequency. The irreversibility of the processes of dissolution also causes attenuation of the 
elastic wave which will be more considerable at frequencies lying in the region where the speed of sound 

is highly frequency -dependent. At low frequencies the frequency dependence of speed and attenuation will 
be the same as in homogeneous systems with supplementary internal parameters [2-4]. At high frequencies 
however, the non- homogeneity of the system has an effect which determines the nature of the kinetics of 
the course of the process of dissolution and causes frequency dependences of the second type. We will 
consider the case which usually occurs. Here the rate of dissolution of the particles is limited, not by the 
rate of passage of atoms through the interface, but by the rate of diffusion of the stream of atoms from these 
boundaries. Of course, the relaxation time of the temperature will always be considerably less than the 
relaxation time of the concentration. In this connexion we will assume that it is possible in the system to 
establish a uniform temperature in a period of time slightly less than an oscillation cycle (the mechanism of 
thermoelastic decay [3, 5] is established at considerably higher frequencies than this mechanism, and will 
not be taken into consideration). In these conditions the kinetics of dissolution in this system will only be 
dependent on the diffusion coefficient of A atoms in the first phase, and the type of frequency dependences 
of speed and decay will be determined between the ratios between the depth of diffusion in a cycle of 
oscillation and the two characteristic measurements of the problem — the radius of the particles and the 
distance between them. 

Experimentally attenuation can be investigated either by studying only the absorption of sound or the 
damping capacity in a solid. For this reason therefore, below we will deduce both the formulae which define 
the frequency dependence of the rate and absorption coefficient of sound waves (sections 2, 3) and also 
formulae for the gradient of the angle of delay (section 4). The results will be different for adiabatic and 
for isothermal vibrations (which can be produced at low frequencies in quite thin rods due to heat exchange 
with the environment). This is because, in the case of isothermal vibrations, the change in solubility with 
change of temperature and pressure is only determined by the conditions of equilibrium of the chemical 
components of the solute atoms in the two phases, while in the case of adiabatic vibrations to this is 
added a further condition of heat balance which varies the amount of the solute phase. Below we will 
consider the isothermal (section 2) and adiabatic (section 3) vibrations separately. As in [1], all the cal- 
culations will be made for the case of longitudinal vibration (in rods or in an infinite solid) in elastically 
isotropic solids (with a wavelength considerably in excess of the distance between the particles). 


2. SPEED AND ABSORPTION COEFFICIENT OF ISOTHERMAL VIBRATIONS 


The volume change of the system on dissolution causes concentration stresses to arise (similar to the 
temperature stresses which arise on change of temperature) and changes the ordinary ratio between 
stresses and strains. Let \ V6 p indicate the volume change V of 1 mole of the mixture with a change of 
5 p in the molar concentration of the first phase. Then the ratio mentioned between the components of the 


stress tensors 0;; and strain u;; will have the following form: 
l > 


Here 5;; is Kroneker’s symbol, summation from 1-3 is made through the JI index; K, ,, are the mean 
isothermal moduli of volumetric compression and elasticity in shear of the mixture, which are expressed 
through the moduli of elasticity of the first and second phases K,, K,, y, and p, according to formulae [6]: 


3(1— 9,) (Ke — 
[1+ 2K, (120) +K(l+e,) (2) 
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15 (1 — 34) (4g — By) x,| 
(7 ~ 533) +2 (4—59,) 


where 0, is Poisson’s ratio for the first phase; x, is the volume concentration of the second phase. For 
microhollows, the following must be inserted (2) 


In the elastic wave which is characterized by frequency w and wave vector « all the a;,, u;;, Op, values 
and also the components of the displacement vector u; and the temperature variation 7’ in an adiabatic 


wave, will vary periodically in time and space 


P, Uy, T’ ~ (3) 


and they will, generally speaking, be different for different phase values. In an isothermal wave the 
variation in molar concentration will be completely determined by stresses. To find the connexion between 
5p and o;; we note that a very obvious relationship between 5p and the average variation c’ of concentration 
i P P g 
c in the first phase follows from the conditions for the preservation of the total number of A atoms 
(4) 
Allowance has here been made for the fact that the concentration of A atoms in the second phase is equal 
to 1, and that the molar concentration of this phase p, « 1. Concentration distribution in the first phase 
(and consequently, its average value), can be found from t’.> solution to the diffusion equation in this 


phase 


dc" —DAc’ (5) 
ot 


(D is diffusion coefficient). As the exchange of atoms across the interface takes place in our case quite 
rapidly the boundary condition for equation ‘5) will lead to the requirement that c; on interfaces will be 
equal to the equilibrium variation of concentration in the first phase under the influence of stress 9);. This 
figure can be found from the conditions of equality of the chemical potentials of A, yu, and 4, atoms in the 
first and second phases in the absence of stresses, and also the equality of their variations due to 
stresses. After levelling out the variations in chemical potentials we get 


4 


where the indices o and c indicate the quotients. It is obvious that 


where V’',,/N is the volume change in the first phase on the introduction of an A atom; N is Avogadro's 
number; b, and b, are the coefficients of proportionality between the a), values in the different phases and 
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the average 0), figure, which in our case are defined by the formulae [6] 


3(1—<,) Ke 
2K, (1 — 20,) + Ke 


b; = 1; b, = 
After introducing the symbol 


we will write the formula for c’, obtained from (6), in the form 


(7) 
3N tic 


We note that in liquid mixtures or where there are the same elastic moduli in a solid mixture, AV’ = Al’. 

The relationship between 5, and oj; can be found by means of formulae (3) to (7). First let us consider 
the case of low frequency vibrations where the effective scattering, on which the A atoms are diffused in a 
vibration cycle, is considerably higher than the distance between the particles of the second phase /', i.e. 
where the following conditions are satisfied 


R20 < D. (8) 
VOL 
Around each particle almost static distribution of concentration c(p), will be egtablished, varying from the p~ 


c}, value on the surface of a sphere with radius 7 (where p = ro) to the c’ value at high p values. Neglecting 
terms of the r/R order, this distribution can be written in the form 


(9) 


This formula satisfies the boundary conditions and also it approximately (at low w) satisfies equation (5). 
It follows directly from (9) that the diffusion flux of A atoms from the surface of each sphere will in the 
first phase be 


= 4zr,D (cy —¢’) ° 


The number of these spheres in a unit of volume 7 = x, / = re. The total diffusion flux of A atoms into 


this volume, which depends on the variation in the average concentration c’ in a unit of volume is 


(co —c’)/r9. 


Therefore the derivative = can in this case be found from the ordinary relaxation formula 


(10) 


where relaxation time 7) is expressed through the diffusion coefficient, the radius of the sphere and the 
volumetric concentration of the second phase x, 
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2 


 BDx, 


Using formulae (3), (4), (7) and (10) the molar proportion Sp of the substance can be expressed, in 
which the phase transformation has taken place under the influence of periodic vibrations, through stresses 
o),- After this formula (1) will find the relationship between stresses and strains allowing for the process 
of transformation. It is natural that 0;; and u;; should here, generally speaking, be related to the complex 
coefficients, i.e. phase shift takes place between them. Bearing in mind that for elastic vibration in a rod 
7yy = 0, it should then be possible to express o,, through u,,. Substituting then this relationship in the 
equation of motion for longitudinal vibrations 


ee 
ou, =- (12) 


we shall get the formula which expresses the dependence of the complex wave vector k = k, + ik, on 
vibration frequency. In our case this relationship, which defines the dispersion of the rate and coefficient 
of sound absorption, will have the form (see for instance [7]) 


13 
6, tot 


‘lere the rate of propagation of waves at low and high frequencies cp and c,, are expressed in the usual 
way through the low and high frequency moduli of volumetric compression Ky and K,, respectively (the 
modulus of elasticity in shear p does not depend on frequency): 


9 . 2 Qu Keo 


= 


0(3K) +2) 9(8Ke +n) 


and the moduli Ky and K,, and relaxation time r are defined by the formulae: 


KAVAV’ _ — 


The second equation for Ky was deduced for the case where the first phase is a weak solution of 
A atoms (or vacancies), i.e. fi, = af. (x is Boltzmann’s constant; 2 is the gas constant). Formula (15) 
for K coincides with formula (25) in paper [1] if p, « 1, c, = 1 is substituted in the latter and it is 
remembered that formula AV + (1 — in [1] coincides with the AV in this work, 4c 
It is obvious that the formula for K at w = 0 would also be easy to derive if the solution is regarded as a 
system with supplementary parameters, and the method proposed in [2-4] is used. 

It follows from (13) that at low frequencies the absorption coefficient x, calculated per ‘unit of length 
will be proportional to the mean square of frequency and relaxation time r (inversely proportional to D). 


2 


c 


35 
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At high frequencies k, will cease to be dependent on frequency and will be inversely proportional to r 
(directly proportional to D). 


k, = : where > (17) 


As x, ~ 3/R* and usually r~ 1 ~ it , the simultaneous satisfaction of conditions wr > 1 and (8) can 
only occur at very low x, values (when R/r > 1) in the frequency range a > w > 1/r. Below it will be 


shown that the frequency range in which equation (17) obtains is delimited at the top end by the very weak 
D 
c - ¢ 
If = «1. then from (13) it follows that the correction to the speed of sound cp at low fre- 


condition 


: 

and for high frequencies 

0 


quencies(wr < 1) will be proportional to w? and equal to —> a 


(wr > 1) the correction to the speed of sound c,, will be inversely proportional to w? and equal to 


Let us now analyse the orders of magnitude of the dispersion of the modulus of elasticity and absorp- 
tion coefficient for crystals containing microhollows and solute particles. For this we will assume that 

K ~ 10"? dynes/cm?, RT ~ 10** ergs (7 ~ 1200°) and V ~ 10 cm’. As the volume of the vacancy will be of 
the order of magnitude of half the volume of an atom, in the case of the dissolution of microhollows 


oS At high temperatures close to m.p., the vacancy concentration c © 107°, and their diffusion 


V 
coefficient D ~ 107° cm?/sec. Assuming, for instance, that m ~ 10-5 cm, x, ~ 10-?, we shall find that 


tr) ~ 0.3 x 10° sec. In this case (c?, — c8)~ 4x 10-* c2, (at o ~ 0.3) and at c,, ~ 3 x 10° cm/sec and 
or > 1k, ~ 1075 cm*?. If there is an easily soluble gas in these microhollows (for instance, nitrogen in 
iron), then the variation in the rate and coefficient of absorption can be considerably higher. For example, 


where c ~ 0.05, = ~ s ~1, D~10°* cm?/sec (diffusion of interstitial atoms at high temperatures) 


and at the K, a, c,,, RT, V, ro and x, values shown above we shall find K, ~ + ) eh a loo, T © 0.3 x 
x 107° sec, k, © 2 x 10°* cm™!. Even more considerable effects should occur in the system Pd-H, which 
contains microcavities of small radius, as in this case the c and D values are particularly high. This 
analysis was applied to the case where it is not a gas, but particles of the solid phase which are dissolved 
in the interstitial sites of a crystal. If the solute atoms fall, not in the interstitial sites, but into lattice 
sites, then the diffusion coefficient and 4, will usually be considerably less, while relaxation time will be 
considerably greater. 

Let us now consider the case of higher frequencies where, instead of criterion (8) the opposite 


criterion 


R? o> D, (18) 


is satisfied, i.e. where after a vibration cycle the A atoms succeed in diffusing to a distance considerably 
less than the average distance between the particles. In this case the diffusion equation (5) can be solved 
separately for each sphere assuming that, at great distances from the centre of the sphere the concentration 
c’ will be equal to zero and also bearing in mind that in the case of spherical symmetry 
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d?(pc’) 
d p* 


under the periodic boundary conditions (7) and (3), will have the following form: 


Integrating this equation through p and multiplying it by the number of particles in a unit of volume we get 


the formula for average concentration c’ 


here. It is quite easy to see by direct substitution that the solution to this equation 


Using formulae (20), (4), (1) and (12) we can in the same way find the ratio between & and 


‘ 6 


where in approximate equality it is assumed that usually L Kw, L, <y o, c,, is determined by formula 
(14), 0 = o, is Poisson’s ratio and the following symbols have been introduced: 


"A V’ x. D SVAV' 
Vil VRTr- 


3  KAVAWV YD KAVAV'’ x, ¥ De 
V(l—c)Nuiere VRTr, 


(the approximate equalities have been described for the case of low concentrations c). 


It follows from (21) that where L, < \/ @ the deviation of the speed of sound C, (1 Sa 


from c,, will in this case die away with increase in frequency as VV (where]/ Ci o +} é 


The absorption coefficiem = nll L, at not very high frequencies when in one 
c 


oscillation cycle the A atoms succeed in diffusing to a distance considerably greater than the radius of a 


particle 7, is not dependent on frequency 


= Lwhere >, (23) 


6 rs 


It follows from (14), (15), (17), (22) and (23) that this constant 4, value coincides with the value determined 


in formula (17), which was deduced for the range of somewhat lower frequencies. Formula (17) or (23) is 


thus correct for frequencies —> ~°‘” © ——~- Unlike absorption coefficient, the frequency dependence 


0 
of the speed, which is defined by formula (13) or (21), is different at frequencies 


37 
AV’ 
tes 
(21) 
5 yo 


Damping of elastic vibrations 


1 D D 
= Kod Re and 2 >o> _ At high frequencies when the length through which the A atoms 
0 


su ceed in diffusing in one vibration cycle is considerably less than 7, the absorption coefficient ‘, will 


increase in proportion toy @ : 


1—2s D 
k, = ly Vo; oO Y (24) 


It is obvious, if the absorption coefficient is calculated not by unit of length, like /,, but per wavelength, 
that in this case the increase in w will die away as 1/\/@. It follows from (24) and (22) that in this case 
k, will be proportional to VD, the concentration of the second phase x,, the concentration of A atoms in the 
first phase c and inversely proportional to the radius of the particles. 


3. SPEED AND ABSORPTION COEFFICIENT OF ADIABATIC VIBRATIONS 


The oj formula for adiabatic vibrations will be more complicated as, besides the elastic stresses and 
concentration stresses allowed for in (1) there will in this case also be thermal stresses. Using 7’ to 
denote the change in temperature and a the volumetric coefficient of thermal expansion of the mixture, we 


will write the formula for o%; in the form 


V 


= K ty + —— tty 4 (25) 


As T’ does not equal 0 the equality condition of the chemical potentials of A atoms will also be different 
in the first and second phases. These determine the concentration in the first phase on the boundary with 
the second phase. Instead of (6) this equality will have the form 


We will introduce Q = N7 (u,7 — »,7). At the smallest possible concentrations of solute atoms where 
= xT Inc + (7), = co exp (— O’/RT), the @ value will coincide with energy Allowing also for the 
AV’=3NQ,,—4 1c) Value introduced above we shall find that the boundary concentration is 


ig 


Al Q r 
— + -T". (27) 
The temperature change 7’ in the adiabatic process will be dependent on the conditions of thermal balance 
which require that the change of entropy 5S should be equal to zero 


3S (28) 


Here q is the heat of dissolution of 1 mole; C, is the thermal capacity of a mole. 

At low frequencies where conditions (8) are satisfied, the derivative is can, as in the case of the 
isothermal vibrations, be found from formula (10). Using (3), (4), (10) and (27) to express Sp and 7“ through 
g), and then, from formula (25), having found the ratio between 5,, and u,, and substituting this ratio in 
(12), we shall find that the dependence of & on w at low frequency longitudinal adiabatic vibrations in a 
rod will, as in the case of isothermal vibrations, be found from formulae (13) and (14). Here as before 1) and 
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r are given by formulae (11) and (15) although the formulae for Ky and K,, have changed: 


Qq -+- TN ely 


K, K/1 A 22 


For longitudinal adiabatic vibrations in an endless medium, bearing in mind that here Byy = 0, we shall in 
a similar way find that co, c,, and r in formula (13) are found by the usual formulae: 


= 
3 


=< Ko 


4 4 


a 


in which Ao, A, and 7 are given by formulae (29) and (11). 
Formula (29) for Xp coincides with formula (23) in paper [1] when one considers that q, in [1] 
CoN tre? 


coincides with c—g—~ 
0 


aVNu,,.T(l —e, 


As the k/w dependence is found for adiabatic oscillations in the same way as for isothermal ones, the 
nature of the frequency dependence of the speed of sound and absorption coefficient should in these cases 


also coincide. 
It can be seen from (29) that at high frequencies A = A, coincides with the adiabatic modulus of 


volumetric compression A,3. Nhere the impurity concentrations in the first phase are low, when 


4] 
CRT?” the formula for A, will be simplified 


‘a 


It can be seen by comparing (31) with (15) that when passing from isothermal to adiabatic vibrations with 
low c values, in the formulae for %(w) the only substitution required will be 


AV 


~n 


K—K.: AV-AV— 


Here ab and aye 1, as, as usually —2 and 22 <1, the difference between X, and K,, for adiabatic and 
p 


isothermal oscillations will be of the same order of magnitude. Therefore the assessments of the c,, — co 
difference and k, made above can be used in this case also for adiabatic vibrations. If, however, 
AV AV’< 1, then cases will be possible where the difference in A, and will be considerably greater 
V p y 
for adiabatic than for isothermal vibrations. 
At high frequencies when conditions (18) are satisfied, after solving the diffusion equation with the 


boundary condition (27), in exactly the same way as above when deducing formula (20), it will be possible 


to find the average concentration in the first phase c. + 
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(32) 
N 0 ” Iw 


Bearing in mind (3), (4), (32), (28) and (1) we will rule out the variables me Sp, 7? and o;; and from (12) we 
shall get the ratio between & and w. The formula for / is considerably simplified if allowance is made for 


the fact that the ratio at low x, is always considerably less than 1, and if the linear terms 
R 


in the expansion are limited to this ratio. Then for longitudinal vibrations in rods the £(w) ratio, as in the 
case of isothermal vibrations, can be found from formula (21). In this formula, however, must always be 


substituted by K,9 , a by o 49 and L by L’ in the following formulae: 


3 Kad V (+ _ Oa 
Nuic(1—e) \ V 
3 Kad V 
V Cp 


Thus, as in the case of low frequencies, the formulae for /(w) for adiabatic vibrations will differ from those 
for isothermal vibrations by the following replacements K+ A, 4, \V + AV Vqa/Cp, AV’ + AV’ — V@a, Co 
i.e. the discussion carried out in section 2 of the frequency dependences of the speed of sound and 
absorption coefficient also maintains for adiabatic vibrations. 

Similarly it can be found that the £(w) dependence for adiabatic longitudinal vibrations in an endless 
medium where conditions (18) are satisfied for L < w and L, < Vw , will be found from the formula 


l+oaq iL+(l+)L, yo 


k=kbk ik = 
6 (1 — 34d) 


where instead of L and L, formula (33) will have to be substituted. 


4. DECAY OF ELASTIC VIBRATIONS 


In investigations which use the damping capacity method, the decay of elastic vibrations is character- 
ized by tne tangent of the angle of delay tand. The formula for tand can be deduced from the (13) or (21), 


@ dependences on / found above if one allows for the fact that tand is equal to the imaginary part of the 
2 


ratio between strain and stress divided by the real part of thisratio[3], i.e. thattan 3—= — Im/—— / Re ey. 


As aresult of this, at low frequencies where conditions (8) are satisfied, it follows from (13) that for 


longitudinal vibrations of a rod 


£9 


Here co, c,, and r for isothermal vibrations can be found from formulae (14) and (15), and for adiabatic, 


from (14) and (29) or (31). 
At high frequencies, when the opposite conditions to (18) are satisfied, it follows from (21) that 
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Ljo+Ljyo 
3 (36) 


P+ 


Here L and L, can be found by formula (22) for isothermal and (33) for adiabatic vibrations respectively. 
As follows from (35), at quite low frequencies when wr < 1, tand will be proportional to the first 
stage of the frequency and (inversely proportional to diffusion coefficient): 


(37) 


At higher frequencies where wr > 1, but a « aa (in one vibration cycle diffusion is able to penetrate to 


distance greater than the radius of the particles) where 1 — ~ «1, both formulae (35) and (36) will 


produce the same result = 


(38) 


In this range of requencies tand will be inversely proportional to frequency and r (directly proportional to 


diffusion coefficient). 
Finally where the frequencies are so high that in one vibration cycle the diffusion is able to penetrate 


to a distance less than the radius of the particles, when w > 2 in (36) the term L/w can be neglected in 


in favour of L.Vo and tand at L, « Vo will be determined by the formula 


D 
2 


Kw. (39) 


> 


yo 


Thus, at high frequencies tand will decay with increasing frequency as 1/Vo, and the temperature 
dependence of tand will in the main be determined by the factor VD. This frequency dependence of tan5 
is in agreement with the results produced in [3] for the case of relaxation related to diffusion through 


grain boundaries. 
In section 2 above, for the process of the dissolutions of vacancies on lattice sites and gas atoms in 


interstitial sites at high termperatures and mr ~ 1075 cm (the figures for the other constants are given in 
section 2) the rough figures found were c?, — cf ~ 4x 10° c?, andr ~ 0.3 x 10"* sec for the vacancies, 
and c?, —c3 ~ 0.4 c?, and r ~ 0.3 x 10°* sec for the interstitial atoms. Formula (35) at wr ~ 1 yields tand 
tand ~ 10-* and tand ~ 10 for these cases respectively. This is quite considerable decay. At lower 
temperatures where c and D have lower values the maximum tand value is reduced and also occurs at 


lower frequencies. 


Translated by V. Alford 
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It has been found that there is a difference in the high temperature magnetic and electric 
properties of alloys with 12.8 and 14.2 per cent Al. In the alloy with 12.8 per cent Al at 
temperatures around 250-575° diffusion processes may occur with different orders of activation 
energy and relaxation time. The results obtained can be understood on the basis of the 
constitutional diagram for alloys proposed by Taylor and Jones. 


A large number of works have been devoted to 
the study of superlattice transformations in Fe-Al 
alloys. Long-range order of the Fe,Al type is 
formed in alloys containing 10-18 per cent Al. 
Kurnakov temperature for an alloy with stoichio- 
metric composition (25 at % Al = 13.8 wt.%) is 
550° and diminishes slightly the further away one 
goes from this composition [1-5]. On the isotherms 
of the lattice parameters of ordering Fe-Al alloys 
at elevated temperatures Taylor and Jones [6] found 
salient points which they attributed to concentration 
disintegration of the alloys. On the basis of these 
results the writers proposed a detailed equilibrium 
diagram with the presence of two phase regions of 
the approximate composition Fe,Al. This diagram 
was not produced by the direct structural method 
and for this reason it is extremely important that 
other experimental data should be provided to con- 
firm it. Unfortunately, when constructing the dia- 
gram, the authors themselves did not make use of 
those data available in literature regarding the 
physical properties of Fe- Al alloys which could 
have been related to the idea of concentration dis- 
integration. This refers primarily to the data regard- 
ing the abnormal coercive force in Fe- Al alloys 
which was first revealed, and has been investigated 
in papers, by Bennett [7] and Ivanovskii [8]. With 


* Fiz. metal. metalloved., 12, No. 3, 350-359 (1961). 


a composition of approximately 25 at.% Al and 
temperatures above 450-500° these authors found 
an abnormal coercive force maximum (//,), the 
height of which was some tens or hundreds of 


times greater than the coercive force figure for 
room temperature. The abnormally high H, was 
only observed at elevated temperatures: it dis- 
appeared when the specimens were cooled to room 


temperature, as a result of quenching or slow 
cooling. No satisfactory explanation for this effect 
has been provided up to the present time. Both the 
writers attributed the 1, maximum to imperfections 
due to ordering processes. According to Bennett 

this is an antiphase domain structure. Ivanovskii, 
who did not allow for the nature of the imperfections, 
considered that this structure can only take place 

at elevated temperatures. 

There is no doubt that the anomalous H, is 
due to ordering processes. However, if only these 
processes are allowed for, it is difficult without 
introducing artificial representations, to explain 
the high coercive force figure or the disappearance 
of this abnormality at room temperature. In our work 
a study was made of the kinetics of the variation 
in magnetic and electric properties of Fe-A1 alloys 
at elevated temperatures. The aim of the work was 
to establish the connexion between these properties 
and the peculiarities of the structural state of the 


alloys. 


| 


SPECIMENS AND EXPERIMENTAL 
PROCEDURE 


The alloy chosen for the investigation was one 
with 12.8 wt.% Al (23.2 at.%) which, according to 
the Taylor- Jones diagram, at room temperature lies 
in the two phase range a,,,..4 +Qp;, 4). For compari- 
son an alloy with 14.2 wt.% Al (25.4 at.%) was also 
investigated, the composition of which was approxi- 
mately stoichiometric, and also one with 8.3 wt.% 
Al (15.7 at.%). The alloys were produced in an h.f. 
induction furnace with a magnesite crucible. Pure 
charge materials were used, armco-iron and alumin- 
ium mark AV000. The C, S and P concentrations of 
the alloys was minimal and the total Mn and Si con- 
centrations did not exceed 0.3 per cent. 

The ingots were forged into a slab which, after 
finishing down with emery, was hot rolled at 1000- 
1050°C and then cold reduced to 0.1 mm. Toroids 
were stamped out of the resulting strips and bands 
were cut for magnetic and electrical measurements. 
The specimens first underwent a homogenizing 
anneal in a vacuum at 1100° for 5 hr with slow cool- 
ing (50°/hr) to room temperature. For the high 
temperature measurements the specimens were in a 
vacuum (10°?-10~* mm.Hg). 

The magnetic measurements were made by the 
ballistic and oscillograph methods. Coercive force 
was either measured on the toroids with an internal 
dia. of 20 mm and external of 30 mn, or in a solenoid 
on bands 120 mm long and 5 mm wide. Saturation 
induction was measured on the same bands in the 
solenoid in a field of 1000 oersted. Electrical 
resistivity was measured by the potentiometric 
method on bands 50 x 3 x 0.1 mm in size. Current 
and potential leads were attached to the specimen 
and after this they were fixed in a quartz tube and 
were in this way quenched in water from a tempera- 
ture of 900°. The measurements of the temperature 
dependence of electrical resistivity in previously 
quenched specimens was carried out under rapid 
heating (500°/hr). After this the same specimens 

together with the attached measuring leads, under- 
went a prolonged vacuum anneal at 900° for 5 hr 
followed by cooling at the rate of 50°/hr. The 
temperature dependence of the electrical resistivity 
of the annealed specimens was determined during 
the course of heating at the rate of 50°/hr and 
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subsequent cooling at the same rate. 

The kinetics of the variation in magnetic and 
electrical properties was studied on specimens 
which had previously been quenched in water from 
900°. The specimens were placed in a pre - heated 
furnace which was then rapidly heated on the 
required temperature, after which isothermal hold- 
ing was carried out in the process of which the 
properties were determined. The time taken to 
heat the furnace through was usually not more than 
10-15 min. In the course of the isothermal soaking 
the temperature was maintained constant with a 
precision of 0.5-1.0° for the magnetic measurements 
and 0.2-0.3° for the electrical ones. The precision 
of the magnetic measurements was 0.5-1.0 per 
cent and of the electric, 0.02- 0.03 per cent 


RESULTS 


1. Magnetic properties. Fig. 1 shows the 
curves for the temperature dependence of saturation 
induction (47/,) and coercive force in the alloy 
with 12.8 per cent Al, and Fig. 2 shows the same 
characteristics for alloys with 14.2 and 8.3 per 
cent Al. All these curves were obtained in the 
course of the slow heating of previously annealed 
specimens. A check showed that the results of the 
measurements made during heating and subsequent 
cooling at the same rate coincided. The curves are 
thus very close to equilibrium. It can be seen from 
Fig. 1 that in the alloy with 12.8 per cent Al, in 
the temperature range around 400-600° there is an 
abrupt //, maximum similar to that observed by 
Bennett and Ivanovskii [7, 8]. In the same tempera- 
ture range on the 47/, curve there is a very clearly 
defined “dent”. In the alloys with 14.2 and 8.3 per 
cent Al there are no such abnormalities (Fig. 2). 

Fig. 3 shows the curves for the dependence of 
H, on isothermal soaking time at various tempera- 
tures, in previously quenched specimens of the 
alloy with 12.8 per cent Al. Two temperature 
ranges stand out. Below 450° there is a slight 
increase in H, which then becomes more intensive 
as the temperature rises. Thus, while at 350°, 

10 hr soaking is still not enough to achieve satura- 
tion, at 400° the process is generally completed in 
2 hr, while at 450° no isothermal variation in H, 
is observed, the process is practically completed 
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FIG. 2. Temperature depen- 
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FIG. 3. Kinetics of the varia- 
tion in coercive force at differ- 
ent temperatures of previously 
quenched specimens with 
12.8% Al. 
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in the course of heating. soaking. Thus an increase in H, at elevated 

At 500 and above once again there is isother- temperatures also occurs when the alloy is brought 
mal increase in H, and then, as in the low tempera- _ to the soaking temperature by cooling from a much 
ture range, the process becomes more intensive as higher temperature. The low inertia oscillograph 


the temperature rises. At 500° the isothermal in- method does make it possible to study the variations 


crease in 1, extends over several hours (after in magnetic properties in the course of rapid heat- 


10 hr soaking no tendency towards saturation is ing and cooling,Fig. 5 shows the hystereses loops 
observed), at 550° saturation is achieved after for the alloy with 12.8 per cent Al, which were 

6-7 hr and at 575°, after 2-3 hr. The H, figure obtained in the process of rapid heating (10-15 min) 
achieved as a resuit of isothermal soaking is at up to a temperature above Curie point for specimens 
any rate of a higher order than that in the low tem- which had previously been quenched in water 


perature field. (Fig. 5a) and slowly cooled (Fig. 5b). Comparing 


575 min 575 °—Shy 575 -2hr 


FIG. 4. Hysteresis curves of alloy with 12.8% Al in the course 
of isothermal soaking at 575°, H, = 10 oersted 


In the alloy with stoichiometric composition Figs. 5a and 5b it can be seen, that although the 
H, can virtually only be investigated up to 450° hystereses loops for these two specimens at room 
(the Curie point of this alloy is 500°). The variation —_ temperature are very little different from one an- 
in H, in the course of isothermal soaking for this other, at elevated temperatures these differences 
alloy is qualitatively of the same nature as for the become substantial. While no noticeable widening 
one with 12.8 per cent Al in the corresponding of the hysteresis loop is observed at any tempera- 
temperature range. tures when a quenched specimen is heated, if an 

Fig. 4 shows the hystereses loops for the alloy annealed specimen is heated a considerable in- 
with 12.8 per cent Al, obtained in the course of crease in H, results, in the temperature range 
isothermal soaking at 575° after rapid cooling from 450-575°. 
700°, It can be seen from this illustration that 1, 2. Electrical resistivity. Investigation was 
has increased* as a result of the isothermal! made of the temperature dependence of electrical 
resistivity in alloys in two different states: after 
slow cooling and after quenching. The results are 
* The reduction in maximum induction as a result of set out in Fig. 6. A check showed that the curves 


isothermal soaking is mainly due to the fact that, 
because of the growth in H,, the peak value of the produced during the heating of slowly cooled 


magnetizing field becomes insufficient to achieve 
saturation [9]. 


specimens are very close to equilibrium. For the 
alloy with 8.3 per cent Al the electrical resistivity 
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FIG. 5, Hysteresis curve of specimens with 


of rapid 
a — for a previously 


b — for a slowly cooled s 


of the quenched specimen is at any temperature no 
different from that for the annealed specimen. In the 
alloys with 12.8 and 14.2 per cent Al at room tem- 
perature the electrical resistivity is considerably 
less in the annealed than in the quenched specimens. 
Thie difference diminishes as the temperature rises 
However, while it disappears at around 400° in an 
alloy with 14.2 per cent Al, in one with 12.8 per 
cent Al a noticeable difference between the two 
curves is maintained right up to 600°. 

Fig. 7 shows the kinetics of the variation at 
various temperatures in the electrical resistivity of 
previously quenched specimens of an alloy with 
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12.8% Al in the course 


he 


ating: 
quenched specimen; 
20 oersted. 


pecimen: H, 


12.8 per cent Al. In the course of isothermal 
soaking there is a reduction in resistivity. In the 
same way as observed in the study of the kinetics 
of the , transformation, two temperature ranges 
are observed (see Fig. 3). In each of these ranges 
the variation in the resistance takes place more 
intensively at higher temperatures. Comparing 
Figs. 7 and 3 it can be seen that in the course of 
isothermal soaking the reduction in resistivity is 
more rapid than that in coercive force. Thus, at 
400°, the isothermal! change in coercive force is 
observed in the course of the first 2-3 hr of 
isothermal soaking while no isothermal variation 
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FIG. 6. Temperature dependence of elecirical resistivity in Fe-Al alloys: 
a — equilibrium curve; b — after quenching. 
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FIG. 7. Kinetics of the variation in electrical resistivity 
at various temperatures for previously quenched specimens 
with 12.8% Al. 


in electrical resistivity is observed at this temper- DISCUSSION 


ature. The whole process has been virtually com- 

pleted during heating. The pattern is the same at The experimental results indicate that in an 

the other temperatures. alloy with 12.8 per cent Al at elevated temperatures 
In the alloy with stoichiometric composition two diffusion processes may take place with 

the isothermal variation in electrical resistivity different energies of activation and relaxation time. 


was observed up to 400°. At higher temperatures no The process which takes place during the tempering 


isothermal variation was seen. of a quenched alloy in low temperature ranges of 
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about 250- 450° is accompanied by quite a large 
reduction in electrical resistivity and a small in- 
crease in coercive force. The process which occurs 
during the tempering of a quenched alloy in the 
upper range of temperatures of about 500-575° is 
accompanied by a supplementary reduction in elec- 
trical resistivity and a sharp increase in coercive 
force. In the alloy with 14.2 per cent Al only one 
process is observed, which is analogous to that 
which takes place in the alloy with 12.8 per cent 
Al in the lower temperature range. 

Let us compare these results with the diagram 
proposed by Taylor and Jones. According to this 
diagram, at quite low temperatures, in the equilibrium 
state the alloy with 12.8 per cent Al is heterogen- 
eous (two phase region cord’ On the 
equilibrium diagram) while that with 14.2 per cent 
Al is single-phase. It is natural to suppose that 
the processes which take place in the alloys with 
12.8 and 14.2 per cent Al during tempering in the 
lower temperature range will be the usual processes 

“of the formation of homogeneous long-range order, 
while those which occur in the alloy with 12.8 per 
cent Al in the elevated range of temperatures, will 
be processes of phase disintegration. 

In a number of works [4, 10-12] it has been 
shown by X-ray and other methods that in Fe-Al 
alloys the process of the formation of the Fe,Al 
type superlattice takes place extremely intensively 
and that the relaxation time of this process above 
350-400° can be counted in minutes. For their 
realization the concentration disintegration pro- 
cesses require the displacement of atoms to further 
distances than the ordinary process of the formation 
of homogeneous long-range order. The relaxation 
tines of the disintegration process should therefore 
be greater than those of the ordering process. This 
is confirmed by Taylor and Jones’ results which 
indirectly indicate that disintegration occurs after 
prolonged isothermal soaking. The abrupt increase 
in the relaxation time of the disintegration process 
with reduction of temperature from 550-500° (see 
Figs. 3 and 7) provides a basis for the assumption 
that with further reduction of temperature to 400° 
and lower, these periods will increase to such an 
extent that, for the process of disintegration to be 
realized at this temperature, several hundreds or 
even thousands of hours will be required. On the 


other hand, the process of ordering, as is shown by 
the results obtained, is rapidly completed and can- 
not at temperatures above 400- 450° be the reason 
for the temporary change in properties. It was just 
for this reason that it was possible, that these 
isothermal soaking times, to observe these pro- 
cesses separately in the different temperature 
ranges.* 

Let us see how the nature of the changes in 
physical properties in the low and high temperature 
regions can be made to fit in with the idea of the 
two processes of ordering and disintegration taking 
place. In ordering alloys the reduction in electrical 
resistivity as a result of the formation of long-range 
order is normal, while increase in coercive force on 
the formation of long-range order may be due to 
increase in the magnetic anisotropy constant [13]. 
Let us compare the equilibrium curves for the depen- 
dence of electrical resistivity on temperature in 
alloys with 12.8 and 14.2 per cent Al (curves a, 
Fig. 6). with similar curves produced as a result of 
the rapid heating of specimens from the quenched 
state (curve b). As has been noted, the quenched 
specimens will be completely ordered (Figs. 3 and 
7) in the course of heating to 400-450°. Asa 
result of this, in the stoichiometric alloy, in which 
no disintegration takes place, above a teinperature 
of about 400° the differences between a and b will 
disappear. For the alloy with 12.8 per cent Al, in 
which, according to Taylor and Jones, disintegration 
is possible, some difference in the a and b curves 
will be maintained right up to about 600°. At the 
rates of heating used the process of disintegration 
cannot noticeably influence the electrical resistivity 
of a quenched specimen (Fig. 7). It can therefore be 
assumed that the upper b curve in Fig. 6 for the 
alloy with 12.8 per cent, must at temperatures above 
400 - 450° represent the ordered state without dis- 
integration, while the lower equilibrium curve will 
be for the heterogeneous state. 


* Some of the qualitative disagreement hetween the R 
and He kinetic terms may probably be due to the dif- 
ferent R and H, dependences on the antiphase domain 
sizes (ordered) and on the size of their precipitation 
particles. Comparing Figs. 3 and 7 it can be seen that 
H. is a more sensitive indicator of transformations than 
R in these alloys. 
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As can be seen from Fig. 7, in the temperature 
range of about 400-450 to 570-600°, the resistivity 
of the disintegrating alloy will be 1-1.5 per cent 
different from that of the ordered but not disintegrat- 
ing alloy. This slight difference may be attributed 
to the fact that the resistivity of an ordered alloy 
with 12.5 per cent Al will be very much the same as 
that of the alloys into which it disintegrates, 
according to the Taylor- Jones diagram (non-ordered 
alloy with ~ 10 per cent Al and ordered one with 
~ 14 per cent Al) [7]. 

The magnetic properties of the alloy with 
12.8 per cent Al are anomalous at higher tempera- 
tures. here is a maximum on the //,(7) curve and a 
“hollow” on the /,(7) curve (Fig. 1). We recall that 
the abnormally high 4, in this alloy could not be 
established at room temperature either after quench- 
ing or after slow cooling. In paper [8] the conclusion 
has been drawn from this that the structural state 
appropriate for the high 1, value can only take place 
at elevated temperatures. In this connexion we note 
the results of the experiments which are set out in 
Fig. 5. It can be seen from this illustration that 
while at room temperature the hystereses loops of 
the quenched and slowly cooled specimens are very 
little different from one another, in the course of 
rapid heating the pattern obtained is very different. 
In the quenched specimen only a slight increase in 
1, occurs at room temperatures, due undoubtedly to 
ordering processes (see Fig. 3). In the specimen 
which had previously undergone prolonged annealing 
a considerable increase in //, is observed in the 
course of rapid heating to above about 475°, which 
is apparently due to heterogeneity. From this the 
conclusion can be drawn that the structure must be 
different in the quenched and annealed specimens. 
This difference has only a slight effect on the 1, 
value at room temperature but it can appear under 
rapid heating. It can be thus affirmed that at room 
temperature it is not the structural state responsible 
for the high 1, value which disappears, but only the 
anomalous //, effect itself. The peculiar temperature 
dependence of 1, and /, is not a feature of Fe-Al 
alloys alone; similar anomalies have been observed 
in other heterogeneous alloys [14-15], although 
much less clearly expressed. Baranova and Shur (15) 
‘ound a H, maximum and a salient point on the /, 
curve at elevated temperatures in two phase alnico 


alloys. According to the authors these anomalies 
are of the purely magnetic nature and are due to 
differences in Curie point and in the temperature 
dependence of the magnetization of the two phases. 
The alloy with 12.8 per cent Al is in the concentra- 
tion range in which Curie point is considerably 
dependent on composition and therefore the informa- 
tion given in paper [15] as regards the alnico alloy, 
could naturally be extended to this alloy. 

On the basis of the diagram proposed by Taylor 
and Jones it is thus possible to provide a satis- 
factory explanation for the abnormalities in the 
magnetic and electrical properties in alloys with 
12.8 per cent Al below 550° (Kurnakov point for the 
Fe,Al phase) and the absence of these anomalies 
in the alloy with 14.2 per cent Al. In the present 
work a noticeable isothermal increase in 1, was 
observed and a drop in RF for the alloy with 12.8 per 
cent Al above 550° (or at least up to 580°). 
Analysis of the results given in the papers by 
Bennett and Ivanovskii shows that the 1, anomaly 
in their experiments also took p.«ce at above 550°. 
The increase in 1, above 550° cannot be explained 
on the basis of the diagram proposed by Taylor and 
Jones as, according to this diagram, above 550° the 
alloy would be in the single-phase range ap 4). 
However, thermodynamic calculation shows that in 
systems similar to FeAl, above the temperature for 
the existence of the ordered phase A,B (Fe;A1) 
disintegration may take place to an unordered phase 
and an ordered phase of the AB type (FeA1) [16]. 

It is possible that this disintegration may also occur 
above 550° in the alloy with 12.8 per cent Al. This 


would explain the isothermal variation in the mag- 


netic and electrical properties at these temperatures. 


CONCLUSIONS 


1. In the alloy with 12.8 per cent Al at 
elevated temperatures two diffusion processes may 
occur with different activation energies and relax- 
ation times. These processes develop in two _ 
different temperature ranges: 250-450 and 500-575° 
In the alloy with 14.2 per cent Al only one process 
is observed, similar to that which takes place in the 
alloy with 12.8 per cent Al in the lower temperature 
range. 


2. In the alloy with 12.8 per cent Al at 
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temperatures above about 450°, in the equilibrium 
state a number of peculiarities are observed in the 
physical properties (maximum on the /i, temperature 
curve, “hollow” on the /, curve, reduction in R over 
the quenched state), which do not occur in the alloy 
with 14.2 per cent Al. 

3. Comparing these results with the equilibrium 
diagram proposed by Taylor and Jones it can be seen 
that the change in physical properties of the alloys 
with 12.8 and 14.2 per cent Al in the lower tempera- 
ture range must be due to the formation of homo- 
geneous order of the &Fe,Ai 
tion in the properties of the alloy with 12.8 per cent 
Al in the upper temperature range (right up to 550°, 
Kurnakov point for the 2Fe,Ai phase) must be due 
to disintegration of the alloy to 


type, while the varia- 


4. An isothermal variation in the H, and R 
properties of the alloy with 12.8 per cent Al occurs 
at temperatures below Kurnakov point in the ordered 
phase of the ape,ai_ type, which is not in agreement 
with the Taylor- Jones diagram, according to which 
in this range there should be a homogeneous long- 
range order of the @peai type. In this range it is 
probable from theoretical calculations [16] that 
there may occur disintegration to &reAl. 


Translated by V. Alford 
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MICROSTRUCTURE OF THE X-RAY K-ABSORPTION SPECTRA OF THE METAL 
iN THE RANGE OF HOMOGENEITY OF TITANIUM NITRIDE* 
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(Received 2 January 1961) 


xperimental investigation has been made of the microstructure of the K - absorption edge 


of titanium in a number of nitrides containing from 11.7 to 22.4 wt.% nitrogen, and an attempt 
has been made to interpret them. One possible way of explaining the concentration dependence 
of the microstructure of the edge is that, unlike the carbides of this metal which were investi- 
gated previously, there is a considerable proportion of the ion bond of the component in 
titanium nitrides, and that this diminishes with transition from the phases with insufficient 
nitrogen to compounds of stoichiometric composition. Analysis of the electrical resistivity and 
microhardness measurements of the same phases in the range of homogeneity of the nitride 


bears this out. 


Some time ago the results were published 
[1-3] of a systematic X-ray spectral analysis of 
titanium carbide containing 9, 12, 14, 16, 19 and 
20 per «ent C, i.e., preparations whose compositions 
lie in the range of homogeneity of the phase with 
the face-centred cubic lattice of the NaC] type. It 
was shown that the microstructure of K- spectra 
does not depend on carbon content and remains 
practically unchanged throughout the range of con- 
centrations investigated. The exception was the 
preparation with 9 per cent C, in which some 
deviations were found [3] from the general nature of 
the spectral distribution of the absorption coeffic- 
ient. These appeared to be connected with the fact 
that this preparation corresponds to the lower limit 
for the existence of the phase with the face-centred 
cubic lattice. In a carbide of this composition the 
longwave maximum in the initial range of absorption 
degenerates into an outcrop. 

The invariability of the spectral pattern of 
titanium carbide in its homogeneous range, which is 
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evidence of the preservation of the nature of the 
bond in the lattice, is in very good agreement with 
the measurements of microhardness in titanium 
carbide in the homogeneous range [4], from which 

it follows that hardness diminishes in a linear 
manner with reduction in carbon content. Its extra- 
polation to zero carbon content gives a value which 
is almost the same as the microhardness of titanium. 
It is thus suggested that when the carbon content 

of titanium carbide varies, the interatomic bond is 
of a metallic nature and it is only the strength of 

the bond which changes. 

In the system titanium - nitrogen there is a 
phase TiN, which is homogeneous in the range from 
30 to 50 at.% nitrogen and which has a face- centred 
cubic lattice exactly like that of titanium carbide. 
Interest therefore attaches to the systematic X-ray 
spectral analysis of specimens in this homogeneous 
range at very small intervals of nitrogen concentra- 
tion. If a series of similar spectra with the same 
titanium absorption edge in carbides were studied, 
it should be possible to reveal the finer differences 
in the electron structure of the nitrides and carbides 
and this should explain some of the existing 
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differences in the physical and chemical properties 
of these compounds which are in evidence despite 
their crystallo- chemical similarity. 

The titanium nitride preparations in the homo- 
geneous range were produced from pure metals under 
conditions which provided for satisfactory exclusion 
of oxygen and carbon. Such a method has been des- 
cribed in [5]. The preparations contained 11.7, 12.8, 
14.7, 15.4, 17.5, 18.1, 18.8, 20.6, 21.2 and 22.4 per 


cent nitrogen. For the purpose of identification all 


the preparations were given an X-ray phase analysis. 


In all cases the results indicated that there was only 
one phase with a face-centred cubic lattice of the 
NaC] type, the parameter of which, in accordance 
with the information in paper [6], increased almost 
monotonically with increase in concentration of 
nitrogen atoms from 4.212 to 4.235 kX. The X-ray 
spectral analysis was carried out on a sharp focus- 
sing spectrograph which has been described in [7]. 
The crystal analyser used was a crystal plate cut 


along plane (1011) and bent through a radius of 


260 cm in a crystal holder on four supports using the 
“pure bend” method. The linear dispersion was 

2.5 X/mm; the resolving power was of the order of 
5000. The spectra were recorded photographically. 

To determine the wavelength of separate points 
of the titanium absorption edge in the compounds, 
lines Kg, As andL.,, Au in the second order reflec- 
tion were used as the comparison lines. Energy was 
determined with a precision of approximately 0.2 eV. 
As was explained in the previous series of experi- 
ments, the maximum density of the absorber was 
around 5 mg/em. It was maintained constant for all 
the nitrides studied. Fig. 1 shows the averages 
taken from 3-4 measurements of each titanium 
absorption spectrum in the nitrides with different 
nitrogen contents. 

Analysis of these curves was approached from 
the generally accepted fact that the microstructural 
features of the main K-absorption edge in transition 
metals is due to transitions from the ls electrons to 
free energy levels beyond the Fermi surface, which 
have s, p and d symmetry. The nature of the distri- 
bution of the absorption coefficient in the region of 
the main edge is therefore in a general case depen- 
dent on the following facts: 1) the extent to which 
the 3d-, 4p- and 4s- bands of the absorbant atom are 
filled with their own electrons and with those which 


have transferred from the metalloid at the expense 
of the chemical bond; 2) the different density 
states in these bands; 3) the extent of overlapping 
of the s, d and p bands in the solid or the type of 
hybridization of the s, d and p orbits due to the 
degree of probability of corresponding transitions. 
The absorption intensity in the 3d- band here 
will to a very great extent be determined by the 
degree of overlapping of these levels in the p 
electron states both of inherent (4p) and metalloid 
(2p) origin. The participation of the p state in 
hybridized ¢dsp-band should decrease as the lattice 
parameter of the nitride increases, as a result of the 
drifting apart of the shells of interacting atoms and 
the reduction in the overlap of the corresponding 
bands. On the other hand, it ought to increase as 
the concentration of nitrogen atoms increases. In 
any event, the active participation of the 2p function 
of nitrogen in the Ve-N bond, which was suggested 
as long ago as 1953 [8], was quite recently con- 
firmed experimentally [9, 10] and theoretically [11]. 
The crystal structure of titanium nitride has 
only one, an octahedral co-ordination of titanium 
and nitrogen atoms, in which the titanium atom is 
in the centre of the octahedron and is connected by 
3ix simple bonds with the nitrogen atoms in the 
points of the octahedron. According to Kimball (12! 
this co-ordination is appropriate for the electron 
configuration of the hydbridized functions of atoms 
which form a type d?sp? lattice. If the concentration 
of nitrogen atoms in the nitride phase is reduced 
while the octahedral co-ordination is maintained, 
this may cause a relaxation of the participation of 
the p functions, a reduction of their impurity in the 
d-band and consequently, reduction in the absorp- 
tion coefficient in the corresponding spectral range. 
As one can see from Fig. 1, this does actually 
take place in all the compositions of the nitride 
phases, including the two last ones which contain 
21.2 and 22.4 per cent nitrogen, although the latter 
almost precisely corresponds to the stoichiometric 
composition of titanium nitride. Comparing the 
curves in the same illustration it can further be 
seen that the course of the absorption coefficient 
in the initial stage of the main edge in the compound 
with 11.7-18.8 per cent nitrogen, is smooth, very 
nearly an arc tangent curve and that in these 
regions it is not dependent on nitrogen concentration. 
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FIG. 1, Absorption spectra in nitride 
phases of titanium with varying nit- 
rogen content. 


In the nitride with 20.6 per cent nitrogen a bulge 
can already be seen in the initial stage of the edge. 

Subsequent nitrogen saturation and transition 
to the stoichiometric nitride is accompanied by a 
further variation in the absorption coefficient in the 
first stage. A “white” line appears whose origin 
must be related to the capture of ls titanium 
electrons from its K-level in the process of the 
excitation of X-ray photons, by the vacant 3d 
levels of the hybridized dsp energy band in the 
lattice. This can be interpreted as an indication 
that when the nitrogen content of the phase is in- 
creased and the empty parts of the lattice are filled, 
the proportion of p states grows with the formation 
of a combined dsp band, with the probability of the 
transfer of a ls electron to the band range corres- 
ponding to the position of the 3d energy level of 
titanium. 

In a roughly qualitative form it can be repre- 
sented that the configuration d’sp’ is only satisfied 
for stoichiometric composition when all the empty 
sites (pores) of the lattice are occupied by nitrogen 


atoms. Another possible explanation of the con- 
centration dependence of the microstructure of the 
titanium K-absorption band which is observed in 
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FIG. 2. Dependence of electrical volume 
resistivity of the nitride and carbide of 
titanium in the homogeneous ranges: 
TiC; 2 TiN. 


nitride phases with varying nitrogen concentration, 
may be that there is a significant ion component in 
the bond and that this diminishes on transition from 
the phases with insufficient nitrogen to the 
stoichiometric compositions. This proposition is 
supported by certain considerations [10], in parti- 
cular the measurements of the electrical properties 
and microhardness of the nitride phases of titanium 
in the homogeneity range of the nitride. 
Investigation of the variation of microhardness 
of phases in the homogeneous region has already 
been made in [13]. Here it was shown that the course 
of the microhardness differed from the usual one 
for metallic compounds, titanium or zirconium car 
bides for instance [4, 14, 15], and that this dif- 
ference increased as the nitrogen concentration in 
the lattice decreased, which might be attributed to 
increase in the proportion of the ionic bond. Similar 
conclusions might be drawn from a comparison of 
the variations in electrical resistivity in titanium 
carbide and nitride with increase in the concentra- 
tion of the metalloid in the homogeneous range. 
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According to the data obtained by Lvov, Nemchenko, It must be noted that the existence of part of 
Verkhoglyadova and Samsonov (Fig. 2), the resist- an ionic bond in titanium nitride is confirmed by 


ance of TiC varies linearly, which indicates that paper [16] in which it was found that the inherent 
the atomic interaction is of a metallic character. At conductivity at elevated temperatures was of a 
the same time the variation in the resistivity of the semi- conducting nature. 


nitride has a non-linear course, which is evidence 
of a change in the nature of the bond in the lattice 
with variation in the nitrogen atom concentration. 


Translated by V.Alford 
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VARIATION IN THE DENSITY OF ZINC UNDER 
THERMAL CYCLING* 


V.A. LIKHAYEV and G.A. MALYGIN 
Physico- Technical Institute, Academy of Sciences USSR 


Some of the reasons for internal thermal 
stresses are known at the present time [1]. Some of 
them are only connected with the rate of change of 
temperature (ordinary thermal stresses), while others 
are related to the range of change in temperature 
(stresses which arise as the result of anisotropy of 
thermal expansion, difference in voluine change of 
the phases, phase transformation etc.). It is the last 
type of internal stress which, under thermal cycling, 
causes fatigue. This phenomenon has been the sub - 
ject of a number of investigations in recent times. 
The works published have mainly been devoted to 
thermal fatigue due to ordinary temperature stresses. 
However, fracture may also be due to other thermal 
stresses, the microstructural stresses of thermal 
anisotropy for instance [2, 3] to which attention is 
not usually paid. Among other things metals and 
alloys which have anisotropy of the coefficient of 
therma! expansion are widely used in atomic power 
(uranium, zirconium) and other branches of industry 
(titaniun, magnesium and others). 

Existing methods of studying thermal fatigue 
are restricted to visual observation of micro- and 
macrocracks, or to calculating the number of cycles 
required for fracture. They do not, however, provide 
an opportunity to study the kinetics of fracture. In 
some works a study has been made of the deteriora- 
tion of mechanical properties with increase in the 
number of thermal cycles [4, 5], which means that 
there are local defects and which is accompanied by 
considerable statistical scatter. The method pro- 
posed in paper [6] is interesting. Here the degree of 
fracture is assessed from the change in the dura- 
bility of the specimen. By this means it is possible 


* Fiz. metal. metalloved., 12, No. 3, 365-371 (1961). 


(Received 24 January 1961) 


to make a qualitative study of the “loosening” of 
the material under thermal cycles, but it requires 
very protracted experiments. The methods of in- 
vestigating thermal fatigue so far proposed do not, 
therefore, provide an opportunity for revealing the 
kinetics of disintegration of the material, nor do 
they make it possible to determine the average 
change in properties throughout the material as a 
whole. In our opinion, in addition to the existing 
methods of studying thermal fatigue it is necessary, 
as has been done by a number of authors [2, 3], to 
draw on experiments in which a study has also 
been made of the changes of physical properties — 
density and volume resistivity, as these are the 
characteristics which relate to the whole volume of 
the specimen. 

As has already been stated, secondary internal 
thermal stresses due to thermal anisotropy, differ- 
ences in the thermal expansion of the phases etc., 
may be the reason for the fracture of metals under 
periodic changes of temperature. A feature of this 
type of fracture is that it develops statistically 
evenly throughout the whole volume and not only on 
the surface layers as in the case of ordinary thermal 
stresses. It would therefore be of inestimable value 
to find a method of measuring density which would 
reveal the kinetics of fracture from the development 
of porosity (even by indirect methods). 

In the present work an investigation was made 
of the change of density in a number of anisotropic 
polycrystalline metals and their alloys under 
periodic changes of temperature. In papers published 
previously [7] a study was made of the microscopic 
pattern of the deformation of the grains of some 
anisotropic metals (Cd, Zn, Te etc.) and alloys 
(Cd-Sb) under repeated periodic changes of temper- 
ature. The writers of the paper noted the formation 
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of a large number of slip lines across the grain, the 
extension of boundaries and the formation of cracks. 
They noted that microscopic deformation decreased 
with increase in the degree of texturization. In some 
works [8,9] a direct study was made of the density varia- 
tions in uranium under thermo- cycling, but the 
information published is contradictory. Some of the 
authors [8] indicate that the change observed is not 
very great and that it is due to impurities, while 
others [9] found a colossal drop in density. In the 
latter paper it was found that the cyclic variation of 
temperature in the a- phase range (heating to 550- 
500°) caused porosity to develop in texturized 
uranium (0.1 per cent carbon), accompanied by a 
density drop which was 8 per cent after 5000 cycles. 
Thermo - cycling with the 8 y transformation 
caused a considerable change in the density of the 
specimen, 30 per cent after 1000 cycles. It ust, 
however, be noted that in this work induction heat- 
ing was used, so that, besides the microstructural 
stresses due to anisotropy of the thermal expansion 
of the grains of polycrystalline uranium, the ordinary 
temperature stresses were also in operation (due to 
rapid heating). Actually, when the rate of tempera- 
ture variation was increased, according to the 
authors there was a considerable drop in density 

(6 times). It is thus not possible from the information 
given in these papers to decide whether it is only 
the anisotropy of thermal expansion of the grains in 
the metal which are the reason for the change of 
density under thermal cycling. But, as theoretical 
calculation shows [3], elastic stresses arising 
around the common boundary of two anisotropic 
grains will be quite considerable and may, if repeat- 
ed many times under periodic thermal changes, be 
the reason for fracture and drop of density [2, 3]. 

In the present work a study was made of the 
variation of density under cyclic changes of temper- 
ature in a number of anisotropic metals (cadmium, 
zine and tin) and their alloys (cadmium- zinc. cad- 
mium-tin). The periodic heating method [10 does 
make it possible to get rid of stresses due to temper- 
ature gradient across the section. For this purpose 
cyclic thermal variations were created by transferr- 
ing the specimen in the course of a few seconds in 
oil, from one temperature zone to the other (minimum 
temperature in all the experiments was 10°). The 
specimens spent 2 min in each zone. They were 


6 mm in dia. and 100 nus long. The percentage drop 
in density was measured by the differential hydro- 
static weighing method (precision 2 x 107° per cent) 


RESULTS AND DISCUSSION 


Our experiments indicate that if the coefficient 
of thermal expansion is anisotropic this may cause 
a considerable reduction of density. With other 
conditions equal, the extent of the density drop may 
vary from material to material and this variation 
will be in direct ratio to the degree of anisotropy, 
as it is the latter which determines the magnitude 
of the true stresses. The figures in Table 1 and 
Fig. 1 indicate this. 


TABLE 1. Maximum stress around the boundary 
between two grains when a temperature 
of 1° is used. 


Metal 


Uranium 
Zinc 
Cadmium 
Tin .0506 


From Fig. 1 it follows that after 3000 cycles 
the density of zinc will be reduced by 0.45 per 
cent, and 0.1 per cent for cadmium, while that of 
tin remains unchanged. The maximum microstructural 


stresses vary from material to material in the same 
order of sequence (see Table 1). It must be noted 
that the density drop depends on the plastic pro- 
perties of the material. As cadmium and tin are 
more ductile than zinc then their disintegration will 
occur more intensively. To study the influeace of 
various parameters (range of temperatures, texture 
etc.) subsequent experiments were carried out on 
zinc as the maximum variation in density is 
observed here. 

As the extent of the stresses is proportional 
to the temperature range [11] itis quite natural for 
the density drop to be closely dependent on this. 
Fig. 2 shows the percentage change of density as 
a function of the number of periodic heatings over 
various temperature ranges, which includes periodic 
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FIG. 1. Dependence of percentage change of density 
on number of thermal cycles for anisotropic materials. 


S 
Gy 


S 
fo 


© 

a0 

5) 

~ 

Q 

© 

> 

- 


i 
S 


000 3000 
No. of cycles 


FIG. 2. Percentage change of density in zinc at 
various temperature ranges. 


cooling in liquid nitrogen. It can be seen that at 

AT = 50° it was not generally significant, while at 
AT = 100° it was not very large but increased rapidly 
after this as the temperature range was raised. Up to 
about 2000 cycles the density variation is linearly 
dependent on the number of thermal cycles, but 

after this it is more abrupt. Sometimes this deviation 
from straight line dependence occurs earlier, even 
after 1000 cycles. According to Fig. 2 the density 
drop after 1000 cycles at AT = 200 is 0.26 per cent, 
and at A7 = 100 it is only 0.005 per cent with the 
same number of cycles. The temperature range thus 
has a considerable influence on the change of den- 
sity. The gradient of the curves in Fig. 2 to the 


abscissa axis was selected as the characteristic of 
the influence of temperature range. However, as we 
have said, when the number of cycles exceeds a few 
thousand there is a slight departure from straight 
line dependence. When the change of density is not 
very big, therefore, the following formula can be 
used to express the influence of the number of 
cycles on the density of the specimen: 


Pn = Po (1~ 6n), 


where @ is the gradient and n is the number of 
cycles. We have called coefficient @ the coefficient 
of disintegration, as it characterizes density drop 
per number of cycles, i.e. the disintegration of the 
material. Fig. 3 shows its dependence on the tem- 
perature range. The data in Fig. 3 gives one the 
idea that there is some A7 value in the region of 
50- 100° which is the limiting one, in that below 
this value temperature density will remain unchanged. 
If the temperature range is above this limiting 
value a much more rapid density drop with the same 
number of cycles will be observed. Even a slight 
increase in the maximum temperature of the cycle 
will in this case cause iutensive fracture. If the” 
upper temperature is raised from 150 to 200° for 
instance, this will cause the rate of density change 
to increase by 6 times, and 4 raise from 100 to 15u 
will cause an increase of 11] times. 
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FIG. 3. Dependence of the coefficient of 
disintegration on the range of tempera- 
tures in zinc. 


The influence of temperature range can be 
demonstrated even better if we calculate the number 
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of cycles which at given \7 would cause a pre- 
mature drop of density. In this case the character- 
istic will be similar to specific characteristics like 
proof stress and limiting creep stress which have to 
allow a certain margin. 
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FIG. 4. Damageability curve for zinc under 
thermo-cycling. 

Along the ordinate axis in Fig. 4 is plotted the 
temperature range which causes a 0.01 per cent vari- 
ation in density in the given number of cycles. This 
could be called the damageability curve as it is 
similar to that which is obtained under ordinary 
mechanical fatigue. It can be seen from this illustra- 
tion that there is a limiting temperature range below 
which no noticeable change of density will occur 
however high the number of cycles. By analogy with 
ordinary mechanical fatigue this can be called 
thermal] fatigue point. 

in a theoretical analysis |i1; of the temper- 
ature range which causes stresses sufficient to 
exceed the crystallographic yield point of a 
grain, a value of the order of several degrees is 
obtained. For zinc the temperature range which is 
sufficient to create stresses equal to the yield point 
of the polycrystal as a whole is 80°, which is in 
very good agreement with data in Fig. 4. Actually, 
as fatigue is caused by variable plastic deformation, 
disintegration will remain only slight until the 
majority of the grains have become plastically de- 
formed. Thus yield point will be the stress at which 
all the grains are plastically deformed and for this 
reason periodic heating above the the maximum value 
of AT = 80 will cause a noticeable drop in density. 

In Fig. 2 one of the curves shows the percent- 
age drop of density in a specimen which had under- 
gone periodic cooling below room temperature in 


liquid nitrogen. Although the number of cycles was 
only about 600 it can be seen that the curve lies 
only just below a similar curve relating to periodic 
heats above room temperature (\7 = 200°). This 
indicates that disintegration is more closely con- 
nected with the temperature difference than with 
the range of test temperatures. It is thus due to 
thermal stresses and not to quenching with the sub- 
sequent coalescence of vacancies. Indeed, if it were 
a vacancy mechanism which was responsible then 
there would not be any particular change of density 
when testing in liquid nitrogen. 

As we said above, the writers of the papers in 
[7] emphasised that internal plastic deformation is 
considerably reduced in specimens with clearly 
expressed preferred orientation. We decided it would 
be interesting tu find out whether the density drop 
also conformed to this law. For this purpose a 
series of specimens were produced with different 
degrees of texturization, and were then tested by 
the method described above. 

Fig. 5a shows the variation in the length of 
these specimens under thermal cycling, and Fig. 5b 
shows the density drop. Despite the enormous dif- 
ference in texture which causes a difference in the 
magnitude and even the sign of the coefficient of 
growth, it can be seen that the effect of density 
drop remained almost the same in all three speci- 
mens. Only a slight difference was observed when 
changing to the more highly texturized specimens. 
This is not in agreement with the previous micro- 
scopic observations [7] and indicates that there is 
considerable disintegration in all states of the 
material. Similar results were produced by us and 
also in [3]. 

According to our work, the disintegration 
period increases the whole time with the number of 
thermo-cycles. The pattern is exactly the same, 
but rather more definite, with the reduction of den- 
sity which takes place under ordinary temperature 
stresses (due to temperature gradient). In aluminium 
for instance, the density drop with number of cycles 
takes place according to the quadratic parabola law. 

It can therefore be said that under thermo- 
cycling the rate of disintegration gradually in- 
creases in all cases. This actually occurs in pure 
metals, but is not observed in two-phase alloys 
which are as a rule subject to other laws of 
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FIG. 5, Dependence of texturization of zinc specimens: 
a — on deformation; b — on relative change of density. 
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FIG. 6. Percentage reduction of density in a 
cadmium - zinc alloy. 


deformation and thermal fatigue (when this is due 
to microstructural stresses of thermal anisotropy). 
As an example Figs. 6. and 7 show the change 
of density in two phase eutectic alloys of cadmium 
with tin and with zinc. In the cadmium-tin alloy it 
can be seen that density drops very rapidly by 
about 0.22 per cent and then it remains constant 
for at least 2000 thermal cycles. The coefficient of 
disintegration also declines gradually in the 
cadmium - zinc alloys: after the first 800 cycles 
density has diminished by 2.8 per cent then after 
the next 800 cycles it only falls by 0.7 per cent. A 
detailed discussion of the behaviour of two-phase 
alloys lies outside the scope of the present work 
and we have only presented these data as an illust- 
ration of the different laws of fracture which main- 
tain in alloys as opposed to pure metals. We also 
hope to draw attention to the fact that, as follows 
from a comparison of the data in Figs. 6 and 1, 


AT=IEOT 


Relative change in density 


QO 400 80 12001600 2000 
No. of cycles 


IG. 7. Percentage change of density in a 
cadmium -tin alloy. 


that the combined effect of density drop may be 
considerably greater for alloys than for the pure 
metals of which they are composed. For instance, 
cadmium and tin hardly show any change of density 
at A7 = 150° while the alloy with 60 per cent Cd + 
+ 40 per cent Sn shows a density change of 0.22 
per cent after 1000 thermal cycles. After 2000 
cycles at A7 = 150 zinc suffers a density drop of 
0.1 per cent and the alloy 50 per cent Zn + 50 per 
cent Cd suffers a drop of 3.7 per cent, i.e. 37 times 
higher. This may be a serious obstacle to the prac- 
tical application of two-phase alloys. 


CONCLUSIONS 


1. Anisotropy of the coefficient of thermal 
expansion may be the reason for the considerable 
density drop which occurs under thermal cycling. 
The density change is closely dependent on the 
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3. The laws of structural disintegration of 
two - phase alloys are different from those obtaining 
for pure metals. The coefficient of disintegration is 
usually higher in alloys than in pure metals. 


parameters of the thermal cycle and veries very 
‘little when the state of the material is varied 
(texture). 

2. This methed of studying density prevides a 
deeper understaading of the kinetics of disintegration 
of the material under thermal fatigue and explains 
the role of various parameters ‘hich influence 
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fracture from this cause. 
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HALL EFFECT IN THE METAMAGNETIC ALLOY MnAu,* 
A.I. KARCHEVSKII and V.I. NIKOLAYEV 
(Received 10 January 1961) 


Using two specimens of the metamagnetic alloy MnAu, at room temperature, investigation 
has been made of the dependence of Hall e.m.f{. and magnetization on magnetic field. Our 
earlier conclusion [1] has been confirmed, namely that in metamagnetic materials Hall e.m.f. 
is defined by exactly the same equation as in the case of ferromagnetic materials. 


The increasing interest paid in recent years to 
the study of the different properties of the alloy 
MnAu, is due to the metamagnetic behaviour of this 
substance. \hen the magnetic field is strong 
enough the alloy transfers from the anti- magnetic to 
the ferromagnetic state. 

In [1], from the results of the investigation of 
Hall effect in MnAu, in a wide range of temperatures 
and magnetic fields, the conclusion was drawn that 
in metamagnetic materials it is defined by exactly 
the same equation as in ferromagnetic ones [2, 3] 


e= Rol + Ryl. (1) 


(ey is all e.m.f. related to a unit of current den- 
sity and a unit distance between the Hall electrodes, 
Ry is the “classic” Hall constant; Ry is ferro- 
magnetic Hall constant; / is the magnetization of the 
substance; // is true magnetic field in the specimen). 
In [1] however no direct experimental confirmation 
was given for the accuracy of this equivalent for 
metamaznetic materials, due to lack of data on the 
intensity of magnetization of ilall specimens. 

In [4] it was found that Hail e.m.f. in the alloy 
Mn-Au, at room temperature is dependent on the inten- 
sity of magnetization of the specimen. It appeared 
that when MnAu, transfers from the antimagnetic to 
the ferronagnetic state the gradient of the curve 
ey(/) ic reduced three times. From this the writers 
of [4] came to the conclusion that Hall effect is of 
a different origin in antiferromagnetic and ferro- 
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magnetic states. This is wrong, as the salient 
point on the eg (/) curve is due to the fact that in 
MnAu, Hall e.m.f. has two components, only one of 
which is proportional to magnetization [1]}. 

In the present work, which is essentially a 
continuation of [1], Hall effect and magnetization 
uas been investigated on the same VMnAu, specimens 
at room temperature, with the purpose of checking 
the accuracy of equation (1) for metamagnetic 
materials. The MnAu, specimens at our disposal 
were the same as have been described in detail in 
the preceding article [1]. For the measurement of 
Hall effect the ordinary compensation circuit with 
d.c supply was used; magnetization was measured 
by the ballistic method. Magnetic field was created 
by means of an electric magnet which could pro- 
duce a magnetic field of up to 45 k-oersted in a 
volume of 1] cm’. 

Fig. 1 shows curves for the dependence of 
magnetization of Hall specimens on magnetic field. 
They allow for the demagnetizing factor. Despite 
the considerable care which was exercised in the 
preparation of the specimens the magnetization 
figure is very different in specimens 1 and 2 
(Fig. 1). Attention is drawn to the rather high 
paraprocess susceptibility which is roughly the 
same for both specimens. The experimental Hall 
e.m.f. dependence curves measured at room temper- 
ature on specimens | and 2 in external magnetic 
tields of up to 36 k-oersted, are shown in Fig. 2. 
In plotting these curves a correction was introduced 
for the demagnetizing factor of the plates, which 
was assumed to be 47. The steep incline of the 
linear part of the curves eq() in strong fields is 
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FIG. 1. Magnetization of specimeus | and 2 of the alloy 
MnAn, with magnetic field. 
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FIG. 2. Dependence of Hall e.m.f. in specimens | and 2 
on magnetic field. 


due to the classic additive effect, and also to constants — are only dependent on temperature. 

paraprocess. Coefficient R; can be found from the relation- 
As evidence ot the applicability of equation ship: 

(1) to metamagnetic materials it is sufficient to a. (2) 

show that the coefficients Ry and R; — the material 
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Dependence of ey — R; =\ ey (classic additive effect) on 
magnetic field. Specimens i and 2. 


where the e end |... values can be found in 


‘extr 
the extrapolations of curves ep(//) and KH) from 
the paraprocess iange to field 1 = 0. The same 
defines quite clearly the additive effect, which is 
proporticnal to magnetization. It must be emphasized 
that these curves should be plotted in dependence 
on the true field in the specimen. 

The “°; values for specimens 1 and 2, cal- 
culated from (2), are 19 x 10°*° and 15.5 x 107% 

V -g- 
A.G. 

Using the Ry constant found and the curves in 
Figs. 1 and 2, the term R,/ proportional to magneti- 
zation can be withdrawn from Hall e.m.f. and the 
classic additive effect can be separated. As can be 
seen from Fig. 3, the depencence ey — Ry = \ey 
is defined very well by the straight line Ry H where 
R,.= constant. This is also to be expected in the 
case where equation (1) is applicable for the defini- 
tion of Hall effect in metamagnetic materials. 

The fact that the term \ep (/) is linearly 
dependent on field is, in our opinion, also con- 
vincing evidence of the identity of the mechanism 
of Hall effect in the alloy MnAu, in both the ferro- 
magnetic and antiferromagnetic states. 

It must be noted that constant R° (20°C) = — 


~2.8x 1072 is about twice as high 
A. oersted 


as the 2, value calculated from measured fall 
effect and paramagneti* susceptibility at tempera- 
tures above + 300°C [1]. This is because the con- 
stant Ry is dependent on temperature. This makes 
temperature measurements of Hall effect and 
magnetization on the same specimens of particular 
interest. 

We consider it our pleasant duty to express 
our gratitude to Academician I.K. Kikoin and 
Yu.Vi. Kagan for discussing the results with us. 


Translated by V. Alford 
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TEMPERATURE GXIDATION OF REFRACTORY ALLOYS 
IV. ALLOYS GF TANTALUM ITH TITANIUM AND 
TANTALUM WITH TUNGSTEN* 
R.F, VOITOVICH 
Institute of Powder Metallurgy and Special Alloys, 
Academy cf Sciences Ukr. S.S.R. 
(Received 31 january i961) 


This work sets out the results of the investigation of the corrosion resistance of alloys 


of tantalum witb titanium and tungsten. 


Little information is available on Ta- base 
alloys. Systems containing tantalum have usually 
been studied where the compositions have had a 
lower melting point [1]. With titanium and tungsten, 
tantalum forms a continuous series of sclid solutions 
[2, 3]. There is some information available regarding 
the 'attice parameter and microstructure of tantalum - 
tungsten alloys in other published sources [4]. We 
have found no published information regarding the 
oxidation behaviour of these alloys. In (5! it is 
indicated that titanium alloys with 10-60 per cent 
tantalum have good corrosion resistance and a high 
reflection factor. From a study of the influence of 
slight alloying additions of tantalum (0.5, 4.37 per 
cent) on the oxidation of titanium in temperatures 
between 650 and 980° it has been found that the 
corrosion resistance of titanium is considerably 
increased [6}. 

The oxidation kinetics of pure components has 
been studied in [7]. Ve have studied the oxidization 
tendencies of alloys of tantalum with titanium (90, 
70, 30 per cent tantalum) and of tantalum with 
tungsten (90, 70, 30 per cant tantalum) in tempera- 
tures ranging from 500 to 900°. The alloys were 
produced by arc smelting from high purity metals 
(Ta 99.98%; Ti 99.99% and W 99.998% by wt). 
Oxidation was investigated by the usual weight 
method, for a period of 12 hr. 
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FIG. 1. Dependence of hardness 
cn composition: 


1 — Ta-Ti; 2— Ta-¥. 


The hardness curve for Ta-W alloys (Fig. 1) 
shows a clearly expressed maximum which indicates 
a certain increase in hardness over that of the pure 
metals. The oxidation curves of the alloys are 
shown in Figs. 2 to 5. It can be seen from these 
illustrations that features typical of the pure com- 


ponents have come out on the oxidation curves of 
the alloys. The unusual course of the oxidation 
curves in Fig. 3 appears to be due to a change in 


the mechanical properties of the oxide layer. At 
temperatures up to 850° certain periods can be 
distinguished in the course of oxidation. The first 
is characterized by the formation of an oxide film 
which affords some protection, and after this there 
is a sharp increase in the rate of oxidation in an 
almost linear fashion. At 900° the layer of oxides 
can no longer prevent the interaction of the metal 
with the surrounding atmosphere and oxidation takes 


65 
100 
| | 
VOL. a 
Ta 


Oxidation of refractory alloys. 


g.cm=? 
& 


FIG. 2. Oxidation of alloys of Ta- Ti (70% Ta) at 
different temperatures. 


place extremely intensively. These results are 
similar tc those observed during the oxidation of 


pure niobium [8]. As regards its oxidation behaviour, 


structure and the composition of the oxide phases 
formed and their general chemical and physical 
properties, tantalum is known to be similar to 
niobium ||. Therefore, as in the case of niobium 
oxidation, these results can be explained by the 
appearance of tensions in the oxide layer with sub- 
sequent spalling, which leads to the intensive form- 
ation of scale. 

On the other hand, the phase transformation 
aWO, + a’WO,, which takes place in pure tungsten 
and is the reason for its very strong tendency to 
scale formation, also takes place in its alloys with 
tantalum. Extremely rapid increase is observed in 
the rate of oxidation at 600 -700° about 5 hr after 
commencement of the test (Fig. 4). This does not 
occur if the tantalum content is high. Scale form- 
ation occurs smoothly throughout the whole range 
of temperatures. The oxidation curves of tantalum - 
tungsten alloys are subject to the parabolic rate 
law throug out the process of oxidaticn, and for the 
tantalum - titanium alloys this is only so in the early 
stages. The constants of the parabolic rate law are 
set out in the table in the co-ordinates. ln K — +, 
while the temperature dependence K Ae—8/R7 is 
shown in Fig. 6a-b. 

As with pure tungsten, in its alloy with 30 per 
cent tantalum a salient point can be seen at 700°, 
which is due to phase transformation in the oxide 
layer — the formation of the stable phase a’WQ,. 
The In K — 1/7 dependence for the alloy with 70 per 
cent tantalum is shown by the two straight lines 


FIG. 3. Oxidation of Ta-Ti alloys (30% Ta) 
at different temperatures. 


with the bend around 600° It is suggested that the 
abrupt increase in the rate of oxidation of the alloys 
above 600° is due both to phase transformation in 
the tungsten oxides and in the tantalum; it is 
typical of the change of mechanical properties in 
the oxide layers. As can be seen from this illust- 
ration higher rates are typical of the early stages 

of the process (dotted lines for alloys Ta (70 per 
cent) + W and Ta (30 per cent) + W). 

It follows from Fig. 6b that the alloy contain- 
ing 30 per cent tantalum oxidizes more intensively 
than tungsten. From the theoretical point of view, 
if slight additions of tantalum are made to the 
tungsten, this should increase its rate of oxidation. 
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TABLE 1. 


Temperature 
position 
wt.% Ta 


500—900 
4900 500—650 
650—900 
4990 500—700 
59600 700—900 
39700 500—900 
5600 500— 800 
993000 800—900 
31800 500—900 


Ta — W(90%) 
Ta — W(7L%) 


3.01 X 103 
4,27x i075) 
6.81073 | 
| 7.42 x 1079 | 
3.01 | 
4.86 | 
10x 1977 
1.83 
4,93 


29800 


Ta — W(39%) 


Ta — Ti(90%) 
Ta — Ti(70%) 


Ta — Ti(30% ) 


~ 
GH 


| 


g.cm~? 


4 95x10 
Ga 


hr. 


FIG. 4. Oxidation of Ta-¥ (70% Ta) 
at different temperatures. 


Actually, the main oxides forming in the process of 
the oxidation of the alloy (WO, and Ta,0;) are 
deficit semiconductors with a surplus of anion 
vacancies [10]. Partial solution of the Ta,O; in the 
“O, causes an increase in the latter in the number 
of anion vacancies and, consequently, this promotes 
the more intensive oxidation of the alloy: 


WO + (gas); 


Ta,O; Ta@’ (W) — 
Ta@’ (W) = Ta,0, + 22 


It is interesting to note that at temperatures 
right up to 850° the alloy containing 30 per cent 
tantalum oxidizes less than pure titanium in both 
the early and later stages. 

As shown by our thermo-chemical calculations 
(Fig. 7)and also the results of the X-ray structural 


FIG. 5. Oxidation of Ta-W (30% Ta) 
at different temperatures. 


analysis of the oxide phases, when the alloy tan- 
talum-titanium is oxidized, it is mainly Ti®,, Ti,O, 
and the tantalum oxides Ta,0, which form in the 
layer ofthe multi-phase oxide and, inthe course of 
oxidation, part of this is restored to the free metal. 

The rate of oxidiation of the titanium is depend- 
ent on the concentration of anion vacanies accord- 
ing to the equation: 


+O+1/,0, (gas), 


where ()° is an oxygen anion vacancy; © is an 
electron. 

Intrusion of the pentavalent tantalum cations 
in the lattice Ta20s 2 2Ta @° (Ti) 
and Ta @° (Ti) Ta,O; + O-+- 1/20; 
(gas), where fa @° (Ti) is an intruded impurity 
cation of high valency, will cause a reduction in 
tne oxygen ion vacancy concentration and con- 


sequently, a reduction in the rate of oxidation. 
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FIG. 6. Dependence of the constants of the rate of oxidation of the alloys on temperature: 


a—Ta —Ti; O—Ta—Ti (30%Ta); A—Ta—W(70%Ta): —Ta-W;: 


log Xp 


100 


&73 1073 °K 


FIG. 7. Temperature dependence of the 
equilibrium constants of the oxidation - 
reduction reactions which occur during 
the oxidation of Ta-Ti alloys: 
1 — 10Ti+ 3Ta,O, 2 6Ta+ 5Ti,0, ; 
2-—5Ti,O, + Ta,O,; 2 2Ta+ 10TiO,; 
3—3Ti+ 2 2Ta+ 4 — 
5Ti + 2Ta,O, 2 4Ta + STiO,; 5 - 
STiOs + Ta,O, 2 2Ta+ STiO,, 


As can be seen from Figs. 8a-b, the rate of 
the tantalum content dependence of the rate of 
oxidation of ailoys of tantalum with titanium and 
with tungsten remains the same for both alloys. 

Alloys containing 10 per cent titanium or tung- 
sten will oxidize more intensively than the pure 
tantalum, and the oxidation resistance of the alloys 
will increase monotonically with further increase in 


J—Ta. 


the content of the alloying element. The rate of 
oxidation of tantalum is determined by the con- 
centration of anion vacancies 


TO,0; 2-O0° +O+%/,0, {gas). 
The intrusion. of tetravalent titanium cathodes into 
the Ta,0, lattice wil! cause an increase in the con- 
centration of anion vacancies and increase in the 
rate of oxidation of tantalum, according to the 


equations: 
TiO, 2 Ti@’ (Ta) — 
Ti@’ (Ta) TiO, + 200°+%20», 


where Ti @‘’(Ta) is an intruded impurity cation 
of low valence. 

Thus, additions of up to 10 per cent of titanium 
or tungsten to tantalum will cause a reduction in 
its resistance tc oxidation. On the other hand, 
small] quantities of tantalum cause a considerable 
reduction in the intensity of scale formation on 


titanium. 
CONCLUSIONS 


Investigation has been made of the kinetics of 
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FIG. 8a. Ta-Ti. Dependence of oxidation 
on tantalum content. 


high temperature oxidation of alloys of tantalum 
with tungsten and with titanium in the temperature 
range 500-900° and equations have been deduced 
for their temperature dependence. 

It has been found that if tantalum is alloyed 
with titanium or tungsten (right up to 10 per cent) 
this will cause an abrupt increase in the intensity 


of oxidation; smal] additions of tantalum cause a 


FIG. 8b. Ta-W, Dependence of oxidation 
on tantalum content. 


considerable increase in the oxidation resistance 
of titanium. 

If tantalum is alloyed with tungsten or 
titanium this will cause an increase in its resis- 
tance to oxidation only where the tungsten or 
concentration is above 25 per cent. 


Translated by V. Alford 
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Information has been obtained regarding the dependence of volume resistivity in two- and 
three - phase alloys of TiC-WC-Co on cobalt content and‘ heat treatment. The figures obtained 
indicate that the cobalt is soluble in the TiC phase and that for alloys where TiC/WC = 0.19 
this solubility is around 2 per cent at 1200°. In the presence of the structurally free tungsten 
carbide the titanium phase is subject to tensile stresses. 

The dependence of tensile stress in bending and of hardness on cobalt content has been 
found for the alloys where TiC /WC = 0.19 and 1.765. 


A large number of works have been devoted to 
the study of the structure and properties of alloys 
on the basis of tungsten carbide and titanium carbide 
{1, 7]. A number of investigators [2, 5, 6] have 


found that in WC -Co alloys the cobalt is arranged 
in the form of a film which isolates the tungsten 
carbide grain. The nature of the distribution of 
cobalt and the structure and physical and mechani- 
cal properties of alloys of TiC-WC-Co have been 
studied very little indeed. 

The present work sets out the results of the 
investigation of the structure of TiC- WC -Co alloys 
and of their properties in relation to composition 
and heat treatment. For the investigations two series 
of alloys were used with constant content of the 
carbide phase in each series with the cobalt con- 
centration varying from 0 to 30 per cent’. In the 
first series the concentration of titanium carbide 
was about 16 per cent and in the second it was 
about 64 per cent of the carbide phase. In the first 
case the carbide phase consisted of structurally 
free tungsten carbide and the saturated solid solu- 
tion of WC in TiC, while the second consisted only 
of the solid solution of WC in TiC. 

The alloys were prepared by the usual powder 


* Fiz. metal. metalloved., 12, No. 3, 382-388 (1961). 
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metal process. Specimens with up to 1 per cent 
cobalt were produced by hot pressing. The sintered 
specimens were free of pores and contained no 
structurally free carbon. They were homogenized 
and quenched. The annealing treatment consisted 
of 2 hr soaking at 1200° in a hydrogen atmosphere 
and cooling in the furnace at the rate of 40-50° per 
hour to room temperature; quenching; heating in a 
hydrogen atmosphere to 1200°, soaking for 2 hr and 
then cooling in oil with a temperature of 20°C. 

In the WC phase and WC solid solution in TiC, 
grain size hardly varied at all with variation in 
cobalt concentration or heat treatment. The average 
grain size of the \C phase was 2.28 py and of the 
TiC phase it was 2.5 p in the first series and 3.0y 
in the second. The sintered, annealed and quenched 
alloys were examined metallographically and by 
X-ray. Besides this electrical volume resistivity, 
microhardness and ultimate tensile stress in bend- 
ing were also determined. 

Electrical resistivity was measured by the 
usual compensation method in a double bridge 
circuit. Ultimate tensile stress in bending was 
found on a universal testing machine type R-5 with 
support spacing of 30 mm. Microhardness was inea- 
sured on a PMT -3 tester with a load of 50 g. The 
X-ray photographs were made in RKD and URS-50 
cameras in cobalt radiation. 

The graph in Fig. 1 shows the dependence of 
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electrical volume resistivity in alloys TiC - ¥C-Co 
on the concentration of the latter. Curves 1 to 3 are 
for alloys with a two-phase structure: the solid 
solution WC in TiC and the Co-base phase (TiC/WC 
ratio 1.765). Curves 4-6 are for alloys whose 
structure consists of three phases: structurally free 
tungsten carbide (WC phase), solid solution WC in 
TiC (TiC phase) and Co- base solid solution (Co-(). 
The ratio of the titanium carbide to the tungsten 
carbide in this series was 0.19. 


FIG. 1. Dependence of electrical volume 
resistivity in titanium -tungsten -cobalt 
solid solutions on cobalt content and 
heat treatment: 
TiC/WC — 1.765: 
1 — sintering; 2 — annealing; 3 — quenching. 
TiC/WC — 0.19: 
4 — sintering; 5 — quenching; 6 — annealing. 

The quenched alloys have the maximum elec- 
trical resistivity andthe annealed ones the minimum. 
The volume resistivity curves of the alloys after 
sintering occupies an intermediate position. The 
electrical volume resistivity of alloys which did not 
contain cobalt was practically independent of the 
method of heat treating. As the cobalt concentration 
increases the difference in the electrical resistivity 
values of the quenched and annealed alloys in- 
creases, and at 30 per cent Co it is about 10 pQ.cm 
(curves 2,3) for the upper series, and about 
15 m&cem for the lower series (curves 5, 6). 

In two-phase alloys (TiC/WC ratio 1.765) 
electrical resistivity diminishes as the cobalt con- 
tent increases. The dependence of electrical volume 
resistivity on cobalt content in the series of alloys 
containing structurally free tungsten carbide (curves 
4-6) is of a more complex nature. I[f the cobalt 


content is increased from 0 to 4 per cent this will 
cause an abrupt drop in volume resistivity from 
68.8 to 40.8 4 2.cm, while further increase in cobalt 
content has practically no effect on the resistivity 
of alloys which have undergone annealing (curve 6). 
In the quenched and sintered alloys it gradually 
increases with the increase of cobalt content. The 
dependence of electrical volume resistivity on 
cobalt content is determined both by the composition 
of individual phases and by their quantitative ratio 
and the nature of the distribution of the structural 
components. 

To find out the influence of composition and 
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FIG. 2. Influence of cobalt content and heat 
treatment on lattice parameter of the solid 
solution TiC -WC (TiC/WC = 0.19): 

1 — sintering; 2 — annealing; 3? — quenching. 

heat treatment on the structure of the alloys the 
X-ray diffraction method was employed. The data 
thus obtainec are set out in the table and the graph 
in Fig. 2. 

The quenching and annealing of alloys with 
6 per cent TiC in the carbide phase cause a 
substantial change in the lattice parameter of the 
Ti phase (solid solution of tungsten carbide in 
titanium carbide), while increase in the cobalt 
content is accompanied by a certain reduction. 
This means that the Ti phase does not undergo 
any change in the process of quenching and 
annealing. 

In alloys with 16 per cent TiC in the carbide 
phase (three - phase structure) annealing causes 
a reduction in the lattice paraineter of the Ti phase 
from the level which maintains in the quenched and 
sintered alloys; this difference increases as the 
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TABLE 1. X-ray analysis data 


Lattice parameter of 


solid solution Co, 
KX 


Lattice parameter of | Lattice parameter 
solid solution TiC — WC, of WC, 
Co KX KX 


content 


| lanneal- 
sintered | quenched | annealed ed |siatered 
| 


quenched 


| 
la = 2.898/a = 2.899) -- 
= 2.831] — 


| 
annealed | 
} 


* 


.290, 
308, 


312, 


291, 
.299, 
| 4 | 

305, 07, | — 
304, | = | | 
= 2.833) 3.582 | 3, 


| 


| 
99) 


a= 
2.831) 


8 
= 


2. 


302, 


> 


309, 
.309. 
"3099 | 4. | | 
2965 5 | 4.295, 
.294, . 293, + | | 
294, | 4.293, | — 13.553 
“291. | 999, | 3.566 | 3.553 
.293, 3,563 | 3.555 
291, "568 | 3.555 


3.553 | 


* 1 - 9 alloys with TiC/WC ratio = 0.19 
** 10 — 18 — alloys with TiC/WC ratio = 1.765. 


cobalt concentration diminishes (Fig. 2). 

The curves for the dependence of the lattice 
parameter of the Ti phase on cobalt concentration 
in quenched and annealed alloys consists of two 
sectors. The rise in the curve corresponds to the 
increase in cobalt concentration from 0 to 2 per cent 
and the slight fall corresponds to the further in- 
crease. The saddles probably indicate the maximum 
solubility of cobalt in the WC solid solution in TiC 
which is about 2 per cent at 1200°C. This is in 
agreement with the figures regarding the solubility 
of cobalt in TiC and WC carbides. The solubility of 
Co in TiC, which varies with temperature, is about 
11 per cent at 1250° (8]; in WC Co remains prac- 
tically insoluble right up to a temperature of 1300° 
[6]. There are no figures available in published 
literature regarding the solubility of Co in TiC-WC 
solid solutions. The low lattice parameter figures 
for the TiC-WC solid solution in alloys with up to 
1 per cent cobalt which were the result of hot 


pressing carried out at temperatures higher than the 
sintering temperature of the alloys may be due to 
the increased WC concentration in the TiC - WC 
solid solution. 

Sintering had no effect on maximum of solubil- 
ity, i.e., this remained practically independent of 
temperature. Therefore the reduction in the para- 
meter of the Ti phase on annealing cannot be attri- 
buted to a drop in the solubility of the cobalt. The 
suggestion could be made that the variation in the 
parameter on annealing was due to precipitation of 
solute tungsten carbide on homogenization, as the 
sintering temperature of the alloys, 1500-1600°C, 
is considerably higher than the annealing tempera- 
ture of 1200°. However, a reduction in the amount 
of WC dissolved in TiC is known [9] to cause an 
increase in the lattice parameter of the solid 
solution on the basis of titanium carbide, which is 
also confirmed by the figures in the present work. 
When alloys which have structurally free tungsten 
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carbide are annealed therefore, there will be no 
precipitation of cobalt and WC but a reduction in the 
lattice parameter of the TiC phase which will pro- 
bably be due to relief of thermal stresses. 

The alloys investigated consist of three 
structural components, a plastic phase on the basis 
of cobalt, tungsten carbide and TiC phases whose 
coefficients of thermal expansion are, according to 
published data, 12. 5 x 10°® [10}, 5.4 x 10-* [2] and 
7.42 x 107* (11) respectively. In alloys which do not 
contain structurally free tungsten carbide the « arbide 


phase is known [7] to form a continuous “frame work”. 


\t about 70 per cent WC or more the alloys consist 
of three phases: structurally free tungsten carbide, 
*C solid solution in TiC and a cobalt phase. If the 
structurally free tungsten carbide is increased to 
10-50 per cent (15-20 per cent TiC) the continuous 
bond between the carbide grains is broken although 
the aggregates of titanium phase grains in which the 
\C phase is included, are preserved. 

The coefficient of thermal expansion of the Ti 
phase is considerably higher than that of the \C 
phase. The titanium phase is subject to tensile 
stresses while the WC phase is subject to compres- 
sive stresses. ilomogenization causes a relief of 
stresses which is accompanied by ea reduction in the 
lattice parameter of the TiC phase and increase in 
that of the \C phase (Table I). The reduction in the 
lattice parameter of the coupling phase in the alloys 
of the first and second series after annealing, is due 
to precipitation of solute \, Ti and C. 

The nature of the dependence of electrical 
volume resistivity on cobalt content can be under- 
stood from the \-ray diffraction analysis. In two- 
phase alloys consisting of grains of C solid solu- 
tion in TiC with intermingled inclusions of the Co- 
base phase, electrical volume resistivity gradually 
diminishes as the cobalt phase concentration in= 
creases. This is because the electrical volume 
resistivity of the latter is lower than that of the 
carbide (TiC - VC). When the alloys are quenched 
the concentration of the Co- base solid solution 
increases. This also causes an increase in lattice 
parameter (see Table I) and electrical volume re- 
sistivity. 

As the cobalt concentration increases, the in- 
fluence of the binding phase increases and the 
difference between the electrical resistivity of the 


Properties of TiC - WC -Co alloys 


quenched and annealed alloys becomes greater. 
After sintering an excessive amount of solute com- 
ponents is observed in the binding phase of the 
alloys and their electrical resistivity curve occupies 
an intermediate position between those of the 
quenched and annealed alloys. 

The complex nature of the dependence of 
electrical volume resistivity in three-phase alloys 
(Fig. 1, curves 4-6) on cobalt concentration may 
be revealed from a discussion of the X-ray dif- 
fraction analysis data. The abrupt drop in electrical 
resistivity when the cobalt concentration changes 
from 0 to 4 per cent may be attributed both to relief 
of thermal stresses in the carbide phase as a result 
of increase in the ductile component (Co- base 
solid solution), which will cause stress relaxation, 
and also to reduction in the concentration of tung- 
sten carbide in the TiC-NC solid solution when 
the cobalt content is increased from 0 to 1 per cent. 
The increased electrical resistivity which occurs 
when cobalt content is increased above 4 per cent, 
may be attributed to the fact that electrical volume 
resistivity of the carbide phase (WC) is lower than 
that of the binding phase, and consequently increase 
in the amount of the latter will be accompanied by 
an increase in the electrical resistivity of the alloy 
as a whole. 

The minimum on the electrical resistivity/ 
cobalt concentration curve may be due to the fact 
that increased cobalt concentration wili on one 
hand cause a reduction in the electrical resistivity 
of the alloy as a result of relief of thermal stresses, 
while on the other hand, it will cause an increase 
as a result of increase in the concentration of the 
structural component with the higher resistivity. 
When the alloys are quenched the amount of the 
solute tungsten carbide increases and this causes 
an increase in the lattice parameter of the cement- 
ing phase and in its electrical resistivity. 

The strength and hardness of powder metal 
alloys is dependent on a number of factors; micro- 
structure, cobalt content and composition of the 

carbide phase. Figures regarding the dependence of 
tensile strength in bending and hardness on com- 
position are set out in Figs. 3 and 4. In Fig. 3, 
besides the hardness of the two- phase and three- 
phase alloys TiC-¥C-Co, figures are also given 
for WC -Co alloys. The graphs were plotted in the 
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co-ordinates UTS in bending- cobalt content in 
volume per cent. 

The structure and composition of WC-Co alloys 
has been studied very thoroughly in anumber of works 
(1, 2, 5, 6]. WC-Co alloys consist of solid and 
brittle crystals of tungsten carbide surrounded by a 
ductile cobalt phase. The curve for the dependence 
of tensile strength in bending on these alloys passes 
through a maximum (Fig. 3, curve 1). This maximum 
may be attributed to the fact that the fine interlayers 
of cobalt in the alloy are joined by tungsten carbide 
crystals. This causes their plastic deformation to be 
retarded and leads to embrittlement [12]. If the cobalt 
content is increased this will cause an increase in 
the depth of the cobalt interlayers and greater ductil- 
ity. Increased ductility reduces the danger of local 
stress concentration [5] and promotes greater 
strength. The extremely high ductility due to in- 
crease in cobalt content is accompained bya reduc- 
tion in strength as a result of plastic deformation. 


0, kg/ram?* 
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FIG. 3. Dependence of tensile strength in bending 

in tungsten-cobalt and titanium - tungsten - cobalt 
alloys on cobalt content: 

1 — tungsten-cobalt; 2 — titanium-tungsten - cobalt 

(TiC/WC = 0.19); 3 — titanium -tungsten -cobalt 
(TiC/WC = 1.765). 


Unlike the WC-Co alloys noted above, the two- 
phase and three-phase TiC -VC-Co alloys have a 
continuous carbide phase (solid solution TiC - VC), 
which in the first case includes a Co-base solid 
solution, and in the second a solid solution and 
structurally free tungsten carbide. 

It can be seen from Fig. 3 that the shape of 
the curve for the dependence of tensile strength in 
bending on cobalt content in the three-phase WC - 
TiC - Co alloys (curve 2) is exactly the same as 
that for WC-Co alloys. Curve a passes through 
a maximum. This similarity in spite of the con- 
siderable difference in the structure of the alloys, 


may be attributed to the fact that in both cases in- 
creased cobalt concentration causes increase in 
ductility, which is accompanied by stress relaxation 
and promotes greater strength in the alloy. The 
difference consists in the fact that the breaking 
stresses arise in \C - Co alloys in the cobalt inter- 
layers and in the TiC-‘C-Co alloys they arise in 
the carbide phase. The reasons for the reduced 
strength of low cobalt alloys "C-Co and TiC-¥C- 
Co are different. In 8C-Co alloys (curve 1) the 
ductility of the cobalt interlayers is almost com- 
pletely held up as a result of their blocking by 
grains of the \C phase; in the TiC-NC-Co alloys 
(curve 2) it is dueto stresses arising in the carbide 
phase as a result of the difference in the coeffi- 
cients of thermal expansion in the 'C and TiC 
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FIG. 4. Influence of cobalt content and heat 
treatment on hardeness of titanium-tungsten- 
cobalt alloys: 

1 — TiC/WC = 1.765; 2 — TiC/WC = 0.19; 
(\ sintering, x -- annealing, O — yuenching) 


phases. 

In the two- phase TiC -WC-Co alloys, which 
consist of a TiC phase and a Co- base solid solu- 
tion, there are practically no thermal! tensile 
stresses in the carbon phase and higher cobalt 
content does not cause increased ductility as long 
as the continuity of the carbide “framework” is 
preserved. The strength of these alloys remains 
practically unchanged right up to 15 vol. per cent 
cobalt (20 wt.per cent). Further increase in cobalt 
content causes disruption of the carbide network 
which leads to higher strength. 

In both the two- and three - phase WC- Ti€'-Co 
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alloys hardness diminishes with increase in cobalt the cementing phase. 


content almost linearly (Fig. 4), and it is virtually 


independent of heat treatment or the composition of 


Translated bv V. Alford 
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The diffusion of molybdenum has been investigated in iron and its binary alloys containing 


5 at.per cent each of cobalt, silicon, chromium, tungsten and vanadium. Specimens with diffusion 


lavers underwent cold hardening by upsetting. Microhardness measurements showed that plastic 
deformation is not uniform throughout the layer. The sectors with the lower molybdenum con- 
centration underwent a higher degree of work hardening. Plastic deformation of the diffusion 


layer promotes the creation of more uniform properties throughout. 


Diffusion metallization ieads to the creation of 
surface layers which have high physical and 
mechanical properties. ilardness and strength are at 
& maximum where the concentration is at a maximum. 
It is very desirable to work out a production process 
which will cause uniform properties throughout the 
layer. The present paper sets ‘out the principles of 
one possible method of carrying out this treatment. 

Tamman [1] has compared the influence of 
different alloying elements on the properties of 
ferrite. Austin [2] and Bain [3] have shown that 
alloying additions usuaily cause an increase in the 
hardness of ferrite in the annealed state. The 
hardness of alloyed ferrite has been studied with 
respect to the type of lattice, atomic radius and 
maximum solubility of the addition agents. In works 
by Austin [2, 4], Lacy and Gensamer [5], and 
Shteinberg [6] and others, it has been found that 
alloyed ferrite may be hardened both by plastic 
deformation and heat treatment (“phase work 
hardening”). Soviet investigators have carried out 
a number of works to find out the physical factors 
which accompany the strengthening of alloyed a- 
iron [7, 8]. It has been found [7] that iron is usually 
work hardened to a higher degree than the alloys. 
This is due to the greater tendency to strengthening 
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of the latter due to the presence of static distortions 


in the crystal lattice caused by solute atoms of the 


alloying elements. The static distortions which ‘190 
arise on plastic deformation, joined with the ones 
already existing will cause a definite degree of 


strengthening. “here there are high static distortions 


due to alloying, increase in static distortions due to 
deformation will be considerably less. From this 
premise, using plastic deformation it should be 
possible to level out the difference in the strength 
characteristics across a diffusion layer, the con- 
centration of which becomes less in the direction 
of diffusion, while its tendency to strengthening on 
deformation will increase. 

ln the present work microhardness has been 
selected as the hardness indicator. Compared with 
ordinary strength characteristics microhardness is 
known to be more sensitive to the concentration of 
alloying components in alloys and to their work 
hardening on plastic deformation. The distribution 
of microhardness through a diffusion layer of 
molybdenum in a- iron seems comparable with that 
of the concentration of molybdenum which has been 
assessed by calculation from the diffusion coeffi- 
cient of molybdenum in a- iron. 


MATERIALS AND EXPERIMENTAL 
PROCEDURE 


Diffusion pairs consisting of plates of armco- 
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iron, and iron base binary alloys were used for the 
investigation. Between them was placed a molyb- 
denum foil 0.04-0.05 mm thick. The binary alloys 
each contained 5 at.per cent cobalt, silicon, chro- 
mium, tungsten and vanadium. The prepared pairs 
were joined together by spot welding in a hydrogen 
atmosphere without fusion. Diffusion annealing was 
carried out in a sealed quartz tube with a vacuum at 
1250° for 10 hr. The vacuum system was cooled 
together with the specimens in air. The molybdenum 
diffused in the iron and its alloys. The dimensions 


of the specimens in the diffusion direction were such 


that for the conditions of annealing selected they 
could be regarded as semi-infinite bodies. It was 
assumed that the diffusion coefficient was not 
dependent on the concentration of the diffusing 


element. 


Ifa small jump of 0.3-0.5 per cent in the inolyb- 


denum concentration on the a-y boundary can be 
ignored, concentration c, at a depth v in the layer 
of a solid sointion through a period of time may be 


expressed by the equation 


where /) is the diffusion coefficient; co is the con- 
centration on the surface, which corresponds to the 
saturation concentration of a-iron with nolybdenum 
at the annealing temperature. Knowing the c, /c, 
ratio from the well-known table [9], it is then. 
possible to find D. From the 7 and co values c,. 
can be calculated for a number of x values, i.e. at 
different points through the layer. The diffusion 
layers were revealed on microsections etched in a 
5 per cent solution of [1NO, in alcohol. 
Microhardness was measured on a PM1-3 
tester with a load of 100 g. Indentations were made 
every 0.02-0.04 mm beginning at the boundaries 
between the molybdenum and iron and molybdenum 
and the binary alloy. The indentations were made 
parallel to the plane separating a series consisting 
of 5-10 indentations each (Fig. 1). For each dis- 
tance x from the interface the arithmetical mean of 
the microhardness figure was determined from 5- 10 
measurements. After microhardness measurement 
eac) Jiffusion pair underwent upsetting in a press 


by 10, 20, 30 and 40 per cent respectively. The 
average degree of deformation was calculated from 
the formula ¢ = ( ho ah x 100) % where A, and A 
are the width of the ‘specimens before and after 
deformation respectively. The mechanical 
characteristics vary most intensively in these 
ranges of ‘deformation [7]. 

After each upsetting the distribution of local 
deformations and hardness across the diffusion 
layers were measured. Local deformation was deter- 
mined by measuring the distance between the series 
of indentations. This kind of assessment has been 
made in (11]. From the resulting figures specific 
microhardness ip was calculated, which 
characterizes the susceptibility of the material to 
work hardening (\/iu is variatioa in microhardness 


after deformation). 
RESULTS AND DISCUSSION 


fhe maximum molybdenum concentration in the 
y and a solid solutions at 1250° on the iron-molyb- 
denum equilibrium diagram [9] is cy = cj, = 2% and 
Co = Cig = 18%. respectively. The depth of the 
diffusion layer was determined as the arithmetic 
mean from measurements made on 15 specimens and 
was found to be 0.35 + 0.02 mm. The diffusion 
coefficient of molybdenum in a- iron was found to 
be (6.6 + 1.4) x 10°® cm?/sec. The distribution of 
molybdenum in the a-iron was calculated from the 
figures for diffusion coefficient and concentration. 

In Fig. 2 the molybdenum concentration is 

shown by the black dots. The light rings on the 
straight line indicate the microhardness figures. 
It would be quite easy to select concentration and 
microhardness scales at which both kinds of point 
plotted very well into the same curve. This means 
that the diffusion coefficient can be found from the 
curve for the distribution of microhardness through 
a diffusion layer. 

Figs. 2 to 7 show curves for the distribution of 
microhardness before and after upsetting by 40 per 
cent, distribution of local deformations after up- 
setting by 10 per cent and distribution of specific 
microhardness. Fig. 4 for the alloy Fe + 5 at.per 
cent Si also shows microhardness curves after 10, 
20 and 30 per cent deformation. Fig. 2 is for the 
case of the diffusica of molybdenum in iron. 
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FIG. 1. Distribution of microhardness across a diffusion layer formed by 
the diffusion of molybdenum in iron and in the alloy 
Fe+ 5 at.% Co; x 120. 


06 


Distance , mm 


FIG. 2. Variation in molybdenum concentration! ° !: 

microhardness before!) and after 40% deformation 

(@), local deformation after 10% (..) and specific 

microhardness after 40% deformation! @/on the dif- 
fusion of molybdenum in iron. 


Figs. 3-7 are for molybdenum diffusion in binary 
alloys of iron with cobalt, silicon, chromium, tung- 
sten and vanadium respectively. 

It can be seen from Figs. 2-7 that the change 
in microhardness is more or less of the same 
character throughout the diffusion layers. It dimin- 
ishes as the molybdenum concentration decreases. 
On average the diffusion layers of molybdenum in 
alloys of Fe + 5 at.per cent Co and Fe + 5 at.per 
cent Si have the greatest microhardness. Of the 
binary alloys the greatest amount of strengthening 
by alloying was achieved in the alloy of Fe + 5 at. 
per cent Cr, which can be attributed to the partial 
quenching of the specimens after they had been 
cooled from the y state. This is in agreement with 


paper [2]. In connexion with the various degrees of 
strengthening possible by quenching it is interest- 
ing to note the irregular nature of the variation in 
microhardness on passing from the diffusion layer 
in a binary alloy or in iron. In some cases there is 
an abrupt drop in microhardness (Figs, 2, 3) and in 
others it diminishes slowly (Figs. 4, 6, 7). When 
molybdenum diffuses in an alloy of iron and chro- 
miun microhardness increases abruptly (Fig. 5). 
The curves showing the variation in local 
deformations across the layer indicate that it is 
the sectors which have the least hardness which 
are deformed most. The curves showing the varia- 
tion in microhardness and specific microhardness 
ae. after upsetting by 40 per cent show the stage 
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Distance , mm 


FIG. 3. Variation in microhardness before( >) 

and after 40% deformation({!), local deform- 

mation after 10%(/\)and specific microhard- 

ness after 40% deformation(4)on the diffusion 
of molybdenum in Fe + 5 at.% Co. 


of work hardening across the specimen. One feature 
is typical for all the materials studied; the sectors 
which have the greatest amount of the solute element 
and consequently the greatest hardness are those 
which are work hardened tothe greatest degree. The 
strength characteristics become levelled out across 
the diffusion layer. But the degree of levelling 
varies for different metals. The greatest levelling 
of microhardness takes place in the diffusion 
layer of molybdenum in the alloy of iron and 
silicon. Silicon and molybdenum create consider- 
able static stresses in the crystal lattice (0.106 
and 0.09 A respectively [7, 12]. For this reason 
the sectors of the layer which are greatly enriched 
by molybdenum are work hardened to a lesser 
degree on deformation than those which have 
little molybdenum. There is very little evening out 
of properties across the section of the diffusion 
layer in the alloy containing vanadium. This is 

in agreement with the information regarding the 

low static stresses created on deformation in 
the crystal lattice of the solid solution of 


vanadium in iron[ 7]. 


Distance , 


FIG. 4, Variation in microhardness before 
deformation( ) after 10! 20(@), 30/2) 
and 40% deformation! «), local deformation 
afterl0( land specific microhardness after 
40% deformation (“) on the diffusion of 
molybdenum in the alloy Fe + 5 at.% Si. 


CONCLUSIONS 


The variation of microhardness is in accordance 
with the concentration of molybdenum throughout 
the layer formed by the diffusion of molybdenum 
in iron. When specimens with diffusion layers are 
deformed local deformation, microhardness and 
specific microhardness (ratio between average 
increase in microhardness and local deformation 
of the sector) vary unevenly across the layer. It 
is the zones with the low molybdenum concentration 
which are most work hardened. This indicates the 
possibility of levelling out the strength character- 
istics across diffusion layers by plastic deforma- 
tion. The levelling is greatest on the deformation 
of specimens with a diffusion layer of molybdenum 
in iron- silicon alloys and least in iron- vanadium. 


Translated by V. Alford 
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FIG. 5. Variation in microhardness 
before! /and after 40% deformation 
{_). local deformation after 10% 
(/\)and specific microhardness after 
40% deformation( 4)on the diffusion 
of molybdenum in Fe + 5 at.% Cr. 


Distance, mm 


FIG. 6. Variation in microhardness 
before( © and after 40% deformation 
local deformation after 10%(/\) 
and specific microhardness after 
40% deformation (*) onthe diffusion 
of molybdenum in Fe + 5 at.% W. 


FIG. 7. Variation in microhardness 
before: © )and after 40% deformation 
{9 )local deformation after 10% (/\) 
and specific microhariness after 
40% deformation (“) onthe diffusion 
of molybdenum in Fe + 5 at.% V. 
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The purpose of the present work was the investigation of the influence of tin to the amount 
of 4 at.per cent (9wt.percent) on the oxidation of titanium in the temperature range 700-1000°, 
and to get further information necessary for an understanding of the mechanism of oxidation. 


The influence of tin on the oxidation of titanium 


has not been studied very much although tin is an 
alloying addition in many titanium alloys produced 
at home and abroad. It is a very desirable addition 
which stabilizes the a- phase, i.e. it provides for 
high temperature stability and good weldability and 
it also improves the workability of alloys with 
large concentrations of aluminium. 

Of the published works devoted to the investi- 
gation of the oxidation ot titanium alloys there is 
only one in which a binary alloy with 11.4 wt.per 
cent tin [1] has beeu studied. In this work it was 
noted that, starting at a temperature of 850°, tin 
greatly increases the rate of oxidation of titanium 
and that the distribution of the oxygen adsorbed is 
such that it all passes into the scale, penetrating 
very little into the metal. In this work it is assumed 
that the process which determines the overall rate 
of oxidation is the ability of the oxygen to diffuse 
into the scale and into the metal under the scale. 
Therefore the ratio between the depth of scale and 
the depth of penetration of the oxygen into the metal 
under the scale will be controlled by the ratio 
between the diffusion capabilities of the oxygen in 
both the solid phases. When titanium is alloyed with 
tin there is an increase in the depth of the scale 
and in the ratio between the depth of scale and the 
depth of oxygen penetration into the metal base. For 
this reason Jenkins attributes the influence of tin 
to the fact that it increases the ability of the oxygen 
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to diffuse into the scale and reduces its ability to 
diffuse into the metal [1]. 

In an earlier work [2], Kann and Knorr, using 
the inert marker method, found a mechanism for the 
formation of scale at temperatures above 1000° 
according to which the titanium atoms are diffused 
through the layer of scale towards the surface 
where they interact with the atmospheric oxygen, 
forming new TiO, crystals. In a paper by Swedish 
scientists [3], who regarded their observations as 
qualitatively in agreement with those in [2], on the 
basis of electron microscope investigations it is 
asserted that it is the diffusion of oxygen which 
plays the predominant role in the process of the 
oxidation of pure titanium, at least at temperatures 
below 1000°. 

On the other hand, from a study of the texture 
of scale formed by the oxidation of titanium in air, 


in steam and in oxygen, Arkharov and Luchkin [4], 
and also Lainer and Tsypin [5], came to the con- 


clusion that it is the diffusion of titanium ions 
which play the predominant part in the process of 
scale formation. Jenkins’ description of the 
influence of tin in the oxidation of titanium there- 
fore requires verification. 

Alloys of the following compositions were 
investigated: 0.01 at.per cent Sn, 1 at.per cent Sn 
and 4 at.per cent Sn. Chemical analysis produced 
a tin content corresponding to 0.02 per cent, 1.65 
per cent and 9 per cent. Sponge titanium type 
TG-00 and tin type 0-2 were used to produce the 


alloys. They were remelted twice in a vacuum 


furnace, forged, rolied and annealed in air. After 


VO) 
191 


Influence of tin on the oxidation of titanium 


—o— +002% Sn 
Ti +165 % 
—4— Sn 


O50? 


700° 
9 time, hr 


FIG. 1. Variation in weight increment in the process of the oxidation of alloys of 
titanium with tin. 


annealing they were planed. Ground specimens At all temperatures the alloys containing 

10 x 10 x 15 mm were investigated. They were put 0.02 per cent and 1.65 per cent tin had an addition 
into a furnace which had been heated up to the test of weight approximately the same as that of the 
temperature. Weighing was carried out on analytical unalloyed titanium. The alloy containing 9 per 
scales ADB-200 which were placed above the cent tin, starting at 700°, showed a weight 
furnace which meant that the specimens could be increment of 20-30 per cent more than that of the 


weighed in the course of oxidation without taking pure titanium. An abrupt increase in the weight 
them out of the furnace. The results were as follows:- increment is observed at 800° (Fig. 1). After 9 hr 
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FIG. 2a. X-ray pattern of layer of scale obtained by the oxidation 
of an alloy of Ti+ 9% Sn at 1000° for 9 hr (texturized rutile). 


K 


FIG, 2b. The same as 2a, Second layer of scale (non -texturized 


soaking et 900° this weight increment was around 
550 per cent that of the unalloyed titanium. Phase 
analysis of the scale and of the metal layer under 


the scale, which was carried out on X-ray apparatus 


URS-50I. showed that under all conditions of 
oxidation the scale on the specimens containing 
0.02 per cent tin consisted only of rutile. The 
scale in the alloy containing 1.65 per cent Sn also 
consisted only of rutile up to 1000°, in as far as it 
was possible to establish this by X-ray analysis. 
At 1000° however, a thin layer of metallic tin is 
detected cn the metal scale boundary. In the alloy 
with 9 per vent Sn, which has maximum rate of 
oxidation, the scale consists of four layers: 


ratile), 


1) texturized TiO,, 2) non-texturized TiO,, 

3) TiO under a layer of TiO, and 4) Sn on the 
boundary with the metal (Figs. 2a-d). Two features 
must be noted which are characteristic of this 
alloy: intensive increase in the TiO layer which 

is the grain layer across the scale; variation in the 
line intensity ratios of the tin and some slight 
shift. 

Calculation made from the electron diffraction 
patterns taken from a specimen after removal of 
the scale show that it is cracked along the TiO 

ayer. The results of the phase analysis are shown 
in Fig. 2 and Table 1. The microhardness measure- 
ment confirm the data [1] which indicate that when 
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TABLE 1, Phase composition of scale formed on alloys 


of titanium with tin. 


Weight per 


cent Sn 


0,02 


Oxidation 
programme 


700° —9 hr 
800° —8 hr 
1000°—5 hr 


700°—9 hr 
800°—8 hr 
1000°—-9 hr 


| 


| Scale - gas boundary 


| 
| 
| 


Place 


Scale - gas boundary 

Scale - gas boundary 

Scale - gas boundary 

Scale - gas boundary, after 
removing TiO, texture 


| 
| Phase composition 
| of scale 


TiOg texture 
TiOg without 


Scale - gas boundary 

Scale - gas boundary 

Metal-scale boundary on 
the metal side 


TiO, 

TiOg 
TiOg texture 
TiOg, Sn 


700°—9 hr 
800°—9 chr 


1000°—0,09 
1000°—0,25 hr 


1000°—0.5 hr 
1000°—] 


1000°—9 


700°—0,5 hr boundary 


Scale- gas boundary 

Scale - gas boundary 

Inner side of removed layer 
of scale 

fetal-scale boundary on the metal 

side 

Scale - gas boundary 

Scale - gas boundary 

Metal-scale boundary 

Scale - gas boundary 

Scale - gas boundary 

Metal -scale boundary 

Scale - gas boundary 


TiO, 
TiO, 
TiOg 

TiO, TiO 


Sn 


TiOg, TiO 
TiOg, TiO 
TiO, 
TiO, 
TiO, Sn 
TiO, texture 


side 


Underlayer of texturized TiO, 
Underlayer of non-texurized TiO, 
On metal -scale boundary on scale 


TiOg without t, 
TiO 
TiO, Sn 


tin is alloyed the penetration of oxygen into the 
metal core is considerably reduced. 

The microhardness measurements are shown in 
Table 2. If the variation of microhardness and 
microstructure are studied it can be seen that in 
alloys with 0.02 and 1.65 per cent tin oxidized at 
900° for 9 hr a zone 0.15 mm thick is formed which 
is saturated with oxygen. The hardness of this zone 
gradually diminishes from 1000 to 321 kg/mm?. Such 
a zone is not formed in the alloy with 9 per cent Sn 
and at a distance of 0.03 from the edge the hardness 
of the metal is around 300 kg/mm?. The penetration 
of oxygen into the metal oxidized at 100° is clearly 
dependent on the quantity of tin in the alloy; in- 
crease in the tin concentration causes a reduction 
not only in the depth of penetration but also in the 
saturation of the upper layer. 

If the macrostructure of the specimens is 
studied a number of characteristic features will be 
noted, which distinguish the alloys with 9 per cent 


tin. In this alloy the scale is of a clearly defined 
cross shape (Fig. 3). The inner part of the specimen 
oxidized at 1000° is filled with scale. The macro- 
structure of the scale on alloys containing 0.02 and 
1.65 per cent tin is no different from that of pure 
titanium. Microlaminations can be seen in the layer 
of scale adjacent to the metal and porosity in the 
zone adjacent to the scale/metal boundary. (Fig. 4). 

In the alloy with 9 per cent tin the new layer 
can clearly be seen on the metal/scale boundary, 
which is 30-40 y thick and has a microhardness of 
around 15-16 kg/mm?. Phase analysis of this layer 
also produced tin reflexes with variable intensity. 
To find out the composition of this layer local 
spectral analysis was carried out which revealed 
considerable enrichment with tin, by approximately 
10 times, in comparison with the non - oxidized 
specimens of the same alloy. 

To study the thin layer a spectrum was excited 
by a weak high frequency spark from generator 
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TABLE 2. Characteristics of scales formed on alloys of titanium with tin 
oxidized at 900 and 1000°. 


| | 
TiO, (Rutile) TiO | Sn _ Metal saturated 


tion | Depth | Depth | 
Depth of | | of Hu of Hu | Depth] 
layer, mm kg/mm! Jayer,! kg/nm? | layer kg/mm? of 


| mm mm | layer, kg/mm? 
| | | mm 


Centre of specimen 


Hu kg/mm? 


Weight per cent Sn 


| | 
0,07 dense 0.09 | 9454795 
0,09 | 795 +321 


U0, 14 dense 1070 .15 |1345--755 
1000°—9y] 0,13 porous 718 386 
0.03 porous 550 321 


| | | 
9000-94 0,05 dense | 945 | | 10.07 |675>458 


| | | ee 386 > 295 


1 65 


441 
386 
0,20 porous. 358 500+310 321 


1000°—9 ul 0.15 dense 945 


gOO°-—9y| (0,15 dense. 945 


239 
0,15 porous 525 


0,93 115.9 10.03 1300 
| 


0,18 dense 945 939 


12 porous . 199 


0,03 ‘ .03 | 300 


| 


FIG. 2c. The same as Fig. 2a. Third layer of scale (TiO). 


PS -39, which penetrated the specimen to a depth tin concentration is considerable at first, of 
of not more than 7-12 yu in a period of about 30sec. course, rutile will be formed, but tin which is 

On the basis of the experimental data obtained, surface - active in relation to titanium (surface 
in juxtaposition with the results in [1], the following _ tension of tin is less than that of titanium) will be 
explanation is suggested for the influence of tin on diffused to the upper layers of the specimen. The 
the oxidation of titanium. results of local spectral analysis confirm the 

When the tin content is low there is practically X-ray analysis information regarding the consider- 
no change in the mechanism of oxidation in the able enrichment of the upper layers with simultan- 
alloy as compared with unalloyed titanium. If the eous tin improverishment of the core. Concentrating 
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FIG. 3. External appearance of specimens of alloy Ti+ 9% Sn oxidized at: 
a — 900° for 9 hr, and b — 1000° for 9 hr; x 2. 


on the X-ray pattern. As diffusion through the 
liquid phase is immeasurably greater than through 
the solid, the sharp increase in the rate of oxida- 
tion of the alloy with the considerable quantity of 
tin, is quite understandable. 

It is possible that the tin, diffused into the 
upper layer from the lattice of the solid solution, 


in the thin surface layer, the tin causes a consider- 
able drop in m.p. and possibly, promotes the fusion 
of this layer [6]. 

Subsequent crystallization when the specimen 
is cooled takes place in a narrow gap. This may 
possibly be due to the change in the intensity ratio 
and to some shift in the lines, which can be seen 
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Influence of tin on the oxidation of titanium 


FIG. 4. Microstructure of scale; x 77: 
a — unalloyed titanium oxidized at 1000° for 9 hr; 
b — alloyed Ti+ 1.65% Sn oxidized in the same circumstances. 


creates vacancies which facilitate the diffusion of 
titanium. Together with promoting diffusion through 
the layer of the liquid phase, this will also lead 

to intensive growth of the TiO layer on the Sn/TiO, 
boundary, i.e., there is clearly defined bilateral 
diffusion, confirmed by a number of structural 
signs [7]. Of course, if the rate of oxidation were 
dependent only on the diffusion of oxygen in the 
scale and the metal under the scale, as Jenkins 
has assumed, then the tin layer would not be found 
on the metal/scale boundary. The absence of a 
layer of metal saturated with oxygen in the alloy 


with 9 per cent Sn and the preservation of saturation 


and the depth of penetration of the oxygen into the 
metal in the alloy with 1.65 per cent Sn probably 
indicates that in the presence of fused tin titanium 
diffusion increase so much that practically all the 
oxygen, diffusing through the scale, interacts with 
the titanium diffusing from the alloy. 


Thus, in our opinion the rate of oxidation of 
titanium between 700 and 1000°C is determined by 
the bilateral diffusion of metal and oxygen and the 
decisive factor here is the diffusion of titanium. +4 
This follows from the fact that when an element 
is introduced into the alloy which, in our opinion, 
increases titanium diffusion, the rate of oxidation 
will increase rapidly. In our case this element is 
tin and the catastrophic oxidation of the alloy of 
Ti + 9 per cent Sn can be regarded as the result 
of increased titanium diffusion in the presence of 


tin. 


Translated by V. Alford 
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OXIDATION MECHANISM OF METALLIC URANIUM* 
A.F. BESSONOV and V.G. VLASOV 
Urals Polytechnic Institute 


(Received 6 February 1961) 


On the basis of kinetic, X-ray and electron diffraction analysis a study has been made 
of the oxidation mechanism of metallic uranium in air and oxygen. The decisive stage has 
been found to be the diffusion of oxygen atoms through the dense layer of uranium oxides. 


A detailed study of the laws governing the pro- 
cesses of oxidation in metals, particularly the 
mechanism, is of considerable practical and 
theoretical importance. It makes it possible to 
arrange production processes in such a way as to 
ensure a product with the maximum possible pro- 
perties, or at least to protect it from most of the 
possible harmful effects. It is for this reason that 
the attempt was undertaken to produce a pattern for 
the oxidation of U in different atmospheres. The 
following methods were used: 

1) The kinetic characteristics of the process of 
the oxidation of uranium in air and in oxygen were 
found at various temperatures and pressures; 

2) X-ray structural phase analysis of the pro- 
ducts obtained at different stages of oxidation; 

3) Electron diffraction analysis of the primary 
oxide film on uranium. 

In discussing the results of the experiments we 
have also turned to the published information on 
this problem. 

Commercially pure metallic uranium 99.8 per 
cent was used for the work. Prior to the tests 
rectangular plates were treated in the following way: 
degreased in benzene, etched in cold conc. nitric 
acid and washed several times in ethyl alcohol. 
After this treatment the specimens were of a silvery- 
white colour which changed rapidly in air to 
yellowy - gold. 

The kinetic part of the experiment was carried 
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out in a high vacuum apparatus of the circulation 
type with an arrangement for the continuous con- 
trol of changes of weight. The sensitivity of the 
quartz weights was 0.166 mg per graduation of the 
microscope. 

A specimen of predetermined surface area was 
weighed on analytical scales and placed in a 
quartz crucible in a reaction tube. After this air . 
was evacuated to p = 10°* mm Hg. Then the reaction 
tube was put into a furnace which had previously 
been heated to the required temperature. The 
temperature was controlled with a precision of 
+ 2°. When the required temperature was established 


-in the reaction furnace the oxidizing gas was intro- 


duced (air or oxygen) under a certain predetermined 
pressure and time readings and measurements of 
weight were commenced. By means of the pressure 


controller the pressure was maintained constant 


with a precision of + 6.5 mm.Hg. 

The oxidizing gas was purified and dried 
according to the method recommended by G. Brauer 
[1]. The true rate of the process was determined 
graphically from the gradient of the tangent to the 
curve for the time dependence of the degree of 
oxidation. The structure of the primary oxide film 
on the uranium was studied by means of a MIM-3 
microscope and EM-4 electron diffraction apparatus 
[2]. The X-ray structural analysis of the products 
of oxidation was carried out according to the 
Debye-Scherrer method. Microscopic examination 
of the exterior surface of the oxides formed was 
carried out on a PMT -3 microscope. 

The kinetic investigations established that in 
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an atmosphere of dry air at 250- 760°C (Fig. 1) and 
in oxygen at 250- 400°C (Fig. 2) uranium oxidation 
in the first stage is subject to an approximately 
parabolic time law*. 


\m=k, vr (1) 


Here the beginning of the kinetic curve deviate: 
from a straight line, although sometimes only 
slightly, at all the test temperatures used. But at a 
given moment of time, which is dependent on temper- 
ature, the kinetics of the oxidation process begins 
to be defined by a linear time law 


Am=k, t+ (2) 


an 10° mg/cm? 


v=a\p; (3) 


b) where the pressure is less than 200 mm Ig it is 
directly proportional to the pressure of the air, i.e. 


V = G, p. (4) 


he rate of oxidation of uranium in oxygen at 
300°C between 6 and 550 mm ‘Iz is directly pro- 
portional to the square root of pressure. 

The circulation of oxygen in the reaction 
chamber appears to have no influence whatever on 
the rate of oxidation, but the circulation of air at 
a pressure above 200 mm Hg did have a slight 
influence. All the same, pressures below 200 mm Ig 


time, min 


FIG. 1. Isotherms for the oxidation of uranium in air: 
1 — 250; 2 — 300; 3 — 350; 4 -- 400; 5 — 600; 6 — 760°C. 


When uranium was oxidized in air between 400 
and 600°C the following pressure dependences were 
established for the rate of the process’: a) where 
the air pressure is greater than 200 mm Hg the rate 
of oxidation is directly proportional to the square 
root of pressure, i.e. 


* In equations (1) and (2) A m = weight increment in 
mg/cm’. 

"In equations (3) and (4) v = rate of ocidation, 
mg/cm min; a, and a, are constants, p is atmospheric 
pressure in mm.Hg. 


air circulation caused an increase in the rate of the 
process and this effect became heightened as the 
temperature rose. 

Apparent activation energies calculated 
according to Arrenius’ equation are: 

1) for oxidation in air: at temperatures below 
400°C, 18 kcal/mol; at temperatures above 400°C, 
4.6 kcal/mol; 

2) for oxidation in oxygen and temperatures 
below 400°C, 17 kcal/mol; at higher temperatures 
activation energy increases rapidly (Fig. 3). 

Microscopic and electron diffraction analysis 
of the primary oxide layer obtained on the uranium 
at room temperature showed that it has a crystal 
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structure and consists only of uranium dioxide. The 
size of the crystals formed is of the order of 10°* mm 
(2). 


mg/cm 


| 


time, min 


. 2. Isotherms for the oxidation of uranium 
in pure oxygen: 
1 — 250; 2 — 300; 3 — 350; 4 — 400°C. 


3y means of \-ray diffraction analysis the 
following scheme for the sequence of the arrange- 
ment of oxide layers through the scale was con- 
structed for the oxidation of uranium in air between 


260 and 400°C [3]: 


a U0, + 2 U0, + , + 8 UOAU,C, )- 


‘lere it must be noted that a UO,, a UO, + ,,2 U0, 
have a cubic lattice, U,O, is tetragonal, and UO,,,, 
(U;O,) is orthorhombic. 

The powdery and friable external layer of the 
scale consists of U,O,. After careful mechanical 
removal from a specimen oxidized at 350°C, the 
pase predominating on the surface was U,O;. It 
was found under microscope type PMT-3 at 
magnification 475, that the surface was porous. As 
the U,0, oxide is non- stable at temperatures above 


400-500°C, it disintegrates to form two phases, 
§-UO, and U,0, [4], from which it can be assumed 
that at these temperatures the layer of scale which 
is attached firmly to the metal, will consist mainly 
of a cubic phase. 

To resolve the problem of the participation of 
components in diffusion through the forming scale, 
experiments were carried out using platinum wire 
0.02 mm as an inert marker. Under prolonged 
oxidation in air at 350°C it was found that the 
platinum wire remained on the surface of the scale 
formed in the process of oxidation. The “oxidation 
body” produced during the oxidation of the specimen 
is in the shape of a rectangular paralleliped, and 
when produced in air at 350°C it has the character- 
istic cross shape (Fig. 4). 

The oxide film formed on uranium is not 
protective, although it does satisfy the conditions 


[5]: 


where | y is the atomic volume of the metal; ’, is 
the molecular volume of the oxide formed on the 
metal. This is due to the following: 

1) The uranium dioxide formed in air at room 
temperature is coarsely granular; 

2) Bue to the considerable difference in the 
specific volumes of the uranium and oxides (ratio 
between the oxides formed and the original metal 
is 1.96 to 2.6), in the oxide film, firmly attached 
to the metal, considerable phase stresses arise 
which cause spalling and the breaking off of some 
sectors of the outer layer of scale. 

In the process of high temperature oxidation 
not only do diffusion processes occur in the layers 
already formed, but also the continual processes of 
the formation and growth of crystal nuclei of the 
oxide phases due to rearrangement of some of the 
oxide layers to form others, or of the metal in the 
oxide layer. The latter conforms to the principle of 
epitaxial relationship [6]. 

" The oxides UO,, U,O, have a cubic lattice. 
The U,O; structure was obtained by the simple 
addition of oxygen atoms to the U,0, lattice and 
for this reason, in accordance with the principle of 
orientation and dimensional relationships the mutual 
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FIG. 3. Dependence of the log of the rate of oxidation of uranium on 


inverse absolute temperature: 


1 — in air; 


transition of these oxides is comparatively easy. 

A different pattern is observed in the formation 
of the oxide U,0s or of solid sotutions on its base. 
In this case crystallization takes place on a lattice 
of a very different structure [7-9]. The emergence 
of the U,O, phase during oxidation is therefore due 
to increase in the apparent activation energy; the 
kinetic curves are typica! of the autccatalytic 
processes which are connected with the nucleation 
and growth of a new phase [9}. As the specific 
volume of the oxides diminishes in the series UO, 
to U,0, to U,O, [7, 10] then a scale which is 
firmly attached to the metal will be divided into two 
layers: the inner will be dense and continuons and 
the outer will be porous and broken. This is clearly 
visible under the microscope. 

According to Loriers [11} the metal oxidizes 
according to a parabolic law which changes into e 
linear one when the primary, non-porous product of 
oxidation passes into the porous modification as a 
result of the combination of additional oxygen. liere 
it is assumed that the rate of formation of the 
primary layer is inversely proportional to its depth, 
and that the rate of transformation to the porous 
phase remains constant. The oxidizing gas flows in 
a molecular form through the porous layer. The re- 
arrangement of the latter in the friable powdery 
layer of U,O, and its subsequent growth will not be 
considered here for the following reasons: 

1) The rate of oxidation from U 0, to U,O, (at 
all stages of oxidation) is conside:ably less than 
that from UO, to U;0, (also at all :, ages of 


2 — in oxygen. 


oxidation [9}. 

2) Below we shall be mainly interested in the 
dense layer of scale. 

3) The friable U,O0, layer is easily penetrable 
by the oxidizing gas. As, in the temperature range 
under review, the uranium dioxide oxidizes to the 
higher oxides at a practically constant rate [9], 
then it can be seen from the kinetic curves deduced 
above that it is the first layer which has predomin- 
ant growth at the beginning. As the depth of the 


first layer increases its rate of growth diminishes 
so that diffusion of the reacting components through 
this laver to the place where they can interact 


becomes more Cifficult. As a result, the rate of 
growth of the first layer and its rearrangement into 
the second will be comparable, while the depth of 
the first layer will remain constant. Subsequently 
therefore, oxidation will be controlled by the 
diffusion of the reacting components through an 
oxide film of constant depth. This explains the 
reason why the latter stages of oxidation are 
subject to a linear time law. 

Although it will not always be correct to tran- 
spose the data obtained from analysis of the 
oxidation of “free” uranium oxide to the scale, 
nevertheless, comparison of the activation energy 


of the volume self-diffusion of uranium (90-125kcal/ 


mole) and oxygen (29.7 kcal/mole) in the dioxide 
[12], the cruciform shape of the oxidation body, the 
experiments with inert markers, and also the absence 
of porosity in the zone adjacent to the scale - metal 
boundary, all lead one to the conclusion that it is 
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the diffusion of oxygen through the dense layer of 
scale forming which is the decisive process. 


FIG. 4, External appearance of 


specimen of uranium oxidized 
in air at 350 for 4 hr. 


The proportionality of the rate of oxidation of 
uranium to the square root of the pressure of the 
oxidizing gas indicates that the process of the 
diffusion of oxygen through the dense layer of scale 
precedes an act of molecular dissociation to atoms. 
Therefore the oxygen dissolved in the UO, and 
U,0, will be in the atomic state in interstitial! 
sites in the oxide lattices [4, 10, 13]. This means 
that it can be assumed that it is diffused through 
the scale mainly in the atomic state. 

Comparing the values for the apparent activation 
energies of the processes of uranium oxidation 
(17-18 kcal/mole) found in the present work and the 
volume self-diffusion of oxygen in uranium dioxide 
(29.7 kcal/mole [12]), it can be taken that, besides 
the diffusion of oxygen through the interstitial 
lattice sites, a further but less important part is 
played by diffusion along grain boundaries, pores 
and cracks. 

The direct proportionality of the rate of 
oxidation of uranium in air at pressures below 
200 mm Hg must be due to the fact that in these 


conditions the limiting stage will be the supply of 
oxygen gas from the nucleus of the gas flux to the 
outer surface of the dense layer of oxide, partic- 
ularly in the presence of neutral carrier gases like 
nitrogen. This would also explain the influence of 
air circulation in the reaction clamber on the rate 
of the oxidation process. 

A sharp reduction in the apparent activation 
energy of the process of the oxidation of uranium 
in air above 400°C may possibly be due to the 
following: at temperatures around 420°C the metal 
interacts with the nitrogen to form uranium nitride 
and, although the latter easily oxidizes to form 
uranium oxides and free nitrogen (but not oxides of 
nitrogen! ) [13], the surface of the uranium will 
nevertheless be partially screened and inaccessible 
to the oxygen. Due to this there will be a consider- 
able reduction in the rate of oxidation and in the 
value of the apparent activation energy. Another 
possible reason for this is the dissociation of 
U,0, to U,O, and U;0,, which may occur at temper- 
atures above 400°C. 

The sudden increase in the apparent activation 
energy at temperatures above 400°C which is 
observed when uranium is oxidized in an oxygen 
atmosphere, is the result of spontaneous heating, 
i.e. the rates measured actually correspond to 
those appropriate for higher temperatures [14]. If 
the oxidation of uranium is to be assessed accord- 
ing to the system devised by Arkharov and 
Blankova [15] therefore, it falls in category IV -I. 


Translated by V. Alford 
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Calculation has been made of the chemical composition, density and intensity of magnetiza- 


tion of the y’-carbide which is formed as a result of tempering and plastic deformation. The con- 
clusion must be drawn from these calculations that in both cases the carbide phase of iron with 
Curie point 265° has exactly the same composition and similar density and magnetization. The 
electron diffraction pattern obtained from carbide precipitates from tempered and deformed speci- 


mens are also identical. 


INTRODUCTION 


Up to the present time no reliable information 
has been obtained by chemical analysis of the com- 
position of the y-carbide which is formed when high 
carbon steel undergoes a medium temperature teinper- 
ing or plastic deformation, which the cementite is 
lamellar in shape in its initial state. This is due to 
the difficulty of selective dissolution of the carbide 
phases of iron by the electrolytic dissolutioa method 
from low and medium tempered steels. This also 
makes it difficult to get data regarding the other 
properties of the y-carbide. In the present work the 
magnetic analysis method has been used to calculate 
the composition and magnetization of this phase and, 
in conjunction with the hydrostatic weighing method, 


its density. 


EXPERIMENTAL MATERIALS AND 
PROCEDURE 


If no primary phase transformations take place 
when a system is heated, then the change in 
magnetization must only be due to the disintegration 
of the domain structure in individual phases. The 
.aw for the variation of magnetization in a system 
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(and in individual phases) on heating will be the 
same as for cooling, i.e. the /,(¢) curve, which we 
will call the temperature magnetization curve, will 
be reversible. On the basis of this the conclusion 
must be drawn that when quenched carbon steel 
undergoes a medium temperature tempering, and 
when carbon steel with lamellar cementite in the 
initial stage is deformed, the phase composition 
will be characterized not by two phases, but by 
three, cementite, a-solid solution and the carbide 
\Fe,C with a Curie point of 265° (Fig. 1 curves 

1, 3). As these temperature magnetization curves 
are similar in character there is every reason for 
the preliminary qualitative conclusion that a 
medium temperature temper and deformation will 
bring the steel to exactly the same phase com- 
position, that Curie point 265° will in both cases 
be typical for the same phase, and also that the 
presence of a Curie point of 210° in the two temper- 
ature magnetization curves must indicate that there 
is cementite in both these specimens. The temper- 
ature/magnetization curves of medium tempered 
and deformed steel! differ from those of an annealed 
steel (Fig. 1) not only in the new bend in the 
region of 265° (new Curie point) which is not on the 


annealed specimen curve, but also in that they lie 


rather higher than the curve for this specimen. 
It is particularly important that this increased 
magnetization is preserved at temperatures above 
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265° at which the magnetic properties of the carbide 


phases cannot have any influence on the intensity 


of magnetization of the specimen, as they become 


paramagnetic. A higher magnetization figure may be 
due not only to the fact that the amount of a- phase 
in the medium tempered and deformed steel is con- 
siderably greater than in the a- phase of an annealed 
steel (2.5-3 per cent). It also seems important that, 


because of the difference in the stressed state of 
the phases, and in the shape and size of the carbide 


particles in the medium tempered and deformed steel, 


it is not possible to find out the reasons for the 
difference between the temperature /magnetization 
curves of this and the annealed steel (Fig. 1). 
Analysis of these curves shows that there is a con- 
siderable difference between the first two states and 


the annealed one. In the medium tempered and de- 
formed steel there is less cementite and more a-phase 250, 0D 200 300 noe 00 


than in the annealed one, and part of the carbon and 
iron are already to be found in a new carbide phase. 


Further heating causes the temperature/ FIG. 1. Temperature - magnetization curves 
of steel U10: 
1 — after 10 hr tempering at 250°C; 
2-4 — after annealing; 


magnetization curves of the tempered and deformed 
steel gradually to assume the same character as that 


of the annealed steel. Magnetic analysis shows that 3 — after deformation by 50%; 
a gualitative change of the phases takes place: the O — experimental points; 
amount of cementite increases and the amount of X — points calculated according to the 


Heisenberg approximation. 


a-phase diminishes as a result of disintegration of 
the y-carbide. These phase variations, which can 
be seen on the temperature magnetization curve, where AJ. ; is the proportion of magnetization con- 
cannot be attributed to relief of the stressed state of tributed by the i phase to the total magnetization 


the phases or coalescence of carbide particles [1]. of the specimen, /,; is the magnetization of the i 
The similar naiure of the variation on the curves _ phase. 


with increase in heating temperature provides con- The Aj,; value was calculated by analytical 
firmation for our conclusion regarding the identity of extrapolation of individual sectors of the tempera- 
the carbide phases with Curie point 265° which are ture magnetization curve, using the tleisenberg 
formed on tempering and deformation. To obtain approximation [2]. The per cent by volume of the 
further support of this conclusion, in the present y - carbide was calculated from the relation 


work some of the properties of these phases were 


determined. By means of magnetic analysis calcula- P,, = 100 — Pe — Pa (2) 
tion was made of magnetization, density and chemi- 

cal composition of the y- carbide. The quantity of Equation (1) was also used to find the 

all the phases in the test specimens was deter- magnetization of the y- carbide. Calculation of 
mined. To find P, and P, use was made of the phase density was carried out by means of the 


relation relation 


Ad 5 qi 
x 100, (1) d; = (3) 


si 
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where q;, p; are wt. and vol. percentages of the 


phases respectively; d is meag density of the system 


under investigation. 

In our experiments the average density of the 
specimens was determined by the method of 
hydrostatic weighing in distilled water. The com- 
position of the y-carbide can be determined by 
various methods (the amount of the phases is 
expressed in weight per cent). 

First method. If the weight of the y- carbide 
(qg,) is taken to be 100 per cent, then the amount of 
carbon in it 


Acy 


(where c) is the total concentration of the carbon in 
the steel, ‘Ac, is the amount of carbon in the 
cementite, \c, is the amount of carbon in the a- 


solution) amounts to y per cent. From this 


A Cz 


« 10 


q 


= 


The \c, value will be calculated according to 
the stoichiometric formula f'e,C and,the percentage 
weight of cementite — q,, while the).\c, valud oan 
be found from X-ray structural analysis. As the 
formula for the y- carbide has the form Fe,C, then 


the value of the index 
(4) 


Second method. As shown by the experimental 
figures, if a medium tempered or deformed stee! is 
heated to a high temperature this will cause a 
change in phase composition so that: 


[y Fe, C+ Fe, C + Fez (C)] + [Fe,C + Fea (©)], 


and the disintegration of the y- carbide will be 
accompanied by an increase in the amount of 
cementite by the value \g, and reduction of \g, 
in the amount of the a-phase. This means that 
disintegration of the \-carbide takes place 


* and pp, are the atomic weights of C and Fe. 


according to the reaction; 


(4 Fe,C + mFe)~+Fe,C; x+ (5) 


It is clear from the character of the reaction 
(5) that when a gram-molecule of cementite is 
formed m gram- atoms of iron will ve required, so 


that when \q, cementite is formed \q, iron will be 
dissipated. m is found from equation (5). The value 


of the index x in the Fe,C formula will be: 


a Ga 


A 


Steels U-11 and U-13 were used for the 
investigation in the first series of experiments. To 
prevent oxidation pieces 5.5 mm in dia. first « der- 
went heat treatment which consisted of quenching, 
cooling in liquid nitrogen followed by tempering, 
and then specimens 4 mm in dia. were made from 
them for the measurement of density and for the 
temperature/magnetization curve. In the second 
series of tests the material used was normalized 
steel U10 deformed by 55 per cent by drawing 


through a wire die. 
RESULTS AND DISCUSSION 


Density of the yx -carbide formed as a result of 
tempering. From the temperature magnetization 
curves, determination was made of the proportions 
of magnetization introduced respectively by the 
cementite, a- phase and y-carbide, and then, using 
equations (1) and (2) the volume per cent of these 
phases was calculated. Using the figures for the 
density of the test specimens, the volume percent- 
age of cementite and a- phase, and the tabulated 
data for the density of cementite and iron (7.68 and 
7.87 g/cm! (3]) the cight percentages of these 
phases were calculated by means of equation (3). 
The amount of y-carbide was found from an 
equation similar to (2) but given in weight percent- 
ages, while density was found by means of 
equation (3), All the figures are shown in the 
table 1. The U13 specimens underwent the same 
tempering. The figures given in the table are 
averages calculated for 5 specimens. 
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TABLE 1. Heat treatment and density of y - carbide 


Amount of 
carbide 


Treatment 


of test 
Volume Weight % 


| Average 
density 

of 
- carbide 


| Density | Density of 
| \ - carbide 


300°—6 br 
300° JObr 
300° 20 hr. 
300° 50 br. 
350?—-! br 
350° 2 hr 
350° 6 hr 


4 


Steel U13 


4 
6 


Stee] 


} 69 


The average figure for the density of carbide 
taken from all the measurements on both steels is 
6.73 + 0.15 g/cm’. 

Vagnetization of the x -carbide formed as a 
result of tempering. To convert into gauss the 
magnetization of the phases expressed in milli- 
metres on the instrument scale, use was made of 


the relation 


where /. is the magnetization of iron at 0°C in 
gauss, %,,a, is the magnetization of the iron 
and the y-phase in mm at 0°K. ap, (0°K) was 
determined on a specimen of armco- iron. For this 
purpose an experimental curve was plotted in the 
range 20-770°C and analytical extrapolation was 
used ts find the unknown value which in our 
experiments was 322 mm. The average figure for 
the magnetization of the y~-phase, calculated from 
all the measurements, is 875 G; the precision of 
this calculation is + 10 per cent. 

Composition of the y - carbide formed as a 
result of tempering. Using the first method of 
calculation, in the specimens of steel U1] which 
had been tempered at 300°C the carbon concentration 
of the a-solution was 0.1 per cent [4]. The carbon 
concentration of the a- solution was neglected in 
the rest of the specimens and the carbon concentra- 


tion in the y~-carbide was determined according to 


the relation 


Ac, = ¢—Ac,. 


The average values of index x calculated for 
the specimens of stee! U1] which had been tempered 
at 300 and 350°, and in steel U13 were 2.07, 1.84 
and 2.02. To find the composition of the y- carbide 
by the second method, \q, and \q, were calculated 
from the concentration of the a-phase and cementite 
in the annealed and tempered specimens. The 
amount of these phases in the annealed specimen 
was determined by a double method: a) first of all 
the amount of cementite was calculated from the 
carbon concentration of steels Ul] and U13 (1.10 
and 1.29 per cent respectively) and b) it was 
calculated from the temperature magnetization 
curves taken from the specimens annealed to 
granular cementite. The average values of index 
x in the formula of the y- carbide were found in 
this way to be 1.58, 1.84 and 2.03. 

The rather low x value calculated for the U1] 
specimen which had been tempered at 300° is 
probably due to the fact that the density of the 
a-phase in these specimens is somewhat below 
that of pure iron, for which we made no allowance 
in the calculation. If one ignores the specimens 
which were tempered at 300°, then the average for 
index x will be 1.93 calculated by the two methods, 
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TABLE 2 Composition and properties of  - carbide formed on tempering and 
on plastic deformation 


Curie 


Method of producing 
point , °C 


the carbides \ 
| 


Density | Magnetiza- 


(20°) | tion, G Index x 


e/em K | 20°K 


| 
Tempering .. - 265 
Deformation - - 265 


| 
6.73 | 875 | 800 1.9! 
6.95 | 985 | 900 2.23 


and 1.91 if all the figures are allowed for. These 
figures confirm the analogous data obtained regard- 
ing the composition of the carbide yFe,C formed by 
the synthesis of hydrocarbon in the presence of an 
iron catalyst [5) 

The composition and properties of the y - carbide 
formed as a result of plastic deformation were deter- 
mined by a similar method. For this reason we set 
out in Table 2 the final results which show the 
average figures calculated for al! five specimens. 
The corresponding figures are given for the 
x - carbide formed as a result of tempering. 

The differences in the values for the deformed 
and tempered y -carbide are, of course, due to the 
difference in the density of the a- phase in deformed 
and tempered specimens, which are both different 
from the density of iron, which was the figure used 
in the calculation. Despite this, the proximity of 
the composition, density and magnetic property 
figures and the data presented in paper [6], does 
provide sufficient basis for the conclusion that in 
both cases carbide phases of iron of a similar 
nature are formed with a Curie point of 265°C. 

Comparison between the magnetic and electron 
diffraction analyses. It was not our purpose to 
carry out a systematic investigation to establish 
the structure of the y-carbide, but only to show 
how easy it can be to make a qualitative assess- 
ment of the phase composition of tempered and 
deformed steels by using the magnetic method, and 
how laborious this can be when the electron 
diffraction methed is used. 

The test materials used were nickel steel 
(1 per cent C, 4 per cent Ni) and U12 after an hours 
tempering at 400°, and also U12 deformed 50 per 
cent after normalizing. The nickel steel was choser 
because the y-carbide in it is more stable than in 
the carbon steels or in steels which have been 


alloyed with other elements. It can be seen from 
Fig. 2 that the temperature magnetization curves 
are similar for all three specimens, and they 
indicate that there are three phases present, Fe,C, 
yFe,C and a-solution. Besides studing phase 
composition on the bulk specimens, electrolytic 
precipitations were also analysed. Viost of these 
precipitations were used to construct the tempera- 
ture magnetization curves, and the rest were used 
for the electron diffraction analysis. 

The powder was pressed into small rods. From 
these a specimen was made 4 mm in dia. and 50 mm 
long. It was laid in a glass tube and a plug of 
titanium powder was put on the surface. The air 
was evacuated to 10%- 10-4 mm.Hg. After this the 
tube was sealed and the temperature magnetization 
curves were taken. 

By analytical extrapolation*, it can be seen 
that the composition of the precipitates is qualit- 
atively the same as that of the bulk specimens and 
is characterized by the presence of cementite, 

y- carbide and a- phase. The precipitation 

particles from the annealed steel consist almost 
entirely of cementite (curve 4 Fig. 3). The low 
content of a- phase in the precipitation particles 
shows that dissolution here takes place more 
selectively. The similarity in the phase composition 
of the monolithic specimens and the electrolytic 
carbide precipitates shows that the bend which 
occurs on the inverse /,(t) curve in the region of 
265°C cannot be due to the stressed state of the 


cementite. 


* Temperature - magnetization curves were plotted in 
their own scale as they were taken at different 
sensitivity settings on the magnetometer. 
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TABLE 3. Relative line intensity (RLJ) and interplanar distances 
(IPD) for Fe,C and y - carbide 


Fe,C 
U12 10N46 712 
(temper) _ (temper) (deformation) 


Acc, [7] 


app | RLI 


| RL | 


4.85 .85 4.90 } extr.weak 
445 4,40 medium 


~ 


Pil deat dl 


strong 


medium 


medium 
v.strong 


,059 ! v.strong, — v.strong 
extr.strong 2 mediuu | 2.04 | ste.(double))) 2, ( v. strong 
v. strong -Strong | .¢ med.strong | |, v.strong 
strong Istr. (broadened) > sbroadened) a medium 
weak 
weak med. strong 6 weak 
weak -— 6: extr. weak ; weak 
extr. weak _ 
v. strong 1.57 v.strong 
weak v.weak 


HO HD DO NS to to 


v.strong v.weak 
v.weak weak 
weak a medium 
extr.weak v.weak 
medium 
strong : v. strong 


Noon 


1.252] weak 1.23 | 
| v-strong 
1,189 | medium | 
1,159 medium} 
115 | strong — 


As we have said, part of the electrolytic similarity between them cannot be missed. Closer 


precipitates was used for the electron diffraction attention however will reveal that there are a 
analysis. The figures for the relative line intensity considerable number of differences. lor instance, 
and interplanar distances are set out in Table 3 in on the electron diffraction pattern of the precipitates 
which, for comparison, similar data are given for some of the lines for the cementite are missing, 
cementite and carbide, taken from paper [7]. and on the other hand there are lines of strong 

If the electron diffraction patterns of our and medium intensity which are not characteristic 
carbide precipitates are compared with those of of this phase (many of the lines which are very 
cementite given in the same table, then the great close in interplanar distances are different in 


100 
| Acc. [7| 
3 | (PD, RLI | 1p | RL | 
| 4.98 
| = 14,08 v.weak | = - | 
D ying | 3.32 weak | 3.33 | exu.weak 
_ | 2.82 |v.strong,; — 
| trong | 2.52 | veatrong | 2.5! 12.51 | medium | 2.51 | 
| 195 weak | 
16 | weak 
17 09 v.weak | 
18 
20 | 
2 1: 
21 
23 19% 
23 | 1 
24 
2a 1% 
26 |] 
27 
28 | 
29 
31 | = 
1,484] weak | 1.48 | v. strong | 1.48 —- | — 
3411.39 | veweek — weak | 
35 || | medium | 1.30 weak — | 
36 
37 | 
38 | | 
39 
strong 412 v. strong 
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200 


FIG. 2. Temperature - magnetization curves of 
steel U12 and nickel steel: 

1 — U12 after quenching and | hr tempering at 400°C; 
2 — nickel steel (1% C, 4% Ni) after the same 
treatment; 

3 — U12 after normalizing and 50% deformation. 


their intensity). This will undoubtedly be the 
reason why some authors pay great attention to the 
similarity and attribute the differences in the 


X-ray patterns to peculiarites of shape, smallness 


and the stressed state of the cementite particles. 
In this way they deny the existence of the 

x - carbide as an independent phase. Other authors 
on the other hand, pay great attention to the 
difference and point to the difficulty in interpreting 
these electron diffraction patterns due to the close 
similarity between the structures of cementite and 
x - carbide and the fact that these phases coexist 
in the test specimen. Therefore they get no further 
than observing that the y- carbide does exist as a 
different phase from cementite. 

Our data produced by the magnetic analysis 
method provide additional evidence of the accuracy 
of the conclusions drawn by the writers who main- 
tain this view. Vagnetic analysis, which in this 


100 2000 36300 400 


FIG. 3. Temperature - magnetization curves 
of electrolytic precipitates: 
1-3 — the same as Fig. 2; 
4 — U12 after annealing. 


case has high resolving power, does permit a 
definite conclusion that part of the lines observed 
on electron diffraction patterns are typical of a 
phase . ich is other than cementite, i.e. of the 
carbide y -Fe,C. 

Translated by V. Alford 


REFERENCES 


B.A. Apayev, Fiz. metal. metalloved., 9, 3 (1960) 
2. B.A. Apayev and B.M. Yakovlev, Fiz. metal. 
metalloved., 10, 4 (1960). 

. S.F. Yur’yev, Udel’n ob’yemy faz v martensitn. 
prevr. austenita (Specific volumes of phases in the 
martensitic transformation of austenite), 
Metallurgizdat (1950). 

. E.I, Kaminskii and G.I. Stelletskaya, Probl. 
metalloved. i fiz. metal., 1, Trud. TsNIIChM (1949). 

. Z.S. Hofer, E.M. Kohn and W.C. Peebles, J. Amer. 
Chem. Soc., 71, 1 (1949). 

. B.A. Apayev, Fiz. metal. metalloved. 4, 2 (1957). 


. Oketani “Tetsu 150 Kogane”, 42, 8, 676 (1956). 


101 
LISTS | 290 Fs 
295FR 
0 
VOL. 
12 


102 


METASTABLE AGEING PROCESSES IN HEAT-RESISTING 
PEARLITIC STEEL* 
N.F. LASHKO, G.N. OREKHO and N.M. POPOVA 
(Received 5 Uctober 1960) 


When it is desired to create certain states in 
heat-resisting pearlit:c steels which have definite 
strength, ductility, toughness and thermal stability, 
it is usual to use the ability of the carbide phases 
formed im the steel tc retard the development of 
plastic deformation. This ability varies with 
temperature and stressed state. At low temperatures 
it is mainly dependent on the arrangement and 
degree of dispersion of the carbides. For the work- 
ability of these steels at temperatures where the 
diffusion processes of the interchange of alloying 
elements between the solid solutions and the 
carbides take place very intensively, the kinetics 
of the impoverishment of the solid solution and the 
rate of coagulation of the carbides are also import- 
ant. The temperature stability of a pearlitic steel 
working in these conditions will be dependent on 
its initial state, and will determine the rate at which 
the solid solution is denuded of alloying element= 
and the rate of variation of the main parameters of 
the carbide phases (distribution, dimensions and 
themical composition). 

Heat treatment is usually used in an endeavour 
to create the initial structural state of the steel 
which will be appropriate for the lowest rate for 
these diffusion processes to take place. It is here 
frequently assumed that the structural changes 
occur at different rates from the metastable to the 
stable state. It would be more accurate if it was 
assumed that from the metastable to the stable 
state the steel passes by different paths through 
structural wansformations which differ very con- 
siderably from one another. Of these many trans- 
formations it is desirable to select the one at which 


* Fiz. metal metalloved., 12, No.3, 417-423 (1961). 


there is maximum slowing down of the diffusion 
processes. There is greater diversity of the paths 
for structural transitions in the complex -alloyed 
medium carbon pearlitic steels than in low carbon 
ones. If these processes can be controlled the 
temperature stability of the steel can be regulated. 
This is exceedingly important for medium carbon 
steels as diffusion processes take place more 
rapidly in them than in low carbon ones. 

In many pearlitic steels retained austenite is 
formed after quenching in oil, and this differs in 
chemical composition from the original austenite. 
The amount and chemical composition of the 
retained austenite depend on the quenching temper- 
ature and rate of cooling, which predetermine the 
path for the metastable processes of eutectoid 
transformation [1 -3}. 

Natura!ly, having varied the path for the 
formation of retained austenite, it is also possible 
by subsequent ageing to vary the path for the 
carbide transformations. We have studied this kind 
of process already, particularly in steels of the 


30Kh2N2VA type. 
ZXPERIMENTAL PROCEDURE 


For investigation two melts were taken of 
steel type Kh2N2VFA with different carbon content 
(Table 1). 

Forged bars of the steei were first normalized 
at 980°. Blanks from melt No. 1975 were quenched 
from 920° (20 min soaking) and from 1100° (20 min 
soaking) in oil. The blanks from No. 1917 were 
only quenched in oil from 920°. The quenched 
pieces were tempered between 400 and 650°. 
Before testing the No. 1917 pieces were quenched 
from 920° and tempered for 2 hr at 600°. The 


specimens underwent a short-time and long-time 
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TABLE 1. Chemical composition of melts investigated 


Element content % 


0,023 U,UUK 
0,023 | 0,008 
0,023 | 0,008 


f tensile tests on stee] Kh2N2VFA (melt No. 1975) 


various carbon concentrations 


920°—20 
}9 


120° —-20 
11{00°--20 min 
1100°—20 » 
100°—-20 
90: © 500 


? 650° — 
1100°—2v0 §50 
1100?—20 — 10! 
1100°—20 650° —100 


Wechani 
Viechanical characteristics 


tensile test. 

The phase analysis of the heat treated speci- 
mens was determined by analysing anode precip- 
itates obtained by electrolytic dissolution of the 
steel in acooled electrolyte containing 75 g KCl, 


5 g citric acid and 1 |. of water, with c.d. of 

0.02 A/cm?. The structure of the precipitates was 
determined by the powder X-ray analysis method 
and their general chemical composition was found 


by chemical analysis. 


melt Si Cr \ S p 
1975—~1 i 0,09 |. 9.52 1,92 1,64 : 
1975—2 {| 0.26 0,52 0,3! 1,92 1.64 ), 30 
1975—3 | 0.44 | 0.52 1,92 1.69 1.27 | 
1917-2 | 0.27 | 0.51 | 0,37 | 1.96 | 1.60 ; 1.22 ; 0.27 
1917—3 0.40 | 0.5! 0,37 1.96 1.60 27 
Wit) 
content | ie ring 
kg/mm" kg/mm 
U.Q9 120°—20 min 100 br 58.0 ‘ 
0.26 920°—20 —]00 150) 37 4. 53.0 
VOL. 44 20) - 500? 10 1 | 19 44 0 
961 0.26 920° —20 0°- v 14,3 61,0 
196 1), 44 920°—20 64.0 
0.26 920° 17.3 65.1 
0.44 920°—20 §.5 53,0 : 
0.09 920°—0 42 16 173 69.3 
0.09 | 920°—20 « 50°—100 br 20 72,4} 63.3} 22.8 | 72.0 
0,44 “ 6302—100 R9 8 60.5 
0.09 | 92 650°— 100 27,0} 94.0] 25,0! 81,0 
—100 95.5 | 22.6). 28.5 | 85. 
44 | wih 5 21.4 894 40.5 88 
0,26 | 90) 112.01 164.0] 16.3 
| -10 21) 139.0 | 129.0} 16.0 
0,09 | 45.4/ 44.91 14.5 62.0 
0206 500 54.0] 51,0 3 1.0 
0.09 | 1100°—20 | 15.4 14 62.0 
100° —20 —100 6 34,0 13:0 
0.44 | L1L00°—20 100 43.0 34.0 19,5 33,0) 
0.09 | 1100°-20 « | 650°—100 br 20) 72, 62.6) 23.0} 73.5 
0,09 650 29. 26.4 24.0) 
B50 9Q | oF + 8 
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TABLE 3. Results of X-ray and chemice! analysis-of anode precipitates 
isolated from steel Kh2N2VFA (melt No. 1975) containing various 
concentrations cf carbon 


Concentration, in % of solute metal, 
of: - 


Hest treatment 
Mn 


C 
content 
% 


| 
| Phase composition 
! 


Quenching 
from 920° 


Queaching 
from 1100° 


| gee 


ese 


Quenching 
from 920° + 
+ temper 
500°—100 br 


ESS 


Me,C+ Me;C,+VC 
Me,C+VC 


Quenching 
from 1100° + 
+ temper 
500°—100 hr 


| MesC+Me;C,+VC 
Me,C+Me,C, + VC 
Me,C+VC 


‘Quenching 
from 92U° +. 


+ tempter 
600°—100 hr 


VC+Me,C, 
Me;C,+VC 
Mes 1 W.C, + VC+ 

+ (Me;C,) 


3 Quenching 
from [100°-++ 
+ temper 

600°— 100 hr 


VC+ M 
Me;C3+ VC 
Me-C,+VC+ 
+(Meg;W2C,) 


Quenching 
from ~ 920°+ 
+ temper 
650°—1U0 br 


VC+Me,C, 
Me;C,+VC 
Mes, WoC, -+VC 


Quenching 
from 1100°+ 
+ temper 
650°—100 hr 


VC+Me,C; 
Merl, +VC 
Me + VC 


| Quenching 

form 920+ 
4+-650°—2 hr + 
+600°—100 hr 


VC+Me7C, 
Me,Cg+ 
Mey, 


Quenching 
from 


+650°—2 hr+ 


.600°—100 hr 


Me,C,+VC 


The results of the determination of the in steels with different carbon contents both after 
mechanical characteristics of specimens of the quenching in oil from 920° and from 1100°. The 
steels investigated and of their phase composition retained austenite is isolated in the anode precip- 
are set out in Tables 2 and 3, and in Figs. 1 and 3. itates together with the primary carbide of vanadium. 

Although the retained austenite was not separated 
DISCUSSION from the vanadium carbides, its chemical com- 
position can be found, as vanadium carbides con- 
Martensite and retained austenite are formed tain practically no iron, nickel or manganese. The 


104 
| 
| | | | | 
| | 0.98 anes | 0.06 0.02 | 0.01 | 0.13! Y+VC 
| 1.22 | 0.07 | 0 10 | 0.08 | 0.13 | 0,99 | y+ VC 
om | 1.08 | 0.14} 0.12 | 0.16 | 0.19 0.06 | y+VC 
} 
0.06 | 0.01 | 0.0 - 
1.39 | 0.04 | 0.13 | trace | 0.04 | 0.09 v4 VC 
0.77 | 0.05 | 0.15 | wace 0.04 | 0.08 *44C 
| | 0.49 0.13 | 0.03 | 0.04 | 0.07 | 0.06 
12,21 | 0.45 | 0.05 | 0.19 | 0,25 | 0.16 
| | 4-31 0.65 | 0.16 | 0.28 | 0.23 | 0.18 
0.09 0,42 | 0.13 | 0.09 | 0.02 | 0.06 | 0.04 
0 26 2,42 0:39 | 0.05 | 0.18 0.12 | 0.13 
0.44 4°35 | 0.60 | 0.09 | 0.15 0.15 | 0.15 
0 | 0.15 | 0.10 | 
26 ' 1.32 | 1.06 | 0.02 | 0.23 | 0.33 | 0.16 | : 
0.44 | | 0.11 | 0:5 0,28 
0.09 ‘0.18 | 0.18 | 0.01 0.08 | 0,13 0.06 | 19) 
0.26 1.43 | 0.70 | 0.03 | @.17 | 0,17 0,15 | 
0.44 3.37 | 1.10 | 0.04 0.17 | 0.19 esa | 
_ 
0.09 | 0.18 | 0.19 | 0,02°} 0,19 | 0,21 | 0.06 
0.26 | 1.19 | 1,09 | 0,03 | 0.34 | 0.30 | 0,17 
; Q 44 | 4.63 1.41 | 0.10 | 0,74 0.30 | 0.31 
0.09 | 0.14 | v.18 | 0.02 0.15 | 0.20 0.68 | 
0.26 0.99 | 0.98 | 0,02 | 0.26 | 0.28 | 0.15 
0.44 | | 0.99 | 1.53 0.03 | 0.31 | 0.24 0.28 | 
0.09 | 0.14 0.20 | 0.02 | 0.17 | 0,18 0.09 | 
0.26 7 1.1L | 0.02 | 0.24 | 0.28 | 0.17 | 
0.44 | 3.27 1.54 | 0.08 | 0.26 | 0.29 | 0.31 | 
».00 | 0.13 0,21 | 0.01 0.14 | 0.23 0.04 | 
02| 1.19 0,98 | 0.02 0.29 | 0.26 | 0.18 | 
0.44, 2.86 | 1.44 | 0.03 0.28 | 0:99 0.19 | 
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FIG. 1. Tensile strength of specimens of melt 

No. 1917 in the range 20-650°. Initial state: 

quenched from 920° (air)+ tempering at 600° 
for 2 hr. 
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FIG. 2. Long-time strength (100 hr) of speci- 
mens of melt No.1917. Initial state: quenched 
from 920° (air) + tempering at 600° for 2 hr. 
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FIG. 3. Long-time strength (100 hr) of specimens 
of melt No. 1917. Initial state: quenched from 
920° (air) + tempering at 650° for 2 br. 


chromium and tungsten are distributed between the 
retained austenite and the vanadium carbide. In 
steels containing 0.26 and 0.44 per cent C the 
amount of vanadium carbide is greater in those 
quenched from 920° than in those quenched from 
1100°. 

According to the X-ray analysis the retained 
austenite in the low carbon steel is rather coarser 
(coalesced), and in the one with the higher carbon 
content it is more dispersed. 

In all the steels, quenching from 1100° causes 
the formation of a more dispersed austenite than 
does quenching from 920°. The nickel content in 
the retained austenite is higher than its average 
concentration in the steel. The rate of diffusion of 
nickel in steel is known to be higher than that of 
iron and it accelerates the process of the formation 
of carbides. The most noticeable difference between 
the chemical composition of the retained austenite 
resulting from quenching from 920 and 1100° is 
found in the steel containing 0.44 per cent (Table 
3). It is probable that the retained austenite varies 
according to the carbon content of the steels 
quenched from different temperatures. In the steel 
quenched from 920° the retained austenite contains 
more tungsten than in that quenched from 1100°. 
The difference in the chemical composition of the 
first product of the disintegration of austenite after 
quenching from 920 and 1100° means that the 
course of the ageing processes are different. 
Depending on the ageing temperature, in these 
steels the process of the disintegration of retained 
austenite either takes place by the formation of an 
intermediate phase, cementite, or it is accompanied 
directly by the formation of a special carbide. 

In steels containing 0.09 and 0.26 per cent C, 
due to the fairly low tungsten concentration in the 
retained austenite, a special carbide of the Ve,C, 
type is formed. This is known to contain only a 
very small amount of tungsten. “hen steel contain- 
ing 0.44 per cent C is quenched from 1100° pertained 
austenite is formed which is slightly alloyed with 
tungsten and here also a special carbide of the 
Me,C, type occurs. When this steel is quenched 
from 920° and also when it is aged between 500 
and 650°, the disintegration of the retained austenite 


is accompanied by the formation of a special 
carbide of the Fe,,W,C, type (unit cell parameter 


, ke/mnr 
160, 
| | | 
120} 
| 
100} Fa, 
60 
40 
80 | 
VOL. | 
Of Q2 Q3 


10.52 A), in wnich the iron atoms are substituted by 
chromium ones. 

When a steel containing 0.44 per cent C is 
quenched from 920° and then aged, the solid solution 
will be alloyed with tungsten to a lesser degree 
than after quenching from 1100°. When steel con- 
taining 0.40 per cent C is aged at 500-650° for 
100 hr, the processes occur quite differently in 
dependence on the conditions of quenching. Due to 
the relatively high degree of alloying with the solid 
solution, when this steel is quenched from 1100° 
more favourable conditions are created for retarding 
the diffusion processes which take place during 
ageing as a result of recovery, than is the case 
after quenching from 920°. This is the reason why 
the strength characteristics of this steel remain 
higher (Table 2). As a result of quenching from 
1100° with subsequent ageing more dispersed 
carbide of the We,C, Me,C,, Me,,W,C, and VC type 
should be formed as in these, as with quenching 
from 920°, there are no ready nuclei of the primary 
carbides. This holds good for steels containing 
different concentrations of carbon. For this reason 
in all steels quenched from 1100° the retarding of 
plastic deformation will be more considerable and 
the recovery will occur more slowly than in those 
quenched from 920°. 

In steels containing 0.09 and 0.26 per cent C 
the increased strength of those quenched from 1100°, 
which is revealed in tensile tests between 500 and 
650° (Table 2), is mainly due to the fact that the 
carbides are here more highly dispersed than in 
those quenched from 920°. In such steels phase 
transformations on ageing are qualitatively indepen- 
dent of quenching temperature. When a steel con- 
taining 0.44 per cent C is quenched from 1100°, not 
only are the carbides formed on ageing more 
dispersed, but they are structurally different, being 
to a lesser degree enriched with tungsten than those 
quenched from 920°. These factors together with the 
presence of the more alloyed and, consequently, 
stronger and more thermally stable solid solution, 
are favourable to the creation of greater strength 
in a wider range of temperatures whea stee! con- 
taining 0.44 per cent C is quenched from 1100° than 
1s quenched from 920°. 

In steel type Kh2N2VFA with different carbon 


concentration (melt No. 1917) but the same heat 


Ageing processes in pearlitic steel 


treatment (quenching from 920° in oil with sub- 
sequent tempering at 600° for 2 hr) the variation in 
mechanical characteristics is different up to 550° 
where the diffusion processes develop only weakly, 
and in the range from 600 to 650 where the processes 


of the interchange of alloying e!ements between the 
solid solution and the carbide phases take place 
more intensively. In the first range of temperatures 


plastic deformation is retarded mostly as a result 
of the dispersed carbide phases. Due to its being 
denuded of alloying elements, the recovery of the 


solid solution is of little significance here. It is 
natural that both the short-time strength (500- 
550°) and also strength after 100 hr testing time 
(Figs. 1-3) should be higher when the amount of 
carbide in the steels is increased as a result of 
the increased carbon content (0.47 and 0.40 per 


cent). 

The steel containing 0.40 per cent C behaves 
quite differently after a preliminary anneal at 
650°. The recovery of the solid solution, and also 
the intensive growth of the carbides in it, have a 
decisive influence on the properties of the steel. 
For this reason long-time strength at 500° is less 
than in the steel containing 0.27 per cent C (Fig. 3). 
Nhen steels of this type were tested at 600 and 


650° the prevailing processes were found to be 
those which occur when the carbon content is 


increased. causing recovery of the solid solv: a. 
At this temperature the intensively coagulate. 
carbides cannot exercise any decisive influence on 


the slowing down of plastic deformation. In this 
steel the short-time strength at 600° and particularly 
at 650° remains the saine independent of carbon 
content. \t 600 and 650° long-time strength 
diminishes when the carbon concentration is 


increased from 0.27 to 0.40 per cent 


CONCLUSIONS 


1. By changing the quenching conditions and 
carbon content in steel Kh2\2\ iA it is possible 
to contro] the metastable processes of the disin- 


tegration of the solid solution. 

2. When these steels are quenched in oil 
retained austenite is formed, the quantity and 
chemical composition of which varies with carbon 
concentration and quenching temperature. When the 


Ageing processes in pearlitic steel 


steels are aged in the temperature range 500 -650° 4. In the process of tempering at 500-550 it 

the retained austenite disintegrates and different is the processes of the retarding of plastic deforma- 

special carbides are formed: Ve,C,, Vie,,W,C,, VC. tion by the comparatively weakly coalesced carbide 
3. If steel Kh2N2VFA with 0.09 to 0.27 per phases which predominate. At 600-650 the 

cent C is tempered after quenching from 920 and processes of the formation and growth of carbides 

1100° the phase transformations which take place prevail. These processes take place more inten- 

are of the same type. In steel containing 0.44 per sively in steels with higher carbon content and 

cent C the type ‘lez,\ ,C, carbide is formed after cause recovery of the solid solution and a reduction 

quenching from 92" and the Me,C, carbide after of the thermal stability of the steels. 

1100°. Preliioinary quenching from 1100° promotes 

the creation of greater thermal stability on temper- 

ing than does quenching from 920°. This is because 


the carbides are more dispersed and because the 
solid solution is more highly allove ’. Translated by V. Alford 
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It is confirmed that phase transformation takes place in the manganese silicide Mn;Si. 
Data are put forward which indicate the martensitic nature of this transformation of quenching. 


Up to the present time martensitic transforma- 
tions have been observed almost exclusively in 
metals and alloys which have a eutectic structure 
[1, 2]. Very rarely have they been found in metallic 
systems with inorganic mutual solubility in the 
solid state [3]. One of the few exceptions seems to 
be wurtzite which, as Collongnes has shown [4], is 
in certain conditions subject to a peculiar kind of 
martensitic transformation. No other examples of 
diffusionless transformation of this kind are known 
in oxides, carbides, borides, nitrides or silicides. 
Apart from anything else it would be interesting to 
find out if this were so as it would provide additional 
basis for Kurdyumov’s idea [5] of universal marten- 
sitic transformations and the possibility of their 
taking place in non-metallic phases. 

As has already been indicated [5, 7], the lower 
silicide of manganese is subject to a phase trans- 
formation which is extended over quite a wide 
temperature range (600-650°C). It is accompanied 
by considerable change in its properties as can be 
seen, for example, from the data for the temperature 
dependence of electrical resistivity, enthalpy, 
coefficient of linear expansion and also from the 
structure of dilatometer recordings and thermal 
analysis. These show various peculiarities which 
indicate the possibility of quite a rapid stabiliza- 
tion of the quenched alloys at temperatures around 
400°C. Finally it should be noted that even a short 
heating (3-5 min) of a quenched specimen at 
t > 400°C will be accompanied by a rapid reduction 


*Fiz. metal. metalloved., 12, No. 3, 424-430 (1961). 


in length, which will not vary when the annealing 
temperature is elevated. In this case the density 

of the alloy determined pycnometrically will show 
a slight increase, as can be seen from the figures 
given below: 

The stabilized Mn,Si (14.33 per cent Si) thus 
has a density which is approximately 6.6 g/cm’. 

It must be noted that this is considerably different 
from the results produced by Frilley [8] (5.9 g/cm’), 
or by Boren (6.29 g/cm? [9]) but agrees better with 
the figures calculated on the basis of the data 
produced in [J0] and [11] on the crystal structure of 
Mn,Si (6.87 g/cm? and 6.82 g/cm’ respectively). 

In order to establish the nature and features of 
this transformation further metallographic and 
X-ray analysis was made of an alloy containing 
about 14.5 per cent Si. It was produced in an 
induction furnace from electrolytic manganese 
(> 99.9 per cent Vn) and refined commercial silicon 
(> 99.2 per cent Si) and was homogenized at 1020°C 
for 50 hr. Before the analysis part of the specimens 
underwent a stabilizing anneal at 500°C and part 
was quenched from 300°C in water or air. 

The microstructure of the annealed and quench- 
ed specimens was examined on a microscope 
MIM-8M. A 4 per cent solution of hydrofluoric 
acid in alcohol was used to etch the microsections. 

As can be seen from Fig. 3, the alloy annealed 
at 500°C was composed of quite large polyhedral 
Mn,Si grains on the boundaries of which consider- 
able precipitations of a second phase component, 
probably Mn; Si;, could be observed. The specimen 
quenched from 800°C in water had a completely 
different structure (Fig. 3b). It was distinguished 
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TABLE 1, 


Wt.% Si .57 [1149 14.33 | 16.07] 22.6 


ac iene | Tempered | 6.98 | 6.77 | 6.66 | 6.60 | 6.35 | 6.00 
> cw? | Annealed | 6.98 | 6.84 | 6.74 | 6.71 | 6.45 | 6.00 


2x 10% ohm.cm 


T 
a 
/ 
b 
4H 
! 


| 
200 “0 600 800°C 


200 400 600 700 °C 


FIG. 1. Temperature dependence of electrical FIG. 2. Dilatometer (1) and thermal 

resistivity (9), coefficient of linear expansion (2) analysis (diagram) of annealed 

(a) and enthalpy (\H) of Mn,Si annealed at (a) and quenched (b) specimens 
500°C 


by the acicular- lamellar structure which is typical in this range it became more and more difficult to 
of the products of martensitic transformation. This reveal the needles or lamellae, and they diminished 
is also indicated by the fact that the individual in quantity. This emphasises the relative ease of 
needles are either right inside the grain or they end recrystallization of the martensitic structure formed. 
on its periphery. The specimens cooled from 800°C Finally it is interesting to note that if the specimen 
in air also contain needles as a structural compon- is vacuum heated to 800°C (after first annealing at 
ent. In this case, however, they are considerably 500°C after which the microsections were made) 
less in number. Finally, there are absolutely no and then quenched in water it will be possible to 
needles in the alloys which were cooled from 800°C reveal once more, although less clearly, the relief 
in the furnace. In the latter case a polyhedral which was characteristic of the martensitic phases. 
structure was observed which was very little The X-ray structural analysis was carried out 
different from that described above for the specimens _in VRS-3 cameras (144 mm) in Crk, g radiation 
stabilized at 500°C. with an exposure of 150 min, i = 18 mA and 

As can be seen from the structure of the dilato- V = 24kV. The lattice parameter of the Mn;Si was 
meter and thermal recordings described earlier found to be a = 2.854 kX, which does not agree 
(Fig. 2), when the quenched alloys are heated trans- _ too badly with the published figures (a = 2.851 kX 
formations extend from 370 to 420°C. It is to be [10], a = 2.858 kX [11]. 
expected that they would correspond to transforma- It is important to note that the powder photo- 
tion of the acicular phase components to polyhedrai graphs of the quenched and annealed alloys were 
ones. This was confirmed by the tests. When the identical. In particular, the distance between the 
duration and temperature of the anneal was extended _— (211) lines (i = 78.6°) coincided with a precision 
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FIG. 3. Microstructure of Mn-Si alloy containing 14.5% Si: 
a — after stabilization at 500°C; b — after quenching from 800°C in water. 
Etched; x 400. 


FIG. 4. X-ray patterns of alloy containing 14.5% Si: 
a — after annealing at 500°C: b — after quenching from 750°C in water. 


of up to 0.1 mm, which is an indication that the 
possible difference in the lattice parameter of the 
silicide would be not more than \a = a cotan0.\6 = 
= 0.0003 kX. Besides this, it was not possible by 
visual comparison to find any noticeable difference 
in the relation of the line intensities on the X -ray 
patterns. This indicates that there is very little or 
no difference in the structure of the crystal lattices 
of the acicular (lamellar) and polyhedral crystals. 
Indirect indication of this is given by the identical 


optical and microhardness characteristics. 


To find out the reproducibility of the crystal- 


lographic orientations in Mn,Si grains after phase 


transformation with rapid and slow cooling and also 
after quenched specimens had been tempered at 
400- 500°C, special tests were undertaken with a 
camera. 

The specimen was set up in a miniature 
resistance furnace on the stand of camera KROS- 1 
in such a way that there was 62 mm between it and 
the film. The temperature was measured by a thin 


chromel/alumel thermocouple, the junction of which 
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FIG. 5. X-ray patterns of alloy containing 14.5% Si, taken at different temperatures: 
a — at room temperature after tempering at 500°C; b — 700°C; 


c — at room temperature after quenching from 700° in water; d— at 600°; e — 750°. 

Arrows indicate the reflections which disappear on heating and reappear again after 

quenching. The displacement of the “lower” reflection corresponds to the temperature 
variations of the interplanar distance. 


was in contact with the surface of the specimen. 
The beam was intersected by two diaphragms 0.8 mm 
in dia. The (211) reflections produced in CrK, radi- 
ation at an angle of 78.6° were photographed on a 
flat film (tube 0.5 BSV2; i= 18 mA, V = 24 kV). As 
the preparations being examined were coarsely 
crystalline, spots as well as continuous powder 
rings were revealed on the patterns. 

The first series of experiments was devoted to 
the study of grain orientation in the alloys with 
different thermal histories. First a photograph was 
made of a specimen which had been annealed at 
500°C and which had a polyhedral structure. Then 
the alloy was heated to 750°C and quenched in a 
jet of water (as a result of which needle structure 
arose), and second photography was carried out at 
room temperature in exactly the same part of the 
microsection. The patterns thus obtained are shown 
in Fig. 4a-b. It can be seen that they are in some 
respects quite similar to one another (the angles 
corresponding to the reflections observed are the 
same). There are,however, some important differ- 


ences between them. First of all, as can be seen 


from Fig. 4, there are more spots on the X-ray 
patterns of the quenched specimens. Furthermore, 
the reflections from the annealed specimens are 
distinguished by a point structure while those from 
the quenched specimens are considerably broadened. 

The appearance of new spots on the powder 
rings and of the needle structure on the micro- 
sections while preserving the original austenitic 
grain size, means that these spots musi belong to 
the component with the needle structure. This, 
together with the difference in the nature of the 
reflections from the acicular and polyhedral grains, 
must indicate that the acicular phase occupies 
most of the volume in the quenched specimen. 

Furthermore, the increase of 2-4 times in the 
number of spots after quenching with a ratio of 
about 100 between the dimensions of the polyhedral 
to the needle crystals, is evidence of an ordered, 
not a random, arrangement of needles (or lamellae) 
with regard to one another. The broadening of the 
spots on the X-ray pattern of the quenched 
specimen also indicates a martensitic mechanism 
of formation of the cubic body- centred Mn,Si. 


11} 
a b c 
d € 


The second series of photographs was made at 
different temperatures and after the specimens had 
been treated differently. In this case the specimens 
were only about 30 mm away from the film. The 
first photograph was taken at room temperature after 
the specimen had been tempered at 500°C. Then 
the alloy was reheated to 700°C and a second 
photograph was taken. The third photograph was 
made at room temperature after quenching froia 700°C 
in a jet of water. Finally the fourth and fifth experi- 
ments were made after the quenched specimen had 
been reheated to 600 and 700°C respectively. 

It can be seen from Fig. 5 that the temperature 
at which the photogr«phy is carried out and the 


thermal history of the Mn,Si does have a considerable 


influence on the nature of the patterns obtcined. 

In particular, the pattern produced at 700°C (Fig. 5b) 
contains considerably less reflections than that 
taken from the stabilized specimen with the 
polyhedral structure at room temperature (Fig. 5a). 
As is to be expected, the subsequent quenching 
from 700°C in water, which causes a restoration of 
the acicular structure, does not have any particular 
influence on the nature of the reflections on the 
X-ray patterns taken at room temperature. This is 
not so with the specimens with the polyhedral 
structure (see Fig. 5c). A second heating to 600 and 
700°C, however, once again causes the reflections 
of the low temperature phase to disappear, which 


once more confirms the presence of the high tempera- 


ture Mn;Si transformation. Finally, this series of 
patterns does show the reproducibility of the 
orientation after heating to 700°C with subsequent 
quenching. 

The inadequacy of the information regarding the 
structure of the constitution diagram for the system 
Mn-Si, as also the absence of high temperature 
powder patterns, makes the interpretation of these 
data exceedingly difficult. It is suggested that when 
Mn;Si is heated, it is subject to transformation 
around 600- 650°C. It is possible that this is 
polymorphic in character. The coincidence of the 
lattice parameters in the quenched and slowly cooled 
specimens supports this view. The wide temperature 
range of the transformation is probably due, to a 
considerable extent, to the presence of impurities 
similar to those which are observed in the a > 8 
transformation in titanium [13, 14]. 
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The similarity between the powder patterns 
from the specimens with the polyhedral and acicular 
microstructures indicates that this transformation 
may be developed as the result of two mechanisms, 
diffusion and diffusionless, but that in both cases 

it leads to a phase with the same crystal lattice 

(or to phases with very small differences in 
structure). It appears that, under slow cooling, the 
diffusion processes develop quite successfully and 
cause the rearrangement of the high temperature 
Mn,Si modification te the low temperature one with 
formation of comparatively large polyhedral crystals. 
With rapid cooling the diffusion processes are 
suppressed to a considerable degree and the 
martensitic mechanism for the formation of the 

same phase obtains. The reproduction of the grain 
orientations after slow cooling and quenching 
indicates that there are a small number of links 
between the martensitic crystals and the matrix of 
the high temperature phase. 

The nature of the dilatometric and thermal 
effects which are observed when quenched speci- 
mens are examined around 400°C (Fig. 2) remains 
unexplained. They are about three times-less in 
magnitude than the main one observed at 600- 650°C. 
It could be suggested that the quenching partially 
stabilizes the high temperature Vin,Si. This is how- 
ever, in contradiction of the results of the X-ray 
structural analysis which revealed the presence of 
only one phase component. It might perhaps be 
attributed to the partial supercooling of the high 
temperature phase with considerable lattice distor- 
tions and the extremely high pile-up of dislocations 
around the boundary of the deformed martensitic 
crystals. For a definite solution high temperature 
X-ray phase analysis would have to be carried out. 


CONCLUSIONS 


1. Metallographic and X-ray analysis have 
been used to confirm the existence of the Mn;Si 
phase transformation around 600-650°. The polymor- 
phous nature of this transformation is discussed. 

2. The Mn;Si phase transformation has been 
found to take place by the martensitic mechanism 
on quenching and by the diffusion mechanism under 


slow cooling. 


Translated by V. Alford 
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This article considers the irreversible processes which are due to the final rate of 
deformation and the final rate of thermally homogeneous heating. In the case of quasi- 
stationary movements (at low external perturbation frequencies) the thermodynamic homo- 
logues will be of the same shape for the homogeneous and non-homogeneons internal 
energies. The rate of growth of entropy has been calculated. Using the concrete example 
of ferro-nickel alloys the percentage difference has been found between adiabatic and 


isothermal viscosity. 


Let us consider the irreversible processes which arise at the final rate of deformation and final rate 
of thermaily homogeneous heating. The non-equilibrium state of a thermally homogeneous and homogeneously 
stressed body brought about by the final rates of deformation, and of thermally homogeneous heating we will 
describe by means of temperature 7, tensor of deformation ¢;, and a combination of the internal parameters 


of the state and relaxation tensors Gi, k= 1, 2,3; a=1,2,...., 
If the parameters €7; — and the temperature drop 7 to 7, are low in the process of deformation and 


heating, then the free energy per unit volume of isotropic hody will have the form [3]: 


F* = F, (T)—w K ey (T — Ty) + 


where F,(7) is free energy in the absence of deformation and in a state of equilibrium; K is the modulus of 
compressibility; @ is the coefficient of thermal expansion; A, and 2, are positive constants; 7, is the 

initial temperature at which, in the state of equilibrium and in the absence of external force, the object is 
considered to be undeformed. As demonstrated in [3, 14], the stress tensor Or, and non-equilibrium entropy 


of a unit of volume S* can be represented in the Boltzmann - Voltaire integral form; 


* Fiz. metal. metalloved., 12, No. 3, 431-436 (1961). 


( 
. Among the internal parameters of state, besides the tensors of the second rank bik. there will be the scalar values 
«These can, however, more satisfactorily be regarded as second rank tensors — where 


is a unit tensor. 
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t 
Gin = K(T—T | VA, exp (- — + 


f 


where S, (7) is equilibrium entropy in the absence of deformation*; r™ and r@ are relaxation time; y, are 


constants which can be defined by the relation 


1 2 (T (4) 


In a linear approximation the thermal conductivity equation (in the presence of a temperature gradient) 


will assume the form 


12 
1961 


or, allowing for (3), 


a 


where x is the coefficient of thermal conductivity; C,, is equilibrium (static) thermal capacity at constant 


volume 7, 
From (3) we shall find the dynamic thermal capacity. C8 is thermal capacity with infinitely rapid 


changes of temperature (7 + ~) 


For an adiabatic system the entropy in a first approximation will be preserved (i.e. in a linear 


* In[2, 3] it was erroneonsly assumed that on cyclic deformation the work counter to the dissipative forces should be 
positive, i.e. that the conditions 


30 KiT — Tide, 


would be satisfied on cyclic stress. This led to the erroneous assertion that the constants y, = 0. Actually, the 
work counter to the dissipative forces can only be positive for heat insulated systems. 
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approximation in relation to the parameters of state). Using the Laplace - Carson transformation [9] 


f=p \ exp (—- PAF (Nd, 
0 


from (3) for the adiabatic system (i.e. from the consitions S* = constant) we shall find 


p (7) 


If the zero limit is to be approached in the course of time 7 — T) at €,, = constant, then the square 
roots of the denominator in (7) must be negative (it is easy to see that these roots are real). For this, in 


its turn, all the coefficients in the polynomial 


would have to be positive. This leads to the inequality 


t,—7, 94.258 (8) 


i.e. the dynamic thermal capacity is less than the static (as 4, > 0) and is always positive. This result 
was to be expected as when the temperature increases rapidly, part of the stages cannot freely be 
redistributed through the energy spectrum appropriate to the new temperature figure*. 

The position is similar in liquids and gases [10}. 

In many cases the'relaxation time spectrum of the shift 7{? around the period of action of external 
forces 2 can be divided into two parts (1) and <\*2) which satisfy the conditions [3]: 


If, besides this, the process is quasi- stationary in respect of the changes of volume and temperature, 


then 


(10) 


so that, allowing for 


exp Jeg (t’) dt” = 


t 


* The formula for thermal capacity has been found by Shmatov [6] for the case of periodic motions and one 
relaxation time. 
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from (2) to (4) we shall get 
6, = Ke, 24 K (T — 74) + En 


+ | 


C,T +0 =2AT, 


where the constants , 71, 72, 73» Na, Ms are defined by the relations: 


m= DBP 
(a) 


() { 


a 


() 


EP > A, 


It follows from (11) to (13) that when conditions (9) to (10) are satisfied entropy will be a function of 
temperature, volume and the rate of change of these values; stresses will depend on deformation, tempera- 
VOL. ture, rate of change of these values. and also on 


12 
dt. 


The thermal conductivity equation will assume the well-known form [11]. 
The amount of heat transinitted to the body dQ will be 


dQ = dU*—s, d2,, =TdS*+ dyin’. (15) 


“ik 


where U* = F* + 7S* is non- homogeneous internal energy, and from this the rate of increase of entropy 


S* in a unit of volume will be 
(16) 


Where conditions (9) to (10) are satisfied, from (16) we shall find the rate of irreversible increase of 


entropy 


+ 


A long way from m.p. the maximum relaxation time, which is of the same order of value as the time 


Li? 
(11) 
(12) 
(13) 
v= DB, ; 
2 
> @) (14) 
1 
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required for atoms to be translated by one interatomic distance, will be so high that at all practicable 


frequencies 


In equations (11) and (17) therefore, the terms containing 7; wil! practically disappear a long way from 
m.p. However, at quite high temperatures (in the creep range) the terms containing 7s will become comparable 


with those containing 7. 
In many cases of the movement of a medium each element of volume of the solid and liquid are 


practically adiabatic (for instance, in the propagation of sound, when the dissipation of energy due to 
thermal conductivity is smaller than that due to viscosity). In this case, if conditions (9)-(10) are satisfied, 


it can be assumed that 


and (11) will have the form 


d ad > 


f 


+2% | — én | ( )— dt’, 


\ / 
\ / 


where K®4 is the adiabatic modulus of compressibility; 2° is the adiabatic coefficient of viscosity 


d 


In the case of a liquid p = 0; ns = 0. For this reason for the quasi- stationary movements of the liquid 
= — Pd, + 2%, ( t+ + T (20) 
dU* = —pd en, + TdS* — — %%T aT, (21) 


where pressure p is defined by the formula 


For adiabatic processes equations (20) and (21) will assume the form 


dU* — pde,, + TdS*. 


‘v ( v 
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From this it follows that the thermodynamic homologue for non- homogereous internal energy (24) will 
de the same in shape as the thermodynamic homologue for equilibrium internal energy only, in the case of 


quasi- stationary adiabatic processes. 
To calculate the nd value the whole relaxation spectrum must be allowed for, i.e. all the values of 


r), and the corresponding 4 2 2nd y, values. For a qualitative analysis of the 7, value however, the whole 
relaxation spectrum can be approximated to one relaxation time. In this case, as follows from (4), y an 


will be determined by the relation 


For the particular case of ferro-nickel alloys (for ferromagnetic materials y,) is spontaneous 


magnetization o,), according to the data deduced in [13], [14]. 


), / I. = 


Os , 


dyne 
K = 2x 10"%-- —.. 
cn? 


From (25) we shall find 


| 


From (14), (16) and (26) we shall find 7, = — 2 x 10°* n, g/cm.sec.deg; n, = 4 x 10° 72 g/cm.sec.deg; 


~ 6x10-3. 


— 
We note that for the example on hand se 
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EXTENSION OF BERYLLIUM MONOCRYSTALS IN THE 
TEMPERATURE RANGE 20-500°C. V* 
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Physico-Technical Institute, Academy of Sciences Ukr. SSR 


(Received 2 January 1961) 


A study has been made of the mechanical properties, and elements of ductility and fracture 


of monocrystals of beryllium (99.9 per cent) in tension in the temperature range 20-500°C. The 
orientation of the specimens was appropriate for an arrangement of the basal plane (0001) at an 


angle of 45° to the axis of tension. 


It is difficult to make full use of the peculiar 
physical properties of beryllium, due to its brittle- 
ness. No one point of view exists regarding the 
physical nature of the brittleness of beryllium. It is 
assumed to be due to the abnormally low ratio of the 
crystallographic axes c/a = 1.567 [5, 6], and it has 
also been atiributed to the influence of solute 
impurities (particularly oxygen), which distort the 
lattice and prevent slip and twinning [7, 8]. The 
lattice parameters of beryllium are noticeably lower 
than those of other metals with a low c/a ratio. 
Impurities may therefore have a greater influence on 
its mechanical properties. 

Investigation of the elements of plasticity and 
fracture of monocrystals of beryllium under compres- 
sion in a wide range of temperatures [2, 3] have 
shown that the brittleness is due to a large number 


of systems of cleavage planes which are particularly 


noticeable in the industrial - purity metal due to non- 
uniformity of shear along the slip bands at low 
temperatures. This shear non-uniformity causes the 
formation of microcracks along the cleavage planes 
(in the prism and type 2 pyramid) and fracture along 
a particular cleavage plane, the basal one. 

If beryllium is refined of impurities it is easier 
for uniform shear to take place along each slip band 
and to cause some increase in the ductility of the 


* Fiz, metal. metalloved., 12, No.3, 437-446 (1961). 
See [1-4]. 


metal. Despite the fact that the basal plane of 
beryllium (0001) is not the most close - packed one, 
deformation in compression takes place mainly as 
a result of basal slip. Here there is non-uniform 
arrangement of the solute atoms around the close - 
packed planes of the type I prism {1010}, which 
completely rules out this form of slip at room or 
lower temperatures [7]. 

Besides the basal, compression between 400 
and 500°C is accompanied by a complex prismatic 
slip. The latter promotes the relaxation of shear 
non - uniformity in the (0001) plane and the material 
will be quite ductile. However, the slip along the 
planes of the prism in compression remains a 
second-degree form of ductility which does not 
decide the total extent of deformation. 

Not enough study has been given to the 
mechanical properties of beryllium monocrystals 
in tension. There is only one work [9] in which 
determination has been made of the elements of 
plasticity and fracture of monocrystals grown from 
a metal of 98.8 per cent purity. The lack of 
comprehensive investigations of this kind can be 
explained by the considerable difficulties which 
arise in producing monocrystalline specimens for 
extension. In this work a study has been made of 
the temperature dependence of mechanical 
characteristics and the elements of plasticity and 
fracture of beryllium monocrystals of 99.9 per cent 
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purity* in tension. 


SPECIMENS AND EXPERIMENTAL 
PROCEDURE 


The beryllium monocrystals were grown from 
the melt. The starting material was a condensate 
99.98 per cent pure. The tensile test specimens 
were prepared on an electric spark lathe [4]. The 
orientation was chosen in such a way that the 
angle between the basal plane (0001) and the axis 
of tension was 45° (+ 1.5°) and the direction of the 
type I diagonal [1120] was parallel to the side face 
of the specimen (Fig. 1). In this case the shear 
stresses reach their maximum value on the applica- 
tion of axial stress in the direction of shear. 
Ext: sion was carried out on a tensile testing 
machine [10] at a rate of 0.005 per cent/sec at 
temperatures of 20, 200, 400 and 500°C'. The 
temperature range investigated includes the trans- 
formation range of polycrystalline beryllium from the 
brittle to the considerably more plastic state. 
Determination was made of the mechanical 
characteristics of ductility and strength (elongation 
5, percentage reduction of area W, yield point p, 
and tensile strength p,). Vietallographic and micro- 
interferometer analysis was carried out to study the 
nature of the plastic deformation, the crystallo- 
graphic elements of plasticity and fracture and the 
distribution of deformation between the different 
forms of plasticity. 


RESULTS 


Mechanical properties. Fig. 2 shows the 
temperature dependence curves for the mechanical 
characteristics of beryliium monocrystals in tension. 
At room temperature specimens with this orientation 
are subject to brittle fracture after very slight 
plastic deformation (5 = 1.5 per cent). If the temper- 
ature is increased elongation 6 and reduction of 
area WU increase monotonically and at 500°C reach 
55 and 80 per cent respectively. Between 20 and 
400°C yield point p, remains practically constant at 


* Chemical analysis did not allow for oxygen. 


* Specimen underwent high temperature testing in a 
helium atmosphere. 
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5.6-5.2 kg/mm?, and at 500°C it diminishes notice- 
ably to 3.7 kg/mm’. An interesting feature is the 
presence of a tensile strength maximum of 9 kg/mm? 
around 200°C. 


FIG. 1. Crystallographic orientation of 
monocrystalline beryllium specimens. 
Angle a = 45°. Direction [1120] is 
parallel tothe side face of the specimen. 


Embrittlement appears around room temperature 
as a result of the low strength of the specimen, 
causing a slight increase in resistance to shear. In 
conditions of ductility continually increasing with 
temperature, the maximum difference between these 
two characteristics (p, —p,) seems to express the 
maximum level of strengthening. True stress - 
elongation curves (Fig. 3) have been plotted from 
the data obtained under gradual deformation at 
constant temperature and the average values of the 
modulus of strain hardening )) = (p, — p,): 5 have 


been determined, where p; is true tensile strength. 
Actually, the modulus of strain hardening D 


was found to vary with temperature similarly to 
tensile strength. At 200° it reaches its maximum of 
67 kg/mm? and at 20 and 500°C it is 38.5 and 
9.4 kg/mm? respectively. 

Two ductility peaks are known to occur at 
400 and 700°C [11] on the temperature dependence 
curves for the elongation and reduction of area in 
polycrystalline beryllium of industrial purity. The 
second peak is usually attributed to the processes 
of fracture along grain boundaries at high tempera- 


tures. The nature of the first peak remains un- 
explained up to the moment, although the anomaly 
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FIG.2. Temperature dependence and mechanical characteristics of 
ductility and strength in beryllium monocrystals: 

5 ~— elongation; UW — reduction of area; Ph - ultimate tensile stress; 
P, — yield point; — indicator of “diffuse” strain. 


FIG..3. True stress - elongation diagram for 
beryllium monocrystals at 20, 200, 400 and 
500°C. 


of the mechanical and physical properties of 
beryllium between 500 and 600°C is very frequently 
attributed to polymorphous transformations [12]. 

The continuous increase in the plasticity of 
beryllium monocrystals of high purity between 20 
and 500°C refutes this point of view. The appearance 
of the first peak is most probably due to the pro- 
cesses of dispersion hardening which take place on 


plastic deformation along block and grain boundaries. 


The influence of impurities and dispersion harden- 
ing is also seen in monocrystals of industrial 
purity (98.8 per cent), by the slight increase in the 
yield point of basal slip when heated up to 400°C 
[13]. Indeed, both with compression [2, 3], and with 


tension, if beryllium specimens of high purity are 
heated, this will cause a reduction in resistance to 
deformation. 

Slip. In the whole range of temperatures 
investigated slip is observed along the basal 
plane (0001). The external appearance of the slip 
traces is considerably dependent on the temperature 
at which the specimen undergoes deformation. At 
20°C the traces of slip bands are in the form of 
slightly wavy short lines which do not pass across 
the whole of the specimen (Fig. 4a). With tension 


-at 200- 400°C longer slip traces are formed and they 


very frequently cross the entire crystal. Simultan- 
eously there is an increase in the depth of the slip 
traces (Figs. 4b-c). At 500°C the wavy nature of 
the slip traces becomes more pronounced and 
branches and bridges start to form between them 
(Fig. 5). This kind of pattern has already been 
observed [2} in specimens in compression at high 
temperature. 

As in the case of compression, the wavy 
nature of the basal slip traces at 20°C is first of 
all due to the development of the processes of 
block formation at this temperature, then at 500° it 
is due to polygonization. The branching and 
bridging at 500°C is an indication of prismatic slip 
along the planes {1010}, {1012}, {1013}, {1014} in 
the general direction of shear along [1120] [2]. If 
the temperature is increased to 500°C this causes 
a noticeable reduction in the critical shearing 
stresses along the planes of the prism and I-type 
pyramid. This can be attributed to the redistribution 
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FIG. 4. Traces of basal slip on the side face of specimens fractured at temperatures: 
a— 20°C; b— 200°C and c —'400°C; x 200. 
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of solute impurities, which usually block prismatic y and p measurements are set out in the table. 


slip [7]. Percentage shear in a uniformly distributed system 
{mportant characteristics of the process of slip of basal slip bands (see Fig. 4) increases as the 
are the relative slip in band y and the density of temperature of deformation rises, and at 20 and 
band p as these serve as indicators of the degree 500°C it is 0.4 and 1.7- 2.0. At higher temperatures 
of strain hardening of the specimen on (406 - 500°C) besides the density of the uniform 
deformation. Relative shear can be found from the system of bands, individual bands also develop 
formula y = 6/a,, where 6 is the depth of the basai with localized macrosccpic slip, which is character- 
slip trace and a, is the value of absolute shear in istic of considerable relative shear. The most 
the direction of slip (Fig. 1). The a, value was strongly expressed macroscopic slip along the 
measured either from the displacement of a scratch basa! plane in the form of the displacement of one 
or from the faulting of a microinierference pattern section of the crysta! relative to another with 
on a slip band. The density of the band was y = 70, is observed at 400°C (I'ig. 6). 
characterized by a value inversely proportional! to At 500°C the concentrated slip passes along 
the average distance between slip traces with the the boundaries of the layers of the crystal which 


same relative shear p = 1/h. The results of the have a depth of 150-200 p and relative 
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shear of y = 20 (Fig. 7). 


FIG. 5. Traces of basal slip at 500 °C. 
Elongation 7.3%; x 200. 


FIG. 6. Macroscopic displacement 
of part of the crystal during basal 
slip. 

Extension at 400°C by 27.4%. 
Relative shear y = 70; x 10. 


This kind of macroscopic slip was observed 
earlier when beryllium monocrystals were tested in 
compression [1]. Such bands can be regarded as 
regions where continuity is temporarily broken up 
in the process of deformation and then, as a result 
of the re-establishment of contact, it is once 
again joined together [14, 15]. 


As for the density of the band, when the testing 
temperature rises, it at first increases to reach a 
maximum at 200°C (0.12 yp!) and then it declines 
and at 400- 500° it is much the same as at 20°C 
(0.02 and 0.04 uw“? respectively). The temperature 
dependence of the density of bands and of the 
modulus of strain hardening have thus the same 
character. The existence of this connexion between 
these two values may be explained as follows. At 
comparatively low temperatures (20- 200°C) the 
development of plastic deformation is mainly due to 
the continuous formation of new slip bands which 
quite rapidly become strain hardened and thus have 
a low y value. This process goes on particularly 
intersively at 200°C. Evidence of the rapid strain 
hardening of the operative slip bands is given by 
the fact that an increase of the degree of extension, 
from 0.4-1.5 per cent at 20°C for instance, will 
cause an increase in the density of the slip traces 
while at the same time no change will be noticed 
in the relative shear of the individual bands. 

At higher temperatures (400-500°C) plastic 
deformation takes place mainly as a result of the 
development of basal slip localized along the 
boundaries of certain parts and layers of the crystal. 
This takes place without any noticeable strain 
hardening (and consequently without any increase 
in the density of the bands) and causes considerable 
relative shear. 

The contribution of basal slip to the total 
deformation of the specimen is interesting. The 
indicator characterizing this part of total deforma- 
tion, which is localized in the basal slip shears, 


was selected as 


> Nj As; 


(A 


where n; is the number of traces of basal slip with 


absolute shear a, ;, (\/). is absolute elongation of 


si? 
the specimen in the direction of shear during slip, 
and is equal to Al x cos 45°. 

Even at 20°C indicator ¢ seems to be less 
than 100 per cent and it diminishes rapidly when 
the temperature rises. Thus, while at 20° 70 per 


cent of all the deformation is concentrated in the 
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basal plane, at 500° it is only 57 per cent (see 
Table 1). Besides basal slip therefore, there must 
also exist other forms which are localized in shears 
or scattered throughout the region of ductility and 
which develop as the temperature rises. 

The upper curve in Fig. 2 shows the tempera- 
ture dependence of the indicator y = (1 — ¢) 
100 per cent, which includes all the other forms of 
plastic deformation. At room temperature y may be 
mainly due to block formation which is also 
observed in the earlier stages of compression [2]. 
At elevated temperatures it will be related to 
prismatic slip, polygonization, faulting, the bending 
of the basal plane and its rotation around axis 
[1010] through a large angle (Fig. 7b). Besides this 
the increase in y indicates an increase in the 
diffusion (volume) part of plasticity as the tempera- 
ture rises. However, the main form of plasticity in 
reasonably pure beryllium monocrystals of this 
orientation remains, in the range of temperatures 
investigated from 20- 500°C, basal slip. Besides 
this it can be said that basal slip is the decisive 
form of plasticity in high purity polycrystalline 
metals also. Actually, although monocrystalline 
specimens which are favourably oriented for 
prismatic slip*, were deformed at 500°C by twinning 
along planes {1010} and macroscopically localized 
shear (Fig. 8), their elongation and reduction of 
area (21.5 and 58 per cent) were somewhat less 
than in the case of basal slip (55 and 80 per cent). 

Fracture. The first microcracks at room 
temperature are formed along the cleavage plane 
(0001) at quite early stages of deformation (5 = 
= 0.4 per cent) and then they are propogated along 
the basal planes. The low strength at 20°C is the 
result of the development of these cracks. The 
formation of microcracks and fractures without 
subsequent restoration of contact causes continuous 
stress relaxation and consequently, slight strength- 
ening during flow and the onset of rapid macro- 
fracture. 

The micropattern of fracture which is typical 
for specimens fractured at room temperature is 
shown in Fig. 9. It can be seen that, besides the 


* In this batch of specimens the basal plane (0001) and 
axis [1120] were parallel to the axis of tension. 


FIG. 7, External appearance of specimen 
deformed at 500°C: 
a—extension 36.6%. Mutual displacement 
of layers of the crystal can be seen with 
relative shear of y = 20; b — extension 


55%. Besides the basal slip there are also, 


bends inthe layers and rotation around 
axis [1010] through an angle of a” = 30°; 


FIG. 8. Macroscopic displacement of 

parts of crystal during prismatic slip 

along plane [1010]. The basal plane 

(0001) and direction [1010] lie in the 

plane of the drawing. Temperature is 

500°C; elongation 21.5%; reduction 
of area 58%; x 10. 
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sectors with the main crack along the basal plane, 
fracture also passes along the branches which are 
sectors of the planes of the prism and II type 
pyramid {1120} and {1122}. As with compression 
[2], this kind of fracture can be attributed to non- 
uniform shear deformation along basal slip bands, 
which causes the main system of cleavage planes 
in beryllium to be opened up. 

Deformation at 200°C is not accompanied by 
any noticeable interruption of continuity. The non - 
uniform character of the shear only begins to be 
seen after fairly considerable elongation. The 
fracture therefore, although it is of a brittle nature, 
nevertheless sets in after some plastic deformation 
which causes considerable strengthening. The 
maximum degree of strengthening at 200°C will be 
limited by the fact that the processes of recovery 
take place only very slightly at this temperature. 
Plasticity increases at higher temperatures due to a 
reduction in the uniformity of the shear and absence 
of any interruption of continuity right up to a con- 
siderable degree of elongation. Thus, at 400°C 
fracture starts along the basal plane only where 
slip has been concentrated with considerable 
amount of relative shear. At 500°C, due to the com- 
plex nature of plastic deformation (basal slip with 
berding and rotation of parts of the crystal), and 
also as a result of the process of polygonization, 
fracture does not reveal the crystallographic 
elements of cleavage. Deformation at 400-500° is 


accompanied by a considerable amount of recovery. 
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FIG. 10. Non-uniform shear and branched system of prismatic slip bands. 


FIG. 9. Micropattern of the fracture of a 
beryllium monocrystal. The plane of the 
microsection is the same as the shear 
Temperature 20°C. Elongation 
1.5%. Main crack along cleavage plane 


plane. 


(0001). “Bridging”. cracks along clea- 
vage planes {1120} {1122}; x 150. 


The modulus of strain hardening and tensile 

strength maxima at 200°C can be attributed to com- 
petition between the processes of strain harden- 

ing and recovery. Below 200°C strain hardening 

sets in a result of the dispersion of microstructure 
without the re-establishment of continuity (at low 
ductility). Above 209° strain hardening is also 
reduced, but as a result of the processes of recovery 


Temperature 500°C; elongation 66%; rate of deformation 0.3%/sec. Displace- 
ment of the left-hand scratch on the basal slip plane is 8 1; total displace- 


ment of the right crack on the prismatic slip planes is 44; x 120. 
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and partial recrystallization (with high ductility). 

The fracture of monocrystals with this orienta- 
tion takes place independently of temperature be- 
tween 20 and 400°C as a result of the formation and 
development of microcracks along the cleavage 
planes, mainly along the basal plane. 

It is interesting to note that if the rate of 
deformation is increased from 0.005 to 0.3 per cent 
the relative shear in the band diminishes and causes 
considerable non-uniformity of shear along 
individual bands even at high temperatures. However, 
this is accompanied, not by fracture, but by the 
appearance of a branched system of prismatic slip. 

Fig. 10 shows the microstructure of a specimen 
deformed at 500°C at the rate of 0.3 per cent/sec. 
Two scratches were first made on the specimen. 
Displacement of a scratch took place on one of the 
traces of incomplete basal slip. The extent of the 
displacement after 6.6 per cent deformation was 
about 8 up. A branched system of prismatic slip bands 
comes from this trace. On all the prismatic slip 
traces the total extent of the displacement of the 
second scratch is less than that of the first 
scratch, at 4. The direction of the shear remains 
unchanged, however, on passage from basal to 
prismatic slip. Non- uniform shear thus takes place 
in the sector of the specimen between the two 
scratches and it appears to be the reason for the 
appearance of this complex pattern of prismatic 
slip. This kind of deformation was not found on 
other sectors of the microsection where there was 
no sign of non-uniformity of the shear. 


CONCLUSIONS 


1. The plastic properties of beryllium mono- 
crystals increase monotonically with elevation of 


temperature. Unlike polycrystalline beryllium, on 
the monocrystals there is no ductility peak around 
400°C. Between 20 and 200°C the increase in 
ductility is due to the formation of new rapidly 
strain hardening slip bands. At higher temperatures 
it is due to the development of concentrated slip 
in individual bands which are distinguished by 
very high relative shear, y = 70. Maximum values 
for the modulus of strain hardening and tensile 
strength have been observed around 200°C. This 
must be due to a combination of the precesses of 
strengthening and recovery. 

2. The main form of plastic deformation of 
monocrystals with this orientation is slip along the 
basal plane (0001) in direction [1120]. When the 
temperature is raised there is considerable 
prismatic slip [2] along planes { 101X} with an 
overall direction of slip of [1120] and diffused 
strain which is not localized in the shears. 

3. The embrittlement of beryllium mono- 
crystals at room temperature is the result of non- 
uniform plastic deformation along the basal plane 
which causes the formation and opening up of 
microcracks along the main cleavage planes. At 
higher temperatures the non-uniformity of the 
shear diminishes and is accompanied by branched 
prismatic slip. 


Translated by V. Alford 
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ANISOTROPY OF RESIDUAL SECONDARY DISTORTIONS AND 
REGIONS OF THE COHERENT SCATTERING OF X-RAYS 
IN DEFORMED MILD STEEL*! 

D.A. SARKISYAN 


Research and Design Institute of Testing Machines, 
Instruments and Measuring Devices 


(Received 20 December 1960) 


_ The nature of the change in residual stresses and 
regions of the coherent scattering of X-rays 
‘crystal blocks) which occurs on the plastic defor- 


nation of metals has already been studied in [1, 2] 


and others. According to the curves plotted in 
these investigations, even at quite low degrees of 
deformation (¢ = up to 10-15 per cent) considerable 
block fragmentation is observed in mild steel, unal- 
ioyed iron and other metals. There is a sharp re- 
luction in the intensity of this process on subse- 
quent deformation. Secondary residual distortions 
(\a/a) increase noticeably to ¢« = 30-35 per cent. 
Subsequent increase in ¢ leads to a reduction in the 
intensity of their growth. 

In the actual circumstances of the stressed state 
which arises on the cold plastic flow of a metal, 
ihe magnitude of the deforming forces is actually 
not the same in all directions. Due to anisotropy, 
the block sizes and residual stresses measured in 
three mutually perpendicular directions should be 
different. In the present work measurement was 
made along the boundaries of a small cube cut from 
a piece which was manufactured under cold plastic 
deformation. Microscopic residual stresses promote 
the appearance and retardation of dislocations 
which reduce the plasticity of the metal. Lack of 
uniformity in the arrangement of residual distortions 
plays an unimportant part in this. 

To extend the idea of the real “volume” inter- 
action between residual distortions and blocks, 


* Fiz. metal. metalloved., 12, No. 3, 447-449, 196i. 
' This work was carried out under the direction of 
M.A. Krishtal. 


experimental investigation was carried out by the 
following method. Rectangular specimens were 
cut out of mild steel (0.09 per cent C) and were 
polished. To eliminate the influence of the 
mechanical treatment on the surface the layer of 
metal 0.25 mm in depth was etched away and after 
this the specimens were 10 x 20 x 55 mm. After 
polishing the microhardness H , was measured on @ 
PMT-3 tester with 40-50 indentations on the face 
and a load of 100 g. Gaussian curves were con- 
structed on the basis of these figures and the 
modal values for the microhardness of the initial 
specimens Hn were calculated. 


ta 


FIG. 1. Diagram of the deformation of the 
specimen 


The specimens were deformed by reducing them 
to different degrees in a specially constructed die. 
The design of the die provides for flow of the 
metal in one direction only. After this cubes with 
a side of 10 mm were cut from the centre sectors of 


the deformed specimens (Fig. 1). Toremove the 
supplementary work hardening as a result of the 
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FIG. 2. Deformation of a specimen 


mechanical operation, the cubes were electrolytical- 
ly etched, which removed a layer of about 0.25 mm 
from each face. After polishing,residual secondary 
stresses and block sizes D were measured on the 
three mutually perpendicular faces of the cubic 
specimens in directions A, B and C Fig. 1, on an 
ionization X-ray apparatus URS-50I. Several X-ray 
photographs were taken in FeK | radiation for each 
of the faces of the specimen. The Aa/a and D 
calculations were carried out according to the 
method proposed in paper [3]. The standards used 
for this purpose were the results of the X-ray dif- 
fraction analysis of specimens of this steel de- 
formed by 35 per cent and subsequently annealed 
in a vacuum. Microhardness was measured on all 
the faces of the cubes. These measurements were 
made afier X-ray diffraction analysis to eliminate 
the possibility of the indentions having some ef- 
fect on Aa/a and D. The modal microhardness 
values HN were calculated for the faces of the de- 
formed cubic specimens. Using the residual dis- 
tortion values, the crystal block dimensions and 
modal values of microhardness, curves were plotted 
for each of the three directions in the co-ordinates 
Aa/a, D and HN - degree of deformation (Figs. 3 
and 4). 

The curves in Fig. 3 characterize the Aa/a 
values measured across the direction of the main 
deformation (along A and B). These increase 
rapidly from about 4 to 26-30 kg/mm? under defor- 
mation up to ¢ =~ 34 per cent. The curves 


characterizing the variation in block sizes in the 

same directions, depending on the degree of defor- 

mation, are of a complex shape; up to about 12 per 

cent deformation there is considerable block re- 

finement and after this the curves gradually rise 

due to increase in block size. + 


19 | 
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FIG. 3. Dependence of secondary distortions 

(1 in direction A; 2 in direction B) and 

crystal block sizes (3 in direction A; 4 in 

direction 8; 5 in direction C) on degree of 
deformation 


A case has been observed where increase of 
microdistortions was accompanied, not by an 
increase, but by a reduction in block size; this 
was in materials which had been strain hardened to 
to the maximum [4, 5]. In our case the increase in 
the size of the blocks took place when the speci- 
mens were deformed in conditions of volumetric 


130 
> 
l - 
450 
100 
fr | 
0 f 


VOL. 
12 
1961 


Letters to the Editor 


stress (Fig. 3) at which, according to [6], this 
metal shows the maximum resistance to deformation 
and the greatest ductility. [t can be seen from the 
illustration that in directions A and 3 only defor- 
mation in compression has taken place. 

Free elongation of the specimen only took place 
in the direction of 5 (Fig. 1), and here the curve of 
block dispersion is of the normal shape. Intensive 
block fragmentation could be seen up to ¢ = 12 per 
cent and with subsequent deformation this became 
gradually stabilized. The very different results 
obtained in the measurement of the size of the 
regions of coherent scattering of X-rays in different 
directions may possibly be due to the formation of 
“block textures” in accordance with the nature of a 
concrete non-homogeneous system of deformation. 

Fig. 3 does not show a curve for the Aa/a values 
measured in the direction of the main deformation, 
as according to the data obtained the expansion of 
interference lines in this direction was mainly due 
to block dispersion, while secondary distortions, 
although they increased as deformation became 
greater, nevertheless remained quite small. 

It follows from Fig. 4 that in all three directions 


Microhardness kg/mm? 


ov 


FIG. 4. Dependence of microhardness on degree 
of deformation 


microhardness increases linearly with the ¢ value. 
In view of the presence of hardness correlation, 
both with the residual distortions and with block 
dispersion, the curves obtained can only be re- 
garded as characterizing the general pattern of the 
process of the strain hardening of steel and they 
do not illustrate the increase of microhardness 


with distortions and block dispersion in particular. 


Translated by V. Alford 
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THE PROBLEM OF DISTINGUISHING THE BROADENING 
EFFECTS IN POWDER LINES BY THE HARMONIC ANALYSIS 
OF FIRST AND SECOND ORDER REFLECTIONS* 

B.I. SMIRNOV 
Physico-Technical Institute, Academy of Sciences U.S.S.R. 
(Received 3 October 1960) 


The broadening of powder lines on the X-ray pat- 
terns of deformed metals has been found [1] to be 
attributable to the following causes: microdistor- 
tions (second order distortions), small block size 
(regions of coherent scattering) and stacking 
faults. The ineihods developed, and based on 
harmonic analysis of the shape of the lines, make 
it possible to distinguish these effects if one has 
information regarding the broadening of reflections 
of several orders from a number of planes. If there 
are no packing faults it is sufficient to have re- 
flections from one plane. The presence of at least 
two orders of reflection is usually regarded as 
necessary [1]. However, a number of methods have 
been suggested [2, 5], which make use of the 
broadening of only one line. One of these methods, 
which was proposed by Pines [2], has been widely 
used. There are however. a number of works [6-9], 
in which the opinion is expressed that the 
practical application of this method does not pro- 
duce sufficiently accurate results. At the same 
time, certain investigators [10] still regard the 
practical application of the Pines method as justi- 
fiable and they consider the objections expressed 
in papers [8, 22] to be without foundation. Jt seems 
desirable to go into this method in rather more 
detail and to make a comparison between results 
obtained in the treatment of the same experimental 
data by the method of the harmonic analysis of re- 
flections of one and two orders. 

The method envisaged consists in drawing the 
tangent at point t = 0 (L =0) to the curve for the 
dependence of the scattering A on the number ¢ or 


* Fiz. metal. metalloved., 12, No. 3, 449-453, 1961. 


distance in lattice L, which then represents the 
dependence of the coefficients of dispersion A? 
(on the assumption of monodispersion of the blocks) 
and cuts off a sector of the abscissa axis, which 
will characterize the “effective” block size D [11]. 
After this, from the relation A, = AP ‘ A} one can 
find the coefficients 4° which define broadening 


due to microdistortions. 


FIG. 1. A, splitting coefficients for specimens 
of alloys: 


a - Cu-Ni-Fe, line 311 [13]; quenched from 

1075° and cempered at 675° for 5 min; 6 - Fe-Mo 

line 211 [12]; quenched from 1350° and 
tempered at 650° for 15 min 


From the theoretical point of view no objections 
can be raised against this method. However, the 
following difficulties are encountered in practice. 
First of all, the tangent to the curve A, (L) must 
pass through the point L = 0, while usually the 
first point occurs at L values of the order of tens 
of Angstroms. As a result, the tangent will pass 
through an extrapolated section of the curve. This 
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of course can be quite arbitrary, and this will be 
strongly reflected in the resultant figures. An 
example of this is provided by the figures produced 
by Pines and Barutkin (Fig. la-b [12, 13]. On the 
basis of the A, (t) dependence (Fig. 1a) the 
writers of [13] assume that “broadening in this 
case is due mainly to fine dispersion” of the 


regions of coherent scattering, “as 
dA, 


dt t=0 
very nearly a straight line” (the first three points 


lie on a straight line). However, in Fig. 1b through 
three similar points lying on a straight line (the 
dotted line), the same writers [12] have drawn a 
curve and consider that “the broadening of the 

lines observed ... is mainly due to microdeformations 


#0, and curve A, (t) at low ¢ values is 


dA, 

(microdistortions), as —— 

dt =0 
ties of such an arbitrary approach have already 
been indicated in paper [8] and the reasons demon- 
strated. 

With the object of reducing this ambiguity in the 
extrapolation of the curve A; (/) on the initial 
sector, a number of writers [8, 9, 14, 15} have 
filled this sector with further points at the expense 
of an increase in the expansion range. Here it 
does not seem that any clearly expressed tangent 
to curve A, (L) is observed [8, 9, 15] and the posi- 
tion of the “tangent” drawn will depend to a con- 
siderable extent on the method by which the coef- 
ficients of expansion are calculated. 

This, however, is the main objection to the use 
of the Pines method, as even if the precise po- 
sition of the tangent to the 4, (L) curve is known 
at point , = 0, it will not be possible to find the 
block sizes due to what is known as “Hook effect” 
which has been described in papers [1, 7, 16, 17]. 
This effect consists in that an inadmissible hook 
appears on the AP (L) curves deduced from the 
broadening of several reflections, around the low L 
values. At high L values the points for the AP (Z) 
dependence plot on a straight line, the extrapolation 
of which to the ordinate axis, produced A> 1. This 
must be due to the finiteness of the splitting range 
and the almost unavoidable increase in the back- 
ground line which occurs when plotting the contour 
of the X-ray line [1, 17]. Thus the formula 


=0” The possibili- 


‘dL |L=o 
this the method of finding P from the inclination of 
the tangent to Ab (L) {11} (or A,(L) (2) at L =0, 
which is based on this formula, cannot produce ac- 
curate results. Our work has provided experimental 
confirmation of this conclusion. 

The material used for the investigation was 
nickel type Nl. Cylindrical specimens 10 mm in 
dia. and 20 mm high with a side face 5 mm in 
length, were deformed in compression by 24 per 
cent. Before this they were annealed at 700°C for 
lhr. X-ray photographs were made of the side of 
the specimens on a URS-50I apparatus in iron 
radiation with a manganese filter. The distribution 
of intensity of lines 111 and 222 was determined 


= = is incorrect, and as a result of 


from the points. An annealed specimen was used 
as the standard. The Fourier coefficients for the 
broadening curves were determined by means of 
strips [2]. Instrumental expansion was deduced by 
the Stokes method [1], in which the 111 reflection 
was used completely, and for the 222 reflection 
only the K, component of the doublet divided ac- 
cording to the method described by Raschinger [1] 
was used. The dispersion and micredistortion ef- 
fects were distinguished by the Pines method [2] 
for the 222 reflection and the Warren-Averbach [1] 
for the two reflections. 

The main results are shown in Fig. 2. Curve 1 
shows the beginning part of the A, (L) dependence 
for reflection 222. To find the D value by the 
Pines method the tangent to this curve must be 
drawn through point 2 = 0. As it is extremely dif- 
ficult to do this due to the lack of points, two 
straight lines were drawa, each of which could 
equally well be taken as the “tangent”*. Among 
other things this made it possible to follow the 
variations in the results with variation in the po- 
sition of the “tangent”. Straight lines 2 and 3 
give block sizes of 700 and 1000 A respectively. 

After this, using the D value the dependence of 
the mean square of relative microdeformation ¢€ on 
the L distance (curves 4 and 5) was calculated and 
plotted. The curves have a maximum and are 


* If the example in Fig. 1b is followed, then it can be 
assumed that in general all broadening will be mainly 
due to microdistortions. 
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similar in nature to those produced in papers [2, 10, 
18, 19], using only one reflection. It can also be 
seen that the maximum is more clearly expressed 
on curve 4, which corresponds to straight line 2. 


The unfilled rings on Fig. 2 indicate the dependence 


on distance of the coefficients of dispersion At 
obtained by the Warren-Averbach method from two 
reflections. It can be seen that the straight line, 
which plots quite well through the main points, 
intersects the ordinate axis at point A} > 1, ice. 
there is a hook effect, as described above. The 
block size determined from the intersection of the 
straight line 6 with the abscissa axis, is 600 A. 
By separating the effects of broadening by the 
Warren-Averbach method it was possible to find the 


dependence of ¢ on L (curve 7). The ¢€ value di- 
minishes with distance, and has no maximum. A 


similar dependence course has also been observed 
by other writers [7, 17, 20-22], who used the 
broadening of several reflections. 


A, AL 
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FIG. 2. Dependence of coefficient Ay and Ae 
and mean square percentage microdeformation 
€ on distance for nickel: 


1- AL for 222 reflection; 2, 3 - straight lines 
assumed to be tangent to the curve |; 4, 5, 7 - 


€; 6- AP 


Thus it can be seen that, besides the quantita- 
tive disagreement in the results obtained by the 
different methods, there is also a qualitative dif- 
ference in the ¢ (L) dependence. As the method of 


dividing the broadening effects into two orders of 
reflection is more precise, the data obtained by 
this means must be regarded as more accurate. 
Besides this, the very presence of the maximum 
on the ¢ (L) curve is rather curious [22]. Indeed, 
if deformation is uniform in the metal, then ¢ = 
= const; if deformation is not uniform ¢ should 
decrease as L increases, and here, from the atomic 
structure of the material studied, it will follow that 
de 
dL |L =o 
drawn if it is assumed, as in [2, 10, 19], that the 
e (L) dependence is of the character shown by 
curve 4 (together with the dotted line). The 
tendency of the « value towards zero at low L 


=0. Let us see what conclusions can 


values indicates, in essence, that at short distances 
(within the limits of one unit cell) the crystal lat- 
tice will be practically undistorted. If one now 
removes from the crystal a “column” of around 

100 A, consisting of these practically undistorted 
unit cells, then it will still have quite a consider- 
able mean square relative deformation (~ 0.1 per 
cent). Such a result is more than curious. 

In the present work the separation of the 
broadening effects by the Warren-Averbach method 
was carried out for two orders of reflection. Even 
more reliable results can be obtained if a large 
number of orders are used, but it would be difficult 
to produce them. Due to its isotropism, it is pos- 
sible in tungsten to distinguish the reflections 
from several different planes [20]. The broadening 
of eight reflections has been studied. It seems 
that the «/L dependence is similar in character to 
curve 7, and not to curves 5 and 6. If the Ab (L) 
dependence in Fig. 3 [20] is compared with the 
A, (L) curves in Fig. 1 of the same paper, it will 
be seen that, as in the present work, it is not a 
tangent to any of the eight A, (L) curves. If the 
actual dependence Af (L) of the tangent to the 
A, (L) curve is substituted, the use of the 
broadening of one line only will cause the ap- 
pearance of a maximum on the ¢ (L) carve. 

Thus: (1) the method of finding block size from 
the gradient of the tangent to curve A, (L) at 
L =0 is liable to produce inaccurate results due to 
hook effect; 
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(2) the presence of a maximum on the « (L) 
curve does not reflect the physical state of the 
physical state of the crystal lattice, but is the 


result of the use of this method. 


Translated by V. Alford 
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THE INFLUENCE OF Cu, Si, Cr AND Mo ON THE 
MAGNETIC ANISOTROPY AND SATURATION INDUCTION OF 
Ni-Fe MONOCRYSTALS* 

I.M. PUZEI 
Central Research Institute of Ferrous Metallurgy 
(Received 13 December 1960) - 


The most frequently encountered alloying ad- 
ditions in high-permeability nickel alloys are copper, 
silicon, chromium and molybdenum. The aim of the 
present article was to compare the course of the 
variation in anisotropy energy and saturation in- 
duction under additions of elements to Ni-Fe alloys. 


\4 10° ergs/cm* 
10 


FIG. 1. Induction, saturation, and magnetic 
anisotropy constant in iron-nickel-copper 
monocrystals after quenching 


The method of investigating the anisotropy energy 
and saturation, and the method of preparing the 
monocrystals has already been described in [1] and 
will be omitted here. All the data presented here 
relate to the state after quenching from 600° in 
water. 

Fig. 1 shows part of the concentration triangle of 
the system Ni-Fe-Cu. The dotted lines indicate 
the lines of constant saturation induction. They 
have been plotted in accordance with the figures in 
(2]. The arrows indicate the magnitude and sign of 
the anisotropy constant. 

Due to the limited solubility of copper (5.5 per 


* Fiz. metal. metalloved., 12, No. 3, 453-455, 1961. 


cent) we were only. able to produce monocrystals 
with a copper content of up to 5 per cent. Using 
the figures for the anisotropy energy for Ni-Fe 
alloys [1] and carrying out linear extrapolation to 
the region of 3 per cent variation in Ni and Fe 
content, we were able to plot the line for zero 
anisotropy. It is roughly parallel to that for a 


constant nickel concentration. VO" 
Ei 
{240° ergs/cm?® 19 


FIG. 2. Induction, saturation, and magnetic 
anisotropy constant for iron-nickel-molybde- 
num monocrystals after quenching 


Fig. 2 shows similar data for the system Ni-Fe- 
Mo. In view of the considerable difference in the 
atomic weights of the components the atomic per- 
centages have been indicated. The constant in- 
duction lines were plotted both from our data and 
from the data in paper [3]. The zero anisotropy 
lines have been plotted according to the data in- 
dicated in the form of an arrow, and also from the 
figures for Ni-Fe alloys. The constant induction 
and zero anisotropy lines lie at slight angles to 
and on either side of the base line. 

The pattern for Ni-Fe-Cr alloys is similar 
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(Fig. 3). Here also figures on saturation induction 
were used [3]. In alloys with chromium the in- 
duction and anisotropy lines are somewhat steeper 
than in those with molybdenum. 


ergs/cm? 


FIG. 3. Induction, saturation, and magnetic 
anisotropy constant in iron-nickel-chromiam 
monocrystals after quenching 


Finally, Fig. 4 shows the same thing for the Ni- 
Fe-Si system. Here atomic per cent have been in- 
dicated. All the alloys with silicén which were in- 


vestigated had negative anisotropy constants. The 
isotropic compositions lie further to the right and 

the isotropic line should be inclined on the side of 
the iron angle. It is interesting to note that as the 


silicon content increases the anisotropy constant 
K also increases. Thus, in an alloy with 11.6 at.% 
Si and 70.9 at.% Ni, K = — 6.23 x 10* ergs/cm’, i.e. 
it is more than in Ni, although the saturation in- 
duction of this alloy is B, = 5300 G. i.e. less than 
in Ni. 

It can be seen from Figs. 1-4 that the alloying 
elements can be arranged in the following order, Cu, 
Si, Cr, Mo, of declining degrees of saturation in- 
duction. The saturation induction gradient along 
the line of constant nickel-iron concentration ratio, 
which is 2.7, is 150, 550, 600 and 900 G/at.% for 
these four elements. The ratio of these gradients 
is 1 :3.7: 4.0: 6.0 (room temperatures). In the 
case of the binary alloys of nickel with the same 
elements, the ratio of the gradients is 1 :4: 4.5: 

: 5.5 (low temperatures) [4, 5]. Thus the ratio of 
the gradients remains roughly the same. 

For Ni-base binary alloys with Cu, Zn, Al, Si, Sb 


and Mo the course of the variation in saturation 


induction has been described by Stoner [6], and 
Mott and Jones [7]. According to them, due to the 
more favourable energy conditions, the electrons of 
the outer shells of impurity atoms pass into the 3d 


ergs/em® 


FIG. 4. Induction, saturation and magnetic 

anisotropy constant for iron-nickel-silicon 

monocrystals after quenching from 600° in 
water 


shell of the nickel atoms, compensating each mag- 
netic moment by one Bohr magneton. In Ni-base 
binary alloys the anisotropy constant diminishes 
with composition in exactly the same proportion as 
saturation, which has been demonstrated for the 
alloys Ni-Cu, Ni-Mo and Ni-Sn [8, 9]. As a result 
of this, the curves for the dependence of the 
anisotropy constants on saturation will coincide in 
these alloys. 

From this the conclusion can be drawn that the 
charge of Cu, Sn and Mo ions does not have any 
specific influence on the anisotropy constant and 
that this influence arises from electron concen- 
tration and, finally, from the mean magnetic moment 
of the nickel atoms as copper, tin and molybdenum 
atoms have no magnetic moment. 

It can be seen from Figs. 1-4 that when passing 
from Cu to Cr and Mo the region of negative 
anisotropy is considerably reduced. The isotropic 
lines lie at ever greater inclinations to the base 
line, on the side of the nickel angle. The ratio of 
nickel concentration to iron concentration increases 
along the isotropic line. In ternary alloys with 
copper, chromium and molybdenum concentrations 
from 0 to 2.5 per cent this ratio varies thus: 2.6- 
2.9, 2.6-4.6, 2.6-4.8 respectively. 
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If it is assumed that in ternary alloys the charges 
of Cu, Cr and Mo ions have no particular influence 
on the anisotropy constant, at these low concen- 
trations, then the conclusion must be drawn that in 
ternary alloys with Cu, Cr and Mo magnetic neutra- 
lization of the whole nickel component takes place, 
as the region of negative anisotropy becomes more 
and more constricted when passing from Cu to Mo 
(in binary Ni-Fe alloys the region of negative 
anisotropic energy is extended from 100 to 72.5 per 
cent Ni). 

The alloys with chromium behave somewhat dif- 
ferently. The isotropic line is inclined on the iron 
side and the region of negative anisotropy is bigger 
than in the alloys with copper. This can be 


explained as follows: the heat of formation of the 
solid solution of silicon in iron is 20 kcal/g.at, 
and that for the formation of a solid solution of 
silicon in nickel is 37 keal/g.at. [10]. The reason 
for this appears to be that the transition of 
electrons to the 3d shell is energetically less 
favourable for the nickel atoms, which are adjacent 
to the silicon ones, and as a result of this the 
region of negative anisotropy is expanded. 

These conclusions can be tested by measuring 
the partial magnetic moments in alloys by the 
neutron diffraction method. Such data are, however, 


not available in published literature. 


Translated by V. Alford 
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POLYMORPHOUS TRANSFORMATION IN THE METALLOID NbCr,* 
V.M. PAN 
Institute of Metal Physics, Academy of Sciences Ukr.S.S.R. 
(Received 3 October 1960) 


The existence of a phase with the composition 
NbCr, was first discovered in the binary system 
chromium-niobium in paper [1]. The authors of an 
earlier work [2] assumed that in the Cr-Nb system 
there was a Nb,Cr, compound which crystallizes as 
a result of a peritectic reaction. In [1, 3-6] however, 
it was found that the Nb,Cr, compound was not 
present, but that a NbCr, phase fused coherently at 
1700-1710° and formed two eutectics; one with a 
solid solution on the basis of chromium at 1600° [3], 
or 1660° [4], or 1625° [6], and one with a solid so- 
lution on the basis of niobium at 1660° [3], or 1710° 
[4]. In (1, 3, 4, 7] the NbCr, phase is ascribed a 
crystal structure of the MgCu, type, i.e., a cubic 
one with 24 atoms in the unit cell (structural type 
C15). The lattice parameter was a = 6.971 kX [7]. 
In none of the works known to us has any poly- 
morphism been found in the NbCr, compound. 

Tn our work, which is devoted to the investigation 
of the ternary system Cr-Nb-N i', the X-ray structur- 
al analysis established that in ternary alloys close 
to the metalloid NbCr, but containing more than 
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' The Cr-Nb and Cr-Nb-Ni alloys were produced from 
electrolytically refined chromium 99.95 per cent, 99.97 
and 99.4 per cent niobium in rods, and 99.99 per cent 
nickel in a laboratory electric arc furnace with a water- 
cooled copper base and tungsten electrode, in an 
atmosphere of purified argon [8]. In all, 19 alloys were 
produced on the Cr-Nb system and 13 alloys lying in 
the quasi-binary sector NbCr,-Ni,Nb of the Cr-Nb-Ni 
system. The alloys were examined by the method of 
differential thermal analysis on the apparatus which 
has been described in [8, 9]. Micro- and X-ray structur- 
al analysis was also carried out on alloys annealed at 
1100° for 107 hr and then quenched from 800, 1100 and 
1400°. Heating was in an atmosphere of purified argon 
[8]. The X-ray photographs were made in unfiltered 
chromium radiation in a 57.3 mm Debye camera. 


3-5 per cent Ni, the B-phase with a type MgCu, lat- 
tice disappears and is replaced by a e-phase with a 
lattice of the MgZn, type, i.e. a hexagonal one with 
12 atoms to the unit cell (structural type C14). 

According to differential thermal analysis and 
also phase X-ray structural analysis of alloys 
quenched from various temperatures, the quasi- 
binary system NbCr,-Ni,Nb seems to be of the form 
indicated in Fig. 1. From this one is forced to the 
conclusion that the metalloid NbCr, which crystal- 
lizes from the melt at 1720 + 5°, must exist between 
1720 and 1590° in the form of a modification with a 
type MgZn, lattice. From 1590° to room temperature 
the metalloid NbCr, exists in two modifications with 
a type MgCu, lattice. 

On the basis of this data the constitution 
diagram for the binary system Cr-Nb is clarified. 
The phase equilibrium diagram for the Cr-Nb 
system, plotted according to data obtained in this 
work by the method of differential thermal, micro- 
and X-ray structural analysis, and also from the 
results of previous works, is presented in Fig. 2. 

In principle it is no different from that proposed in 
[3, 4]. The presence of two eutectic transformations 
is confirmed: one between the siobium solid so- 
lution of chromium and the metalioid NbCr, at 1640° 
and 30 per cent Nb, and one between the chromium 
solid solution in niobium and the metalloid NbCr, 
at 65 per cent Nb. Non-variant transformations were 
found in the alloys in the solid state, which are 
connected with the polymorphism of the metalloid 
NbCr,. In the high chromium part of the diagram 

the horizontal line at 1585° appears to correspond 
with the eutectoid transformation ¢« .. a + 8 and in 
the high niobium part of the diagram the horizontal 
line at 1625°, of course, corresponds to the 


Letters to the Editor 


Wt. % Cr 
30 W 30 2 


L i 
10 20 306 WO SC 60 


NoCr, Wt. % 


FIG. 1. Quasi-binary section NbCr,-Ni,Nb 
of ternary system Cr-Nb-Ni 
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FIG. 3. Differential thermogram of alloy 
40 per cent Nb,60 per cent Cr 


peritectoid transformation + y 7 8. The narrow 
concentrativa ranges of the phase regions ¢, 8 and 

¢ + make it difficult to form a precise definition 

of the boundaries of these regions. It can, however, 
be asserted that the width of the single-phase 
region ¢ in the binary system, will not exceed 1.5 
per cent, and that the eutectic point will not be 
more than 0.2-0.3 per cent from the boundary of the 
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. 2, Phase diagram of Cr-Nb system 
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FIG. 4. Dependence of lattice parameter 
of phase € on nickel concentration 


single-phase § region, and that the peritectic 
point will be about 1 per cent from the boundary of 
the ¢ region. 

Fig. 3 shows an example of a differential thermal 
curve described during the heating and cooling of 
an alloy with 40 per cent Nb. One curve shows 
the change of temperature in the specimen in the 
process of heating and cooling, and the second 
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shows the temperature difference between the speci- 
men and the standard. Both on the first, and parti- 
cularly on the second curve, effects can be seen 
which are due to eutectoid (1585° on heating and 
1589° on cooling) and eutectic (1635° on heating and 
1625° on cooling) transformations. Besides this, the 
moment of total fusion is clearly established at 
1705° and the beginning of crystailization at 1690°. 
The crystal lattice parameters of the «phase 
were measured for the ternary alloy Cr-Nb-Ni with 


varying nicke} concentrations, lying in the sector 
NbCr-Ni,Nb. The measurements were made on X- 


ray photographs of alloys quenched after annealing 


at 1100°. Fig. 4 shows the graph for the de- 
pendence of the crystel lattice parameters of the 
e-Nb (Cr, Ni), phase on nickel concentration. Ex- 
trapolation of these dependences to 9 per cent 
nickel, i.e. to pure NbCr, gives us the lattice para- 
meter of the high temperature modification of the 
compound NbCr, (a = 4.92 kX, c = 8.10 kX). The 
graphs in Fig. 4 also show that when the nickel 
content ig higher than 36 per cent the lattice para- 
meters of the e-phase will not be dependent on cen- 


centration. Consequently at 1100° the solubility 


of nickei in the «phase will be 36 per cent. 

According to the conclusions of the writers of 
[7], transition from a type MgCu, structore to the 
type MgZn, structure for the Laves phases takes 
place when the electron concentration diminishes 
below the critical level 2.32. On the basis of this, 
the contraction of the region for the existence of 
the 8-NbCr, phase with a type MgCua, structure on 
the NbCr,-Ni,Nb constitution diagram can be ex- 
plained by the fact that additions of nickel cause a 
sharp reduction in the concentration of valence 
electrons per atom in the NbCr, phase. This con- 
clusion is in agreement with the data given in [7] 
regarding the low value of the effective valence of 
nickel on the formation of a Laves phase. If the 
effective valences of chromium and nickel are 
taker to be 1.69 and 0.25 respectively [7], and al- 
lowance is made for the fact that at 1100° the 
boundary of the single-phase § region will be 4.5 
at.%, then the effective valency of niobium must be 
3.890. 


Translated by V. Alford 
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ANOMALIES IN YOUNG’S MODULUS AND DAMPING CAPACITY 
IN FERRITES WITH A COMPENSATION POINT* 
A.N. GORYAGA, R.Z. LEVITIN and LING "CHAN TAU 
Moscow State University 
(Received 13 March 1961) 


In ferrites which have a sublattice, magnetic 
moment compensation point anomalies are observed 
in the magnetic [1], galvanomagnetic [2] and mag- 
netostriction properties [3], which are due to the 
fact that above and below the compensation point 
these properties are mainly determined by the dif- 
ferent sublattices of the ferrite. At the actual 
point of compensation there are anomalies in el- 
ectrical resistivity [4], coercive force [5], ferromag- 
netic resonance absorption [6] and other character- 
istics. Up to the present time however nobody has 
decided whether this is the compensation tempera- 
ture in the phase transformation. To resolve this 
problem further experimental data will be required 
regarding the behaviour, not only of magnetic and 
electrical, but also of the other physical properties 
in the region of compensation temperature. As 
demonsirated in [7, 8], a sensitive method of study- 
ing phase transformations is the investigation of 
the temperature dependence of the moduli of elasti- 
city and of damping capacity. 

We have made a study of the temperature de- 
pendence of Young’s modulus and damping capacity 
in two ferrite-chromites of lithium with the following 
composition: Li,0.2.7 Fe,0,.2.3 Cr.0, (com- 


pensation point @, = 371.5° K), and Li,0.2.5 Fe,0,. 


. 2.5 Cr.O, (6, = 326°K). Young’s modulus FE and 
damping capacity Q-' were measured by the “com- 
posite vibrator” method [9] at a frequency of 

130 ke/s. 

Fig. la-b show the temperature dependences of 
Young’s modulus and damping capacity in the fer- 
rite Li,O.2.7 Fe,0,.2.3 Cr,0, in the demagnetized 
state, i.e, at 7 =0, and in the field of technical 
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saturation which is 2690 oersted. It can be seen 
that at compensation point Young’s modulus di- 
minishes; this is particularly clearly expressed on 
the application of a magnetic field. At the same 
temperature there is a damping maximum the magni- 
tude of which is almost independent of field. 

Fig. 2 shows the temperature course of AEF effect 
(AE/E) in the saturation field for the same ferrite. 
AE effect diminishes at compensation point which, 
of course, is due to a reduction in the part of the 
processes of technical magnetization (the processes 
of boundary displacement and rotation) on ap- 
proaching compensation temperature. The fact that 
AE effect is other than zero in @y can be attri- 
buted to the fact that this ferrite, as our measure- 
ments of magnetization have shown, has partial 
compensation of the spontaneous magnetizations 
of the sublattices. 

Similar temperature dependences for EF, Q-' and AF 
effect were found for the ferrite Li,0.2.5 Fe,O,. 
.2.5 Cr,O, also. 


The abnormalities observed in Young’s modulus 


and damping capacity at @, are probably not due 


to any processes of technical magnetization, as 
they do not disappear in the field of technical mag- 
netization, i.e. when the specimen becomes a 
single domain one. The anomalies observed are 
reminiscent of the anomaly in Young’s modulus and 
damping capacity which is seen in antiferromagnetic 
materials around Néel temperature [10]. In our 
opinion the reason for the anomalies in the 
elastic properties at compensation point is that at 
this temperature, due to the compensation of the 
magnetic moments of the sublattices, the ferrite 
becomes a compensated antiferromagnetic 
material. 


Letters to the Editor 


at A7=2690 oersted 


00 200. 300. 400 300 °K 


FIG. 1. Temperature dependence: 


a - of Young’s modulus E; 6 - damping capacity Q* for the ferrite 
Li,O.2.7 Fe,0,.2.3 Cr,0; 


In conclusion we would like to draw attention to where there is the sharpest reduction in spontane- 


the fact that around 250° K there is a damping maxi- WS Magnetization on approaching 6x. 


mum which disappears on the application of field, The authors wish to thank Professor K.P. Belov 


i.e. it is related to domain processes. The for directing the work. 


measurement of magnetization at various tempera- 
tures shows that the maximum belongs to the field Translated by V. Alford 
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FIG. 2. semperature dependence of AE saturation effect in the ferrite 
Li,O .2.7 Fe,0,.2.3 Cr,0; 
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THE INFLUENCE OF PLASTIC DEFORMATION ON THE 
LIQUIDATION OF EXCESS VACANCIES IN QUENCHED GOLD* 
V.A. PERVAKOV, N.S. PETRENKO and V.I. KHOTKEVICH 
Kharkov State University 
(Received 27 April 1961) 


According to the ideas developed in [1}, the 
plastic deformation of a metal is not only accompa- 
nied by the formation of crystal lattice distortions 
but at the same time it promotes their liquidation. 
A number of published works have been devoted to 
the study of these processes, but the problem of 
the influence of deformation on the liquidation of 
some particular known type of defect has hardly 
been studied at all. In this context attention is 
drawn to the recent works [2, 4] in which the influ- 
ence of plastic deformation on the pehaviour of ex- 
cess vacancies created previously in the metal by 
quenching, has been studied. From these works it 
follows that sufficient deformation in aluminium 
and gold at room temperature will lead to the re- 
duction of the concentration of excess vacancies. 


Similar investizations at different temperatures 
and rates of deformation are also of interest. Below 
we present our data on the influence of deformation 
created at rates of the order of 10 per cent and 
10* per cent ‘min (impact) at temperatures of 20 and 
~ 196° C, on the increase in resistivity caused by 
preliminary quenching. ‘Vire specimens of pure 
gold (99.99 per cent) 0.05 mm in dia. and about 
60 mm long were used as the test specimens. Defor- 
mation was carried out by compressing the wires 
between polished steel plates. They were quenched 
by rapid immersion in water. Resistivity was 
measured on a potentiometer circuit. The increase 
in resistivity due to quenching was in all cases ap- 
proximately 0.6 per cent of the resistivity regis- 
tered at room temperature. 


Fig. 1 shows the dependence of the percentage 
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increase in resistivity (AR/R 20°), on the degree 
of deformation (Ad/d) for specimens which had 
previously hgen annealed (curve 1) and quenched 
(curve 2), at low rates of deformation and at room 
temperature. A number of features can easily be 
detected in the course of curve 2. At the early 
stages of deformation its points lie above curve 1] 
and their ordinates are different in the extent of 
the increase in resistance due to quenching. In 
the middle the curves intersect. At considerable 
deformations curve 2 is somewhat below curve lL. 


52 a> 


Tod 


FIG. 1. Dependence of percentage increase in 
electrical resistivity (AR/R 20°) of previously 
annealed (1) and quenched (2) gold on the de- 
gree of deformation (Ad/d) at 20°C. Rate of 
deformation ~ 10 per cent/min 


These features of curve 2 can apparently be at- 
tributed to the following. At first the concentration 
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FIG. 2. The same as Fig. 1, at 20°C. Rate 
of deformation of the or?e: of 105 per cent 
froin 


FIG. 3. The same as Fig. 1, at — 196°C 


of excess vacancies is considerably reduced. Ac- 
cording to [4, 5], at this stage there is possibly a 
further pile-up of dislocations due to the slowing 
up of the later vacancies. This process is not 
visible on our graphs of course, because the in- 
crease in resistance due to excess vacancies is 
compensated by some reduction in this increase due 
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to the partial liquidation of vacancies. In the 
middle stage of deformation there is vigorous 
liquidation of the vacancies. At higher deformations 
there are no excess vacancies at all and the pro- 
cess of deformation takes place in practically the 
same way as in annealed specimens. 

Fig. 2 also shows similar curves which relate to 
specimens which were deformed under impact also 
at room temperature. In this case, despite the pos- 
sible heating of the specimens during deformation, 
the noticeable liquidation of vacancies takes place 
at much higher stages of deformation. In the speci- 
mens which were deformed at the temperature of 
liquid nitrogen (Fig. 3), independent of rate, and 
right up to quite high degrees of deformation, the 
curves remain at the value which corresponds to 
the increase in resistance due to quenching, practi- 
cally no liquidation of vacancies takes place at 
this temperature. 

Assuming that the behaviour of the excess 
vacancies under deformation in some way reflects 
the behaviour of vacancies formed in the process of 
deformation itself, it is to be expected that in an- 
nealed gold specimens which have been slowly de- 
formed at room temperature, the significant contri- 
bution of vacancies at low stages of deformation to 
the increase in electrical resistivity will be 
greater than at greater deformations. Specimens 
which were deformed at a low temperature or de- 
formed by impact at room temperature should have 
more vacancies than those deformed at slow speeds 
at room temperature. 

This appears to be true also for point defects 
(atoms in interstitial sites, pairs of vacancies) 
which have lower temperature stability than vacan- 


cies. 


Translated by VY. Alford 
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A NEW PHASE IN THE SYSTEM IRON-GERMANIUM* 
A.K. SHTOL’TS and P.V. GEL’D 
Urals Polytechnic Institute 
(Received 28 April 1961) 


According to the information provided by 
Ruttenwit and Masing [1], germanium forms two co- 
herently fused intermetallic compounds with iron, 
the compositions of which are defined roughly by 
the formulae Fe,Ge and FeGe,, and also an outer 
solid solution with a wide range of homogeneity. 
After a more careful study of alloys prepared from 
reduced iron and monocrystalline blocks of ger- 
manium containing 26.07, 28.31, 30.17 and 
35.17 wt.% Ge, a new phase component has been 
discovered. 

Metaliographic investigation of the first speci- 
mens showed that, besides the crystals of the com- 


pounds already revealed, there are also precipi- 

tations of the solid solution of germanium in iron. 
The amount is quite high in the alloy with 26.07% 
germanium but in the preparation with 28.31% ger- 


manium it only exists in very small quantities 

(2-3 wt.%). The specimens containing 30.17 and 
35.17% Ge were also two-phase. However, as was 
to be expected, in equilibrium with the new ger- 
manide were also crystals of a solid solution on 
the basis of the metalloid Fe,Ge. The amount of 
the latter in the alloy with 30.17% germanium was 
about 5 wt.% and increased as the germanium con- 
centration increased. This permits the assumption 
that the germanium-iron compound revealed has a 
relatively narrow range of homogeneity (1-1.5 wt.%) 
and that it can reasonably be described by the 
formula Fe,.,, Ge (Fe,,Ge,). 

_ When studied in polarized light between crossed 
nichols the grains of this germanide have a colour 
which varies with orientation from light-grey to 
blue-grey. They show clearly revealed optical 
activity with colour repetition when the stand of 
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the microscope is revolved through 180°. 
In mechanical properties Fe,,,, Ge is very dif- 


ferent from the brittle germanides F'e,Ge and FeGe,,. 


This compound has quite high ductility and hard- 
ness, which makes it very difficult to produce any 
grain refinement. The microhardness of the 

Fe,.,s Ge crystals, determined on a PMT-3 appa- 
ratus using a monocrystal of rock salt as a 
standard, is around 530 kg/mm?. The specific mag- 
netization of this phase is very high, apparently 
due to its ferromagnetic nature. 

To establish the structural characteristics of the 
germanide the alloys enumerated above were de- 
termined by X-ray methods. They were first homo- 
genized in a vacuum for 100 hr at 1000°C and then 
they were refined and again annealed at 1000° C 
for 3 hr to remove stresses. The photographs were 
made in a 143.2 mm VRS camera in Co- and Fe- 
radiation with asymmetrical arrangement of the 
film, and measurement of the X-ray patterns was 
made on a comparator [ZA-2. Interpretation of the 
data obtained confirms the results of the metal- 
lographic investigation and shows that Fe,,, Ge 
has a hexagonal structure which seems to be 
similar to that previously described for Fe,Sn and 
Mn,.,s Ge (2, 3]. The lattice parameters of 
Fe,.,s Ge vary a little with variation in compositio 
Thus, in a specimen containing the new germanide 
saturated with iron, they are a = (5.1612 + 0.0005) 
kX, c¢ = (4.2111 + 0.0005) kX, while the phase in 
equilibrium with the Fe,Ge has lattice parameters: 
a = (5.1680 + 0.0005) kX; = (4.2175 + 0.0005) kX 
(at practically the same values c/a = 0.8160). 
These characteristics are slightly different from 
those found, for example, for Mn,,,, Ge (@ = 5.33,, 
ce = 4.365, c/a = 0.8165). 


These investigations thus allow one to assert 
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that in the Fe-Ge system, besides the metalloids structure of which is similar to Fe Sa is 
Fe,Ge and FeGe, which have already been de- Mn,,,, Ge (type DO,,). 

scribed, there is also the lower germanide Fe,.,, Ge 

with a relatively narrow field of homogeneity, the Translated by V 
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INVESTIGATION OF THE DIFFUSION PROPERTIES OF 
MONOCHALCOGENIDES OF TRANSITION METALS. I. SELF-DIFFUSION 
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NICKEL MONOSULPHIDE* 
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Institute of Metal Physics, Academy of Sciences U.S.S.R. 

(Received 6 July 1961) 


The mechanism of the elementary act of diffusion 
and the extent of diffusion penetrability determine 
many of the properties of solids. To discover the 
mechanism of the elementary act of diffusion, be- 
sides investigating the influence of such factors as 
temperature, pressure, electrical and magnetic field 
etc., the study of the dependence of self-diffusion 
parameters on the extent and type of atomic inter- 
action is also of considerable importance. 

In the process of reaction diffusion the interaction 
of components and the kinetics of the process are 
determined by the diffusion penetrability of the 
phases which are the products of the reaction. The 
diffusion penetrability of these phases is known [1], 
together with the extent of the part played by the 
diffusion of components in these phases, to be de- 
termined by the magnitude and type of atomic inter- 
action which occurs in them. Of course, to study 
the dependence of diffusion characteristics on 
atomic interaction one must study systems which 
have the same type of crystallographic structure. 

Suitable objects for the solution of these 
problems are the compounds of the 3d transition 
metals with metalloids of the sixth group (oxygen, 
sulphur, selenium, tellurium). Most of the mono- 
chalcogenides of transition metals have a type 
NiAs structure. A covalent type of bonding force 
is characteristic of these compounds [2-5]. Very 
considerable variation from the ionic type of bond 


* Fiz. metal. metalloved., 12, No. 3, 463-464, 1961. 
* L.A. Miroshnikov of the Urals State University took 
part in the experiments. 


is revealed by the chalcogenides of vanadium and 
cobalt. For the given transition metal the pro- 


portion of covalence interaction increases when 


passing from sulphur to tellurium. Besides this, 


there is also an increase in the same direction in 


the metallic interaction along cation chains paral- 
lel to the axis c of a hexagonal lattice. 

Thus, in chalcogenides of transition metals which 
are of one structural type, it is possible to compare 
the variations in diffusion properties with variation 
in bonding force. 

The present note presents the results of prelimi- 
nary experiments in the study of the diffusion para- 
meters of nickel and sulphur in monocrystals of 
nickel monosulphide. The starting materials were 
electrolytic nickel 99.99 per cent and sulphur 
which was specified as “particularly pure”. Speci- 
mens with composition NiS, ,, [6] were prepared by 
reaction of the starting materials at 400-500° C in 
evacuated and sealed quartz ampoules with subse- 
quent melting and homogenization. The single- 
phase state and crystallographic structure of the 
product of the reaction were checked on X-ray 
analysis. Monocrystals of nickel monosulphide 
30-50 mm long and 10 mm in dia. were grown in the 
sealed quartz ampoules by the Bridgeman method. 
Per: cular attention was paid to degassing the 
starting materials and the production of bulk mono- 
crystals without pores [7, 8]. From the resulting 
monocrystals specimens were cut in the shape of 
tablets with plane either parallel or perpendicular 
to the basal plane of the hexagonal cell (the orien- 
tation of the tablet plane was determined by X-ray). 
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The self-diffusion coefficient of sulphur and 
nickel were measured by means of radioactive iso- 
topes (sulphur-33 and nickel-63) using the integral 
residue method. The diffusion coefficients were 
found between 750 and 880° C for nickel and 820 and 
885° C for sulphur. The lower limit of the tempera- 
ture range is mainly dependent on the preferred dif- 
fusion of nickel along mosaic block boundaries [9] 
and the low values of the diffusion coefficients of 
sulphur. The dependence of the concentration 
distribution of the diffusing element on depth and 
the autoradiograms of the diffusion zones showed 
that in the range of temperatures selected, the dif- 
fusion of nickel and sulphur in monocrystals of 
nickel monosulphide takes place volumetrically. 
The figures for the coefficients of diffusion are set 
out in Table 1. It can be concluded from these data 
that at high temperatures the diffusion movement is 
somewhat greater than that of sulphur. The 


temperature course of the diffusion coefficients of 
nickel and sulphur indicate that the difference 
found is mainly due to a difference in their acti- 
vation energies and in the value of the pre- 
exponential multiplier. The data obtained also 
indicate that there is some anisotropy of diffusion 
in nickel monosulphide. 

It is proposed later on to investigate the temper- 
ature dependence of diffusion coefficient of the 
component along the axis C and perpendicular to 
axis C in compounds with selenium and tellurium. 

The authors wish to take this opportunity to ex- 
tend their thanks to V.J. Arkharov and Ye.B. 
Blankova for their valuable advice in this work. 


Translated by V. Alford 


TABLE 1 


Orientational 
diffusion to 
¢ axis 


Diffusing 
element 


Diffusion 
coefficient 
cm?/sec 


Temperature 


Nickel 
Nickel 
Nickel 
Nickel —-63 
Nickel —-63 
Nicke] —63 
Sulphur ---35 
Sulphur 
Sulphur —35 
Sulphur —35 
Salphur—35 
Sulphur —35 


—-63 
—-63 
—63 


toe 


1.4% 107° 
1.5%107° 
2.8x107° 
3.2x107° 
7.2x10—8 
1.2x107!! 
i.6x107!! 
2.5x10—!! 
3.8x 
3.5% 10-1! 
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THEORY OF THE SCATTERING OF X-RAYS BY CRYSTALS CONTAINING DEFECTS* 
M.A. KRIVOGLAZ 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
(Received 16 January 1961) 


Criteria have been found by means of which it is possible to establish whether the defects in 
question cause line broadening on an X-ray pattern. A classification of these defects has also been 
made. The decisive factor in this classification has been found to be the law of diminishing displace- 
ments as distances from the defect increase. Formulae have been derived by means of which it is 
possible to determined the distribution of the intensity of radiation scattering at low defect concentra- 
tions. The problem of distinguishing lines and background on the X-ray pattern is discussed. Line 
broadening due to fluctuations in the number of defects in the grains is calculated. 


Where there is elastic scattering of X-rays by an 
ideal crystal in which the atoms are stationary in 
the sites of a periodic lattice, only sharply defined 
lines or spots are known to appear on the X-ray 
pattern According to the kinematic theory of scat- 
tering, in this case in fairly large crystals the in- 
tensity of the scattered radiation will be arranged 
in such a way that it can be defined by 6 type func- 
tions localized in the sites of the reciprocal lattice. 
If the ideal state of the crystal is destroyed (by 
substituting atoms of one kind by those of another, 
crystal distortions etc. etc.) this will cause a con- 
siderable change in the distribution pattern of the 
intensity of scattering. These changes may take the 
form of a shift in the maxima of the 6 type scatter- 
ing intensity distributions (lines on the X-ray 
pattern), changes in their integral intensity with 
uniform distribution of the intensity of diffuse scat- 
tering outside these maxima, or, in other cases, to 
the broadening of the 6 form intensity distributions. 

Diffuse scattering and weakening of line intensity 
are usually connected with third-type distortions, 
while line broadening is related to second-type 
distortions. Such a classification is of course to a 
certain degree formal. Third-type distortions can, 
of course, be attributed to various causes. 

It is possible now to give a more detailed descrip- 
tion of a non-ideal crysta! based on the idea of 
different tvnes of defects. These include impurity 


* Fiz. metal. metalloved., 12, No. 4, 465-475, 1961. 


atoms, vacancies at lattice sites, precipitations or 


pre-precipitations of particles of a new phase, dis- 
locations, stacking faults etc. etc. In this kind of 
definition the problem of examining the elastic 
scattering of \-ravs in a non-ideal crystal amounts 
to studying the X-ray diffraction effects caused by 
the different defects. Different types of defects 
will cause a qualitatively different change in the 
distribution of intensities and may or may not 
cause line broadening. The crystal defects can be 
divided into two classes according to the X-ray 
diffraction effects which they cause. 

Of course, the theory of the scattering of X-rays 
by defects should first of all establish criteria 
which relate the features of the defects to the 
qualitative pattern of intensity distribution, from 
which a definite form of defect classification can 
be made. Such an investigation is also necessary 
because one frequently encounters in published 
literature the obviously untrue assertion that 
impurity atoms cause the broadening of lines on 
X-ray patterns and dislocations cause weakening 
of the intensity of correct reflections etc. etc. 

Such a classification of defects will be made 
below. It will be shown that the existence or 
absence of line broadening is due to the law of 
the extinction of defects created by atom displace- 
ments at great distances from the defect. Besides 
this, analysis will be made of the line broadening 
effect due to fluctuations in the numbers of defects 
in different grains. 
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OVERALL ANALYSIS OF X-RAY DIFFRACTION 
EFFECTS DUE TO DEFECTS 


In the light of kinematic theory, let us consider 
the elastic scattering of monochromatic X-rays by a 
fairly large monocrystal containing defects. We will 
not here take iato consideration the slight broaden- 
ing of normal reflections due to effects belongizg to 
the dynamic theory of scattering, nor those effects 
which are connected with the thermal oscillations 
of the crystal atoms and with Compton scattering. 
We will consider a case where the defect concentra- 
tion is quite low and where they are arranged ir a 
completely random manner in a crystal. This means 
that the number of defects will be considerably less 
than the number of points where they may be found 
and that there will be no correlation between them. 
R, will indicate the radius vector of the first site of 
a s cell of an ideal periodic lattice without defects: 
dR, is the displacement of an atom from this site; 
f, is the structural amplitude of the s cell (which 
results from the fact that there are defects f, and 
SR, which assume different values for different 
cells, andhere the variation in f, allows for the 
difference in the displacement of different etoms of 
the cell). The intensity cf X-ray radiation scatter- 
ing is known to be defined by the formula 


i= dy exp [iq’ (R, — Rs-)] x 
Ss (1) 
x exp [iG, 


Here / is the intensity of scattering expressed in 
electron units; G, is the difference in the wave 
vectors of the scattered and incident waves, and 
qg‘/2m is equa! to the difference between 4,/27 
and the nearest K, vector of the reciprocal lattice 
of a crystal containing no defects: q’=q,—27K,. 
To sum (1) we will make use of a method which 
has already been empioyed [1, 2] to investigate the 
scattering of X-rays by a crystal containing preci- 
pitation particles of a new phase. This method can 
only been used for this case, but also for defects 
of any kind. We will consider one of the crystal 
defects in position ¢ and here, in the case of point 
defects, it will be the defect itself which is in 
position ¢, and where there are dislocations it will 
be the dislocation line etc. The intrusion of a 
defect into the crystal causes static displacement 
of the atoms and a change in the atomic scattering 
factors for atoms on certain sites in which one 


kind of atom will be displaced by anothers © or 
by vacancies. The atom displacement vector in the 
first type of an s cell dus to the appearance of a 
defect in position ¢ we will designate u,,. The 
resulting changes in the structural amplitude of the 
s cell we will call d,,. d,, will only be other than 
zero for cells which are nearest neighbours of the 
position ¢, i.e. only for the actual site or intersti- 
tial site ¢ in the case of point defects at distances 
|R, — R,| <1, where ry is the radius of the particle, 
and in the case of precipitation particles of a new 
phase. u,, wi'l in the ordinary way gradually 
diminish as distance |R, — R,| increases. 

The total static displecemeat of the first atom 
of an s cell created by all the crystal defects can 
be represented in the form of the pile-up of dis- 
placements created by the individual defects: 


oR, = Us (2) 


Here the ©, vaiues will be equal to 1 or zero de- 
pending on whether there is a defect of any kind in 
position ¢ and summation will be carried out through 
all the ¢ positions. In the case of substitmtion 
solutions or crysta!s containing vacancies this will 
be through all the lattice sites, for interstitial 
solutions it will be through interstitial sites and 
for dislocations ?t will be through the points in the 
planes in question in which there may be disloca- 
tion lines etc. etc. Due to the variation in the 
distance between ¢ ard c as a result cf the presence 
of other defects in the crystal considerable iniringe- 
ment of the superposition law is possible [2]. 
However the relevant corrections as will be seen, 
are not very great and tend towards zero for the 
case of low defect concentrations here under 
review. 

Analogously the formula for the structural 
amplitude of the s cell can be described in the 
form 


ls=F+ (3) 


where fis the structural amplitude of the crystal 
cell which contains no defects and the configura- 
tions at which there are two or more defects close 
to the s cell in question play a negligibly smali 
part in the case of low defect concentrations here 
under review. 

Where the crystals are quite large and there are 
quite a lot of defects it can, of course, be caken 
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that the intensity of scattering in the given arrange- 
ment of defects will hardly be different from that in 
some averaged probability of their scattering which 
will be defined by formula (1) averaged out for all 
possible configurations of defects. It can be seen 
from (2) and ‘3) that in our case this amounts to 
averaging through the c, values which are regarded 
as statistically independent variables which, with 
a probability c have the value 1 which is equal to 
the concentration of defects (ratio of the number of 
defects to the number of places in which they can 
be found) and with probability 1 — ¢ they will have 
the vaiue 0. The averaging of formula (1) is exactly 
the same and here OR, and f, are defined by the 
formulae (2) and (3). This has been done in [1] in 
connexion with the problem of the scattering of 
crystals containing precipitation particles of a new 
phase. The only difference is that in [1] u,, defines 
displacements created by these particles while here 
it defines arbitrary defects. This calculation is 
therefore omitted and we will only show the final 
expression for / corrected for low defect concentra- 
tion c. 

The formula for radiation scattering intensity can 
be represented in the form of the sum of two terms, 
one of which, (/,) will be proportional to the 5- 
function and defines the true reflections, while the 
other, (/,), will not contain the 5- function and will 
define the diffusion scattering 


(4) 


As follows from [1], the first term is determined 
from the formula 


exp fig’ (R, — Rss) + 


(5) 
+ i¢q, a(R, — = — 


Here 6 (q) will change into a 5-function within the 
bounds of an infinite crystal while it will be a 
S-shaped function in a finite crystal; is the 
number of unit cells; A is the volume of a cell; f is 
the average structural amplitude of the crystal 

with defects 


f={ +e Fis» 
a is a tensor which is defined by the relation 


lim IRs — R,, | sin (u,,— Urs?) = 


(7) 


A 
= (R, — Rye) 


and allows for the variation in dimensions and 
shape of the unit cell when defects are intruded 
into the crystal; q = q’+ caq, is the vector which 
determines the deflection of the point within a 
reciprocal lattice from the site of the reciprocal 
lattice of a crystal containing defects, and finally 
the L value will be equal to 


L= lim [1 — cos q, (u,, — 


R,— 


= 2c (1 quus) (! 
t 


Here u’,, indicates the displacement u,, created 
in a s defect in ¢, after substracting the component 
proportional to R, — R, which in a certain type of 
defect will create uniform lattice deformation [3]. 
It must be noted that in deducing the second equa- 
lities in formulae (5) and (8) it was assumed that 
displacement u’;, tends tuwards zero as distance 
increases. If u’;, remains finite at |R, — R,| + ~ 
for the defects in question, then @ in formulae (7) 
and (5) will not be a constant tensor bnt may be 
dependent on s and s’, and formulae (5) and (8) will 
only be corrected for the first equalities. 

According to [1], the second term in (4) is defined 
by the formula 


1, = exp liq’ 


{exp [c > (ei (Urs — 1)] 


(9) 
Cd) ef Gi (Uys — ) 


t 


— exp [icgy a(R, — Rs») 


1, does not contain a 5-function as one of its 
components. This follows from the fact that at 
|R, —R,’| > © the formula in braced brackets in 
(9) will tend towards zero and not to any constant 
limit which is other than zero. . 


With these results it is possible to find out 
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whether these defects cause the broadening of 
lines or spots on the X-ray pattern. Strictly speak- 
ing, prec'se division of the scattered radiations 
into nornal reflections which will produce lines on 
a powder pattern and diffuse scattering which will 
produce background on the X-ray pattern can only 
be made for an infinite crystal. In this case the 
terms proportional to the 6-functions in the formula 
for scattering intensity will define the perfect re- 
flections and those which contain the multipliers 
of the 5-functions will define the diffused ones. 

We have noted above that only the /, term in formula 
(4) is proportional to the 6-function and thus only 
this can define the intensity of normal reflections. 
Another kind oi defect can be divided into two 
classes. For defects of the first class the formula 
(8) will be finite for L. In this case the introduction 
of defects into the crystal will not change the 6- 
shaped distribution of the intensity of the perfect 
reflection. This means that it will not cause line 
broadening. The effect of the defects amounts to 
the shifting of the lines (according to formula (7)), 
variation in their integral intensity due to change in 
the average atomic scattering factor (formula (6) ) 
and, due to the appearance of this factor, the weak- 
ening in intensity e~/ which is related to distor 
tions (formula (8)) and the appearance of diffused 
scattering the intensity of which will be defined 

by formula (7). Deserving of attention is the fact 
that the weakening factor, according to (8), will 
not be determined by quadratic displacements but 
by a more complex formula which allows for the 
detailed course of distortions around a defect and 
that / is not a quadratic but a more compiex func- 
tion of q, 12]. 

For the second class of defect the L value, 
whici: is cefined by formula (8), will return to 
infinity. In this case the /, term will disappear and 
the formula for scattering intensity determined by 
the terms /,, will not contain a 5-function. The dis- 
tribution of the intensity of scattering will become 
level and, within the limits of an infinite crystal, it 
may not even develop into lines or background. As 
can be shown for every concrete form of defect, 
where the defect concentrations are low these 
distributions will have clearly defined sharp maxima 
around the sites of a reciprocal lattice, and the 
width of these peaks will die away as the defect 
concentration becomes less. Sharp peaks will 
naturally cause broadened normal reflections and 
this infers that when defects enter a crystal they 


cause the broadening of lines on the X-ray pattera*. 
The question of whether a defect belongs to the 
first or second class is thus determined by the 
finite or infinite value of the sum (8). Of course, 
the sum of the first terms in (8) appropriate for smali 
distances between ¢ and s, will always be finite 
and it will only be necessary to investigate the 
“residue” of the sum appropriate forhigh |R, —R,| 
values. It can be assumed for these terms that 

dts = 0 and, if wu, decreases with distance and 
tends towards zero, then 1 — cos @,U.,, can be 
replaced by the first term of the expansion 

1/2 (4, u.,,)?. Besides this, as at high u’, 

|R, —R,| is a smooth function of distaace, the sum 
can be replaced by the integral (multiplied by 1/A). 
The problem will thus consist in investigating the 
convergence of the integral 


a: (10) 


7 >Ro 


(R, is a distance censiderabiy greater than the 
lattice parameter for which it would be accurate to 
substitute the cosinus by the first term of the ex- 
pansion andis a continua! approximation). This 
convergence will of course be determined by the 
behaviour of the u’,, value which is regarded as a 
function of the difference r = R, — R, at large 
distances. In the case of point defects at large 
distances u’;, is known to be inversely proportional 
to the square of distance: 


C=C(O,¢ 
Uy: = { (11) 


(C is a certain function of the angles between the 
vector r, the crystal axes and the vectors which 
characterize the orientation of a defect in the 
crystal). In this case the integral in (10) will 
converge, i.e. point defects belong to the first 
class. It follows from the theory of elasticity that 
for a fairly general case of an arbitrary defect with 


* The scattering intensity distribution patterns are 
qualitatively the same for crystals which contain the 
first and second class of defect, of course, not only 
for scattering on a monocrystal but also on a poly- 
crystalline specimen. Actually, when the crystal 
orientations are averaged, the O-function in the space 
of the reciprocal crystal is known to be the function 
of the angle of scattering, which produces the line 
on the powder pattern, while the level distribution 
will remain level even after averaging. 
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finite dimensions in al! three directions and at 
distances considerably exceeding these dimensions, 
displacements will decrease according to law (11). 
For this reason all these kinds of defects, and 
particularly isolated particles of a precipitated new 
phase, will also be defects of the first type and will 
not cause line broadening. 

Where there are infinitely protracted defects 
integral (10) and sum (8) will, however, diverge. 
Thus forinstance, if the defect is in the form of an 
infinite cylinder of impurity atoms, the displace- 
ments will die away inversely proportional to the 
first power of the distance r up to the axis of the 
cylinder. Here of course integral (10) will diverge 
logarithmically. This means that these defects will 
belong to the second class and will cause line 
broadening. In the same way, with a point defect in 
a two-dimensional lattice the displacements will 
die away according to the same law (as 1/r) and 
integral (10) will diverge. The sum (8) will also 
diverge for the case of point defects in linear 
chains or of plane defects similar to them in a three- 
dimensional crystal. In such a case the defects 
will not diminish with distance and the expansion of 
the cosinus into a series, i.e. transfer to formula 


(19), will rot be possible and the first equality (8) 
will have to be used. In a linear case as in a two- 
dimensionai one therefore, where there are point 
defects, such as a difference in the sizes of alloy- 
ing atoms, there should be line broadening. This 
result was obtained by direct calculation in [5, 6] 


for a linear chain*. 

It follows in particular from what has been said, 
that in our case the results obtained for a linear 
model cannot even qualitatively be transferred to a 
three-dimensional crystal. 

Plane defects such as stacking faults are also 
known to cause line broadening. One important type 
of crystal defect is the dislocation. These defects 
are also infinitely extended. Up to the disloca- 
tion lines there is no decrease in the displacement 
of atoms with increase in distance, and the total (8), 
as it can easily be seen, will diverge. Dislocations 
are thus defects of the second class and cause 
line broadening. Broadening should, of course, also 
take place in the presence of a system of disloca- 
tions in an infinite crystal, in particular, of forming 


* We note that thermal oscillations of the lattice may 
cause line broadening in a one-dimensional case [7] 
and weakening of the intensity in a three-dimensional 


one [8]. 


block boundaries. In a finite crystal of course, the 
L value will not return to infinity but will become 
so great (of the order of Np or Np (q,2)?, where 
Np is the number of defects in the crystal and a 
is the lattice parameter), that e~/ will practically 
be equal to zero. 

Of course, these results are only applicable to 
infinitely extended edge or screw dislocations and 
not to the case of a closed line of dislocations 
where the L value will be finite. 

Qualitative analysis of X-ray diffraction effects 
due to any kind of crystal defect can thus be made 
in this manner. Their adherence to the first or 
second class depends on whether their dimensions 
are limited in all three directions or whether they 
are infinitely high in one or two directions. In 
other words, defects may be said to belong to the 
first class if the displacements created by them die 
away as 1/r? (or more rapidly) and to the second 
class if they diminish more slowly, as1/r3/2. 

One reservation must be made regarding the 
above division of the defects into two classes. 
There may be cases where the L value is finite, 
but yet considerably more than 1. In this case in 
the formula for / there will be a term which con- 
tains the 5-function, but this will be the expon- 
entially low factor e—“. In principle, such a satis- 
factorily small term with a 6-function can be separ- 


- ated from the evenly varying term /, due to the 


fact that q=065(q) =~. In practice, however, due 


‘to the finite dimensions of the crystal, the 5-shaped 


distribution of diffused scattering intensity will 

at high L values be compressed into a narrow 
bell-shaped arrangement [1]. For this reason, where 
L > 1 the /, term may not emerge and the only 
thing that will be seen on the X-ray pattern will be 
a broadened bell-shaped arrangement which will 
correspond to /, and which is reproducible exper:- 
mentally as a “quasi-line”. This means that, 
although at finite but nevertheless high L values, 
the defects will theoretically belong to the first 
class they can experimentally be revealed as 
defects of the second class. In certain cases of 
this kind the defects may be precipitation particles 
of a new phase [1, 2]. 

For defects of the first class the formula for / 
will contain a term which will be proportional to 
the 5-function and smoothly dependent on the 
angles. Then in reasonably large crystals where 
such defects exist there should be no difficulty in 
experimentally separating the background from the 


lines on the X-ray pattern and determining the in- 
tensity weakening of the straight reflections due to 
these defects. Where the second type of defects is 
present, however, the formula for / will not contain 

a O-function and will only describe the smooth but 
narrow distribution of intensity. There may, however, 
only be one kind of defect of the second class ar- 
ranged randomly in the crystal. Randomly distributed 
dislocations would be an example of this. In this 
case this distribution, which will define the 
broadened line and its “wings”, will only be char- 
acterized by one parameter which will be determined 
by the properties of the defects and by their con- 
centration. This kind of parameter could be, for 
example, line width. In this case of course, the 
division of the distribution of intensity into lines 
and background can be made with any degree of 
arbitrariness and may have no meaning. However, if 
the crystal contains defects of various kinds, dis- 
locations and vacancies, impurity atoms or other 
point defects for instance, then such a division will 
have a definite meaaing. In this the intensity ar- 
rangement can be broken down into a narrow band 
which can be called a line and a smooth distribution 
which will correspond to the diffused scattering on 
point defects and will produce a background. In this 
case of course, the position of this division into 
lines and background will increase as the ratio 
between the width of these arrangements increases. 
Should the second class of defect not be arranged 
randomly in a crystal but with a certain degree of 
order, and should they consist of several types, then 
the intensity distribution of radiation scattering 

may be defined net by one but by several parameters, 
and the profile of this distribution may be quite 
complex. In this case, the division of the resulting 
pattern of intensities into narrow and wide bands may 
in a number of instances afford definite information 
regarding the defects. 

Of course, formulae (1) to (9) can be used not only 
for qualitative but also for quantitative analysis of 
the distribution of scattering intensity. In [1, 2] 
for example, these formulae have been used to study 
the scattering of X-rays by crystals containing 
precipitation particles of a new phase. With formula 
(9) for instance, a consecutive calculation can be 
made of the scattering of randomly distributed dis- 
locations, which will consist in the calculation of 
integrals*. It must be remembered,however, that 


* A number of works [9] have been devoted to the study 
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in the case of dislocations the displacem. 
will not only depend on the R, — R, difference, 
as in the case of point defects for instance, but 
also on the position of the site ¢ in relation to the 
crystal boundaries. Due to this the 
x { exp q, (uy, — — 1] 

total will be dependent on the vectors R, and R;, 
and not on their difference. With a slight variation 
on this method it is also possible to calculate 
scattering by systems of dislocations. 

The above analysis relates to defects in infinite 
crystals. If their finite dimensions are allowed 
for this will cause a broadening of the d-shaped 
distribution of intensity which define the straight 
reflections. The separation of scattered radiation 
into lines and background, even in crystals con- 
taining only the first class of defects, will in this 
case not be strictly accurate and will become to a 
certain extent specific. When the dimensions of the 
crystal increase and the lines become ever thinner 
this kind of error will obviously diminish and will 
tend towards zero within the limits of an infinite 
crystal. In practice the separation may be reliable 
if the intensity of the background is considerably 
less than that of the lines at the maximum. 


LINE BROADENING ON POWDER PATTERNS, 
DUE TO FLUCTUATIONS IN THE NUMBER 
OF DEFECTS 


Where thereis scattering on a number of finite 
crystals yet another line-broadening effect may 
occur. This effect is dependent on fluctuations in 
the number of defects in various different crystals. 
It follows from formulae (5) and (7) that the appear- 
ance in a crystal of a certain number of defects 
with concentration c will cause displacement of 


of the scattering of X-rays by cylindrical crystals con- 
taining one dislocation the line of which coincides with 
the axis of the cylinder. The results obtained from this 
mode] are frequently transferred to the case of crystals 
containing a larger number of dislocations. In this case 
the crystal is assumed to be divided into independent 
cylinders with their diameters equal to the average 
distance between dislocations. This procedure does not 
seem to be correct to us because of this case the single 
crystal is artificially divided into non-coherently scat- 
tering blocks. [t is obvious that such an artificial 
introduction of blocks will lead to effects which do not 
(continued on the next page) 
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the straight reflection maximum by the value 


Ad, =Caq,. (12) 


Where the crystals contain a fairly low number of 
defects their number and concentration c may be 
subject to notable fluctuations. These fluctuations 
will cause the maxima to shift to various different 
degrees and when the refiections merge on a powder 
pattern this will iead to line broadening. The extent 
of the broadening can be characterized by the re- 
levant mean quadratic deviation 


VG = V (13) 


The number of defects in the crystal will be denoted 
by Np = cN, and N, will indicate the number of 
places at which defects may be localized. (For 
impurity atoms in substitional solutions or for pre- 
cipitations N, will be equal to the number of sites 
in the crystal. For dislocations \, will be equal to 
the number of sites in the planes through which the 
dislocation lines may pass.) Neglecting the corre- 
lation between the defects we shall find that 


ad V =V ENN, =V NN, 


It follows from this and from formulae (12) aad (13) 
that in the case of one type of defect 


V Gay = \/ — 


V Nic 


If there are several kinds of defects the (14) formulae 
will be added to for all these different types. The 
mean square broadening (14) will correspond to the 
scatter of the lattice parameter figures 


(continued from previous page) 

occur. For instance, there will be the inaccurate depend- 
ence of the width of the line on the angle of scattering, 
line broadening even in the case where there are defects 
in the block which do not cause broadening (as though 
blocks surrounding point defects had caused broadening 
for instance). Besides this, to find out the displacement 
it is not only necessary to allow for the contribution of 
the defect in the centre of such a biock, but also, as is 


Let us calculate this value for a grain of 
average cimensions of about 0.5 # containing about 
10*° lattice sites. If the defects are impurity atoms, 
then for typical parameters such as 
0.01, Agm/q; ~ 10° * we shall get 5a/a ~ 10°’ 
and the effect will not be very noticeable due to 
the fact that the result of broadening will be roughly 
four times less than that due to the finite dimens- 
ions of the grains* (see footnote on the next page) 

Where particles of a new phase are precipitated 
the change in the average lattice parameter will 
take place both due to variation in the composition 
of the parent phase and due to lattice distortions 
by the new phase particles. In this case the mean 
quadratic fluctuations of concentration will be 
considerably more difficult to assess than in the 
case of homogeneous sclutions. This is because 
the fluctuations will not then be of equal value and 
will to a considerable degree depend on thekinetics 
of the precess (on fluctuationsin the number of 
nuclei formed and in the rate of their growth). In a 
very rough assessment which can only be applicable 
to certain particular cases, we can assume that the 
rate of growth and number of atoms will be the 
same in different particles and will not be subject 
to fluctuations, and that it is only the number of 
particles in a grain which fluctuates. Then, bearing 
in mind taat c ~ p/n where p is the volume con- 
ceniration of precipitation particles; n is the number 
of atoms in a particle and assuming that p ~ 0.1; 
n~ 108; 1072, according to (15) we'shall 
find that da/a ~ 10°‘. In this case this effect of 
the fluctuation of the number of defects will produce 
considerable broadening, comparable with that due 


done in[9}, for the contribution of all other kinds of 
crystal defects, although this may be quite small. 

If these factors are allowed for, this can be done by 
means of formula (9), the results may be considerably 
different. 


t All the effects reviewed above are also due to 
fluctuations, but not in the total number of defects 
in a crystal, as in a finite crystal the fluctuations 
return to zero, but to the distribution of defects in 
small elements of volume. 
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to the finite dimensions of the crystal. This broad- _— 
ening can be separated from that due to other Vi 3g)? 
causes experimentally, by studying distribution in 


2 coarse-grained specimen where there will be no which will be dependent on the elastic anisotropy 


of the crystal. This factor will be low for weakly 
anisotropic solids (it will return to zero where 
there is elastic isotropism) and it will be of the 
order of | for very anisotropic crystals. In the 
latter case the calculations made above remain in 


overlap between the reflections from different 
grains and there will be no different maxima. 

If there are dislocations in a crystal, due to the 
auharmonism effects which have been described in 
[19], the volume of the crystal will vary by about 
vl where v is atomic volume and / is the length of a 
dislocation line divided by the lattice parameter. 
Due to this, where the dislocation density is 
10° Ag,, will roughly be equal to g, x 107°. 
For the grain dimensions in question Np will be 
equal to about Vo, c ~ 1 and S5e/a~ 10°°. The 
broadening due to fluctwations in the number of dis- 
locations will thus not be very great and will only 
be a lot less than that due to other causes. The 
reason for this is that there is only a small change M.A. Krivoglaz, 
in the density of the crystal when dislocations are Fiz. metal. metalloved., 
introduced. A considerably greater part may be played 9, 641 (1960). 
by the difference in the distribution maxima of radi- 
ation intensities scattered from various different 
crystals, and the different widths of these distri- 
butions. Where Np is approximately equal toe 1 the 


force. 


Translated by VY. Alford 
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The large effect may be due not to the thermodynamic 
for instance, on casting. 
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EXCHANGE INTERACTION BETWEEN THE INNER AND OUTER ELECTRONS OF 
TRANSITION METALS. Ii. ANTIFERROMAGNE TISM* 
A.A. BERDYSSEY anc B.D. KORZH 
Urais Stcte University 


(Received 8 Febwary 1951) 


The Green siatistica! functicns method has beta used to examine the elementary excitations 
in an antiferromagretic materiel. Calculation bas been mde of the linear term of the electron 
thermal capacity of ferro-and aatiferromagnetic metals due to the interaction of conduction 
electrons with spin waves. 


1. In the preceding work [1} the Bogolyubov and Tyablikov method [2] of delayed and advanced 


Green functions was applied to s-d exchenge and used to investigate the interaction of inner and 


outer electrons in the whole range of temperatures. In [3] the case of a ferromagnetic material 
was gone into in some detail! and is the present work an entiferromegretic material will be the 


subject of the irvestigation. 


VOL. in an antiferromagnetic material the Yamiltonien of the system of interacting s + d-electrons, 
12 in the low temperature range T < @ where Sis Neel temperature, will have tae form: 


1961 
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+ ~ 2+ 
+ Of, 4 Gran, — —— + — En —& 


where ik is the wave number of an electroa; v = + 1/2 is the spin quantum number of the electron 
(below, instead of + 1/2 and — 1/2 we shell simply write (+) or (—)); Ais the spin wave vector 
at ,a, , anda _ are the Fermi operators for the generation and destruction of electrons with 
right (+)'and left (—) spins; &;) is the Bose operator of secondary quantization; / and J are the 
the s-d and d-d exchange integrals respectively; g (>) = S* A? N is the number of 
lattice sites; z is the co-ordination number; Ee and Avo are the energies of conduction electrons 


and spin waves. 


Eko E, + 
where E, is the translation energy cf an electroa; H is external magnetic fieldin the direction of 
axis z; zis a Bohr magneton; S ic the maximum magnitnde of electron spin in a site (we are 
neglecting diamagnetism effect). 

Let us introduce electron and boson Green fancticns 


* Fiz. meta!. meialioved., 12, No. 4, 476-479, 1961. 
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Gir (t—t’) = Ka >, 
Di, (t—t’') = >i = 1,2, (2) 


and, using the well-known method of Green’s statistical fuactions, let us find the total energy of the 
system of electrons and spin waves 


E= + Ne + + 


Exo + At + Aj; + AF+A; 
Nz); A, =~ (ar — ai); 


Az =— gs Ne 


10 Eno — + Eno 


nt = 0; = 1; 


nm; and NG are the distribution functions of conduction electrons and spin waves respectively; 
‘Cis Fermi energy. In the absence of magnetic field 


+ 


and the total energy can be described in the form 


E= $2 + Nr 


E,,— — : 
kh kO 40 


After calculating Ay and A) we get 


2t —J 
+ J (3ntn,)%! 


r 
> 


where it is assumed that 


10 
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m is the effective mass of an electron and the ratio A = ¢/(3 7*n,)* is allowed for. Neglecting the 
second term in brackets in (5), the energy of a spin wave can thus be given in the form 


3 2 
8 z 


(n, is the number of conduction electrons peratom). As noted in [4], the “integral” of indirect 
exchange interaction J, 4 will be a negative value and in the absence of direct antiferromagnetic 
interaction (J = 0) the energy of a spin wave will become negative. This means that the exchange 
interaction of d electrons cannot, due to the conduction electrons, lead to an antiferromagnetic 
bond. It must be noted that this conclusion is reached in the approximation that the s-d exchange 
integral / (k, k) is regarded as constant. 

As the dispersion law remains the same as in an ordinary exchange model all the earlier 
results for paramagnetic susceptibility X will hold good for an antiferromagnetic material with the 
one difference that the integral of direct exchange interaction J will be replaced by the effective 
exchange integral J , 

2. After calculating the sums which must be inserted in the formula for total energy (3) and 
after differentiating the resultant formula through temperature, we shall find the thermal capacity 
of a system of s + d-electrons 


Cy + 
CY = Cy +2,7°, 


(A,, is the maximum pulse of a spin wave). The resulting formula for thermal capacity consists of 
the sum of three terms; the mcdified electron term, lattice thermal capacity aT * (which has not been 
calc. here) and magnetic thermal capcity a,- 7° of the spin system. The last two terms have the 
same temperature dependence 7°. As for the term which is linear in temperature, this will consist 
of the “Sommerfeld” thermal capacity of a free electron gas (y, - 7’) and a further term (y, - T) 
which appears as a result of the interaction of conduction electrons with the spin wave field. 
Assuming that z > 8—12, / ~ 10° ergs, Neel point Oy ~ 10? and allowing for the fact that 
C~ 10°44 — 10°" ergs, we get an assessment of this term which is 0.1-0.01 of the Sommerfeld 
term. 

3. Similar calculations of thermal capacity were also made for a ferromagnetic material. The 


total energy of a ferromagnetic material is (5, 1]: 


+ 
E= V EDN: +S + Ns, nN, + — 
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k k \ 


Exo = E,—pH, Exo = Ey —1(k, 


As before, we will calculate the sums which must be inserted here, differentiating the resulting 
expression for total energy through temperature ana we shall find the thermal capacity of the 


system of s + d electrons: 


where 


while y, and A are the same values as in (6). As in the case of an antiferromaguetic material y, 
consists of 1-10 per cent yo. The change in the linear part of the thermal capacity of the electron 
gas due to electron interaction with spin waves is completely analogous to the Buckingham and 
Schatrott effect [6] found for the interaction of electrons with phonons. This variation ia the linear 
term of the electron thermal capacity of a metal musi be allowed for ia findiag Fermi energy from 
experimental data. It is usual to find Fermi energy from thermal capacity data as follows. The 
value of coefficient y found from experiment is levelled into a Sommerfeld formula y, and then 

Cie cale. If conduction electron interaction wita thermal cscillations of the lattice and with spin 


waves is allowed for,the relaticnship between y and ¢ will be more complicated. The Fermi energy 
calc. by means of this more complicated formula will be somewhat below the figure produced by 
using the model of free electrons. 

In conclusion we note that in ferro- and antiferromagneiic materials at high temperatures 
(above Neel andCurie points) thermal capacity does not contain magnetic contributions. At high 
temperatures it is therefore possible to find the value of the Sommerfeld coefficient y, and also 
the parameters of the phonon part of thermal capacity. Then, aiter calculating the contribution of 
the free electron and phonon gas from the experimenta! data for thermal capacity at low tempera- 
tures, it should in principle be possible to detach the spin part of thermal capacity and to find 
the s-d exchange integral / and the effective exchange integral /. The first attempt of this kind 
has already been undertaken [7] with an ordinary exchange model and it has been found that the 
magnitude of the effective exchange integral produced from thermal capacity data is in very good 
egreement with the figure produced from data on the thermal dependence of spontaneous magnetiz- 
at on. It is, however, a more complicated problem to find the value of the s-d exchange integral, 
as it is very difficult to determine the electron contribution from high temperature data. To find 
a reliable enough s-d exchange integral / therefore, Fermi energy would have to be found independ- 
ently without taking the thermal capacity figures into account. 

The authors are very grateful to S.V. Vonsovskii for discussing the present work and for 


his valuable advice. 


Translated by VY. Alford 
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THEORY OF THE MAGNETIC SCATTERING OF SLOW NEUTRONS IN CRYSTALS* 
Yu.A. IZYUMOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 


By means of time formalism in the theory of scattering, which makes it possible to use the 
method of Green temperature functions, a study is made of the magnetic scattering of slow neutrons 
in ferromagnetic materials. Formulae have been deduced for the scattering cross-sections of a 
neutron with excitation or absorption of one spin wave, which can be applied in a wide range of 
temperatures. Scattering in a ferromagnetic material has been studied. The study has been applied 
in particular to the broadening of coherent neutron lines of inelastic scattering due to the inter- 
action of spin waves with conduction electrons. 


A considerable number of works [1-9] have been devoted to the magnetic scattering of slow 
neutrons in ferromagnetic materials. They are, however, all restricted to the simplest model of 
= non-conducting ferromagnetic material of the Heisenberg type. Scattering cross-sections have 
peen calculated for two extremes: low temperatures [1-7], where the spin wave approximation is 
appropriate, and in the immediate vicinity of Curie point |8, 9] where the fluctuation method VOI 
can be used. 

From this it follows that the theory must be generalized in two directions. First of all the 
scattering in ferromagnetic materials must be studied and then it must be followed up by studying 
scattering in the whole range of temperatures for the existence of the ferromagnetic state. The 
solution of the latter problem is particularly desirable, as recently the first successful attempt 
has been made [10, 11] to develop an approximate theory of the ferromagnetic state for a wide 
range of temperatures. Experimental study of the scattering of neutrons in this range of tempera- 
tures would make it possible to check this theory. 

As to the first of the problems, — the scattering of neutrons in the ferromagnetic metal, 
this should be quite easy to solve within the framework of the ordinary spin wave approximation. 
It is clear from the start that the specific metallic properties of a ferromagnetic material should 
lead to two main effects in scattering. The first will be the additional magnetic scattering on 
ccnduction electrons and the second is the broadening of the coherent neutron lines appropriate 
for the discarding or absorption of neutrons of one wave spin as a result of the interaction of 
spin waves with conduction electrons. 

It is convenient to carry out a study of these problems by introducing time formalism to 


the theory of scattering. 


1. TIME FORMALISM IN THE THEORY OF THE SCATTERING OF 
SLOW NEUTRONS BY A SUBSTANCE 


When the scattering of slow neutrons is being studied in conditions which are far removed 
from the resonance capture of their atomic charges, it is usual to proceed on the basis of the 
Born approximation appropriate to the first order of the theory of perturbation. Where the scatter 


* Fiz. metal. metalloved., 12, No. 4, 480-492, 1961. 
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consists of a large number of particles, a crystal for instance, it is convenient to introduce time 
formalism into the theory for the calculation of the scattering cross-section 

In the most general postulation the problem consists of the following. The scatter will be in 
a state of statistical equilibrium at the given temperature and will be described by the statistical 
operator p = e-BH/Spe—8H where H is the Hamiltonian and 8 = 1/kT. Let the initial state of 
the scatter be characterized by the wave function |no), which is the Eigen function of the scatter 
Hamiltonian, so that 


Hjn,) = 


For interaction with a neutron the scatter will change to another stationary state while the neutron 

may change its momentum and spin. The initial state of the neutron will be described by the wave 

function | pa), where p is the wave vector and a is spin. Let us find the full probability of the 

process on which the neutron after interacting with the scatterer will pass through the state |p‘o’). 
The full Hamiltonian of the system scatterer + neutron will consist of two terms 


H=H,+H’. 


where H, = H + H, is the Hamiltonian of the scatterer + neutron and H’ is the operator of the 


interaction between them. 
To study the development of the system scatterer + neutron in time it is convenient to use 


the evolution operator [12], after expanding it into a series to the power of the interaction: 


(1.1) 


We will then pass to the idea of secondary quantization for the neutrons, in which we shall 
have 
where E,,, is the neutron energy: V4’ pq is the matrix element of interaction operator taken for 


the states of the neutron. 
If the system were described by the wave function |pa) * |no), in the initial moment in time, 


then at moment 7 the wave function of the system will be 


i 
T — — HoT ; — (Ey 


0 


V (t,) ay at \M), 


j 
— Hr 


is the Heisenberg representation of the operator of interaction with the Hamiltonian of the scatterer. 
It follows from formula (1.3) that the full probabitity of the transition of a neutron to the state 


|pa) in a moment of time T will be 


15 
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! ~ (Eptee Ep ta) 
0 0 


Let us average this probability for the initial state of the scatterer, i.e. we will multiply (1.5) 
by P,o and carry out summation through all the no. Ve note that this is equivalent to taking the 
spur from the product of p by the operator in (1.5) under the symbol of the matrix element. Further- 
more, we will carry out substitution of the integration variables in (1.5), introducing t = t, — t. 

As cyclic permutation of the operators can be made under the sign ~f the spur, for the average 
probability of transition we shall get the formula 


re dt, \ ter 
h2 

0 


—te 


where <... >is the symbol of statistical averaging through the states of the operator, i.e. 


In many statistical systems, including crystals, the correlation functions diminish rapidly 
with time (usually exponentially). If the correlator in formula (1.6) diminishes rapidly in a certain 
characteristic time 7,, then in time 7 > 1, it will be possible to find the asymptote of formula 
(1.6), by substituting the bounds in the second integral by + » and — . It is then clear that in 
these conditions the probability of transition will be proportional to the time of transition and 
¥,’e’,po can be introduced for a unit of time 


V p's! pz V (1.8) 


If the wave funttions of a neutron are normalized by a unit (by a 6- function), then the effective 
scattering cross-section per unit of solid angle and the unit energy range d?a/d © dE,’ will be 
related with this probability as 


W 
dQvE,, p (1.9) 


(M is the mass of the neutron). 
For non-polarized neutrons, instead of (1.9) and (1.8) we shall have: 


a Q dE 8x3 he 


i 
d?o M2 p’ — 
(1.10) 


where the line above the operators indicates averaging through the spin states of the neutrons 
in a beam, and V.~ | is the matrix element of the operator of neutron interaction with the scatterer, 
taken only for the momentum:state of the neutron. 

For a general case therefore, the effective scattering cross-section of neutrons with a sub- 
stance will be proportional to the Fourier component of the interaction correlator. Time correlations 
in the theory of the scattering of slow neutrons were first studied by Van Hove [13] for the problem 
of nuclear and magnetic scattering. Time formalism is convenient as it means that the latest 
statistical methods can be used to calculate scattering cross-sections. The use of Green 
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temperature functions is such a method as they provide a regular means of calculating correlation 
functions. 


2. SCATTERING ON SPIN WAVES IN A FERRO-DIELECTRIC MATERIAL 


The interaction of slow electrons with the electron system of a crystal must be regarded as 
the interaction of electron current with field created by the magnetic moment of the neutron. This 
means that the interaction operator can be written in the form: 


H’ = Sq X (rl — 


where S,, is the spin operator of the neutron; 4, is the nuclear Bohr magneton; y is the hydro- 
magnetic ratio for a neutron; f; and r are the co-ordinates of an / electron and a neutron; j; is the 
current generated by a/ electron. For a general case the current will have orbital and spin com- 
ponents and the matrix element for it between the electron states W, and w,, will have the form: 

Here S is the spin operator of the electron; 4 is a Bohr magneton. 

Let us consider a ferro-dielectric the atoms of which have non-compensated spin of magnitude s. 
Neglecting the interaction of a neutron with orbital currents, Halpern and Johnson [14] found the 
following formula for the matrix element (for states of the neutron) of the operator (2.1): 


ul e (S,, (s,e) © —S,). 


(2.3) 


Here 4 =p —D ‘is the scattering vector; e =a/q; 5; and R; are the spin and co-ordinates of a j 
atom; fo = e?/mc? is the classic electron radius; 

(2.4) 


v=! 


is the magnetic atomic form factor. Here W is the wave function of the atom, S, and r,, are the spin 
and co-ordinates of a v electron of the atom; summation is made through all the z electrons which 
form a shell with spin s = 1/2 z. 

Substituting (2.3) in (1.10) and averaging for polarization 


((e,) —Sn) ((€Sn) = — ), 
we will write the differential scattering cross-section in the form: 


i pb’ —iy(R;—R V 
rv)? F2 ! 1*) 
e* < Sj Sje > dt. 


Here sf (t) is the Heisenberg representation of the operator sf with the exchange Hamiltonian 
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H, =~ — Ry) 


The correlation function in (2.6) will be easy to calculate in the spin wave approximation. And 
indeed, we pass roughly speaking [15] from spin operators to the Bose operators b; and bt; 
i 


(axis z lies in the direction of the vector of spontaneous magnetization). 
In the Fourier representations for operators 


g 


the exchange Hamiltonian (2.7) will be diagonal. 
H, = Deg by: 2g = 23 (R,) (1— ef (2.9) 
g 


and therefore the following relation will occur; 


1: 
19 


+ if, (2.10) 


After completing integration in (2.6), for the effective cross-section we shall have the formula 


dQdE,, t)8 (Eye — Ep) + 


+ {(1 + Ng) 3(g —q—*) X (2.11) 
.¢ 


8 — Ep + eg) + Ng 3(—g —Q — +) 3 (Eps — Ep—tg)}. 


Here N, is the Bose function of the distribution of spin waves with energyeg. In deriving (2.11) 


use was made of the relation ge 
(2x)}3 
(2.12) 


where ris the vector of the reciprocal lattice multiplied by 27; vp) is the volume of one elementary 
cell. 

Formulae of the (2.11) type have been derived by various different authors [1-7], and it will 
therefore not be discussed here. The formula found for the scattering cross-section is restricted to 
low temperature regions where only the spin wave approximation is applicable. It is interesting 
however, to compare this result in a wide range of intervals right up to Curie point. Papers [10, 11] 
have appeared recently in which the spin wave theory is generalized for the whole temperature 
range for the existence of spontaneous magnetization. On the basis of the ideas in these works, 
we calculated correlation functions in (2.6). It is convenient to express the spina operar of each 
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atom through the spin operators of the electrons: 
z 
Siv» 
v=} 


and then instead of these to consider the two operators bi, and Y , introducing them by means 
of the relation: 


The difference between these relations and (2.8), taken at s = 1/2, consists in that they are not 
approximations but are precise. This allows for the fact that the operators bj, and b* are not 
jv 


subject to Bose, but Pauli substitution relations: 
> -=> 0; [ 9; v9 = (1 25; 5; »)- (2.14) 


In [17] the method of delayed and advanced Green functions [18] was used to calculate the correla- 
tion functions for such operators: 


+ 


h ? 2)y. , 


tls 
h £ (1) hk 2 
<bg, boy (t)> j & )) ( g )) 
| 


Here N (e,) is the Bose function of distribution with energies: 


= Tig: =725 S/(R,)+ 2? .... (2—1)—terms: (2.16) 


7 is a temperature parameter equal to the ratio of magnetization at given temperature to magnetiz- 
ation at zero temperature; 7 is determined by the solution to the transcendent equation 


442 — (e2? (2.17) 


g 


> 
. 


The e()) and <2) values are bands of single-particle Green functions andhave the sense of 


the energies of elementary excitation at given temperature. This means that the energies of spin 
waves ¢!1) only differ from ¢, by the factor 7 which is equal to 1 at zero temperature. e(}) thus has 
the ae law of dispersion. The appearance of other branches of the (2) multiplicity factor 
(z—1) is due to the existence of several electrons in a site. This branch of excitation is an analogue 
of the optical vibrations of a lattice [19]. 

Equation (2.17) defines the temperature dependence of magnetization in the whole range of 
temperatures right up to Curie point. At z = 0 it changes into the corresponding equivalent derived 
in Tyablikov’s work [10] by means of the Green function technique, and also into the equation in 
the paper by Ginzburg and Fine [11], which was deduced by another method. 

Neglecting correlation of the < bi yb; *,’(t) >, type, which can be shown to be weaker, by means 
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of (2.15) one can find 


i— 
g 


(2.18) 


g 
< S*Sj. <S,>?%= 


after fine integration in (2.6) we shall get the formula for the scattering cross-section which will 
be similar to (2.11). The only difference will be that the term in the formula for N, and also under 
the sign of the function will be ¢{1) in our new equation instead of &g as in (2.11). This is spin 
wave energy at given temperature. Also in the part of the cross-section which corresponds to 
inelastic scattering the factor 7 will appear. 

Thus, at any temperature the inelastic magnetic scattering of neutrons in a ferromagnetic 
material will consist either in the absorption or discarding of the spin waves. Experimental stuay 
of this scattering would make it possible to find the dispersion law for spin waves in a wide 
range of temperatures and to test the propositions which are the foundations of the new theory of 


spin waves. 
It is interesting to note that in the formula for cross-section no parts of the correlation 


function (2.15) have been introduced, which consist of the “optical” branches of spin excitations 
with energies (2) _ On summation through the electrons of each atom these correlations will be 
mutually annihilated and it is therefore not possible to reveal the “optical” branches of spin 
density vibrations by means of the magnetic scattering of neutrons. An analogous situation arises 


in magnetic resonance also. 


3. SCATTERING ON CONDUCTION ELECTRONS IN A SIMPLE METAL 


In the study of the magnetic scattering of neutrons on conduction electrons allowance must be 
made for their interaction both with spin and with orbital electron current. Ve will use the symbols 


ve and go as the matrix elements for the spin and orbital part respectively of the operators 


of the interaction of a neutron with an electron (taken in the momentum state of the neutron). As 
these operators are dependent on the co-ordinates of one electron the full operator for a crystal will 
be additive and, in the representation of secondary quantization it will have the form: 


Spin 


where k and o are the quasi-momentum and spin of a conduction electron, while a,,, and ai are 


Fermi operators. 
We will write the conduction electrons as Bloch functions 


Yeo S) —L (r s 
Vw ¢, (s) 


20 
li 
19€ 


Magnetic scattering of slow neutrons 


It can be shown [20] on the basis of (2.1), (2.2), and (3.2) that the matrix elements in formula 
(3.1) have the following form: 


ko) = + Ri f(k—k’ +4) x 


* ((e''sia), Sa); 


, 2nh? i(k —k’ +q)Rj_! 
) M WN n <q] k’k %ss (3.4) 


f(k—k’ + q) = fe’ + (r) ay dr. (3.5) 


% 

In the last expression integration is carried out through the volume of the unit cel!. Formula 
(3.3) naturally will have the same structure as the matrix element (2.3), with this difference that 
instead of the atomic form factor F (q) there will be the formula f (k —k*+ q), which plays the 
part of an electron form factor for the unit cell. 


VOL. Substituting equations (3.1), (3.3) and (3.4) in (1.10) and averaging for polarization we shall 
12 find: 


q 


(7) a, a! (t) dt. 
If there is no interaction between the electrons then 


—— = O8 
k 
Ard!) = (t) = aye” 


Having allowed for the explicit form of the Pauli matrix 


1/0 1) — | 


and having expressed the average values from the derived Fermi operators through the Fermi 
functions of distribution <n; >, from (3.7) for the effective scattering cross-section on conduction 
electrons, we shall find the following formula: 
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~. 0 
P r kk’ (3.10) 


In writing (3.10) the approximation has been assumed, that the (3.5) form factor is slightly 
dependent in particular on the indices k and k’. In this approximation it will be that f, (k —k’+ q). 
The part of the scattering cross-section due to the first term in braced brackets in formula 

(3.10) is attributable to the interaction of a neutron with electron spin, and the second with 


orbital current. 


4. SCATTERING IN A FERROMAGNETIC METAL 


In a ferromagnetic metal both the types of magnetic neutron scattering studied in the first two 
sections will to some extent overlap one another. To investigate this problem we will proceed from 
the well-known model of a transition metal [21], which assumes that the electrons of the unfilled 
ion shells of transition metals (3d of 4f) will mainly be localized in lattice sites, and that the outer 
electrons (4s and 5s) will be collected in the crystal and will form a conduction electron gas. 
Coasiderable exchange interaction (s-d) will take place between these two groups. This can be 


defined by the Dirac exchange Hamiltonian 
=— — : (4.1) 


e 


where S; is the total spin operator of an ion in site j; s; is the spin operator of an i conduction 


electron. 
In view of the interaction between the electrons in unfilled shells in their system spontaneous 


magnetic moment will be created in a ferromagnetic metal. The s-d exchange interaction of conduction 
electrons is known [21] to be caused by magnetization and to have its own spontaneous magnetic 
moment. The Hamiltonian of a ferromagnetic metal with allowance for s-d exchange interaction in 


che spin wave approximation will have the form [22]: 


Hi = +) + fe, — (kk)} + bg + 
k k g 


kk’ gg’ 


Here J (kk’) is the s-d exchange integral; 5, and be are the Bose operators for the generation and 
destruction of a spin wave; €, is the energy of a spin wave which allows only for direct exch ange 
interaction between the electrons of unfilled shells. £, will be expressed through the direct d-d 


exchange integral of the formula from (2.9). : 
The two last terms in (4.2) describe the process of s-d exchange interaction in the terms of — 


elementary excitations. This interaction leads, in particular, to the energy of the conduction 
electrons being dependent on the number of spin waves in a system of 3d-electrons. 
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It was shown in [23] by means of Green temperature functions [18] that in the first approxima- 
tion through s-d interaction the correlation functions for conduction electrons will be: - 


(4.3) 
< ay (t)> = <n, o> k 


(4.4) 


k + =e, — 2s (kk) (4.5) 


9 


<n. >= (e 


As the conduction electrons are magnetized, their average numbers with different spin orientations 


will not be equal. 
Using (1.10), (2.3), (3.1) and (4.4) the formula can now be written for scattering cross-section 


in a ferromagnetic material in the form 


d 2 el + inel inel 
p’ 


( 


2) 
| +, ion 
kK 
kk’cs’ 
8 (Epp— Ep — >) (1 — ese + 
+ (r, > (k—k’ +q —*)x 
kk’e 
— Ep — 2) > (1 —< >) X 
L, 


— Ey) +3(—g —q —*)Q, — Ep)}. 


For brevity in (4.9) we have used 


Q, (E) = | e 


22h 


E 
(t) > de. 
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1 
e * 


= co 


< bf b, (t)> at 


These values have also been calculated in [23]: 


(E) = N 


Ig (— F) 


’ 


Q, (E) +N (—E)] a [—E + (2) 


A = (kk) > — Py (E) 
k 


>) 


a + 
NJ (kk —g)(<ng_g> — <ag>) (E—egf 
k 


y, (£) has the sense of the energy of the attenuation of a spin wave with momentum g as a result 
of interaction of conduction electrons. At low Yg values the (4.11) value will have a peak at the 
point 


~ 


(eg). (4.12) 


As N (&) is a slowly variable function of E in the neighbourhood of point ep in the (4.11) formula the 
following approximate substitutions can be made — in the first: N (Z) for N (&), in the second: 
N (—E) for N (€,). After this formula (4.9) will assume the form (q, = q@ + r): 


(2%)3 t 
T 
4 +N leq) — 


Let us now discuss the results here produced. There are two types of coherent magnetic scatter 
ing of neutrons in a ferromagnetic metal. These are elastic andinelastic. Elastic scattering is a 
superposition of the spin scattering on d electrons and on conduction electrons. In formula (4.7) 
indeed the relevant scattering amplitudes are added together. This means that to the derivatives 
of the form factors are added the total electron spins corresponding to them. 


VM (<nr> — ngs) 


k 
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is the total spontaneous moment of conduction electrons), Therefore as it can easily be seen by 
direct calculations, the stig relation occurs: 


(4.14) 


4: 


n> 
k 
where J, is the exchange integral (J (kk) ~ J,), N. is the number of conduction electrons and the 
elastic cross-section will have the form 


(4.15) 


= (ro 1)? N<s,>3(1 )F — Ey) 
r 


elastic 


F(q) =F (q)+— (4.16) 
is the effective form factor, 

Inelastic scattering will be divided into two parts; scattering on conduction electrons and 
scattering on spin waves. Scattering on conduction electrons may occur both as a result of spin 
and of orbital interaction with electrons. In the first case four types of scattering will arise and 
these will occur both with and without variations in the electron spin, unlike a non-ferromagnetic 
metal where there is only one type of scattering. However, the inelastic scattering cross-section in 
a metal is small and therefore, where there is considerable decay, the effective number of electrons 
participating in the scattering wiil be approximately ~ &7/€é. 

The scattering on spin waves which is defined by the equation (4.13) is of considerable 
interest. Where there is no s-d interaction, where Yq = 0, this formula will change into (2.11). Spin 
wave interaction with conduction electrons will cause them to have a finite life and in view of this 
the coherent neutron line connected with the absorption or discarding of neutrons by a spin wave 
will be increased by the value y,,. As will be seen from (4.13), the lines will have a Lorentzian 
form. 

The é and y, values were calculated from paper [23]. In the approximation of the quadratic 
law of dispersion of conduction electrons for iow values of the quasi-mementum g (cubic crystal) 
we shall have: 

J? 
= 25 (ag); 14 (4.17) 


(4.18) 


where ky is the boundary Fermi momentum. 

Thus, in a metal as in a dielectric the dispersion law of spin waves should be quadratic. But 
the effective exchange integral will contain an additional term which will define the indirect 
exchange of d electrons through conduction electrons. It follows from (4.18) that spin waves with 
low quasi-momentum values will not decay. This is due to the exchange magnetization of conduction 
electrons. Attenuation sets in at a certain quasi-momentum g, at which the energy of a spin wave 
will become sufficient to slip the spin as well as the conduction electrons. In view of this the 
neutron lines appropriate for the discarding or absorption of one spin wave should be narrower at 
9; <& than at g, > &o. Where the spin wave approximation obtains the width of the line will not be 
dependent on temperature. 

We would like to express our gratitude to S.V. Maleyev for his valuable advice and to 
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M.A. Krivoglaz who gave us the opportunity of acquainting ourselves with paper [24] prior to 
publication. 
Note 
The formula for form factor (4.16) was obtained on the assumption that s-d exchange will 


only cause uniform spin polarization of conduction electrons. If the variation in their w ve func- 
tions due to s-d exchange is allowed for, it then seems that non-uniform polarization of conduction 


electrons will arise, which will increase close to magnetic atoms. It is for this reason that the 


multiplier 


appears in the second term of formula (4.16). It allows for the structure of a polarization cloud 
(25). 


Translated by Y. Alford 
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\ 


An invariant representation has been derived for the tensors of permittivity €’ and permeability 


\ . . 
of an isotropic medium in the presence of magnetic field. 


Magnetic fieldis known to confer anisotropy of 
electric and magnetic properties to a medium. The 
anisotropy of a conducting gyro-electric medium (in 
future we will use the term “gyrotropy” is defined 
by the tensor of complex permittivity 470 
The structure of the tensor «can quite easily be 
established on the basis of symmetry, by relating the 
system of co-ordinates with the direction of the 
gyrotropy axis, i.e. with the direction of effective 
magnetic field acting in the medium [1]. The struc- 
ture of the u tensor for a gyromagnetic medium can 
be established analogously [2]. The ¢’ and 
tensors constructed on the basis of symmetry con- 
siderations are used in the theory of magneto- 
optic phenomena. 

At the present time,however, invariant methods 
of calculating optical phenomena have been de- 
veloped [3], which are not related with any kind 
of privileged system of co-ordinates. This makes 
it possible to find the sructure of the tensors which 
described the forced anisotropy of electrical and 
magnetic properties without reference to a system 
of co-ordinates with the gyrotropy axis. If the tensors 
e’ and p are constructed with arbitrary orientation 
of the source of induced anisotropy it should be 
possible to make a more precise elaboration of 
problems of magneto-optics, and also to deal with 
the components of the tensors which have been 
constructed on the basis of symmetry considera- 
tions alone. This generalization is undoubtedly 
useful in approaching the problem of a combination 


* Fiz. metal. metalloved., 12, 4, 493-498, 1961. 


of induced anisotropy with natural crystallographic 
anisotropy, i.e. .n constructing the magneto-optics 
of crystals. Furthermore, the selection of a system 
of co-ordinates which is related to the orientation 
of magnetic field is known to be unsuitable for the 
study of problems of the domain structure of ferro- 
magnetic materials by means of the magneto-optical 
Kerr effect. With this in mind, in the present work 


an invariant representation will be constructed for 


the tensors and 

The following considerations can be used to assist 
in constructing the invariant form of the tensore. We 
will operate with the tensor of complex conductivity 
o°=0+i wawhere a is the tensor of polariza- 
bility. If, in the absence of magnetic field, the 
dispersing medium has conductivity a5 (w), then, 
where there is a direction in the medium (axis of 
gyrotropy) which is divided by magnetic field, the 
conductivity will become different for the different 
components of field E of the light wave. It will 
remain the same along the axis gyrotropy and will 
vary in the plane of the perpendicular axis. 
Actually, relative to the electrons rotating with 
gyro frequency w. = eH,+/mc, the appropriate 
circularly polarized components of the electric 
field of the wave will have either reduced or in- 
creased effective frequency w, depend- 
ing on whether the direction of field and electron 
rotation coincides or not. Because of frequency 
dispersion the conductivity of the levopolarized 
component of field will be equal to 04 
(w — @,) and the conductivity of the dextro- 
polarized component will be = 0 4(w+@,). 

After forming the duai antisymmetrical tensor 
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b* and the symmetrical dyad tensor b © h [3] from 
the components of the unit vector along the axis 
of gyrotropy b, we can now expand the vector field 
E as follows 


E= bobE——(I — i b*) b*bXE — 
— + (1 +ib*) 


[t is the E components obtained in this expansion 
which are the components of the parallel unit vector 
b and the two perpendiculars to it. Here the first 
of them is polarized in an anti-clockwise and the 
second in a clockwise direction. 

After ascribing the appropriate conductivity to 
each of the components we can represent the or- 
dinary Ohm’s law in the form 


obo bE ——oL(1—ib’) b* b¥ E~—c, 


(1) 
+ (14 ib*)b* E. 


On the basis of (1), after introducing the conducti- 
vity tensor a’, we shall get the following formula 
for this tensor with any kind of orientation of the 
axis of gyrotropy 


ob — (1 — b*)b* bX — 


(2) 


To support these conclusions let us determine 
the structure of the tensor ¢’= ¢ —i 470/wo direct 
from the classical equation of motion for an elec- 
tron in a consmnt and uniform magnetic field Hes 
and in the variable electrical field of an incident 
light wave. The resultant formula for ¢’ will, of 
course, be accurate for high frequencies [4]. 

For directional motion of electrons at average 
rate the following relation occurs: 


my = (3) 


where y = 1/r is relaxation frequency, Hg, is effect- 
ive magnetic field acting on the conduction elec- 
trons. As periodic solutions are being studied, then 
dv/ot = iwv. Dividing the unit vector of magnetic 


field strength b we will introduce gyro freque...~ 
@, = €Hes/me, and then velecity v can be found in 
accordance with (3) in the following formula: 


For normal skin effect the full current density 

j, =twp + j=—eNv will be proportional to 

field E. The coefficient of proportionality can be 
expressed through the complex tensor of permit- 

tivity: 


A 
iw 


i, 1) (5) 


Using (4) and (5), for tensor Ke we get the formula 
(y (6) 


If the reciprocal tensor (j + /w-~—w,b*)~', is 
calculated, then ¢ ‘can be represented in a form 


similar to (2) 
e’ = ——s. (1 —ib*) b* b* — 
2 (7) 1: 


— (1 + 


(8) 


(2 = 47 e*N/m is the plasma frequency of the elec- 
tron gas). 

The conclusion inferred in formula (7) is of a 
partial nature. It holds good for electron plasma in 
an external magnetic field (4]. It will differ from the 
other cases (plasma, ferromagnetic metal, gyroelectric) 
dielectric in the nature of e’ dispersion and in the 
different sense of effective magnetic field respon- 
sible for the gyrotropy. The experimental data on 
Hall effect and on magneto-optic phenomena in 
ferromagnetic materials in particular, indicate the 
peculiar role of magnetization I, which in this 
case plays the part of effective magnetic field. 
Within the framework of phenomenological theory 
it can be asserted that the structure of tensor ¢’ 
will in any case be of the (7) form. 

To find the relationship between the formula 
derived for tensor ¢” and the form usually used in 
magneto-optics, we will transform (7) as follows: 


28 
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(9) 


We will use eto indicate the half sum of “right” 
and “left” permeability ¢’; and and will 
assume that: 


(10) 


In these syst>ns of symbols the complex tensor of 
permittivity will have the form: 

+is’ Qb* + bob. (12) 
If this tensor is written in the system of co-ordinates 
which the axis z coincides with the axis of gyro- 
tropy, i.e. where b = (0, 0, 1), then the tensor ¢’ 
will appear in the usual form [1] 


Here (is called the first magneto-optic parameter. 
The connexion between “left” and “right” permea- 
bility on one hand and “diagonal” permeability ¢° 
and the first magneto-optic parameter ( on the other, 
will be expressed by the following relations: 


(13) 


Certain conclusions regarding the magnitude of 
the magneto-optic parameter Q can be drawn from 
(10). In the absence of absorption ( will be material. 
In absorbing media this parameter is complex. In 
the overwhelming number of cases, independent of 
the concrete nature of dispersion V, the magneto- 
optic parameter will in inodulus pe less than a unit. 
In particular, |Q| < 1 where ¢, > 0, i.e. where the 
actual parts of “left” and “right” permittivity have 
the same sign. The opposite case €, «_ < 0 may 
occur only in quite unusual situatious. In dielectrics 
|Q| < 1 always obtains (as ¢ > 0) and the actual Q 
parameter is negative for normal dispersion. 


On the basis of formula (8) the following explicit 
formulae can be deduced for the e” and ¢’Q values: 


Q2 
€ 


+ iv)? + 


Y 


2 
(y+ w)? + 


Far from the resonance range, where w/w <1, 
permeabilities ¢’, and ¢’_ can be expanded into 
a series to the power of this ratio. If the expansion 
is restricted to terms of the first order relative to 


so that 


} 
wow = U 


et 


and finally 


(y Fiw)? 


O2 


A long way from resonance therefore, the first 
mayneto-optic parameter will be proportional to 
gyro frequeucy w,, and together with it, proportional 
to effective magnetic field strength (magnetization 
in a case of a ferromagnetic material). 

From the equations of motion for magnetization 
the structure of the tensor of permeability u for a 
gyromagnetic medium (ferrite in a radiofrequency 
band) can be established in a completely analogous 
manner. 

We will start from the modified Bloch equation 
[5] 

M = 7’ [MH,;[ + 7 — M), (17) 
where y’= eg/2mc is the gyromagnetic ratio for 
electron spin; y is relaxation frequency of magneric 
moment; Xo is static susceptibility. 


29 
A "\ Ex 
2,+ 
@,/@, then 
, 
ef 
(15) 
de’ 
€_ = —w — 
of w& 
In this approximation 
fe’ —i2'Q 0° € =, . (16) 
it Q 3 0 (12) ef 
1961 
‘0 0 
| 
(i — Q), 
|| 
(i + Q). 


Properties of gyro-eleciric media 


We will separate the constant and variable parts 
of magnetization and magnetic field strength, i.e. 
we will assume 


M=M,+mei*’, 
H.; = H,+he'*s |h} <|H,), (18) 
M, = 7,H,. 


In a linear approximation equation (17) will assume 
the form 


(y+ iw—w,b*)m = ¥9(y —i b*)h, (19) 


where @, is the frequency of ferromagnetic reson- 
ance; b as before is the unit vecter in the direction 
of effective magnetic field. Allowing for the relation 
m = x h where ¥ is the tensor of magnetic suscepti- 


bility we shall have 
= 7,(y+iv—o, bx)-! (y—iw,b%). (20) 


For the tensor of permeability p= 1+47X, after 
calculating tensor (20), we shall get a formula 
analogous with (7): 


A 
= (1 — ib*) — 


where 


=1+4 
Bo + "ko bie 9 
+ wp) 


It can be seen from these formulae that in the static 
case (w = 0) tensor will assume the form 

p= 1 +47 Xo, as indeed it should. After introducing 
the perameters which are usually used in the theory 

of magneto-optic phenomena 


pe +p), 


M= x (22) 


where M is the second magneto-optic parameter, it 
will now be possible to represent tensor jin a form 
analogous to (11): 


(23) 


As in the case of anisotropy of electric proper 
ties, permeabilities and p, will have the meaning 
of magnetic permeabilities for the components of 
the magnetic field of a radio wave circularly polar- 
ized in opposite directions. Thus the structure of 
the tensors which define anisotropy of electrical 
and magnetic properties is of the same one typ. 


Translated by V. Alford 
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INFLUENCE OF ABNORMALLY SMALL ZONES ON THE HIGH-FREQUENCY 
PROPERTIES OF METALS IN A PERMANENT MAGNETIC FIELD* 
G.A. BEGIASHVILI 
Tiflis State University 
(Received 22 December 1960) 


The influence of abnormally small zones of a metal on h.f. impedance in a magnetic field 
has been studied. Impedance has been found to vary very little in a strong magnetic field. In a 
weak magnetic field the small zones become important and in this case impedance, with some 
slight corrections, coincides with the impedance of the metal in a magnetic field in the case 


of normal skin effect. 


In theoretical reviews of abnormal skin effect [1-5], it has been assumed that the main con- 
tribution to the surface current is that of the electrons of the main metal group and that they 


determine the decay of field with increasing depth. However, abnormally small groups of electrons 
are known to exist in a metal. These are responsible for the quantum oscillations of thermodynamic 


values, Schubnikov-De-Haas effectetc. It is easy to see that normal skin effect occurs for the 
electrons of a small group in a magnetic field. This means that ry/5, < 1 (5, is the depth of the 
skin layer conditioned by the main group; ry is the Larmor radius of the electrons of the small 
group) for fields of H ~ 10? oersted, while for the electrons of the main group it will be abnormal 
right up to fields of H = 10° oersted. Interest therefore attaches to the study of the h.f. properties 
of a metal with two groups of electrons where one has a skin effect which appears to us to be 
abnormal and the other is normal. However, the contribution of the small group of electrons to 
surface current would appear to be utterly insignificant, so that 


(oy is the conductivity of the electrons of the small group), and will be low in comparison with 

the conductivity of the electrons of the main group. However, allowance must of course be made for 
the fact that we have an abnormal skin effect r./59 > lin the main zone and therefore the main 
contribution to surface current will only be borne by the electrons which are moving in a narrow 
layer ro/5) > 1, deep on the surface of the metal. [t can be shown that 


ef 
~9, 


and therefore 5,/r, « 1. This means that the contribution of the metal group of electrons to the 
magnetic fieldin the surface current may not be so small as has been supposed. 

The work on hand has been devoted to clearing up the problem of the influence of the small 
zone on h.f. properties of metals. Such a study does not appear to have been made before. 


1. POSTULATION OF PROBLEM 


Our problem is to find out the surface impedance of a metal with two groups of electrons where 
is abnormal skin effect on the main group and normal on the small one. For the subsequent calculation 
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H.F. properties of metals in a permanent magnetic field 


the following assumptions will be made: the density of the electrons of the main group my ~ 10+ <~"* 


and of the small group ny ~ cm”*; the effective mass of the electrons m) ~ 10-’'g, my ~ 10°? g; 
velocity of electrons on a Fermi boundary vp ~ 10° cm/sec, vy ~ 10’ cm/sec; characteristic 
relaxation time ~ ty 10°?° sec). 

The full system of equations will have the form: 


Ex, (x) (Jz.y.0 yu} = 0; 
Je. ° + J x, 0; (1.1) 
— [tho (i = x, y, 2); 
V=V,°(p)- 


(dr, = dp, dp, dp z). Integration is carried out throughout the momentum space. The axes are selcted 
as Fedboorns axis Ox in the direction of the inner perpendicular to the surface of the metal, axis 0z 
along the projection of the permanent magnetic field on the surface of the metal. The kinetic equa- 
tion for the non-equilibrium contribution to the variables ¢, p, r= Qot (here 2) = eH /moc, mo is a 
typical mass of an electron; £ is the rotation time of an electron which, for a closed orbit will be 
t = c/eH OS/d«, where S is the cross-section of the surface ¢(p) = ¢ to plane p, = const) will 
have the form: 

(a) for the main zone (we are neglecting electron transitions between the zones)* : 


+ 2, +iwft,o+ ty = CV, ’ (1.2) 
(b) for the small zone: 
= 1.3 
where f,;M (7 +@y) = f,;M (1). 
Here 
= —d(e—e,); 
My Oe Oe 


€y is the boundary Fermi energy for the small zone. 
Passing to the Fourier component [6] we shall find: 


— K*e, (K) — (0) = + far w(K)}, 


ce 


where €, (K) is the Fourier component of electric field. Using the well-known solutions [6, 8] 
for the kinetic equations, we shall have: 


c? 


— (K) (0) = | He, (K) + (1.4) 


(summation is made through the Greek letters from 1 to 2), where 


* Boundary conditions to be added to the function of distribution are indicated in [él]. 


H.F. properties of metals in a permanent magnetic field 


A, ny d¢ 
Qriw 


Aja 
Ko (9, y) 
6 
K, (¢, @) is the Gaussian curvature of the Fermi surface of the main zone; 


c de 


py py 
By + iAy ap,, 


Ty 
By + iAw = de 
0 


(the line over the top indicated averaging [8] ). 
In the case of quadratic dispersion all the formulae will be simplified: 


—2er.’ 
l—e *To 


and for the selected axes 


| l+iot 0 
+ (1 + + (1 + 
fy Qu l+iof, 0 
+ (1 + iwt,)! Q2 + (1 + iwty)? 
0 0 


[oj 
*i+ilet 


Knowing A,,yand Ory it should in principle be possible to find surface impedance [6]. 


Actually 
(K) = W,, E, (0) 


and from this 90 
Wy» (K) dK. 
0 
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H.F. properties of metals in a permanent magnetic field 


Where the contribution of the small zone can be assumed to be small (see below) the calcula- 
tion can easily be carried right through to the end (absence of quadratic dispersion is important) 
for an arbitrary drop in radiation on the surface of the metal (see appendix). 


2. STRONG MAGNETIC FIELDS 


Here we will consider the case where 


2, >2, 


(the condition 2 > Q, will always be fulfilled due to the small extent of the effective mass of 
the electrons in the small zone). Furthermore, for simplicity let us consider the quadratic zone 
of dispersion for both zones and we will assume that the incident radiation is polarized along 
axis Oy, i.e. E || 0z. Then equation (1.4) will have the form: 


— K*e, (K) — 26, (0) = { + 9,2} 2, (K) (2.1) 


and to find impedance: 


4ni ; (2.2) 
ta K+ An 


(Z,, is calc. in a general form but it will not be necessary here). We will make use of the fact that 
the additions from the small zone are small in strong fields. Actually, the conditions for the small- 
est of the contributions (i.e. of the term 4vi w/c? o,, K in the denominator of the integral) will 

have the form: 


(= > (for of, > 1); 


(= ws to) ols ( for wt, 1), 


2 2 


vO, = - 


"Io My 


are the plasma frequencies of the electrons in the main and small zones respectively. These in- 
equalities are satisfied very well in our conditions. We note that where Qy > 0, > ~ w and 


@t, > 1 cyclotron resonance may occur on the main zone. Here analogous computation produces 


oy, 


which is also satisfied. 
The contribution from the small zone will thus be low in strong magnetic fields. Having 


deduced this, we shall find for impedance: 


lat (2.3) 


where Z2, is impedance, ignoring the small zone. From this, in strong fields where o& 1: 
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tie) +i 320 tu 


c43, / 3ty ‘ Jo 2, 


Calculation of the terms in formulae (2.4) and (2.5) shows that the contribution from the small 
zone may reach 1 to 10 per cent. When the incident radiation is polarized from axis 0z, i.e. E | 0,, 
the calculations show that the influence of the small zone can be neglected. 


3. WEAK MAGNETIC FIELDS 


Let us consider the case where 
i.e. where the magnetic field is low not for the electrons of the small zone but for the electrons 


of the main zone. 
We will make use of the well-known solution to the kinetic equation for the electrons of the 


main zone (as in the preceding case the electron dispersion will be quadratic): 


— K?:,(K)—2E; oft 4 


* 
dria 55 2, (K) 


After making substitution 


= 


we find 


c? 


It is easy to see that this equation coincides precisely with the equation which would be obtained 
if one were to assume that the magnetic field was zero for the electrons of the main zone. Therefore 


35 
where @t, > 1 
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Are £,(0) 
ic® 10 
‘oO 
i.e. 
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Yo (3.3) 


Here Z,, (0) is the impedance at which it is assumed that the magnetic field on the main zone is 

equal to zero (here on the small zone H will not equal 0), Z,, (H) is the impedance which allows 

impedance correction for a “small” magnetic field on the main zone. 


Now we will find out what the conditions are for which the magnetic field for the large zone can 


be regarded as small. It is obvious that the magnetic field will begin to be in evidence on the main 
zone when the length of the electron path in the skin layer becomes comparable with the effective 


length of electron flight /,/1 + i w to, i.e. where 


Bef 


1 
Here 5,5 is the effective depth of the skin layer. Allowing for the fact that 5,5 ~ | Slt | "’ 
for the maximum magnetic field H, we shall find 


ety 


Thus, at H < H, magnetic fieldon the main zone can be regarded as low and the approximation set 
out above can be used. On the other-hand, normal skin effect will occur on the small zone for 
fields H ~ 10? oersted while the magnetic field for the main zone wiil, according to the above 
calculation (at @t, > 1, @ ~ 10%? sec™), be low at H < 10° cersted. Fields of about H = 10? oersted 
thus satisfy both conditions. This is what we will assume. 

Let the incident radiation be polarized along axis Oy, i.e. E || 0z. In this case, as the calcula- 
tion has shown, the contribution of the small zone will not be low. It will be of the same order as 
that of the main zone, and calculation of impedance should he carried out by precise formulae. 

If, however, the incident radiation is polarized along axis 0z, i.e. E || Oy, then for impedance, 


we shall have the formula: 


(magnetic field for the main zone will be equal to zero), 
= 


It can easily be seen that where © = 2y = m,c/eH on the small zone diamagnetic resonance will 
occur. In calculating impedance in this case use can be made of the triviality of the contribution 

of the main zone. Actually, the condition for the contribution of the main zone to be small eround 
resonance (i.e. 47 i wA,, /c? in the denominator of integral (3.4) ) will have the form: 


& V , 


which is satisfied very well (at H ~ 10? oersted, a ~ 10% sec™!). Using this, in the region of 


(3.4) 


VO) 
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diamagnetic resonance we shall find 


Zyy (0) = Zyy (1+ 


Zyy (0) = +i) 


Having noted that 
« 
(0) <1 


we shall find 


- - 


lo 


In a weak magnetic field therefore, due to the influence of small zones with magnetic field, im- 
pedance will vary in the same way as if we had normal skin effect and diamagnetic resonance. 


CONCLUSIONS 


1. In strong magnetic fields 2y > 2, > @ the presence of abnormally small zones will have 
a slight effect on impedance. 

2. In weak magnetic fields Qy,< w > Q, diamagnetic resonance is possible on abnormally 
small zones. In the region of diamagnetic resonance the contribution of the main zone will be 
small and around resonance point impedance will follow normal skin effect. This appears to be 
due to the abrupt decay of R (H) which can be observed in experiment in the region of weak 
field. Here in the immediate vicinity of resonance 


3 


be 


{ &rw 
The author considers it his pleasant duty to extend his thanks to M.Ya. Azbel’ for 
presenting this problem and for discussing the results. 


Appendix 


Where there is an arbitrary law of dispersion and arbitrary incidence of the radiation we can 
express impedance through 4,,,,and a, , (see formulae (1.5) and (1.6) in the main text). 


Allowing for the fact that 
03,2, (K) + (K) + (A) = 0. 
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and introducing tensor 


* S3K 
SiK = Six — Sis - ’ 


we shall find 


— (K) — (0) = (K) + (K) (K) (A), 


— K?eq(K) — 2E2 (0) = (K) + (K) (K) + 022 (KX). 
From this, using equation (1.6) in the main text and assuming that the contribution of the small 
zone is low, i.e. that the terms containing the elements of tensor 7%, are low, we shall find the 


tensor of surface impedance: 


Lay 16 V3 (Cr + + Ago 


e i Ais 


Cate +S) + Avs 


2 2 
3122 + + 54) 


where the following symbols are introduced 


Che = Aa (Au Aa)? 


Translated by V. Alford 
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THERMAL DIFFUSIVITY AND ELECTRICAL RESISTIVITY OF a-TITANIUM AND 
THE TITANIUM ALLOYS T3, T4, VT5, T6 AND T8 
IN A WIDE RANGE OF TEMPERATURES* 
A.G. KARAGEZYAN 
Moscow State University 


(Received 3! March 1961) 


The temperature dependence of the thermal diffusivity ana electrical resistivity of @titaniam 
and the new high duty titanium alloys T3, T4, VT5, T6 and T8 are investigated in the temperature 
range 20 to 850°C. The investigation was carried out on the apparatus which has been described in 
[1]. Microstructural analysis was carried out for the purpose of finding the reason for the abnormal 
course of the curve for the variations in therma! diffusivity and electrical resistivity between 400 
and 600°C. A tentative explanation of these departures is given, attributing them to variation which 


take place in the structure of the titanium itself. 


ALLOYS AND EXPERIMENTAL PROCEDURE 


The alloys T3, T4, T6, T8 and VT5 and pure 
titanium type VT1 were used. The alloys T3, T4, 


T6 and T8 consist of titanium TGO, aluminium, 
chromiun, iron, silicon and boton. The aluminium 
concentration varies from 3 to 7.5 wt.%, increasing 
by 1.5 wt. % from alloy to alloy. The alloying ad- 
ditions Cr, Fe, Si and B are constant and not more 
than 1.5 to 2.5 wt. % in each alloy. In this work the 
alloys investigated had a total concentration of 
alloying elements of 2.5 wt. %. The alloy VTS con- 
sists of 95% Ti and 5% Al. The test specimens 
were in the shape of cylindrical rods 3 mm in dia. 
and 300 mm long [1]. They were all vacuum annealed 
for 5 hr at 720°C' to relieve work hardening. The 
annealing was carried out on the same apparatus 
before beginning the measurements, thus eliminating 
the danger of work hardening occurring as a result 
of the attachment of the specimens to the apparatus. 


RESULTS AND DISCUSSION 
Thermal and electrical properties. Thermal diffus- 


ivity was measured for titanium VT1 and all the 
alloys mentioned above. It can be seen from Fig. 1 


* Fiz. metal. metalloved., 12, No. 4, 507-512, 1961. 
According the recent data the recommended temperature 
would be 800-900°. On our apparatus however, the 
specimen is at 800-850 C for 6&7 hr, which means that 


that the thermal diffusivity of all the alloys is-sub- 
ject to an abrupt change between 500 and 600°C. 
No special attention need be paid to a certain dif- 
ference in the temperature course of the curve up 
to this temperature range. It must be remembered 
that the concentration of absorbed oxygen is differ- 
ent in the alloys although the conditions of experi- 
ment are the same. It must also be remembered that 
the experiment itself was carried out in a vacuum 
of around 10°* mm Hg on specimens which had first 
been annealed in the same vacunm medium. 

{t can be seen from the illustration that, begin- 
ning at 500°C, there is an abrupt change in the 
temperature course of the temperature conductivity 
curves in all the alloys. The temperature/tempera- 
ture conductivity curve for pure titanium is also of 
a non-monotone nature. Its maximum is between 
270 and 300°C. The figure for temperature conducti- 
vity is thus in very good agreement with the mechan- 
ical properties of the alloys investigated, for which 
the range of working temperatures does not exceed 
550°C [2]. 

Specific electrical resistivity of the specimens 
was measured at the same time as thermal diffus- 
ivity. Figs. 2a and b show the temperature/electrical 


it is actuaily annealed again. The reproducibility of 
the measurements excludes the possibilitiy of cold work 
remaining after the first anneal. 


39 
| 
VOL. 
| 
1961 


Thermal diffusivity and electrical resistivity 
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FIG. 1. Curves for the temperature variation in thermal diffusivity. 
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FIG. 2. Curves for the temperature variation in electrical volume 
resistivity. 
a — pure titanium according to data produced by Wyatt, Ames and 


McQuillan, Mikryukov and the autaor; 
b — alloys investigated. 


volume resistivity curves. are therefore to be expected in experimental deter- 

Solute impurities are known to have a noticeable mination of volume resistivity values. This can be 

influence on the electrical volume resistivity of seen from Fig. 2a in which the figures produced by 

titanium. This is due to the excessive scattering of other authors are given besides ours [3-5]. Accord- 
ing to published data the volume resistivity of titan- 


conduction electrons as a result of the uneven dis- 
tribution of foreign atoms. Considerable divergencies ium at room temperature is between 42 and 


40 
2 
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Thermal diffusivity and elecirical resistivity 


TABLE 1. Temperature coefficient of electrical 
resistivity @ for titanium VT1 


Temp. 


620—640 
6+9—680 
\| 680-700 
700--720 
720—780 
780— 820! 
C.79 


0—390 | 
390—460 | 
400—420 | 
420-—460 
460—500 
500—540 | 
540—600 | 
600—620 | 


80 x 10°* Q/cm. Our figure of 69 x 10°* 2/cm lies 
within this range. According to Greiner and Ellis 
[6], Wyatt [5], Michels and Wilford {7], Amez and 
McQuillan [4], up to 400°C the volume resistivity of 
a-titanium will increase linearly with temperature. 


This is why titanium behaves like any other metal in 
this range of temperatures. At higher temperatures 


the rate of change of volume resistivity with in- 
creasing temperature begins to diminish and some- 
where below transformation point, although it remains 
positive, it has an unusually low value. This means 
that the behaviour of titanium above 450°C is very 
different from that of the majority of pure metals. Our 
data confirm the nature of the variation in volume 
electrical resistivity with tempereture. We cannot 
however, agree with Wyatt [5] who assumes that the 
reduction in the gradient of the volume resistivity 
variation curve at temperatures above 400°C, which 
occurs in titanium which has impurities, must be 
attributed to the influence of pure oxygen. ‘The fol- 
lowing shows that this is not so. 

The gradient of the temperature/electrical resist- 
ivity curves plotted from the figures in [4] and from 
ours (Fig. 2a) is the same up to 360°. After this the 
gradient of our curve diminishes less than in [4]. In 
[4] the measurements were made on titanium iodide 
of quite considerable purity. This is demonstrated 
by the low value of electrical volume resistivity 
at room temperature, 46.2 x 10°* 2 cm. This shows 
tnat Wyatt’sproposition is withont fcundation. [n 
impure titanium, however, the gradient of the curves 
should of course diminish less than in pure titanium. 

Fig. 25 shows the temperature dependence curves 
of electrical volume resistivity in the alloys. Vol- 
ume resistivity increases at room temperature with 
the aluminium concentration. In all the alloys this 


TABLE 2. Temperature coefficient of electrical 
resistivity @ for the different alloys 


Temp4 x Temp. 
range | earl | range 
°C 

| | | 


| 510—802 
506—835 
| 514—860) 
|| 520—850! 
‘| 450-860 


O—516) 7.84 

0—506: 6.19 

0-514) 3.87 

0—520; 3.09 

0—459) L 


increases linearly with temperature while the tem- 
perature coefficient of electrical resistivity (Tabies 
1, 2 aad Fig. 3) fails as the aluminium content 
increases. Between 450 and 520°C all the curves 
have a kink and are then straight lines. Transforma- 
tion thus takes place in the alloys in a temperature 
range of 70° and for the alloys T3, T4, T6 and VTS 
this range is much narrower, about 20°. Attention 

is drawn to the fact that the temperature coefficient 
of electrical resistivity suffers variation in quite 

a narrow range of temperatures for all the alloys. 

We are inclined to think that the reason for the 
drop on the electrical resistivity curves is no 
other than structural transformations in the titan- 
iun itself. This proposition has been confirmed by 
microstructural analysis. 

Microstructural analysis. In resorting to the 
method of microstructural analysis we set ourselves 
oae quelitative problem only. This was to find the 
structural chaage in the alloys around the temper- 
ature range where the electrical resistivity curves 
are subject to bending. Microstructure was exam- 
ined on the alloys T3 and VT5. The specimens 
for metallographical analysis were cut from rolled 
sheet (alloy T3) and hot-rolled bars (alloy VTS). 
To set the structures at the different temperatures 
the specimens were annealed from 550, 450 and 
350°C. They were sealed into quartz ampoules and 
then these were carefully evacuated. Annealing 
was carried ou for 80 hr and quenching was done in 
water at + 20°C. Microstructure remained exactly 
the same in the alloy T3 at 20°C aad after quench- 
ing from 450°C, i.e. before the drop on the electrical 
resistivity curve. It is characteristic of a rolled 
alloy of martensitic fibrous structure. The micro- 
structure of the alloy quenched from 550°C (Fig. 4) 
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FIG. 3. Temperature coefficient of electrical resistivity of pure titanium 
and the alloys investigated: 
—pure titanium; 2-—-— alloy T3; 3 -—alioy T4; 
4 — alloy VT5; 5— alloy T6; 6-—alloy T8. 


FIG. 4. Microstructure of alloy T3 (x 340) after 
quenching from 550°C. 
a+ w phases. Etched. HF+ HNO, in glycerine. 


differed from them in that it was_possible to see 

the precipitation of a surplus phase of an a-solid 
solution (a-phase) in the form of nets along grain 
boundaries. The microstructure of VT5 is shown 

in Fig. 5a- ¢. The martensitic acicular structure 

of the alloy does not change up to 450°C (Fig. 5a-c). 


42 
‘ 
Ry x | | 
x 
25 33 7-8 
1 | 
3 
2 
400 
4 vo 
ig 1 
— 


Thermal diffusivity and electrical resistivity 


\4 


FIG. 5. Microstructure of VT5 at: 
a — 20°C (x 150), a-phase; 
b — after quenching from 350°C (x 150), a- phase; 
c — from 450°C (x 250), c- phase; 
d — from 550°C (x 80), a + @ phase. 
Etched Hf + HNO, in glycerine. 
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Thermal diffusivity and electrical resistivity 


The microstructure of the alloy quenched from 550°C _—_ tures which embraces the point where there is 2 
(Fig. 5d) is different from the preceding ones. Here, bend on the curves for electrical volume resistivity. 
it seems, there is precipitation of intermediate @ This is, however, a special question which will 
phase as it can be seen from the microstructure of require independent investigation. 

the initial specimen that it was only slightly de- In conclusion the author would like to express 
formed andit is very improbable that recrystalliza- his gratitude to V.Ye. Mikryukov for suggesting 
tion took place before 550°C. this subject and for his valuable advice in carrying 


Microstructural analysis has thus confirmed our out the investigation. 
proposition regarding the structural variations which 
take place in these alloys in the range of tempera- Translated by V. Alford 
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CARBIDE TRANSFORMATIONS ON THE DEFORMATION AND SUBSEQUENT 
HEATING OF PLAIN CARBON STEELS* 
Yu.A. SYSUYEV, M.K. KOTKIS and V.K. AFANAS’YEVA 


Gor’kii Physico-Technical Research Institute, 


Gor’kii Automobile Factory 
(Received 6 February 1961) 


Data are derived regarding the nature of the change in phase composition of a steel in relation 
to changes in its microstructure. On the basis of dislocation theory data a hypothesis is put forward 
for the possible mechanicsm of the Fe,C + Fe,C + Fe transformation. 


When a deformed steel is heated in the tempera- 
ture range 350- 500° abnormal fragmentation of the 
block structure of the a- phase is observed [1]. To 
find out the reason for this the writers of [1] pro- 
ceeded on the basisof the assumption that when a 
deformed steel is heated there are no carbide trans- 
formations. No confirmatory experimental data are 
put forward in the article. It has been shown pre- 
viously [2-4] that when a steel with phase composi- 
tion a+ is cold plastically deformed, part of the 
cementite will transform into another phase com- 
ponent XFe,C. This transformation is to a consider- 
able degree dependent on the initial structure of the 
steel. The purpose of the present article is to study 
the nature of the changein phase composition and 
the structure of the carbide components which 
takes place when a deformed steel is tempered. At 
the same time an attempt will be made to represent 
the mechanism of formation of the XFe,C carbide 
on deformation and the mechanism of transformation 
of this carbide to cementite on heating. 


MATERIALS AND PROCEDURE 


As phase transformations on deformation depend 
on initial structure, the steel U1O which we selected, 
was given two different kinds of treatment. First 
was annealing to granular cementite at 680- 730° 
for 12 hr and the second, normalizing from 10C0°. 
Deformation was carried out by free upsetting on a 
Gagarin press. The deformed specimens (vw = 50 per 
cent) were tempered at temperatures from 200 to 
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650°. After this treatment the dimensions of the 
specimens were //d > 10. Temperature magnetiza- 
tion curves were taken after each tempering. These 
are reversible /, (t) curves by means of which the 
quantitative ratio of the phase components can be 
established [5, 6]. The temperature magnetization 
curves were constructed in a field of 10,000 oersted. 
Parallel with the study of phase composition an 
electron microscope was used to study the nature 
of the structural change in the carbide inclusions. 
The method of preparing the specimens and produc- 
ing the replicas has already been described in [7]. 
Coercive force andhardness HRA were measured on 
the same specimens which were used for the mag- 
netometer and microphotography recordings. 


RESULTS 


As has already been observed [2-4], despite the 
different initial structure of the specimens (Fig. la 
and 2a) before deformation their phase composition 
was identical, being typical of cementite and fer- 
rite. After deformation, the steels with the granular 
cementite had the same amount of cementite and its 
form remained unchanged (Fig. 1 5) Nor did subse- 
quent heating have any particular influence on 
phase composition or on the structure of spheroida. 
cementite (Fig. lc). 

The situation was quite different with the lamel- 
lar cementite. After deformation, part of the steel 
disintegrated into the metastable carbide XFe,C 
and iron [2-4]. When this kind of structure is heated 
the opposite process occurs. There is a decrease 


Carbide transformations in plain carbon steels 


FIG. 1. Microstructure of annealed steel U10: 

a — initial state; 

b — deformed; 

c — deformed + tempered at 400° for 30 min. 

Etched in 1 per cent solution of picric acid 
in ethyl alcohol. x 4800. 


FIG. 2. Microstructure of normalized steel: 
a — initial state; 
6 — after deformation; 
c — deformation + tempering at 300° for 30 min; 
d — the same at 400° for 30 min; 
e — the same at 500 fer 30 min; 
f —the same at 65 for 30 min. 
Etched in 1 per cent solution of picric acid 
in ethyl alcoho]. x 4800. 


in the amount of a- phase and X-carbide and an atures. It can be seen from the course of the curves 
increase in the cementite. Fig. 3 shows the temper- __ that the proportions of magnetization (A a) are 
ature magnetization curves obtained from specimens _ reduced for the ferrite and X- carbide and increased 
which were tempered after various different temper- for the cementite. 


46 
AT. 


VOL. 
12 
1961 


Carbide transformations in plain carbon steels 


The data in Fig. 4 show the change in the quan- 
tity of phase components, determined from the 
course of the temperature magnetization curves 
mentioned above. The main part of the X- carbide is 
subject to transformation between 300 and 600°. In 
this case, at ¢ > 450° there is some delay. in the 
reduction of its quantity. The nature of the variation 
in quantity of the X- carbide is in agreement with the 
increase of volume of the cementite and reduction in 
the concentrated a- phase. if the relation of all three 
phases is examined the conclusion must be drawn 
that the transformation of the X- carbide to cemen- 
tite takes place according to the reaction: 


Fe,C + Fe Fe,C, 


although in certain cases, when highiy deformed 
steels are heated for instance [8, 9], partial trans- 
formation may occur according to the scheme: 
XFe,.C + Fe,C + C. 

Deformation of the steel causes a considerable 
change in the shape of the cementite lamellae. They 


become very dense and wavy (Fig. 25). This is all 
in very good agreement with the results produced 

by Pomp and Poellein, Sato and Misidzawe [10-12]! 
and other investigators. The cementite and the newly 
formed phase form a united conglomerate, which 
makes it very difficult to distinguish them from one 
another on the photomicrograph. 

The structure is subject to further change on heat- 
ing. Between 300 ard 400° the depth of the lameilae 
diminishes in some parts, (hollows are formed, 30 
that in these cases the carbide phase is subject to a 
process of dissolution and resorption in the surround- 
ing volume (Fig. 2c-d)). Then the lamellae suffer 
fragmentation, which is particularly intensive around 
500° (Fig. 2e). According to [1] in this temperature 
range there is mosaic block fragmentatioa of the 
a-phase. If tempering temperature is then increased 
above 550° there is an increase in the carbide par 
ticles and their spheroidization (see Fig. 2f). In 
the X- carbide transformation range there is a consi- 
derable increase in the H, value in the steel which 
has an initial structure cf lamellar cementite. No 
increase in the H, value is found at all when the 
steel with the initial spheroidal cementite structure is 
tempered (Fig. 5, curves J, 2). 

The hardness variations are also different for the 
steels with an initial lamellae or spheroidal cementite 
structure (Fig. 5, curves 3, 4). One maximum occurs 
on the RA (t) curve when the steel with the granular 
cementite and no carbide transformation is tempered. 


500, - 


290 
295 
285 
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FIG. 3. Temperature magnetization curves of deformed 
steel U10 with temperature of subsequent 
tempering for 30 min: 
1 — 300°; 2 — 350°; 
3 — 400°; 4 — 500°; 
5 — 650. 


Hardness increases between 200 and 350°, which 

is the temperature range for the maximum drop in 
coercive force. When the steel in which deformatior 
causes an intermediate phase is tempered, a second 
maximum will appear on the RA (¢) curve between 
450 end 500°, which is the temperature range of the 
most rapid drop in coercive force. 

Qualitatively, the absence of change in the course 
of the /, (t) curves or the shape of the cementite 
particles when the deformed steel with the granular 
cementite is heated, is analogous with the change 
in the coercive force of this structure with H, vari- 
ation which occrus when deformed pure iron is 
tempered. This means that in this structure plastic 
deformation only takes place in the @phase. The 
cementite will only be subject to a change in the 
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FIG. 4. Variation in phase composition when deformed 
steel U10 is tempered: 
1 — a- phase; 
2 -- cementite; 
3 -carbide. 


stressed state which, according to X-ray analysis 
data [13], is of the nature of volumetric compress- 
ion on the side of the a-phase. 

The corrugation of the cementite lamellae on the 
deformation of normalized steel means that cemen- 
tite is deformed together with the a- phase. On the 
basis of dislocation theories it can be assumed 
that in lamellar cementite dislocation displacement 
takes place. This should not occur in globular 
cementite. 

The experimental data produced on the inter- 
action between dislocations and precipitations by 
Nicholson, Thomas and Nutting [14] does actually 
indicate that if the precipitated particles are 
coherently bonded with the matrix then. when they 
encounter moving dislocations these latter will 
pass through them, changing their shape. If the in- 
clusions are not bonded with the matrix, i.e. if the 
coherent bond is broken, then they cannot be over- 
come by dislocations. Therefore, as has been sug- 
gested theoretically [15], the dislocations will 
bend the particles, forming dislocation loops around 
them. These data thus confirm the considerations 
set out above regarding the possibility of disloca- 


oersted 


500 °C 


200 400 


FIG. 5. Variation in coercive force (solid line) and 
hardness (dashed line) as result of the tempering 

of deformed steel U 10: VO} 
1, 3 — from initial structure of spheroidal cementite; bi 
2, 4 — lamellar cementite . 19 


tions passing through cementite lamellae. 

The intersection of two screw dislocations at 
their point of contact is known [16] to form vacan- 
cies. A row of vacancies will be formed if two 
such meeting dislocations move in any direction. 
According to Michel’s data [17] there are two forms 
of bond between the iron and carbon atoms in ce- 
mentite. Two iron atoms will have a covalent bond 
with the carbon and the third Fe atom will have a 
bi-covalent bond (co-ordinate). This is most prob- 
able as vacancies are formed in cementite due to 
the removal of iron atoms which have co-ordinate 
bonding which is not so strong as the covalent 
bonding. On deformation therefore, the cementite 
should be denuded of iron atoms. In other words 
there should be a change in chemical composition, 
and probably to some extent in the crystal lattice. 

The magnetic analysis data set out above show 
that when the steel with the lamellar-oriented 
cementite is deformed what is actually observed 
is the formation of a new XFe,€ phase. If there is 
no slip in the cementite this transformation is not 
revealed. It follows from the results of the investi- 
gation that the XFe,C phase, which is formed on 
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heating above 300- 350°, will be unstable and will 
gradually transform into Fe,C. From this pattern 

for the change in the quantity of phase components 
it can be assumed that the XFe,C + Fe + Fe,C 
transformation is of a diffusion nature. Judging from 
the nature of the change in the shape of the lamellae 


(Figs. 26-c) this transformation must be related to 
the phenomenon of diffusion. In some sectors the 


lamellae are subject to the process of “resorption” 
and in a number of places they become thicker. In 
this case the temperature magnetization curves 
show a reduction in the amount of X- carbide and 
increase in cementite. From this it can be assumed 
that when the carbide phase X Fe,C is heated it 
dissociated, the carbon diffuses to the a+ Fe,C 
boundary and interacts with the Fe atoms to bond, 
in the form of cementite molecules, with the base 
of Fe,C. 

The XFe,C + Fe > Fe,C phase transformation 
should be of the nature of conjugation of the ferrite 
with the carbide phase. As a result, the extent of 
the stresses in both phases may exceed the elastic 
limit at these temperatures causing block fragment- 
ation of the a-phase and intensifying fragmentation 
of the grains of the carbide phase. The increased 


dispersion of both phases, due to phase work hard- 
ening, also seems to be a reason for the abnormal 
change in strength and some other properties of a 
work hardened steel which is tempered above 350- 
400°. From the magnetometric and electron micro- 
scope data it can be assumed that the increase in 
hardness between 200 and 350°, which occurs in 
both the structures investigated, cannot be related 
to transformations in the carbide phase or to preci- 
pitations of any other phase. The data obtained 
also permit the proposition that the XFe,C+Fe+Fe,C 
transformation, which affects the dispersion of the 
cementite, must also cause an increase in the rate 
of the process of coalescence and spheroidization 
of the Fe,C particles, which occurs when a steel 
is heated in the subcritical temperature range. 

We would like to express our indebtedness to B.A. 
Apayev for suggesting the subject and for discuss- 
ing the results. 


Translated by V. Alford 
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INVESTIGATION OF THE LONG-TIME EFFECT OF THERMAL CYCLING 
STRESSES AT HIGH TEMPERATURES * 
Yu.F. BALANDIN 
(Received 20 March 196]) 


The behaviour of two creep-resistant materials under the prolonged action of thermal cycling 
stresses (long-time thermal fatigue) has been investigated in temperatures from 500 to 1000°, using 
a method previously developed. The temperature dependence of resistance to thermal fatigue has 
been found to have its minimum between 700 and 800°. It is suggested that this dependence is de- 
termined by processes of deformation along grain boundaries and by boundary migration. The rela- 
tionship between resistance to long-time thermal fatigue and ductility characteristics has been 


more clearly defined. 


In ordinary thermal fatigue tests, which consist 
in the rapid alternation of heating and cooling, are 
usually carried out with the number of cycles prior 
to fracture diminishing as temperature increases 
[1]. Under the prolonged action of thermal stresses 
the thermal fatigue effect has its principal features 
within the limits of each cycle [2]. Due to this, the 
influence of testing conditions, in particular of tem- 
perature, on the number of cycles prior to fracture, 
may be rather different from that in short-time test- 
ing. 

In this work the influence of temperature was in- 
vestigated in the range from 500 to 1000°. The long- 
time effect of thermal cycling stresses was simul- 
ated by loading the specimens periodically up to a 
given degree of deformation and then soaking them 
in the deformed state at a high temperature. Speci- 
mens 3 mm in dia. were extended in special grips. 
Similar kinds of tests have been described in [2]. 

Two creep-resistant materials were examined, the 
chromium-nickel steel Kh18N22V2T2 and an 
Ni alloy Ei-437B. As a result of austenizing 
and ageing these materials have high strength 
properties up to at lest 700° (Table 1). At the same 
time ductility at this temperature, particularly with 


slow fracture, is not very high. 
All the tests were carried out under the following 


conditions: deformation 0.3 per cent soaking time 


under load 50 hr. 
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RESULTS 


The most important experimental data are given 
in Fig. 1. On elevation of temperature there is a 
gradual reduction in the number of cycles before 
fracture, but after reaching a certain minimum they 
begin to increase. 

It was found by microstructural analysis that 
fracture occurred at all temperatures along grain 
boundaries. Examples of the type of crack in the 
specimens of EJ-437B are shown in Fig. 2. The 
cracks have certain specific features at different 
temperatures. With high magnification Fig. 3a 
shows one of the cracks which appeared at 600°. 
This is typical of temperatures below 700 and is 
a narrow tapering fracture, beginning at the junc- 
tion of three grains andhaving a very blackened 
edge. Another kind of crack arises in the same 
material at 900° (Fig. 3 5). It is wider, and instead 
of the clearly defined side boundaries there is a 
fringe consisting of a large number of dark spots 
which seem to indicate local tears. Between 600 
750° the contours of the grain boundaries are clearly 
defined (Fig. 2a), due to the precipitation of 
finely dispersed particles of a strain hardening 
phase. At 900° only a few coarse particles of the 
strain hardening phase can be seen around the 
grain boundaries, and these have arisen as a result 
of coalescence. The cracks in steel Kh18N22V2T2 
are the same as in EJ - 437B at the different 
temperatures. 

It is interesting to compare resistance to thermal 
fatigue at different temperatures with the test results 
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TABLE 1. Some of the mechanical characteristics of the metals studied 


P | Long 

Type of | Tempera-t i Elongation with a 
steel i tion of ate period of 100 hr 

or alloy bs area in 100 hr 


kg/mm? 


prior to fracture, % 


Kh18N22V2T2 
26 


7 


EI-437B 


a 
— 
> 
3) 


500 700 °C 


FIG. 2. Cracks in EI-437B specimens being tested for 


FIG. 1. Dependence of resistance to thermal fatigue 
thermal fatigue at: 


on testing temperature: 


1 — Kh18N22V2T2; a ~- 600°; 
2 — alloy EI-437B. b — 900°; (electrolytic etching); x 100. 


observed at 700°. However, ductility at the moment 
of fracture is known to be only a very rough indica- 
tion of the ability of a material to be deformed un- 
der long-time load without the appearance of macro- 
scopic cracks. 

A more objective characteristic for the assess- 
ment of ductility under long-time loading may be 
found in the degree of deformation on a sector of 
uniform creep. The relevant data in Table 2 show 
that the alloy EI-437B has minimum deformation 


on the same materials for long-time strength and 
stress relaxation. Long-time strength declines conti- 
nuously with elevation of temperature. Ductility 
under slow fracture, however, gradually increases 
after reaching a certain temperatures. Table 2 
shows the data for some tests for long-time hardness 
on E]-437B in the same range at which the tempera- 
ture dependence of resistance to thermal fatigue 
passes through its minimum (Fig. 1). The lowest 
figure for elongation at the moment of fracture is 
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800 28.7 40,9 | ~20 
509 75.6 31.8 
700 67.9 13.5 46 1.5—3.0 
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TABLE 2. Results of stress through rupture tests on El-437B 


Elongation, % 


Time 
Stress On uniform 
Cc kg/mm? fracture | ine to From | creep sector 
5 \Specimen 


diagram | 


200 
230 
350 
160 
180) 
390 


236 
640 


0.18 
bs 


0.075 


0.24 
0.29 


under long-time loading at a temperature of 800°. 
This is the temperature at which the number of 
cycles before fracture is at a minimum. 

The re! axation characteristics were studied on 
steel Kh1SN22V2T2 on the annular specimens pro- 
posed by Oding [3]. Unlike the usual tests for stress 
relaxation ours were carried out at the different tem- 
peratures, not at a given starting stress but at a 
given starting deformation. This was constant for 
all terperatures and was 0.3 per cent gauge length 
for the fractured fibres. The extent of the elastic 
strain which was transformed to plastic on stress 
relaxation was measured. Similar measurements 
were carried out after 10 min temperature holding in 
the loaded state, which was necessary in order for 
“short-time” plastic deformation to take place. The 
results are shown in Fig. 4. When the temperature 
was raised from 500 to 700° there was an increase 
in the deformation which passed from elastic to plas- 
tic in the relaxation time. At 900° however the ex- 
tent of this deformation was less than at 700°C. 

It must be remembered that the deformation given 
(0.3 per cent) is considerably higher than the poss- 
ible level of elastic deformation within the limits 
of a fibrous specimen at 900°. If Oding’s formula is 
used in this case the stress figures resulting will 
be an understatement. This will also be the case 
with the assessment of the extent of elastic deform- 
ation transforming to plastic on relaxation. Actually, 
according to calculation made after a preliminary 
10 min holding, the magnitude of the stresses was 
approximately the same in the rings. At 500°C it 


was 51 kg/mm’, at 700° 40 kg/mm? and at 900°, 
3 kg/mm?. In the latter case however stresses 
should be approximately the same as yield point, 
i.e. they should be of the order of 12 kg/mm? 
(Table 1). Curve 3in Fig. 4 therefore (relaxation 
at 900°) should actually be somewhat higher, i.e. 
it should be less different from the corresponding 
relaxation curve at 700°C. 


DISCUSSION 


Paper [2] named the main reason for the rapid 
fracture of materialsunder the long-time action of 
thermal cycling stresses. This is because the pre- 
dominant flow of plastic deformation on relaxation 
takes place along grain boundaries. This takes 
place in each test cycle in a long-time thermal 
fatigue test (soaking a loaded specimen at high 
temperature). 

The deformation which is first of all transmitted 
to the specimen will have elastic and plastic com- 
ponents. From the point of view of fracture, it is 
the first component which is more important as 
the level of plastic deformation on relaxation is 
dependent upon it. The maximum extent of elastic 
strain which is practically possible in tests de- 
pends on the yield point of the material at the test- 
ing temperature. In the course of one cycle, how- 
ever, it is only part of this deformation which 
changes into plastic. An even smaller amount of 
plastic deformation will be localized along grain 
boundaries. If the temperature is increased to the 
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FIG. 3. The same cracks as in Fig. 2 but under greater magnification: 


a — 607; 


level at which resistance to thermal fatigue reaches 
it minimum there will be no essential reduction in 
the yield points of steel Kh18N22V2T2 or the 
E]-437B (Table 1). This means that the initial 
elastic deformation of the specimens when tested 
in this range of temperatures will remain approxi- 
mately constant. Flevation of the temperature should, 
however, cause a considerable acceleration of the 
deformation processes along grain boundaries. It is 
obvious from general theoretical considerations of 
the quasiviscous beheviour of grain boundaries, 
that there will be an increase ir the amount of inter- 
granular deformation at elevated temperature. This 
has also been demonstrated experimentally in works 
by many investigators [4-7 et al]. It can thus be 
suggested that the reduction in the number of cycles 
before fracture at elevated temperature is the result 
of more intensive slip along grain boundaries. 
Further increase of temperature causes a consi- 
derable reduction in yield point, i.e. the beginning 
of elastic deformation. This seems to us to be due 
to the increased resistance to thermal fatigue after 
reaching the minimum. Parallel with the reduction 
in initial elastic deformation however, there is acce- 
leration of stress relaxation and an increase in the 


5b — 900°; x 800. 


amount of intergranular deformation. This can be 
seen particularly in Fig. 4 in the light of the 
remarks made above about the actual position of 


curve 3, 

It is thus very improbable that the reduction in 
deformation along grain boundaries as a result of 
reduction of yie!d point could amount to very much 
with the increased temperature of one cycle. There 
must be other reasons for the increase in resist- 
ance to thermal fatigue when the temperature was 
increased just efter reaching its minimum. 

At temperatures below the ordinary recrystalliz- 
ation points in cases of creep,the process of grain 
boundary migration is known to be energetically 
favoured. Migration causes siress relief in the 
junction points of the grains and makes further: slip 
along grain boundaries possible. The microscopic 
result of grain boundary migration is an increase 
in ductility under slow fracture. Grain boundary 
migration has been studied experimentally very 
carefully in the case of creep in aluminium, its 
alloys and certain other materials. There is no 
reason to suppose that grain boundary migration 
does not take place in creep-resistant steels and 
alloys. In all probability, it takes place not only 
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on creep but also on relaxation. 

It is possible that the migration processes are 
directly related to the structure of the material. 
A finely dispersed strain hardening phase promotes 
the “fixing” of grain boundaries. The coalescence 
and dissolution of particles of this phase will 
facilitate displacement, i.e. boundary migration. 

The rising branch of the temperature dependence 
curve of thermal fatigue resistance in Fig. 1 is 
worthy of attention. To understand it one must draw 
on idees of grain boundary migration. Actually there 
is considerable coalescence on passing through 
temperatures of the order of 900° with, possibly, 


some dissolution of particles of the strain hardening 
phase in our materials. Attention has already been 


drawn tc these structural changes above. It has also 
been noted that these changes should make boundary 
migration easier. 

It seems that the process of the deformation and 
fracture of specimens in the course of testing at 
temperatures around 900° can be represented in the 
following way. The appearance of a visible crack 
is the conclusive act. It is preceded by the forma- 
tion of microscopic and submicroscopic fractures. 

In the case of intergranular fracture these would 
arise first at uneven boundaries or in particles of a 
second phase along grain boundaries. On the ex- 
ample put forward by Chen and Machlin [8], this is 
to be attributed to stresses which arise as a result 
of the mutual slip of neighbouring grains. If grains 
boundaries migrate, the width of the zones in which 
cracks will arise may also increase correspondingly. 
This means that in each new boundary position new 
submicroscopic fractures may arise. These fractures 
may in their turn undergo an increase in dimensions 
due to flow of vacancies or to the effect of tensile 
stresses perpendicular to grain boundaries. In this 
kind of fracture the macroscopic crack formed as a 
result of the merging of microfractures should have 
the fringe-like boundaries which are in fact ob- 
served in experiment (Fig. 35). Where there is no 
migration on the other hand, at lower testing tem- 
peratures, the crack will be strictly localized’ 

(Fig. 3a). 

It is obvious that where there is grain boundary 
migration, a larger number of cycles will be re- 
quired before fracture. This is because the total 
amount of deformation along grain boundaries will 
increase. As the temperature rises the intensity of 
migration will increase and, consequently, the 
number of cycles prior to fracture must also be 
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FIG. 4. Results of relaxation tests on steel 
Kh18N22V2T2 at: 
500; 2— 3— 900. 


greater. 

In [2] it was found that long-time strength cannot 
serve as a characteristic for assessing resistance 
to thermal fatigue under the prolonged action of 
thermal stresses. [In a first approximation this 
characteristic must be long-time ductility. Our work 
provides further confirmation of these conclusions. 
If the data in Table 2 and Fig. 1 curve 2 are com- 
pared it will be seen that it is not elongation under 
slow fracture which correlates best with distance to 
thermal fatigue, but the extent of deformation on the 
sector of uniform creep, i.e. up to the moment of the 
formation of macroscopic cracks. This is apparently 
due to the fact that the mechanism of formation of 
the first fractures in specimens which are being 
tested for long-time strength and long-time thermal 
fatigue is the same, but the development of macro- 
scopic fracture may be different. 


CONCLUSIONS 


1. Resistance to long-time thermal fatigue 1s at 
its minimum around the temperature of maximum 
strain hardening during ageing. 

2. It is suggested that the reduction in the number 
of cycles before fracture under rising temperature 
is due to more intensive slip along grain bound- 
aries, while the subsequent increase in the number 
of cycles before fracture is due to the migration 
of grain boundaries. 

3. Resistance to long-time thermal fatigue is 
qualitatively dependent on ductility during long- 
time fracture, particularly on deformation in the 
sector of uniform creep. 


Translated by Y. Alford 
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The structure of iron-cobalt-vanadium alloys has been investigated in their non-equilibrium 
state with constant cobalt concentration of 52% and with a varying vanadium concentration of 9 to 
15%. Heat treatment and vanadium concentration has been found to affect phase composition and 
structure. The y- phase has been found to have an ordered arrangement of atoms in annealed alloys 
with 10.8% vanadium or above. The structures of the alloys have been investigated by electron 


microscope in states with high coercive force. 


A number of works [1-6] have been devoted to the 
study of the equilibrium diagram of iron-cobalt- 
vanadium alloys. With rare exceptions the alloys in- 
vestigated have been in the section parallel to the 
iron-vanadium side of the concentration triangle, 
where cobalt concentration is 50-52 %. This selec- 
tion has been determined by the fact that these 
alloys are of practical importance as magnetically 
soft and magnetically hard materials such as 
Permandur and Vicalloy for instance. 

In 1955 Koster and Schmid [7, 8] proposed two 
ternary constitution diagrams, a metastable and an 
equilibrium one. Figs. ] a and 16 show the vertical 
sections of these diagrams with a constant cobalt 
content of 52%. The metastable constitution diagram 
characterizes the phase composition of the alloys 
in the conditions of continuous heating and cooling 
at which equilibrium is not achieved. Starting at 
30% Co, and the a> y transformation in iron-cobalt 
vanadium alloys takes place under continuous heating 
and cooling with temperature hysteresis which 
grows as the cobalt and vanadium contents increase. 
The A, boundary on the vertical sector of the 
metastable equilibrium diagram (Fig. 1 a) corres- 
ponds to the a> y transformation on heating and the 
A,, boundary to the y > a transformation on cooling. 


* Fiz. metal. metalloved., 12, No. 4, 526-533, 1961. 


In the intermediate range of temperatures alloys 
may occur both with a y-lattice on cooling from a 
high temperature and with a a-lattice on heating 
from a low temperature (irreversibility). 

This sector is similar to the well-known metas- 
table constitution diagram of the iron-nickel and 
iron-manganese systems. In these alloys, however, 
not only can metastable transformation occur but 
also decomposition as a result of isothermal soak- 
ing with the formation of a and y-phases in accord- 
ance with the equilibrium diagram. The vertical 
sector of the equilibrium diagram of iron-cobalt- 
vanadium alloys (Fig. 1 5) shows the phase com- 
position of the alloys after-prolonged isothermal 
soakings (up to one year). In this diagram the 
a + a two-phase region occupies a wide range of 
concentrations and temperatures. 

Besides the a> y transformation in the ternary 
alloys with high vanadium content an ordering 
process may also take place in the y-phase, and 
an ordering process in the a-phase when the alloys 
have a reduced vanadium content. The two phase 
y + y region on the metastable constitution dia- 
gram is appropriate for alloys in which the y-phase 
becomes ordered under slow heating or cooling.* 

The superlattice of the Co,V (y’) type is formed. 


* Koster and Schmid have plotted the y + y’ region on 
the constitution diagram from dilatometric data. 
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52%Co 10 20 YO YB%V 
48 YoFe 52%Co 


is 
20 30 
52% Ca 


FIG. 1. Vertical sections of metastable constitution diagram (a) and 
equilibrium diagram (b) of the iron-cobalt-vanadium system with 
52% Col7, 8}. 


Solutions with this kind of superlattice may con- 
tain up to 20% iron. In alloys with approximately 
up to 11 % vanadium the y- phase will become super- 
cooled down to martensitic transformation point. 
The resulting martensite disintegrates with subse- 
quent tempering above 400°. The a- phase which 
forms on disintegration has an ordered arrangement 
of atoms (type CsCl superlattice). This has been 
demonstrated by direct X-ray analysis by Martin 
and Geisler [3]. 

This work is devoted to the study of the structure 
of iron cobalt-vanadium alloys with from 9 to 15% 
vanadium and a constant cobalt content of 52%. The 
alloys of most interest for our investigation are 
those which at room temperature are arranged in the 
narrow range of compositions between 4,, and 
y + y’/y boundaries on the vertical section of the 
metastable consitution diagram proposed by Koster 
and Schmid (Fig. 1 a). It seems that with these 
compositions ordering in the a and y-phases should 
have a considerable influence on the kinetics of 
disintegration and the microstructure of the alloys. 

The structure of the alloys were studied in non- 


equilibrium states after the following heat treat- 


ments: quenching from the single-phase y region 


with subsequent isothermal tempering and, after 
cooling to room and intermediate temperatures at 
the rate of 20°/hr, quenching in water. The struc- 
ture of the irreversible iron-nickel alloys with 
10-20% nickel was also investigated after quench- 
ing and isothermal tempering. X-ray and dilato- 
metric analysis as also examination under optical 
and electron microscopes, were used in this work. 


PROCEDURE 


The alloys were produced in a high frequency 
induction furnace and underwent hot and cold de- 
formation to produce rods and wires of the required 
dia. for the microsections and X-ray and dilato- 
meter specimens (see Table 1). 

Microstructure was determined on a MIM-8 micro- 
scope with a magnification of 400 and on electron 
microscope EM-3. The microsections were produced 
in the usual way from forged bars 8-9 dia. For the 
electron microscope examinations the method of 
varnished replicas was used, tinted with chromium. 
The electron photomicrography was carried out with 
a magnification of 4000 with subsequent optical 
mafnification of 3. The reagents used for 
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TABLE 1. Chemical composition of iron-cobalt-vanadium 
and iron-nickel alloys* 


Contents of element 


Ni 


* Remaining elements: C less than 0.94%; Mn 0.3-0.4 %; 
Fe remainder. 


— 


etching the microsections of the iron-cobalt-vanadium 
alloys contained 50% nitric, 45% acetic acid and 

5 % water. Some microsections of these alloys were 
electrolytically etched in a 5 % solution of sulphuric 
acid. The iron-nickel alloys were etched in a 5% 
solution of nitric acid. 

Precision X-ray phase analysis was carried out 
on powder and compact specimens. The X-ray photo- 
graphs were made in a vacuum in a KMSB camera in 
monochromatic CrK a- radiation. Exposure was 
about 100 hr. The specimens for X-ray structural 
analysis were heat treated in evacuated quartz 
ampoules. Heating and cooling curves were taken 
on a Chevenard differential dilatometer. The rate of 
heating was 2°/min. Most of the alloys were cooled 
together with the dilatometer furnace. In some cases 
the volume in the process of isothermal soaking at 
different temperatures was also investigated. The 
dilatometer specimens were produced from cold- 
rolled wire 5 mm in dia. Before starting the inves- 
tigations the specimens were either annealed with 
cooling at the rate of 20°/hr, or quenched in water 


from 1000°. 
RESULTS 


The heating and cooling dilatometer curves for 
the quenched specimens with 9.2 and 10.4% vana- 
dium are typical of alloys with a martensitic 
structure in the initial state [4]. They are evidence 
of the complex nature of the processes which occur 
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FIG. 2. Dilatometer heating curves for quenched speci- 
mens of the alloy with 57.7% Co and 10.4% V. 


on heating. Between 400 and 450° there is an in- 
crease in the volume of the specimen with continu- 
ous heating and isothermal soaking in this range. 
This also occurs in alloys with 2-3 % vanadium [9]. 
This incres<e of volume which takes place when 
ternary alloys are tempered can be attributed to the 
processes of ordering in the a-lattice. In the binary 
iron-cobalt alloys volume increases on ordering. 
As is to be expected, further heating causes a re- 
duction of volume due to precipitation of the 
y-phase. 

Fig. 2 shows the dilatometer curves for the 
heating of quenched specimens of the alloy with 
10.4% vanadium with isothermal soaking at 400, 
430, 450 and 530°. Soaking at 450 and 530° causes 
a reduction in volume. This also occurs with iso- 
thermal soaking at 430°, while in the alloy with 
9.2 % vanadium there is in this case an increase 
of volume. In the alloy with 10.4% vanadium, how- 
ever, there is an increase of volume but at a lower 
isothermal soaking temperature (400°, Fig. 2 lower 
curve). 

To judge from the volume change in the process 
of heating and isothermal soaking therefore, order- 
ing in the a@phase must precede disintegration 
when alloys quenched to martensite are tempered. 
If the vanadium content is increased the disinte- 
gration with precipitation of the y- phase will take 
place at lower tempering temperatures. 

Fig. 3a shows an electron photmicrograph of an 
alloy with 10% vanadium which was tempered after 
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FIG. 3. Microstructure of iron-cobalt-vanadium alioys and iron-nickel alloys after 
quenching and tempering; x 12000: 
a — 52% Co, 10% V. Tempering at 600° for 1 hr. Disintegrated martensite with 


precipitations of the y- phase; 


b — 10.3% Ni. 6 hr tempering at 550°. Precipitations of a y- phase on boundaries 


of martensite crystals. 


quenching. The microstructure of the quenched alloy 
is typical of the differently oriented martensite 
crystals which do not have uniform etchability. 
Finely dispersed precipitation particles of the 
y-phase can be seen on the photomicrograph of the 
tempered alloy. They are evenly distributed over the 
whole field of the microsection. 

It is interesting to compare the microstructure of 
iron-cobalt-vanadium alloys with that of irreversible 
iron-nickel alloys after similar heat treatment. As 
an example Fig. 3b shows an electron photomicro- 
graph of an iron-nickel alloy with 10.3 % nickel after 
quenching and tempering at 550°. Unlike the iron- 
cobalt-vanadium alloy, on transformation of the iron- 
nickel martensite coarser precipitation particles of 
the y- phase are formed, and they are arranged 
mainly along the boundaries of martensitic crystals. 

In quenched alloys with high vanadium content, 
besides the martensite there is also retained aus- 
tenite. Transformed martensite needles and light 
smooth sectors which are those of retained austen- 
ite can be seen quite well in the photomicrograph 
of these alloys after quenching and tempering. The 
microstructure formed on transformation of the mar- 
tensite is not noticeably different either in degree 
of dispersion nor in arrangement of the structural 
components, from that of the alloy with 10% vana- 
dium after tempering (Fig. 3a). However, when an 
austenite-containing alloy with 11% vanadium is 
electrolytically etched in a solution of hydrochloric 


acid, the resulting structural pattern is quite differ- 
ent (fig.4). Under this kind of etching the trans- 
formed martenstite is passivated and the coloured 
surface of ‘he martensite needles is clearly visible 
when microstructure is examined under an optical 
microscope. The sectors of retained austenite, 
which could not be etched by the usual method, are 
revealed by the uneven relief after electrolytic 
etching (Fig. 4a). If this relief is studied under an 
electron microscope finely dispersed precipitation 
particles of the a- phase can be seen, which were 
formed on the transformation of the retained austen- 
ite (Fig. 45-c). These precipitation particles grow 
in the process ofisothermal soaking at 600°. At the 
same time no noticeable change could be found in 
the dimensions of the precipitation particles of the 
y~ phase in the martensite as a result of the same 
soaking. Thus, if alloys which have retained 
austenite after quenching, then undergo tempering, 
there will be precipitations both of a y from a 
a-phase and a a-phase from the y. The structure 
of these alloys shows ferromagnetic regions 
(martensite) with non-magnetic precipitation par- 
ticles of the y-phase and ferromagnetic precipita- 
tion particles of the a- phase with non-magnetic 
regions of retained austenite. 

We note that, close to the boundary of the irrevers- 
ible region, alloys which have the structure of 
transformed martensite together with transformed 
sectors of retained austenite have higher coercive 
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FIG. 4. Microstructure of iron-cobalt-vanadium ailoy with 52% Co and 11% V after quenching 
and isothermal tempering at 600°: 


a, b — 600° for 30 sec, H, = 200 oersted; 


c — 600° for 10 min, H., = 340 oersted. a — x 400. Passivation of martensite needles and 


sectors of the retained austenite; 


b, c — X 12000. Precipitations of a-phase and retained austenite. 


force than those with a lower vanadium content in 
which there is no retained austenite after quenching. 
The maximum coercive force (340 oersted) of the 
alloy with 11 % vanadium occurs with isothermal 
soaking for 10 min at 600°. After isothermal soaking 
at 600° the coercive force of the alloy with 10% 
vanadium and the structure of disintegrated marten- 
site (Fig. 3a) did not exceed 250 oersted. 

The isothermal transformation of the supercooled 
y-phase also results in heterogeneous structures 
with quite high coercive force [5]. Fig. 5a shows 
a photomicrograph of an alloy with 10.8% vanadium 
which was cooled from 1000° at the rate of 20°/hr 
down to 700° and then quenched in water after 24 hr 
isothermal soaking. On the grain boundaries of the 
solid solution transformed sectors can be seen 
with precipitation particles of an a-phase. Photo- 
micrographs of the same alloy quenched from 700° 


after slow cooling to this temperature without 
isothermal soaking, showed no signs of trans- 
formation in the supercooled y- phase. 

Fig. 5.6 shows the microstructure of an alloy with 
10.8 % vanadium which was cooled at the rate of 
20°/hr down to room temperature. It can be seen 
that the transformation in the a-phase has not 
been completed but has neverthess gone much 
further than under isothermal treatment at 700°. The 
non- transformed y- phase is supercooled to room 
temperature. The superlattice lines which 
belong to the face-centred lattice on the X-ray 
pattern of this alloy indicate that the supercooled 
y- phase has an ordered structure which must have 
been formed in the process of slow cooling. Order- 
ing also occurs in the a- phase formed as a result 
of the transformation. On the dilatometer heating 
curve for an annealed alloy with 10.8 % vanadium 
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FIG. 5. Microstructure of iron-cobalt-vanadium alloy with 52.9% Co and 10.8% V; x 400: 

a — after cooling from 1000 at the rate of 20°/hr down to 700 with isothermal soaking for 
24 hr. Disintegrated sectors along grain boundaries of supercooled austenite; 

b — after cooling from 1000 at 20°/hr down to room temperature. Disintegrated austenite 


with some non-disintegrated sectors. 


(Fig. 6) there is no sign of the characteristic vol- 
ume increase at 400- 450° which is typical of order- 
ing of the a-phase. The maximum on this curve in 
the region of 750° appears to be due to ordering 
processes in the a and y- phases. 

In iron-cobalt-vanadium alloys the stability of the 
y-phase diminishes with diminishing temperature 
and, as with steels, it may be supercooled to mar- 
tensitic transformation point at a certain rate of 
cooling which is higher than critical. If the rate of 


cooling is low enough however, no martensitic trans- 
formation will occur. This is because the processes 


of transformation and ordering cause a change in 
the composition of the y-phase and, consequently, 
its supercooling to room temperature. The micro- 
structure of one such alloy containing 10.8 % van- 
adium (see Fig. 55) shows non-transformation sec- 
tors of a y-phase against a general background of 
the heterogeneous matrix. S3oth the non-transformed 
y and also the a-phase formed as a result of trans- 
formation, have an ordered structure. After the an- 
nealing, the coercive force of the alloy with 10.8% 
vanadium was 220 oersted. 

Besides the superlattice and principal lines 
of the phase on the X-ray patterns of annealed 
alloys with 10.8, 11.2 and 15.2% vanadium, there 
are also lines of a y- phase. The intensity of the 
a-phase line falls and that of the superlattice 
lines of the y- phase increases as the vanadium 
content increases. These precision X-ray phase 
analysis results are in complete agreement with the 
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FIG. 6. Dilatometer heating and cooling curves for 
annealed iron-cobalt-vanadium alloy with 


52.9% Co and 10.8% V. 


results of the investigation of microstructure and 
data from dilatometric measurements. Ordering and 
disordering in the y-phase cause reduction or in- 
crease respectively in the volume of the specimen 
on heating. The order-disorder transformation 
effects on the dilatometric curves increase as the 
vanadium content of the alloy increases. 


CONCLUSIONS 


The structure andphase constitution of iron- 
cobalt-vanadium alloys investigated are to a con- 
siderable degree dependent on the rate of cooling 
from the high temperature range of the single- phase 
y-solid solution. If the rate of cooling is high 
(quenching in water) then the processes of ordering 
and disordering in the y-phase will be suppressed 
and only martensitic transformation will take place 
on cooling, being fully or only partially completed, 
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depending on composition. With very slow cooling 
there will be complete disintegration and formation 
of a and ~phases in accordance with the equilibrium 
diagram. At medium rates of cooling, besides the 
partial transformation and martensitic transformation 
ordering processes will also take place in the super- 
cooled y- phase which has the same composition as 
the alloy. 

When the quenched alloys are tempered, phase 
constitution and structure will also vary consider- 
ably in dependence on tempering temperature and 
vanadium concentration. In alloys which have a 
martensitic structure in the initial state, tempering 
will cause heterogeneous trensformation with forma- 
tion of a (ordered) and y-phases. Besides this trans- 
formation, in alloys with a high vanadium content 
there will also be transformation with ordering of 
retained austenite. 

These experimental facts thus show that twc 
fields of composition exist, in one of waich there is 
precipitation of a y- from a a@-phase, and in the 
other, of a a from a y-phase. In the paper by Koster 
and Schmid [8] the two-phase a+ y fieldis divided 
into two regions in this way. As shown in this work, 


however, after tempering alloys with about 10-12 % 
vanadium (52% Co) will have a structure which con- 
sists of precipitation particles of a y-phase in an 
a- matrix and transformation sectors of austenite in 
precipitation particles of the @phase. After quench- 
ing and tempering alloys in the intermediate range 
will have higher coercive force. 

These results are also in agreement with the 
X-ray diffraction data produced by Fountain and 
Libsch [10], according to which the ternary alloy 
(52% Co and 12% V) with maximum coercive force 
after quenching and tempering contains about 50% 
retained austenite in the quenched state. They 
also observe a reduced amount of retained austen- 
ite in this alloy as the result of low temperature 
isothermal tempering. 


Translated by V. Alford 
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The structure has been investigated, which is formed on the disintegration of the supercooled 
y-phase in iron-cobalt-vanadium alloys with 2.5 to 4.5% vanadium and constant cobalt concentration 
of 52%. Besides the disintegration of the supercooled y-phase, it has been found that around and 
below the y/a boundary temperatures in the metastable constitution diagram there is also disintegra- 
tion and ordering of an @-phase. Another structure examined is that of alloys with less than 2% van- 


adium which has been tempered after quenching. 


The first part of this work [1] was devoted to the 
study of the structure of iron-cobalt-vanadium alloys 
which lie close to the boundary of the irreversible 
region in the section of the ternary diagram with 
constant cobalt concentration of 52%.!and its depend- 
ence on heat treatment and vanadium concentration. 
When these alloys are cooled, due to the retarding 
of transformation, the y-phase may become ordered 
and undergo martensitic transformation. According to 
the metastable constitution diagram, no ordering takes 
place in the y-phase in alloys with low vanadium 
content. When cooling from the y-region is carried 
out at relatively high rates down to room temperature 
a y + a transformation takes place which will be of 
a martensitic nature where the vanadium content is 
more than 5% [2, 3]. 

On the vertical section of the mestable constitu- 
tion diagram proposed by Koster and Scnmid (Fig. 
la [1]) the a/y and y/a boundaries which are 
indicated by A, and A,,, characterize the a> y 
transformation points on heating and cooling. This 
transformation actually takes place in a range of 
temperatures. It would therefore be more accurate to 
plot regions of a < y transformations bounding them 
by lines showing the beginning and end of transform- 
ation on heating and cooling [2, 4, 5]. With increase 


* Fiz. metal. metalloved., 12, No. 4, 534-540, 1961. 


in vanadium concentration the region of y > a trans- 
formation gradually expands and occurs at ever 
decreasing temperatures as the vanadium content 
increases Starting at approximately 2% vanadium 
it intersects the two-phase a + y region on the 
equilibrium diagram (Fig. 16 [1]). 


TABLE 1. Chemical composition of iron-cobalt- 
vanadium alloys * 


Alloy Weight, % 


* Remaining elements: C less than 0.04%; 
Mn less than 0.4 %; 
Fe- remainder. 


This work is devoted to the study of the structure 
of iron-cobalt-vanadium alloys with 2.5 to 4.5% 
vanadium and 52% cobalt, which are formed as a 
result of slow cooling from the temperature of the 
single-phase y solid solution. The structure of 
alloys with less than 2% vanadium was also 
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FIG. 1. Microstructure of iron-cobait-vanadium alloy with 52% Co and 1.19% V 
after quenching and tempering; x 300: 


a — 880°, 30 min; 


investigated after quenching and isothermal temper- 
ing. 

The chemical composition of the alloys is set 
out in Table 1. Various rates of cooling from 
1000° were used. These include quenching in water, 


cooling in the furnace and even slower cooling at 


the rate of 20°/hr down to room temperaiare. The 
alloys were also cooled at the rate of 20°/hr to 


800,to 500° through intervals of 50° with subsequent 
quenching in water. The specimens were either 


quenched directly after reaching the required tem- 
perature or after 24 hr isotherma! soaking. In some 
cases the structure was examined after quenching 
and tempering. 

The procedure has already been described in 
paper [1]. 


RESULTS 


Figs. 1 a-c show photographs of the microstructure 


of the iron-cobalt-vanadium alloy with 1.19 % van- 
adium after high temperature isothermal tempering 


b — the same, but 24 hr; 


c — 750°, 24 hr. 


(880°) with subsequent cooling in water. Before 
tempering the specimens were quenched in water 
from 1000°. In the course of tempering a y-phase 
was precipitated along the grain boundaries of the 
original phase. These precipitation particles grew 
during isothermal soaking. It can be seen from the 
photomicrographs that they are considerably bigger 
after 24 hr soaking than after 30 min. On the X-ray 
patterns of these specimens however, only the 
reflections belonging to a cubic body-centred lattice 
are visible. The y- phase which is formedcn iso- 
thermal soaking is apparently not fixed by quench- 
ing, but suffers transformation to an a- phase in the 
course of cooling. Figs. 1 a-b only show outlines a 
particles of the y-phase which existed at 880°. A 
second tempering at lower temperatures causes 
resorption of these imperfections along grain bound- 
aries and formation of the normal polyhedral 
microstructure. 

When an alloy with 1.19% vanadium is tempered 
after quenching in water from 1000° the a- phase 
grains will grow. Maximum grain size occurs after 
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FIG.' 2. Microstructure of iron-cobalt-vanadium alloys after cooling from 1000 at 20°/hr; x 400: 
a — 2.57% vanadium, to 500°; 
b,c — 3.14% vanadium, to 650 and 690°; 
d — 4.62% vanadium, to 550. 


24 hr soaking at 750° (Fig. 1c). Above this temper 
ature precipitated particles of the y- phase delay 

the process of grain growth. Repeated tempering 
with the optimal heat treatment of the specimen 
which was previously quenched from the two-phase 
a+ yregion will also cause grain growth. In this 
case grain growth is held up by structural non- 
homogeneity as the result of cooling from the a+ y 
structure to room temperature. Precipitation particles 
of the y-phase which was transformed into a a-phase 
on cooling, appear to delay grain growth with re- 
peated low temperature tempering. 

The microstructure of annealed alloys with up to 
2% vanadium consists of polyhedral grains. Starting 
at 2% vanadium, the microstructure of the alloys 
varies considerably in the process of slow cooling. 
Fig. 2 shows photomicrographs of alloys with 
2.57, 3.14 and 4.62 % vanadium after cooling from 
1000° at 20°/hr down to 650-500° with subsequent 


quenching in water. On all the photomicrographs 


precipitation particles of the a- phase can be seen 
on the grain boundaries. These were formed in the 
process of cooling from high temperatures and the 
amount of a-phase precipitated diminishes as the 
vanadium content increases. The different colour 
of the grains is due to the non-uniform degree of 
dispersion of the two-phase structure. On the 
photomicrograph of the specimen with 2.57% vana- 
dium the grains were grey and black (Fig. 2a), 
on that with 3.14% vanadium the grain was white 
and grey after slow cooling to 650° (Fig. 26) and 
white, grey and black grains occur after slow 
cooling to 600° (Fig. 2c). Finally, microstructure 
with white grains and black sectors is typical for 
the specimen with 4.62 % vanadium, cooled slowly 
down to 550° (Fig. 2d). 

Figs. 3a-b show dilatometric cooling curves for 
alloys with 3.14, and 4.62 % vanadium, the micro- 
structure of which is shown in Figs. 2b-d. The 
abrupt increase in volume on these curves is 
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typical of the y + a transformation on cooling. The 
beginning and end points of the transformation 
depending on composition can be found from these 
cruves and the y/a boundaries of the metastable 
constitution diagram can be established. Isothermal 
soaking below y/aboundaries however, causes reduc- 
tion in volume. This can be seen from the dilato- 
meter cooling curve for the alloy with 3.14% van- 
adium (Fig. 3a). According to the results of X-ray 
analysis carried out in [5], these alloys have a 
single-phase a-structure after quenching from tem- 
peratures above the y/a boundaries of the metas- 
table consitution diagram, and a two-phase a + y 
structure after slow cooling from the same tempera- 
tures. 

On the basis of the experimental data set out 
above,the processes which take place in the alloys 
under slow cooling from the single-phase region can 
be described as follows. In the alloy with 3.14% 
vanadium, at temperatures above the y/a boundary, 
the a-phase will be precipitated mainly along the 
grain boundaries of the y-phase. At the tempera- 
tures of the metastable y/a field in the alloy y+ a 
transformation will occur. In this case the a- phase 
appears to have the same composition as the 
y-phase from which it was formed. The temperature 
range of this transformation is determined by the 
boundaries on the metastable consitution diagram. 
Cooling to temperatures within the metastable two- 
phase field will lead to partial transformation 
without change of composition. The a- phase formed 
will transform on slow cooling at the rate of 20°/hr 
with precipitation ota y-phase. If the transformation 
temperature is high (650°) with 3.14% vanadium, then 
quite coarse two-phase structures will be formed 
(white grain). The lower the temperature for the 
formation of the a- phase (500-600°), the more dis- 
persed will be the structure formed on its trans- 
formation (black grain). The white non- transformed 
grains are those of the y-phase at slow cooling 
temperatures, which is transformed into an a-phase 
with subsequent quenching. 

In the alloy with 2.57 % vanadium the mestable 
two-phase region is at higher temperatures. This 
means that slow cooling below this region (500°) 
will cause y + a transformation and disintegration 
to take place in all the grains of the alloy. In an 
alloy with 4.26% vanadium on the other hand, this 
region will be at lower temperatures than in those 
with 2.57 and 3.14%. Slow cooling to 550° there- 
for causes transformation with formation of a 
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FIG. 3. Dilatometer curves for the cooling of iron- 
cobalt-vanadium alloys: 
a — 3.14% Vanadium; 
b — 4.62% vanadium. 


highly dispersed strncture only. The typical feature 
of the microstructure of this alloy will be the 
acicular form of the disintegrated particles of the 
phase. In a similar way as with the cooling of an 
alloy with 3.14% vanadium to 650-600°, in one with 
4.62 % vanadium cooling to 550° will cause a 
partial y + a transformation. This can be seen from 
the dilatometer cooling curve (Fig. 3) and from the 
presence ofnon-transformed grains on the photo- 
micrographs (Fig. 2). 

X-ray photographs were made of an alloy with 
2.57 % vanadium, using a compact specimen after 
cooling at the rate of 20°/hr to room temperature 
and monochromatic CoKg radiation. On the result- 
ing pattern superlattice lines of an a-phase can 
be seen as well as the lines of the a-and y-phases. 

The y + a transformation without change of com- 
position, disintegration and ordering of the a-phase, 
thus lead to the formation of heterogeneous a’+ y 
structures which are typical of annealed alloys. In 
alloys with more than 4.62 % vanadium the a- phase 
does not disintegrate on cooling at 20°/hr. This is 
because transformation without change of composi- 
tion takes place at low temperatures at which there 
is very little diffusion of the component atoms. 

Highly dispersed two-phase structures are also 
formed when low temperature transformation of the 
supercooled y- phase occurs. However, due to the 
slow rate of the processes of diffusion in a face- 
centred lattice one slow cooling alone is not 
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FIG. 4. Microstructure of iron-cobalt-vanadium alloys atter cooling trom 1000 at 
20° /hr down to 600° with isothermal soaking for 24 hr; x 300: 
a — 3.14% vanadium; 
b — 4.62% vanadium; 
c —5% vanadium. 


sufficient, and comparatively long isothermal soak- 
ings would be required to disintegrate the y- phase. 
The microstructures shown in Figs. 4a-c are typical 
of disintegration of the y- phase with slow cooling 
from 600° andisothermal soaking for 24 hr in speci- 
mens containing 3.14, 4.62 and 5% vanadium. In 
all these alloys 24 hr soaking was required in order 
for disintegration to begin along the grain bound- 
aries of the y-phase. In the specimen with 3.14% 
vanadium (Fig. 4a) disintegration has occurred 
both in the supercooled y and in the a- phases 
(compare with Fig.2c). After slow cooling to 600° only 
the austenitic grains remain undisintegrated. These 
are white on the photomicrographs. The photomicro- 
graph of the same specimen after 24 hr soaking at 
600° clearly shows transformed sectors along the 
boundaries of these grains. The same pattern of 
transformation of the supercooled y-phase is also 
observed in alloys with 4.62 and 5% vanadium 
(Fig. 46-c). The isothermal soaking temperature for 
these (600°) is above the y + a boundaries on the 


metastable constitution diagram. 

Besides the disintegrated boundary regions of 
y-phase grains, on the photomicrograph of the spe- 
cimen with 4.62 % vanadium martensite needles can 
also be seen which were formed in the process of 
cooling to room temperature after isothermal soak- 
ing. As a result of slow continuous cooling to a 
lower temperature (compare Fig. 2d) the y-phase is 
supercooled to martensitic transformation point. The 
martensite thus formed inside the meastable y/a 
region is then disintegrated in the process of slow 
cooling. 


CONCLUSIONS 


Investigation of the structure of iron-cobalt- 
vanadium alloys with 2.5-4.5 % vanadium has shown 
that the disintegration of the supercooled y- phase 
at the temperatures of the y/a boundaries on the 
metastable constitution diagram or lower, is com- 
plicated by disintegration of the a-phase. The 
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process appears to take place as follows. The temperatures below critical ordering point, cause 
y-phase which is not disintegrated at elevated formation of a highly dispersed mixture of the two- 
temperatures transforms with subsequent cooling phases, ordered a’ and y. If the rate of cooling 
into an a-phase of the same composition. In alloys is increased disintegration in the a- and y- phases 
containing more than 4.5 % vanadium this is a mar- will be suppressed and only the y + a transforma- 
tensitic type of transformation. In those with a lower tion will occur without change in composition. Nor 
vanadium concentration, in which transformation is there disintegration of the a- phase in the 

point is higher, it is of a diffusion nature. The course of slow cooling in alloys with more than 
a-phase thus formed disintegrates on subsequent 4.5% vanadium. This is due to the low tempera- 


cooling or isothermal soaking, to form a a+ y tures at which they are formed. 


structure. In alloys which contain less than 2% vanadium 


Two successive phase transformations thus take the y-phase which is formed on disintegration of 
place. They can be represented schematically as the a-phase in the process of isothermal temper- 


follows: ing, will transform into an a- phase when cooled 
1) disintegration of the supercooled y- phase to room temperature. 

Yr 
2) disintegration of the supercooled y- phase via 

an intermediate y > a transformation stage without 

change of composition y > a> a, + y,. If the micro- 

structure of the annealed alloys is compared with that 

of alloys tempered after quenching it can be seen 

that, as with slow cooling, the disintegration of the 

a- phase which occurs during tempering will, at 


Translated by V. Alford 
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This paper discusses the influezce of the size of an article on the magnitude and sign of the 
growth coefficient during thermal cycles. Materials whose yield poini is net reduced very much with 
temperature are found to have the most complex mechanism in this respect while those which have 
high temperature coefficients of yiela point behavein asimpler manner. !he scale and geometry of 
the article are also found to be secondary factors when the deformation is due to microstructural 


stresses caused by thermal anisotropy. 


The irreversible thermal expansion of sclids is 
usually the result of the relaxation of various kinds 
of temperature stresses [1]. If the stresses com- 
pensate one another in microregions (secondary 
stresses) then the scale and shape of a massive 
specimen will not be of decisive significance with 
regard to its behaviour as a whole. This will be 
trivial as the stress field is not related to the ex- 
ternal geometry of a solid. A very thin layer on the 
surface will be,in particular circumstances, but this 
will have only secondary influence on the rest of 
the volume. It is said in support of this that when 
change, of shape is due to relaxation of second- 
type microstructural stresses,the scale and shape 
of the article need only be allowed for inasmuch 
as they determine a consrani heating and cooling 
time. In large cycles this pericd is not usually 
considered important [2]. 

It is quite another thing where the change in 
shape is the result of stress relaxation of the first 
type, due to temperature gradients. In this case, 
both the boundary conditions which determine the 
heat fluxes and the magnitude of stress itself, and 
the period of existence of the temperature gradient 
are to a very strong degree dependent on the size 
and shape of the specimen. The growth coefficient 
[1] should therefore be a function of these para- 


meters. 
The study of size effect will lead to a deeper 


understanding of the nature of irreversible thermal 
expansion and it is therefore of considerable scien- 
tific significance. The question is also important 
trom the purely practical point of view as it is 
extremely useful to know which article may show a 
lack of dimensional stability. At the moment un- 
fortunately, theoretica! analysis of size effect can 
only be carried out semi-quantitatively, even for the 
simplest circumstances of temperature influence [3]. 
Published experimental information is very con- 
tredictory [4, 5!. In [4] for instance, it was found 

on cylindrical specimens that there was a gradual 
increase in the prowth coefficient as increasingly 
wide cylinders were used. In the other article on 
the other haad [5], it is stated that there is a notice- 
able drop in the magnitude of the effect as the thick- 
ness of the specimen increases. There has thus 
been no satisfactory solution to the problem of 

size effect*. The present investigation was under- 
taken in order to find out the role of the size 

factor in different materials and in circumstances 
where the external parameters of temperature treat- 


ment are varied. 
MATERIALS AND PROCEDURE 


99.97% pure aluminium, a-brass with 30% Zn 
and §-brass with 47 % Zn were used for the inves- 
tigation. Most of the specimens were cylinders of 


* Fiz. metal. metalloved., 12, No. 4, 541-549, 1961. 


* It is not clear in [6] as the authors have not used a 
very suitable method. 
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FIG. 1. Dependence of growth coefficient on dia. of spe- 
cimens of a- brass (AT = 500°C). 


different dia. and they were 100 mm long. The 
length of the large dia. specimens was not more than 
6 times the dia. Thermal cycling was effected by 
transferring the cylinders from a fused nitrate bath 
into coid water at 10°C according to the method des- 
cribed in [3]. Transfer took 2 sec, soaking time 

was 2 min each and rather more for the wider cylin- 
ders. Cuange of shape was assessed from the in- 
crease or reduction in the distance between the 
gauge scratches, which were made a considerable 
distance from the ends in order to exclude any 
complicated effects. Before testing all the speci- 
mens were annealed, the aluminium for | hr at 


200°C and the brass at 500°C for 0.5 hr. 


EXPERIMENTAL RESULTS AND 
DISCUSSION 


The use of long cylindrical specimens and exclus- 
ion of end effect made it possible to vary the size 
free from the influence of shape andother complicat- 
ing factors. The change in growth coefficient as the 
dia. became larger could thus be effected either by 
increasing the period of the temperature drop across 
the section, or by changing the conditions of heat 
exchance on the boundary. The time required to 
achieve an even temperature throughout an article 
is known, under rapid heating or cooling, to be 
proportional to the square of the characteristic 
dimension of the body. For a cylinder this is dia. 
and for a plate it is depth, and so on. 

As an uneven temperature field results in thermal 
stresses, these must become more relaxed in wide 
than in narrow specimens. For this reason the 
growth coefficient should have a tendency to 
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FIG. 2. Dependence of growth coefficient on dia. of spe- 
cimens of B- brass (AT = 500°C). 


increase as the specimens become more massive. 
The conditions of heat exchange on the surface 
should also be determined to a very considerable 
degree by the size factor [2, 3]. As a rule, the 
bigger the object, the greater will be the tempera- 
ture difference across its section [2, 3] and, as a 
result, the greater will be the true stresses. In 
most cases, but not always, this rule is satisfied 
independent of experimental conditions. The 
second reason for size effect thus gives the 
variation in growth coefficient on the same size. 
To reduce the temperature stresses occurring on 
heating and in order to simplify as far as possible 
the general mechanism of the influence of size. 
the specimens were heated in « fusion of pure fused 
sodium nitrate in the first series of experiments: 
Its high melting point means that in the moment 
when the specimens were submerged a “skin” was 
formed, which prevented rapid heat exchange. In 
this way it was possible to heat cylinders of all 
dia. quite rapidly and almost simultaneously, 
while at the same time avoiding any considerable 
temperature gradients. The results ot these ex- 
periments are shown graphically in Figs. 1, 2 and 
3. it can be seen that the growth coefficient 
behaves exactly as described above, increasing 
as the dia. of the specimens become larger. A 
rather curious “saturation” is observed. In the — 
massive specimens of a- brass for instance, 
relative deformation per cycle in the temperature 
range AT = 500°C reaches approximately 
2.2 x 1075 B-brass the growth 
coefficient is negative and may be up to 
100 x 107+ (cycles)"* (A T = 500°C). At the same 


time the cylinders with dia. less than 3 mm do not 
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FIG. 3. Dependence of growth coefficient on dia. of 
specimens of aluminium: 

] — heating in sodium nitrate, cooling in water 
(AT = 300°C); 

2 — heating in sodium nitrate, cooling in water 
(AT = 420°C); 

3 — heating in eutectic nitrate solution, cooling in water 
(AT = 420°C); 

4 — heating in eutectic nitrate, cooling in water 


(AT = 490°C). 


grow at all, whether they are of unor of 
B-brass. Nor was there any change in the dimens- 
ions of similar specimens of aluminium where 

AT = 300°C although cylinders of 10 mm in dia. or 
more have a growth coefficient of around 3.5x 10” 
(cycles)"!. In the 420°C temperature range the alum- 
inium specimens grow quite rapidly, up to 

24.5 x 1075 (cycles)"*, but the overall tendency for 
variation in growth coefficient with variation in dia. 
is maintained (see curve 2 Fig. 3). The picture 
observed previously [4] is either the same or very 
similar. It has, as we have noted above, a simple 
explanation. It is even possible to give a purely 
theoretical description in general terms [3]. In 
Fig. 4 for instance, the theoretical curve of scale 
effect [3] is plotted in relative non-dimensional 
co-ordinates. A unit of growth coefficient is taken 
as its maximum value for saturation while a unit 
of dia. is that dia. at which the growth coefficient 
is equal to half its maximum. The experimental 
points obtained for different materials under differ- 
ent test conditions are plotted against this theor- 
etical curve. 


Growth coefficient y 


| 
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60 


FIG. 4. Scale effect in relative non-dimensional co- 
ordinates (solid curve plotted from theoretical data): 
xX — aluminium heated in air, cooled in water 
(AT = 420°C); 
o — aluminium heated in air, cooled in water 
(AT = 540°C); 
A — aluminium heated in nitrate, cooled in water 
(AT = 420°C); 
o~— 8-brass heated in nitrate, cooled in water 
(AT = 500°C); 
C — a-brass heated in aitrate, couled in water 


(AT = 500°C). 


The experimental date are in very good agreement 
with theoretical representations. Unfortunately 
however, the case selected relates to very 3imple 
conditions where fauly slow heating ir nitrate or 
air is combined with rapid cooling. in practice the 
rate of heating and cooling may be comparabis. [t 
would therefore be interesting to find out how the 
growth coefficient would vary if high rates of cool- 
ing were combined with rapid heating. This was 
achieved by using potassium and sodium nitrate 
eutectic as the heating medium. Its low melting 
point made it impossible for the “skin” to be 
preserved at temperatures above 120°C and there- 
fore there was no obstacle to rapid heat exchange. 
Unfortunately the rate of heating was not sufficient 
to influence the behaviour of the brass, bat in the 
case of sluminiam the growth coefficient suffered 
a considerable change. Curve 3 in Fig. 3 relates 
to this range of temperatures aronad 420°C. The 
same applies to curve 2 but this is for heating in 
the eutectic fusion. It can be seen that there has 
been a considerable change in the overall pattem 
of size effect. Where in the first case the growth 
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coefficient increased smoothly as the dia. increased, 
under the rarid heating and cooling conditions and 
varying thickness, sometimes it is high and some-g 
times it is lower. A cylinder 2.5 mm in dia. for 


instance, has a growth coefficient of 4.5 x 107° 
(cycles”*) while those with a dia. of 5 mm hardly 


increase at all (1.0 x 1075 (cycles)-*). Thicker 
cylinders with a dia. of 20 mm once more undergo 
considerable elongation with a growth coefficient of 
24 x 1075 (cycles)"?. 

The same kind of phenomenon is seen in the 
490°C temperature range (curve 4 Fig. 3). 

it is interesting to see that when heating is car- 
ried out in nitrate of eutectic composition specimens 
with some dia. hardly vary their shape at all. For 
example, the growth coefficient of a cylinder with 
a dia. of 5 mm was reduced 10 times when the sodium 
nitrate was replaced by eutectic (AT = 420°). 

With a temperature of 490°C specimens 9 mm in dia. 
did not as a ‘ule increase at all when heated in the 
eutectic, althovgh when pure nitrate was used the 
growth coefficient was round 18 x 10°§ (cycles)? 
even in the 420°C temperature range. 

In a formal plan the singularity of curves 3 and 4 
in Fig. 3 is easy to understand. In [4] indeed, it 
was found that aluminium cylinders increased con- 
siderably in length when slow heating was combined 
with rapid cooling. With rapid heating and slow cool- 
ing, however, the contracted. Therefore, both with 
heating anc cooling, where the rate of change of 
temperature is rapid the total effect snould depend 
on the competition between increase and reduction 
in size. This may be very complicated, as was de- 
monstrated apove. On the whole one is forced to the 
conclusion that the dependence of growth coefficient 
on the size of the article is bound to be complicated, 
with maxima and minima, if the rapid heating causes 
the opposite change in length to rapid cooling*. But 
does rapid heating and cooling cause reversal of 
the growth coefficient for all materials ? To answer 
this question. let us consider the conditions for the 
appearance of plastic deformation under heating and 
cooling respectively, using the example of the 
aand §-bresses which we have used in the present 
work. 


In previous works [3, 7] the criteria were found 


* Here we are only considering the case where one 
mechanism of deformation is in force, due to relaxa- 
tion of thermal stresses arising as a result of temper- 
ature gradients. 


for emergence into the plastic range. For very 
rapid heating or cooling from the surface, i.e. 
where Rh + « (R is the radius of the cylinder, h is 
the coefficient of external thermal conductivity), 
the Mises-Hankey criteria can be written in the 


where 7 is temperature at the given point of the 
cylinder; T, is the temperature amplitude of the 
cycle; X is the relative radial co-ordinate 

(X= r/R), where R is the radius of the cylinder and 
ris the radial co-ordinate); 5, is yield point, which 
is a function of temperature 7 and position X; 

ais the constant of the material; (X = 2Ea/l—n, 
where £ is the modulus of elasticity; ais the 
coefficient of thermal expansion; p is Poisson’s 
ratio; ris a non-dimensional constant which is 
proportional to time (r = CpR?/K , where C is 
specific thermal capacity; p is density; K is the 
coefficient of thermal conductivity) and finally, 


(7,7) 

is a mathematical function of the non-dimensional 
parameters r and X, which is the same for heating 
and cooling, and even for all materials and radii 


of the cylinder (infinite length). The function 

yo 
characterizes the true thermal stresses. Calculation 
shows that the most dangerous stressed state, 
when practically the whole volume of the material 
is loaded to the maximum, is achieved at 7 ~ 0.05. 


For this latter case in Figs. 5a-b the distribution 
of 


/ 


functions is shown across the section of the cylinder. 


It can be seen that it is the centre (X = 0) and 
edge (X = 1) of the cylinder which are most stres- 
sed, while at distances of X = 0.7 the stresses are 
at a minimum. Fig. 5a-5 also show the distribution, 
for r = 0.05, of non-dimensional temperature 
W = T/T, WW is a mathematical function of the para- 
meters r and X, and is the same for all materials 
and radii). 

Here the solid line is for the case of rapid cool- 
ing from the surface and the dashed one is for 


1 
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FIG. 5a. Conditions for emergence into the plastic region 
in a@-brass: 
—— rapid cooling; 
——-—-— — rapid heating 
b= 200; 2 — T, = 300; 
3 — T, = 400°; 4—T,=500. 


rapid heating. To get a complete representation of 
the thermal positions and field of true stresses it 
must be added that under conditions of rapid cool- 
ing the surface layers will be subject to very great 
axial tensile stresses while the centre will be sub- 
ject to compressive ones. Under heating on the 
other hand, the tensile stresses will appear in the 
centre of the cylinder and the compressive ones at 
the edge. Now we have sufficient evidence to plot 
the / 20,/XT> values in Figs. 5a and 56 for any 
material and range of temperatures 7,, and to pre- 
dict the sign of the deformation which will take 
place both under rapid cooling and rapid heating. 

Let us do this on the example of the brass, using 
Fig. 5a for illustration of the deformation of a-brass 
and Fig. 5 6 for 8- brass. We plotted these curves 
in Figs. 5a and 56 for certain ranges of temperature 
cycle To, 200, 300, 400°C and 500°C (the lower 
temperature is about 10°C). 

Let us at first consider tne conditions for emerg- 
ence into the plastic range under rapid heating. In 
this case temperature will be maximum on the sur- 
face and minimum in the centre. For this reason the 
central region will have a higher yield poini than 
the surface and the difference will increase as the 
temperature range of the cycle increases. This is 
very easy to see from Figs. 5a and 56. At T,= 200°C 


Q% G6 


FIG. 55. The same as 5a, for 8- brass. 


(dashed line, curve ]) criterion (1) becomes very 
much weaker the further one gets from tne centre. 
In the 300° temperature range or higher / 20, /XTo 
on the edge of the cylinder becomes less than 
function 92. The surface regions must therefore 
be damaged by plastic deformation. We have drawn 
a horizontal dashed line at 7, = 400° which shows 
the zone where this may occur. In both cases the 
plastic deformation is, of course, negative as 

high compressive thermal stresses are operating on 
the surface of the cylinder during heating. In this 
sense there should be no difference in the qualita- 
tive behaviour of a- and &- brass. The maximum 
dimensions should decrease in both cases. The 
growth coefficient of 8- brass should of course, be 
bigger than that of a- brass, as the yield point of 
the former diminishes much more rapidly and thus 
more favourable conditions are created for the de- 
velopment of plastic deformation. 

The picture is quite different under rapid cooling 
where the surface is at the lower temperature. Due 
to the slight temperature dependence of yield point 
of a- brass, as before, the yield criterion will be 
first of all achieved in the surface layers where 
tensile stresses are already operating (see solid 
curve 3, Fig. 5a). For this reason the cylinders 
should be plastically extended, and not shortened 
as occurs under rapid heating. On the other hand, 
the yield point of 8-prass is reduced so much 
with temperature that, despite the low value of the 
stresses in the centre, the Mises-Hankey criterion 
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FIG. 7. Influence of shape of specimen on 
behaviour in aluminium: 
1 — cylinder 14.1 mm in dia; 
2 — hexagon D = 13.5 mm; 
3 — square a = 12.5 mm; 
4 — plate a = 8.0 mm; c = 19.5 mm; 
5 — plate a = 5.0 mm, 5 = 31.5 mm. 


FIG. 6. Influence of rate of change of temperature on the 

sign of the growth coefficient: 

1 — rapid cooling in combination with slow heating for 
materials where there is weak dependence between 
yield point and temperature; 

2 — rapid cooling in combination with slow heating for 
materials which have strong te~>erature dependence 
of yield point; 

2 — rapid heating in combination with slow cooling for 

any materials. 


will be greater at the edge than in the hot central weak must on the whole increase in length under 


layers where compressive stresses are already in rapid cooling and slow heating while under slow 

operation. This is quite easy to see if we consider cooling and rapid heating, on the other hand, they 

the nature of the course of curve 3 in Fig. 55. For should diminish in length. 

greater clarity, the region on Fig. 5a and 55 which At very slow rates of cooling or heating of 

hes been damaged by plastic deformation is marked course, the effect should be equal to zero as under 

with hatching (at 7, = 400°C). The 8-brass speci- these circumstances there will be no thermal 

mens should, unlike the a- brass ones, be reduced stresses responsible for deformation. The position 

in length under rapid cooling. This has been con- outlined here is shown in Fig. 6 where it can be 

firmed excellently by experiment. Comparing Figs.5a seen how the magnitude and sign of the growth 

and 55 it can also be seen that the growth coeffi- coefficient may vary when changing from rapid 

cient of a-brass should be less than that of B-brass. cooling to rapid heating. 

Experiment has shown that under the same cycling It is known that f.c.c. systems have slight temper- 

conditions a-brass has a growth coefficient which ature dependen-e of yield point. This is not so for 

is about 50 times less than that of S- brass. Thus, b.c.c. systems. A difference in their behaviour has 

on the example of these two materials which are already been observed for this reason [7, 8]. Under 

very similar to one another in properties, a qualita- rapid cooling in combination with slow heating 

tive difference has been found in their behaviour. they have opposite growth coefficients. This is in 

It is not hard to see that this difference is due to a complete agreement with the diagram in Fig. 6. One 

dissimilar rate of change in yield point on passage of us has already given an accurate explanation 

from one temperature to the other. of this [3]. The same thing has been done independ- 
Departing now from concrete materials and geo- ently and almost simultaneously by the writers of 


metry, the following law can of course be formulated. [8]. However, as can be seen from what we have 


Materials which have strong temperature dependence __ said above, the old law regarding the difference 
in the changes of shape of f.c.c. and b.c.c. metals 


of stress relaxation time or yield point must dim- 


inish in size under thermal cycling, independent {3, 8] has limited application and is only suitable 
of the relationship between the rates of heating for the cases of rapid cooling and slow heating. 
and cooling. Materials where the temperature de- Returning once more to a discussion of size 


pendences of these properties are comparatively effect, the following must be said. The most 
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complicated dependence of growth coefficient on 
the size of the specimen (with maxima and minima) 
appears to occur in materials which are slightly 

or not very much softened by temperature. The 
materials in which this behaviour is simplest should 
be those which have clearly expressed temperature 
dependence as regards ductility properties. Precise 
mathematical interpretation is unfortunately very 
complex but we are quite certain that the qualitative 
considerations which have been expressed above 

do make it possible to carry out an accurate compar- 
ison between experimental results produced by dif- 
ferent authors. In particular, the disagreement noted 
above between papers [4] and [5], can now be seen 
to be imaginary. In conclusion we would like to say 
a few words regarding the influence of shape on the 
magnitude of growth effects. This question has 
been raised in earlier experiments with a-brass [6]. 
Unfortunately, methodical errors in this work and 
unfortunate selection of temperature conditions 
together with the length of the thick specimens, did 
not produce any precise idea as to how the pattern 
of behaviour of the specimens changes when their 
shape is varied. We therefore decided to repeat 
these specimens using, not -brass, but the more 
suitable aluminium (8 - brass has a very high growth 
coefficient and is subject to spalling at medium 
temperature ranges). All the specimens had the same 
cross-sectional area, 1.56 cm?, but were different in 
shape (round, square, hexagonal, plate). Thermal 
cycling was carried out as we have described here 


(T = 370°C). They underwent a considerable increase 


in length and, in contradiction of paper [6], the 


growth coefficient remained practically unchanged 


through a number of thermal cycles. Its dependence 
on the ratio of volume to surface area is shown in 


Fig. 7. It can be seen that this curve is in very 
good agreement with the data in [6]. As in [6] the 
plates increased most in size and the cylinders 
least. 


CONCLUSIONS 


The size and shape of specimens is of decisive 
importance in the irreversible thermal changes of 
shape which are due to the relaxation of stresses 
caused by temperature gradients. Size effect. 
is most complicated for materials where yield 
point is weakly dependent on temperature. 

In the simplest case, when the rate of heating 
or cooling can be neglected, the growth coefficient 
will increase smoothly up to a certain maximum 
value as the specimens become wide. The reason 
forsize effect consists in a change in boundary 
conditions and duration of the temperature gradient. 
Size and shape are of secondary importance 
when the change in shape is due to relaxation of 
type [I thermal stresses. 


Translated by V. Alford 
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INFLUENCE OF HYDROGEN ON THE PROPERTIES AND STRUCTURE OF 
THE ALLOYS T3, T4,T6 AND T8* 
I.I. KORNILOV and A.M. YAKIMOVA 
(Received 14 February 1961) 


The titanium alloys AT3, AT4, AT6 and ATS are alloys of the six-component system Ti-Al-Cr- 
Si-Fe-V. They differ from one another in the aluminium concentration which varies from 2.5 to 8% 
with constant concentrations of the remaining elements, which is around 1.2-1.6%. Most of the 
alloys of this system have the structure of an a@-titanium solid solution. Investigation of the in- 
fluence of between 0.005 and 0.08% hydrogen on the mechanical properties of these alloys has 
revealed that tensile strength is only slightly dependent on hydrogen content. Its effect on the 
ductility characteristics is also not very great. An exception is the alloy AT8. 

Hydrogen has a considerable influence on the impact toughness of AT3. In AT4, AT6 and ATS 
it has no influence. AT3 and AT4 have good thermal stability. AT8 has less thermal stability, 
due of course to the tendency of the a-solid solution with 7-'8% aluminium to disintegrate. 


The purpose of the present investigation is to 
study the influence of different concentrations of 
hydrogen on the structure andproperties of the six- 


component alloys T3, T4, T6 and T8. A large number 


of investigations have shown that hydrogen has a 
considerable influence on phase transformations and 
mechanical properties of Ti-base alloys with differ- 
ent a, a+ § and B types of structure [1-4]. The in- 
fluence is particularly strong on alloys with an 
atype structure. This is due to the considerable 
reduction in the solubility of the hydrogen in 
a-titanium at room temperature [5]. 

While they have small quantities of a retained 
8-phase in their constitution, the alloys investi- 
gated in this work nevertheless belong in nature 
and properties to the a-type structure. 


SPECIMENS AND PROCEDURE 


Hot-rolled bars of T3, T4, T6 and T8 12 mm in 
dia. were used for the investigations. The ingots 
10 kg in weight, were produced in a laboratory 
vacuum furnace using a consumable electrode and 
a double melt, and cast into a water-cooled copper 
mould. With hydrogen concentrations of 0.005, 
0.015, 0.025, 0.05 and 0.08 %, the composition of 
the alloys used were as follows: 


* Fiz. metal. metalloved., 12, No. 4, 550-557, 1961. 


1) T3; 3.0% Al, 0.09% O; and 0.03% N ; 

2) T4: 4.26 % Al, 0.08 % O and 0.03% N ; 

3) T6: 6.08 % Al, 0.09% O and 0.03 % N; 

4) T8: 7.37 % Al, 0.09 % O and 0.03 % N. 

The alloys were saturated with hydrogen in an 
all-purpose apparatus with a saturation of metals 
with gases and analysis of hydrogen [6]. The purest 
possible hydrogen was obtained by thermal dissocia- 
tion of titanium hydride. Saturation temperature was 
700° and soaking time 10 hr. Check analysis was 
carried out for the concentration of hydrogen in the 
test specimens using the weighing, vacuum heating 
and spectral methods. [t was found that there was 
very good agreement between the calculated and 
actual hydrogen contents. 

Heat treatment consisted in annealing at 700° 
for 30 min with subsequent cooling in air. Mechan- 
ical properties were tested on a Gagarin tester at 
room temperature with three rates of extension: 
0.16, 11.3 and 48.2 mm/min. Impact toughness of 
T3, T4, T6 and T8 was determined at temperatures 
of + 20 and —78°. The thermal stability wes in- 
vestigated at room temperature after previous 
soaking for 100 hr at 450 and 500° for the alloys T3 
and T4, and 500 and 550° for the alloys T6 and T8. 
The alloys prepared for the tests were heated so 
that allowance could be made for the influence of 
oxygen diffusion from the air onto the surface 
layers of the metal. The tests were carried out at an 
extension rate of 11.3 mm/min. 


Influence of hydrogen on alloys 


TABLE 1. Influence of hydrogen on the mechanical properties of the alloys 
T3, T4, T6 and T8 at various strain rates (mm/min) 


v -6,16 mm/min 


v=!1.3 mm/min v=48,2 mm/min 


H 
content 
% wt. 


TR, i. 3B, 
kg/mm?| iy 


kg/mn? 


0,005 
0,015 
0.025 


0.9008 


86.0 
89.0 
91.6 


99.0 
i01.3 
100.5 


RESULTS AND DISCUSSION 


Dependence of mechanical properties of the alloys 
T3, T4, T6 and T8 on hydrogen concentration. 

Table 1 sets out the dependence of properties of 
the alloys on hydrogen concn. at various strain 
rates. 

It can be seen from these results that up to a 
concentration of 0.025%, hydrogen has practically 
no influence on strength at room temperature. Nor 
does it have any very great effect on the ductility 
characteristics of the alloys T3, T4 and T6. An 
exception is T8, in which there is a sharp drop in 
ductility as the hydrogen content increases. It 
seems that the embrittlement of the alloy T8 under 
the influence of hydrogen can be explained on the 
basis of the new representations regarding the cons- 
titution diagram Ti-Al [7]. In the Al concentration 
range from 7 to 1] % there is a two-phase a+ a, 
region. Precipitation of the a,-phase causes a 
reduction in ductility. When the hydrogen concentra- 
tion is increased the process of preciritation of 
the a,-phase may be accelerated. The rate of testing 
has been found to have a considerably greater in- 
fluence on strength and ductility. As this increases 
there is a gradual increase in the strength of the 
alloys T3, T4, T6 and T8. 


We found similar effects in works [2, 3]. The 
ductility characteristics, particularly that of re- 
duciion of area, diminish at low rates of testing 
(Fig. 1). T8 is the most sensitive of the alloys 
to the influence of test rate (Fig. 2). This is ap- 
parently because the process of a,- phase precipit- 
ation has a diffusion character. The longer the 
duration of the test therefore, the greater will be 
the embrittlement of the specimen. 

Investigation was also made of the effect of 
hydrogen on the impact toughness of T3, T4, T6 
and T8 at + 20 and —78°C. The average test 
results for three specimens are set out in Table 2. 
The impact tests were carried out after the speci- 
mens had been heated to 700° in air and soaked 
30 min. It can be seen from the results that 
between 0.005 and 0.08 % hydrogen has practically 
no influence on impact toughness in T4, T6 and 
T8. An exception is T3. This can be attributed to 
the fact that the aluminium content is higher in T4, 
T6 and T8 than in T3. Increase of aluminium con- 
tent appears to result in increased solubility of the 
hydrogen in titanium and consequently, the un- 
desirable effect of the hydrogen is reduced. 
Besides this, the amount of retained §8- phase in 
these alloys is very low and its effectiveness 
as a getter is not enough for hydrogen. 
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Influence of hydrogen on alloys 


TABLE 2. influence of hydrogen on impact toughness of alloys T3, T4, T6 and 
T8 at room and sub-zero temperatures 


Impact toughness (kg/cm?) H % 


Alloy i ture 


0.015 | 0,025 | 


tf 
9 | 


The influence of hydrogen on the thermal stability 
of T3, T4, T6 aad T8 was also studied. The test 
results are set out in Table 3 and Fig. 3. 

T3, T4 and T6 have good thermal stability. There 
was only a slight variation in the teasile strength 
of these ailoys. When heated at 450 and 500° there 
is a slight reduction in ductility which nevertheless 
remains quite high. 

Investigation of T8 showed that this alloy has 
much lower temperature stability. This is due to the 
strain hardening of the a-solid solution as a result 
of the increased aluminium concentration and to the 
presence of unstable structural components. If the 
hydrogen concentration of these alloys is increased 
reduced thermal stability will result. For instance, 
after T6 has been annealed the necking reduction of 
area will be 38.5 % and after heating at 550° for 
100 hr it is down to 15.1 % (0.005 % H). In the same 
alloy with 6.025% hydrogen the reduction at the 
neck is 37.0 and 8.0% respectively. 

The thermal stability of T8 is even lower. Brittle 
fracture takes place in the process of heating it at 
500 and 550° for 100 hr. The reduced thermal stab- 
ility of T6 and T8 with increased hydrogen concn. 
can apparently be attributed to the following. As- 
suming that the solubility of hydrogen in titanium 
is increased with increased aluminium concentration, 
the 8-phase in these alloys must contain less 


hydrogen than in T3 and T4. Jn T6 and T8 hydrogen 


FIG. 1. Dependence of reduction of area on hydrogen 
concentration and strain rate in alloy T3. 


diffusion fram the a- to the 8-phase takes place in 
the course of heating. This is also indicated by the 
increase in the unit cell parameters of the 8 - phase 
in T6 and T8 which is observed when their hydrogen 
concentration increases. Besides this, it seems that 
during heating a process of redistribution of chrom- 
ium and iron between the a- and §-phases of the 
alloys takes place. The existence of diffusion pro- 
cesses related to the redistribution of the alloying 
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Influence of hydrogen on alloys 


TABLE 3. influence of hydrogen on thermal stability of T3, T4, T6 and T8 


| 0.005% H H 0.025%. H 


> Thermal 
3 treatment | 


+-500°—100 br | 
| 
i 
700°—30 min | 95.5 | 12.8! 98.5 | 12.0} 40, 
—706°—30 min | 102.0 0.0. 104,5 12.2) 35.6 
+450°—100 hr | 
+500°—100 hr» 


700°—39 min 109.0 2.21 38.58; 113.0: 12: 
706°—30 min 116.0 21.01 

+500° —!06 br 

+550°—100 hr 


7OC? —30 min 7 
+50U° —1U0 br 

700° —30 min Brittle fracture 
+556°—100 py 


FIG. 2. Dependence of reduction of area on hydrogen FIG. 3. Dependence of reduction of area on hydrogen 
concentration aud strain rate in alloy T8. content in T3, T4, T6and T8(in the annealed state — 
solid curve; after heating at 500° for 100 hr — 
dotted and dashed curve). 
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Influence of hydrogen on alloys 


FIG. 4. Microstructure of T6 in the annealed state: 
a — 0.005% H; 
b — 0.025% H; x 600. 


elements betweer the phases of the alloy will also 


cause a reduction in ductility due to the strain 
hardening of the retained B- phase. The low thermal 


stability of T8 may also be connected with the acce- 


leration of the precipitation of the a,-phase which 
has become enriched with hydrogen in the course of 


heating. 
A study of the influence of hydrogen on the struc- 


ture of the alloys T3, T4, T6 and T8. Metallographic 


analysis has shown that T3, T4, T6 and T8 have a 
“basketwork” structure. If the hydrogen concenitra- 
tion to 0.025%, neither in the annealed state nor 
after soaking at 450-550° for 100 hr could any 
change in structure be revealed. As an example 
Fig. 4 shows the microstructure of T6 containing 
0.005 % hydrogen in the annealed state (a) and after 
soaking at 550° for 100 hr (5). Fig. 5 shows the 
microstructure of the same alloy with 0.025 % hydro- 
gen. T8 was found to have a coarser structure than 
T3, T4 and T6. No sign of precipitation of the 
a,-phase could be discovered by the metallographic 
method. The phase composition of T3, T4, T6 and 
T8 was also investigated *. The alloys were first 
electrolytically dissociated. X-ray analysis of the 


* N.I. Blok, A.J. Glazova and N.F. Lashko participated. 


precipitated anode slimes showed that a certain. 
amount of the 8-phase existed in ail the alloys 
at the given concentratiors of hydrogen. 

No disintegration of the 8-phase was observed 
in the process of soaking at 450- 550° for 100 hr 
with subsequent cooling to room temperature. 
However, in the process of soaking at this tempera- 
ture, the unit cell parameter of the 8- phase was 
reduced in all the alloys. This undoubtedly indic- 
ates that there has been redistribution of the 
chromium andiron between the a- and §- phases. 
In T3 containing 0.005 % kydrogen for example, the 
lattice paremeter of the B-phase diminished from 
3.24, to 3.20, kX ia the course of soaking at 500° 
for 100 hr. In similar circumstances in T8, it 
diminished from 3.20, to 3.17, kX. The study of 
phase transformations has thus shown that the 
phases coexistent in T3, T4, T6 and T8 are not in 
equilibrium. 

Between 0.005 and 0.025 % hydrogen in T3 and 
T4 will have no effect on the lattice parameter of 
the B-phase, either in the annealed state or after 
soaking at 450 and 500° for 100 hr. As an example, 
in T3 in the annealed siate, the B- phase para- 
meter varies from 3.24, to 3.25, kX with hydrogen 
concentration varying from 0.005 to 0.025%. In the 
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Isfluence of hydrogen on alloys 


FIG. 5. Microstructure of T6 after heating at 55@ for 100 hr: 


a — 9.005% H; 


& — 0.025% H; x §00. 


process of soaking at 500° for 190 hr the S-phase 
parameter varied from 3.20, to 3.20, kX. 

A similar pattern is observed in the alloy T4. 
Increased hydrogen concentration in T6 and T8, 
however, causes an increase in its concentration 
in the B-phase. This can be seen from the variation 
in the lattice parameter of the 8-phase. In T8 in the 
annealed state for instance, the 8 -phase parameter 
increases from 3.30, to 3.23, kX with hydrogen con- 
centration increasing from 0.005 to 0.025 %. If this 
alloy is soaked at 500° for 100 hr the lattice para- 
meter of the 8-phase will vary from 3.17, to 
3.20 kX. Experimenial confirmation has thus been 
provided for the proposition made above concerning 
one of the possible reasons for reduced thermal 


stability. 
CONCLUSIONS 


1. By means of this investigation it has been 
possible to establish that a hydrogen impurity of up 
to 0.025 % will cause a slight increase in tensile 
strength at room temperature with practically no 
reduction in the ductility characteristics, with the 
exception of the alloy T8. This is attributed to slight 
distortion of the a-solid solution lattice of the 
titanium, due to the low atomic radius of hydrogen. 
Embrittlement of T8 appears to be due to precipita- 
tion of the brittle a,-phase. 


2. Impact toughness of T4, T6 and T8 at rom 
temperature and sub-zero temperatures (—78°) 
varies hardly at al! with hydrogen concentration 
varying from 0.005 to 0.08 %. The exception if T3, 
in which tlie hydrogen has a considerable influence 
due to its low solubility in the alloy with 3% Al. 

3. The effect of 0.005 to 0.025 % hydrogen on the 
thermal stability of T3, T4, T6 and T8 has been 
studied. T3, T4 and T6 have been found to have 
good thermal stability. That of T8 is considerably 
lower and is to a very considerable degree depend- 
ent on hydregen conceniration. 

4, X-ray diffraction analysis of T3, T4, T6 and 
T8 has revealed the presence of a residual A-phase. 
The a-and 8-pnases which coexist in the alloys 
are not in the equilibrium state. In the process of 
soaking at 450-550° for 100 hr a transformation 
takes place when phase equilibrium is reached. 
This process is accompanied by redistribution of 
the alloying elements between the a-and §- phases. 
When this occurs the 6- phase is enriched by 
chromium and iron in tre process of the high tem- 
perature soaking. 

5. The influence of hydrogen on the lattice para- 
meter of the &-phase has been investigated. Hydro- 
gen has been found to have no influence on the 
lattice parameter of the B-phase in T3 and T4. In 
T6 and T8 hydrogen, coming from the B-phase, 
causes a considerable increase in the lattice 


; 81 
— 
VOL. | 
12 
1961 


82 Influence of hydrogen on alloys 


parameter in the course of heating. 


Translated by V. Alford 
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INFLUENCE OF SULPHUR ON THE SHAPE OF GRAPHITE IN MALLEABLE IRON* 
R.A. SIDORENKO and A.S. KOSNAREV 
Urals Polytechnic Institute 
(Received 14 November 1960) 


This article presents the results of X-ray analysis of the distribution of sulphur in malleable 
cast irons with varying S: Mn ratios and graphite shapes varying according to the magnitude of this 
ratio. The influence of sulphur has also been studied on the shape of graphite formed when synthetic 
white manganese-free irons are annealed, after preparation from pure materials. The results are re- 


viewed on the basis of surface phenomena in solids. 


Sulphur is known to prevent the formation of 
spheroidal graphite on the solidification of cast iron. 
At the same time, its effect on the shape of the 
graphite formed in the solid state in the process of 
annealing white iron, is of a diametrically opposed 
nature. Morrogh has shown [1] that when white iroa 
with a high sulphur content of 0.184% and low 
manganese content of 0.1 % is annealed,perfect 
spheroidal graphite is formed. In malleable iron the 
S:Mnr ratio is usually low with a sulphur content 
several times lower than the manganese. They have 
a structure which is not spheroidal but is more or 
less a branched flaky graphite which is frequently 
known as the carbon of annealing. 

In Palmer’s work [2] considerable differences 
were found in the kinetics of graphitization of white 
iron with low and high S: Mn ratic. In the first case 
it begins immediately andin the second it is pre- 
ceded by a long incubation period. The graphitiza- 
tion time for cast iron with a low S: Mn ratio was 
about three times !ess than that with a high ratio. 
Palmer also investigated specimens from ninety 
melts with two levels of silicon content and differ- 
ent S:Mn ratios. Perfect spheroidal graphite was 
found in the melts with S: Mn ratios of from 12 to 
1.2. 

Hultgren and Ostberg [3] found that not only 
sulphur but also hydrogen promotes the formation of 
spheroidal graphite when white iron is annealed. 

It can be seen from the results of this investigation 
that the decisive part in the formation of spheroidal 


* Fiz. metal. metalloved., 12, No. 4, 558-566, 1961. 


graphite is played not by the hydrogen, but by the 
sulphur (or more precisely the S: Mn ratio). If the 
S:Mn ratio is low (0.19%), even if there is 100% 
hydrogen in the furnace atmosphere, the annealing 
will not produce spheroidal graphite. At the same 
time if the S: Mn ratio is high enough (about 3.3) 
spheroidal graphite will appear where there is no 
hydrogen at all. 

Morrogh [1] tried to explain the formation of 
different shapes of graphite in malleable iron with 
the different sulphide crystal structures which are 
encountered in the form FeS in the case of a high, 
and in the form MnS in the case of a low S: Mn 
ratio. In his opinion they act as graphite nuclei. 
This point of view is convincingly refuted by 
Hultgren and Ostberg [3] who have demonstrated 
that the shape of the graphite is determined not by 
the nature of the nucleus, but by the conditions of 
its growth. The writers of this work [3] suggest 
that the presence of sulphur or hydrogen atoms on 
the surface of the growing graphite retards its 
growth along the basal plane, thus causing the 
formation of spheroidal graphite. Roughly the same 
opinion is maintained by Girshovich [4] who con- 
siders that, due to the very low solubility of sul- 
phur in solid iron, it is adsorbed on the graphite 
nuclei, and that this leads to spheroidization. 
Girshovich attributes the influence of manganese 
to the fact that the Mn forms MnS inclusions which 
reduce the depth of the adsorbant layer. Bunin 
maintains [5], that sulphur, which is weakly soluble 
in solid iron, concentrates on grain boundaries and 


thus retards the boundary self-diffusion of the iron, 
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FIG. 1. Shape of graphite precipitations in malleable iron. Not etched: 
a — high S: Mn ratio; 
b — low S: Mn ratio; x 200. 


making it isotopic. This promotes the smooth with- 
drawal of iron atoms from the surface of the graphite 
inclusions and the formation of spherical “hollows” 


which determine the shape of the graphite. VOI 
From this summary it can be seen that the be- lz 
19€ 


haviour of sulphur in the process of the annealing of 
white iron with varying S: Mn ratios has been studied 
very little. As will be demonstrated below, the hy- 
potheses put forward by Girshovich [4] and Hultgren 
and Ostberg [3] do not expiain the contradictory 
influence of sulphur on the shape of graphite 
formed from the liquid, or from the solid state, when 
white iron is annealed. In our opinion Bunin’s 
hypothesis [5] regarding the concentration of sulphur 
on grain boundaries is rational, although the other 
assertions and the basis of the hypothesis are open 
to doubt. 

The continued siudy of the behaviour of sulphur 
in malleable iron is important both for the theory 
of graphitization and for practical purposes. In 
recent years high duty sulphurous malleable irons 
with spheroidal graphite have begun to be used 
industrially [6-9]. 


PROCEDURE AND RESULTS 


Both metallographic and X-ray diffraction methods 
were used to study the behaviour of sulphur during 
the annealing of white irons with varying S:Mn 
ratios. Judging from published sources, X-ray dif- 
fraction analysis has not so far been used for this 
purpose. The experiments were carried out on 


FIG. 2. Distribution of sulphur in malleable iron after 
annealing: 
a — high S: Mz ratio; 
b — low S: Mn; x 4. 


synthetic malleable iron produced on a base of low 


manganese iron, graphite with 0.12% ash content, 
about 98 % pure silicon, electrolytic manganese 
and elementary suiphur. The melts were carried out 
in a Tamman furnace in magnesite crucibles. The 
iron was cast into metal moulds and the resulting 
5 mm discs were broken into the specimens which 
were then annealed. In preliminary experiments 
compositions, melting procedures and annealing 
conditions were selected so as to produce the 
desired shape of graphite, spheroidal and the 

usual floccular. Then two irons were melted with 
different S: Mn ratios and a radioactive isotope 

of sulphur, S** was injected. Both the irons con- 
tained 2.8% C, 0.9% Si, 0.15% P and were super- 
heated in the process of melting to 1480° in 10 min. 
The first iron contained 0.04% Mn and 0.2% S, and 


the second, 0.3% Mn and 0.03% S. 
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FIG. 3. Distribution of sulphur in malleable iron with high S: Mn ratio: 


a — before; 


b — after annealing; x 45. 


FIG. 4. Distribution of sulphur in malleable iron with low S: Mn ratio: 


a — before; 


b — after annealing; x 45. 


The specimens were annealed in an electric 
furnace with a filling of corundum, at 1000° for 6hr, 
after which they were quenched in water. A type 
NIKFI film was used for the X-ray photography. In 
the initial state both the alloys had the same struc- 
ture, which is typical of white hypoeutectic iron. 
In both irons the sulphur was in the interdendritic 
spaces in the eutectic and no austenite was con- 
tained in the primary dendrites. After annealing 
spheroidal graphite was found in the iron with the 
high sulphur content and finely dispersed iron sul- 
phides (Fig. 1a), while in the low sulphur iron it 
was floccular graphite (Fig. 1 5). The sulphur 


distribution in the annealed specimens was differ- 
ent. Around the edge of the high sulphur specimen 
a decarburized zone arose and considerable sulphur 
enrichment could be seen on the X-ray photographs 
of these places (Fig. 2a). This was not seen in the 
specimen with the high manganese content (Fig. 2b) 
and the sulphur distribution was no different from 
the initial state. 

The diffusion of sulphur to the surface of the 
specimen with the high S: Mn ratio indicates the 
presence of sulphur in the solid solution during 
annealing. Microanalysis of the X-ray photographs 
of the iron with the low S: Mn ratio revealed 
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individual black spots besides the sectors with the 
continuous slight darkening. The former were due 

to manganese sulphides and the latter were liable 
to appear both in the absence of sulphur in the 
solid solution and because the distance between the 
sulphides was less than twice the length of the 
maximum path of §- particles of radioactive sulphur 
in the iron. It was therefore not possible to alter 
the question of whether there was sulphur in the 
solid solution in the iron with the low S: Mn ratio. 


It was therefore necessary to repeat the experiments 
using irons with a more granular initial structure, 


which meant that it was possible to increase the 
resolving power of the X-ray photograph. 

Slow cooling was used to produce white iron with 
a coarse structure. The iron was melted in a slot- 
type magnesite crucible and then cooled together 
with the crucible in another furnace ait a temperature 
of 700°. This method of cooling produces a completely 
white structure and reduces the silicon content to 
0.5% without varying the concentration of the other 
elements. These irons with 0.2% sulphur, were not 
annealed at 1000°. Instead a 6 hr anneal was carried 
out at 1100° and to prevent decarburization this was 
done under a corundum blanket with an addition of 
10-15 % graphite powders. 

Comparison of the sulphur distribution in the iron 
with the high S: Mn ratio before and after annealing 
(Fig. 3) shows that, as a result of the annealing, 
part of the sulphur has passed into the solid solu- 
tion. This is indicated by the noticeable darkening 
of the film in the places free of sulphide (Fig. 35). 
This is not fogging. At the top of Fig. 35 one can 
see a sector of film which was not in contact with 
the microsection. In this case there is hardly any 
noticeable fogging. In the iron with the low S: Mn 
ratio the distribution of sulphur before and after 
annealing (Fig. 4) was the same and no noticeable 
transfer of sulphur could be revealed. We note also 
that the period of time would have to be extended 
several times longer for the full graphitization of 
the iron with high S: Mn ratio than would be the 
case with the low S: Mn ratio. In the former case 
transfer of sulphur to the solid solution commenced 
even before the graphitization of the cementite. 

It can be seen from the experiments described 
above, that in the case of formation of spheroidal 
graphite in the solid state, sulphur must be present 
in the solid solution. No sulphur can be found in the 
case of the formation of the usual floccular graphite. 
It follows from this that manganese has only an 


FIG. 5. Shape of graphite precipitations after the anneal- 
ing of pure synthetic iron without sulphur. x 200. 


indirect influence on the shape of the graphite in 
malleable iron. This influence amounts to changing 
the concentration of sulphur in the solution during 
annealing by combining with it to form sulphides 
which are stronger than FeS. It is therefore to be 
expected that floccular graphite will also be formed 
during the annealing of white iron, in which there is 
no manganese, so long as the sulphur content is low 
enough. Sulphur additions to this iron should cause 
the formation of spheroidal graphite. 

To test these propositions experiments were 
carried out on alloys which were produced from 
carbony] iron, in which chemical analysis revealed 
no manganese, and 99,95 % pure silicon. All the 
alloys were cast in metal moulds and contained 
3.2% C and 1.0% Si. No sulphur was added to the 
first alloy and the others received 0.0001, 0.0005, 
0.001, 0.01 and 0.1 % sulphur respectively. Anneal- 
ing was at 1000° for 6 hr. The usual floccular 
graphite was found in the alloy without and that 
with 0.0001 %, sulphur (Fig. 5). In the one with 
0.0005 % sulphur about 20-30% of the graphite 
inclusions were spheroidal. In the one with 0.001 % 
sulphur practically all the graphite was spheroidal 
and had a radiating structure in polarized light 
(Fig. 6). The alloys with 0.01 and 0.1 % sulphur were 
only partially annealed under the ordinary condi- 
tions of 1000° and 6 hr. A temperature of 1100° and 
a period of 5 hr produced a total anneal. In these 
all the graphite was spheroidal (Fig. 7). 


DISCUSSION 


In these experiments it was found that in malleable 
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FIG. 6. Shape of graphite precipitations after the annealing of pure synthetic iron 
with an addition of 0.001% sulphur. Not etched: 


a — usual colour; 


b — crossed nichols: x 200. 


iron, sulphur will promote the formation of spher- 
oidal graphite so long as it is present in the solid 
solution during annealing. In this work particular 
attention was paid to the establishment of the fact 
that in the absence of manganese, even a very small 
addition of sulphur, 0.001 % for instance, could trans- 
form practically all the graphite from the floccular 
to the spheroidal state. It therefore would seem 
better to seek the solution to the influence of sul- 
phur on the shape of the graphite in malleable iron, 
on the basis of surface effects in a solid. 

On the basis of surface effects, two explanations 
might be provided for the mechanism of the influ- 
ence of sulphur on the shape of graphite in malle- 
able iron. During annealing the sulphur could be 
adsorbed on the graphite-matrix interface, resulting 
in the levelling out of the rate of growth of the 
graphite in different crystallographic directions. In 
this case it will assume a spheroidal shape. The 
sulphur could also be adsorbed by different inter- 
granular, interblock and interphase interfaces, 
eliminating the anisotropy of the diffusion proces- 
ses which cause growth of the graphite inclusions. 
In this case the graphite will again be spheroidal. 
In the final analysis the hypotheses of Girshovich 
[4] and Hultgren and Ostberg [3] are based on the 
first possibility, and that of Bunin [5] is based on 
the second. 

There are a lot of difficulties attached to the 
first hypotheses [3, 4]. First of all, they do not 
provide a satisfactory explanation of the opposite 


influence of sulphur on the shape of graphite in the 
liquid and solid states. The antiglobular rising 
influence of sulphur in the liquid alloy is undoubt- 
edly due to its adsorption by the graphite, as sul- 
phur reduces surface tension [11-14], and reduces 
the contact angle between the molten iron and the 
graphite [14-15]. If, as has been done by the 
originators of hypothesis [3,4], it is assumed that 
the opposite globularizing influence of sulphur in 
the solid state is also due to its adsorption by the 
graphite, then it is completely incomprehensible 
how adsorption in the liquid state can prevent, and . 
in the solid state on the other hand promote, the 
formation of spheroidal graphite. 

This paradox might possibly be resolved if it is 
assumed that the sulphur is adsorbed selectively 
on different planes of graphite depending on its 
state. This means that in the liquid state it would 
be adsorbed on the basal crystallographic bound- 
ary (0001), and in the solid state, on the boundaries 
perpendicular to it. Such an alteration in the place 
of adsorption in the same crystal seems highly 
unlikely. However, the present state of knowledge 
regarding the physics of the surface effects in 
liquids, and particularly in solids, is so inadequate 
that this probability cannot altogether be discarded. 

Secondly, it is exceedingly doubtful whether 
sulphur would in general be able to create an 
adsorption layer of sufficient depth on the growing 
graphite in solid iron, due to the fact that its dif- 
fusion mobility is lower than that of the carbon. 
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FIG. 7. Shape of graphite precipitations after the annealing of pure synthetic iron 
with an addition of 0.001% sulphur. Not etched: 
colour; 


b — crosse 


Thus, at the temperatures which are usually used 
for annealing malleable iron (900-1050°), the dif- 
fusion coefficients of sulphur are about 1000 times 
lower than those of carbon [16]. Furthermore, the 
[3, 4] hypothesis does not explain the features of 
the kinetic graphitization of malleable iron with a 
high S: Mn ratio. 

In view of all this, in our opinion preference 
should be given to those hypotheses which are based 
on the assumption that sulphur is adsorbed on the 
intergranular, interblock and interphase interfaces. 
Bunin’s hypothesis [5], which is based on this 
principle, has,however,a number of debatable points. 
For instance, his view regarding the decisive role 
of the self-diffusion of iron in the process of graph- 
itization has found neither experimental confirmation 
nor recognition from the majority of investigators. 

It therefore seems that it would be more correct to 
consider the influence of sulphur on the diffusion 
of carbon, and not on the self-diffusion of iron. It 
is also impossible to agree with Bunia’s view that 
the reason for the adsorption of sulphur on various 
interfaces is its poor solubility in iron. On the 
contrary, the adsorption of any element is impossible 
if it is not present in the solution. The only import- 
ant thing is that it should possess surface-active 
properties. Sulphur has noticeable solubility in 
solid austenite (0.013 % at 1000° [17, 18]), and this 
is confirmed by the transition of sulphur to the 
solution which has been foundin the course of the 


work. 


nichols; x 200. 


Because of these defects in Bunin’s hypothesis 
it becomes necessary to provide some other ex- 
planation for the influence of sulphur on the shape 
of graphite in malleable iron. Perhaps this can be 
provided on the basis of Arkharov’s [10] general 
considerations on surface phenomena in solids. 
To this end one must first understand the surface 
activity (horophile state) of the elements present 
in malleable iron. The most horophile element in 
molten iron has been found experimentally to be 
sulphur. Iron is also horophile, but to a lesser 
degree [19]. It is therefore exceedingly probable 
that these elements are horophile in the solid 
alloy also, and that in this case the sulphur is 
more so than the carbon. 

Until recently it has always been asserted in 
literature that in the case of the formation of inter- 
stitial solid solutions, particularly of carbon in 
austenite, diffusion will take place at the same 


rate along boundaries and through the grain [20, 16]. 


In a new work by Bokshtein and collaborators 
however [21] it has been convincingly demonstrated 
that the diffusion of carbon in austenite occurs 
primarily along grain boundaries. Arkharov states 
[10] that where diffusion is taking place in a 
polycrystalline substance and the diffusing element 
is less horophile in respect of the main solvent 
than are the impurities present, then in this case 
grain boundary diffusion of the former will become 
paralysed. On this basis the mechanism of the 
influence of sulphur on the shape of graphite 
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during the annealing of white iron can be represented 
as follows. 

If the sulphur concentration of the solution is 
very low, the diffusion of carbon should occur more 
rapidly along the boundaries of grains and blocks 
than through them. As graphite nuclei occur in 
white iron mainly on different interfaces [3] then 
the non-uniform diffusion of carbon along these 
channels will also mean that they will be irregular 
and branched in form. Sulphur is more horophile 

-than carbon, and its presence in the solution will 
mean that it will be adsorbed on the boundaries of 
grains and blocks inside the grains and that this 
will block the path of accelerated non-uniform ad- 
ditions of carbon to the graphite nuclei, oreventing 
their growth in certain discrete directions. if the 
supply of carbon is uniform from all sides, the 
graphite will be spheroidal. 

In the light of this hypothesis other effects, which 
are observed on the annealing of white irons with 
varying S: Mn ratios, become understandable. The 
reduction in the number of centres of graphitization, 
which occurs with increased sulphur content in the 
solution, will be due to the fact that the adsorption 
of sulphur on the interfaces hinders the emergence 
of nuclei, and more particularly their subsequent 
growth. The long incubation period on the kinetic 
curve for the graphitization of white iron with a 
high S: Mn ratio is also understandable. The general 
slowing down of the rate of graphitization in the 
presence of sulphur can be attributed to the block- 
ing of different interfaces, which are the paths 
with accelerated diffusion of carbon towards the 
centres of graphitization. A small number of these 
will accelerate the diffusion paths, which will also 
cause the process to slow down. 

To understand the basis of this hypothesis it 
becomes necessary to find out whether in fact the 
sulphur in the solid solution is more horophile than 
the carbon. This means that one must find out 
whether it is possible to suppress the boundary dif- 
fusion of carbon where sulphur is present in the 
solid solution. 

The results of the experiments which we have 
carried out are of considerable practical interest. 

It thus follows from these experiments with 
synthetic manganese-free irons that if malleable 
irons, which usually contain about 0.1-0.2 % sulphur, 
could be either manganese-free or have a manganese 
concentration which would be 1/2 times less than 
the sulphur, then one could be certain that the 


graphite would always be spheroidal. At the present 
time the methods employed for producing this kind 


of iron are based on the treatment of the molten 

alloy with magnesium or sulpaur. If low manganese 
iron were used it should be possible to eliminate 
these operations and to simplify and make economies 
in the methods of producing malleable iron with 
spheroidal graphite [22). 


CONCLUSIONS 


1. The formation of spheroidal graphite during 
the annealing of malleable iron with a high S: Mn 
ratio is due to the presence of sulphur in the solid 
solution. 

2. The annealing of malleable iron with a low 
S:Mn ratio, in which the usual floccular graphite is 
formed, does not cause any transfer of the sulphur 
to the solid solution. 

3. The synthetic white irons prepared from pure 
materials are annealed, the ordinary floccular 
graphite will be formed. An addition of 0.001 % sul- 
phur to this kind of alloy will be sufficient to 
transform the graphite into spheroidal. 

4, Manganese only indirectly prevents the forma- 
tion of spheroidal graphite in malleable iron, by 
reducing the sulphur concentration of the solid 
solution. 

5. A hypothesis has been proposed, which ex- 
plains the spheroidizing influence of sulphur. When 
present in the solid solution it wiil be adsorbed 
on grain and blocks boundaries and will block the 
path of the accelerated irregular supply of carbon 
to the growing graphite. If there is a uniform supply 
of carbon from all sides the graphite inclusions 
will be of spheroidal shape. 

6. It is possible to produce spheroidal graphite 
in malleable iron without treating the molten alloy 
with magnesium or sulphur, simply by using low 
manganese iron with the normal sulphur content. 


Translated by V. Alford 
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EFFECT OF SMALL ADDITIONS OF BERYLLIUM, SILVER, ZIRCONIUM, CHROMIUM 
AND IRON ON THE DISINTEGRATION OF THE SUPERSATURATED 
SOLID SOLUTION COPPER- Ti TANIUM * 
Ye.G. NESTERENKO and K.V. CHUISTOV 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
(Received 17 February 1961) 


Small additions of Be, Ag, Zr, Cr and Fe have been found to have no effect on the general 
mechanism of the disintegration of Cu-Ti alloys. This includes the formation of regions enriched 
with alloying elements, the emergence of crystals of the intermediate a’ phase and precipitation 
of an equilibrium 8-phase (Cu,Ti). The influence of these small additions consists mainly in 
varying the rate of precipitation at different stages of disintegration. Ag, Zr and Be for instance, 
cause an increase in the rate of growth of the modulation period, while Cr and Ni retard this 
process. If elements are added which reduce the non-conformities between the lattices of the 
a’-phase and the matrix in the alloy Cu-Ti (Be, Cr, Fe) this will cause stabilization of the 


a’-phase and reduce its rate of coalescence. 


Additions of various metals are known 
to have a noticeable influence on the mechanism 
and kinetics of disintegration of the supersaturated 
solid solution [1-3]. Small quantities of about 1 at.% 
of an impurity usually cause a change in the rate of 
disintegration, while the influence of impurities may 
be different at different stages of ageing. According 
to Arkharov and collaborators [1, 2] the influence of 
a small quantity of impurities on the process of dis- 
integration is due to the internal adsorption of 
horophile elements in the boundary distorted regions 
between the matrix and the precipitation particles. 
In this case the effect of internal adsorption can be 
explained in two ways. It can either be attributed to 
a change in the rate of formation of the nuclei of a 
new phase, due to change in the solubility of the 
alloying element in the zones of adsorption and 
enrichment, or to a change in the rate of growth of 
particles of the new phase, due to change in the 
rate of diffusion in the regions of adsorption en- 
richment. 

On the other hand, the influenceof a third compon- 
ent on the process of disintegration can be attributed 
to a change in the magnitude of surface enerzy on 
the interface matrix-nucieus of the new phase, as 
long as the impurity is horophile. [his is because 
impurity atoms of larger dimensions than those of 


* Fiz. metal. metalloved., 12, No. 4, 567-575, 1961. 


the solvent, will replace them and thus cause the 
boundary layer to be filled. At the same time 
smaller impurity atoms will be occupied in reliev- 
ing compressive stresses. Finally, impurity atoms 
may enter into the composition of the precipitating 
phase. If this happens they will change its lattice 
parameter and, consequently, also the degree of 
crystallostructural conformity between the matrix 
and phase lattices. 

The present work was devoted to the study of 
influence of a third component on the process of 
disintegration of the alloy Cu-Ti. Particular 
attention was paid to its effect on the dimensions 
of the unit cell of the intermediate phase, as this 
is what determines the conformity between the 
lattices of the phase and the matrix. [In a previous 
work we found that disintegration of the alloy 
copper-titanium passes through a number of stages 
(4, 5]. 

1) Formation of regions enriched and denuded of 
titanium (modulated structure); 

2) Precipitation of an intermediate a’- phase; 

3) Precipitation of a stable S-phase (Cu,Ti). 

Analvsis of the intensity of supplementary re- 
flections — satellites which appear on the X-ray 
patterns in the course of the first stage of disinte- 
gration, provided a basis for the conclusion that 
the cor.position of the titanium-enriched region 
was very much the same as that of the stable 


91 
VOL. 
12 
1961 


Effect of small additions 


TABLE 1 


position, at. % 


Alloy 


bo 


Cu—Ti 

Cu—Ti—Be 
Cu—Ti—Ag 
Cu—Ti— Zr 
Cu—Ti—Cr 
Cu—Ti—Fe 


De 
Mo 


gion 
bo 


B-phase, while its crystal structure was no differ- 
ent from the structure of the matrix [5]. The forma- 
tion of the intermediate a’-phase probably origin- 
ates from the titanium-enriched regions. The a’- 
phase was found to have a face-centred tetragonal 
lattice with a c/a ratio of 0.98 [5]. 

In investigating the influence of beryllium (about 
5 at. %) on disintegration of the alloy Cu-Ti [6] it 
was found that at the initial stage of ageing 
(300-400°), the phase Cu-Be is formed, while at 
higher temperatures (450-500°C) a stable phase 
is precipitated (Cu,Ti). In this case no regions 
arose which were enriched with one of the compon- 
ents, nor was any a -phase formed. 

The object of the present investigation was to 
study the influence of small additions of about 
] at. % of Be, Ag, Zr, Cr and Fe on the processes 
of disintegration of the alloy Cu-Ti. The alloying 
elements were selected so that on one hand they 
should form a disintegrating solid solution with the 
copper, and on the other, because they had differ- 
ent atomic radii *. The composition of the alloy is 
set out in Table 1. 

The alloys were prepared from type BK copper, 
iodides of titanium and zirconium, electrolytic 
chromium and iron, commercially pure beryllium and 
silver of 99.999 % purity, in a high frequency fur- 
nace in an atmosphere of purified argon. They were 
cast into iron moulds. Then they were forged and 
homogenized at a temperature of 950°C for 10 hr. 
After quenching from 950° in water no reflections 
from another phase could be detected on X-ray 
patterns. They were aged in a vacuum reheating 


furnace. 


* 1.28 A, 1.46 As pe = 1.12 Ar = 1.44 


° 
= 1.60 As "Pe = 1.26 As = 1.28 


The course of th« disintegration was checked 
from the changes in hardness which were measured 
by a diamond indenter on hardness tester TP with 
a load of 19 kg. X-ray analysis of the disintegra- 
tion of the alloys was carried out on ionization 
apparatus URS-50I in copper radiation on poly- 
crystalline specimens. To study the crystal struc- 
ture of the intermediate phase. specimens of the 
alloys underwent anodic dissolution, after which the 
precipitated powder was photographed in powder 
cameras 57.3 mm in dia., using Coy, radiation. 

The variation in the modulation period (@Q) [7], 
was studied by X-ray diffraction analysis, as also 
in the size of the particles of the intermediate 
a’-phase and stable a’-phase (Cu,;Ti) in the 
process of disintegration at 400 and 450°C. The 
magnitude of the modulation period was calculated 
according to Lipson’s formula [7] and the size of 
the particles of the a’-phase was determined by 
harmonic analysis of the distribution of intensity 
[8, 9] in reflections (200) and (111). Interference 
(020) was investigated for the purpose of finding 
the dimensions of the 8 -phase particles. 


RESULTS AND DISCUSSION 


X-ray diffraction analysis of the process of dis- 
integration showed that after 10 min ageing at 
400°C principal reflections appeared from the 
matrix on the X-ray patterns, and supplementary 
broadened reflections from the satellite (Fig. 1). 
The hardness of the alloys hadincreased consider- 
ably, from 120 to 140 kg/mm? in the annealed 
state to 180 to 200 kg/mm? after 10 min at 400°C 
(Fig. 2). It must be noted that the lines from the 
parent solid solution remained narrow although 


their intensity was less, particularly at large 
reflection angles, than in the annealed state. The 


92 
| Be Ag Zn Cr Fe 
VOL 
12 
196 


Effect of small additiors 


Koy 
6 


(200}q 


~— 


FIG. 1. Curves for the distribution of intensity in interference lines (111) 
and (200) of the main solid solution. Cu-Ti-Cr specimens, aged: 


aes 500 — 1 min, es 500° — 10 min; 
500° — 30 min: 500 — 10 hr. 
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2 

Cu-Ti-AG 
250 Cu-Ti ~Cr 
Cu-7-2r 


f 


i 
2 


log 7 (min) 


FIG. 2. Dependence of HV hardness of alloys 1 to 6 on the duration of 
disintegration at 400. 


average lattice parameter of the matrix remained 
unchanged. 

If the heating time was increased up to 130 min 
at 400°C this caused an increase in the intensity of 
the satellites. In this case it was found that there 
was asymmetry in their intensity and arrangement. 
This means that the satellite, which lay at larger 
angles than the main reflection, appeared to be 
closer to it and more intense than that at small 
angles of reflection (Fig. 1a), The modulation period 
calculated for this case remained much the same 
for the different alloys, at 80 A* (Table 2). When 
the ageing period at 400°C was prolonged the solid 
solution was seen to increase, as also the magnitude 
of the modulation period. Interferences from the 
parent solid solution remained narrow and the 
averace lattice parameter unchanged. The rate of 
growth of the modulation period was, however, dif- 
ferent for the different alloys. 

It can be seen from Fig. 3 that the least rate of 
growth of the modulation period occurs in the alloy 
Cu-Ti-Fe, and then in descending order of the Q 
value, Cu-Ti-Cr, Cu-Ti, Cu-Ti-Zr, Cu-Ti-Be and 
Cu-Ti-Ag. This could be attributed to the difference 


* On the basis of Guinier’s formula [12], the modulation 
period calculated trom the distance between the 
satellites can be regarded as the size of the nucleus 
of the new phase. 


in the influence of the third component on the 
process of diffusion of titanium atoms. Attention 12 
must be drawn to one feature of the disintegration 
of the alloy Cu-Ti-Be. As can be seen from Fig. 2, 
the hardness curve of this alloy when aged at 
400°C has two maxima. One is at 10 min and the 
other at 300 min. We discovered a similar effect 
when studying the disintegration of the alloy Cu-Ti 
Be with large concentrations of beryllium [6]. In 
the process of disintegration of this alloy no sign 
of the presence of satellites could be found near 
the main reflections and lines of the intermediate 
a’-phase. In the present case of the investigation 
of a Cu-Ti-Be alloy with low beryllium concentra- 
tion, satellites were revealed on the X-ray patterns 

The difference in the mechanism of the initial 
stages of disintegration in alloys with low and 
high beryllium content could perhaps be attributed 
to the fact that in the first case a large quantity 
of a second phase is precipitated. This will cause 
considerable phase work hardening and break-up of 
the modulated structure. In the second case it 
seems that no disintegration occurs with the forma- 
tion of CuBe crystals. Further investigation would 
be required to explain the nature of the first maxi- 
mum on the hardness curve in the alloy with the 
low Be concentration. 

Thus the mechanism for the initial stages of 
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TABLE 2 


Cu- Ti—Ag] Cu—Ti—Cr| Cu-—-Ti—Zr 


Heat 
treatment 


‘ 
+ GY, - 4d, 


409° C— 
30 min O.047] 7: 043! 7, 0.039} &7 049 0.043 


400° C— ; 

a | Pegg: { 
60 min 0.039) O4 | 0.033) 103 0.040 0.039 
400° C— 
150 min 110 1 1,026; 139 } 0.035} 97 | 0.033 
400° C— 
300° min | 0.0221 154 | 6.022) 160 | 0.028) 125 0.024 
100° 
600 min 5 .02 .021; 164 4,026} 13: 
509? C— { 
min 21) 345 | 9.027! 129 | 1). 026 
590° C— 
3 min 188 | 0.026 1.047 
300° 
10 min 218 | G.O13} 258 02i 22 
500°C — 
30 min 
500°C — 


min 


/—e— Cu-Tl 

2—o— Cu-7i-&e 
Cu-Ti-Ag 
—t— Cu-7i-Cr 
5 Cu-7i-Zr 
- Cu-7i-fe 


500°C 


3 
log 7 (min) 


FIG. 3. Variation in the magnitude of the modulation period @ for alloys 1-6 i, 
dependence on disintegration period at 400 and 500. 


disintegration is of one kind in the alloys investi- the solid solution with formation of enriched and 
gated. In all cases it is characterized by the pro- denuded sectors. The structure of the enriched 
cesses of redistribution of alloying elements in sector will be no different from that of the matrix, 
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—o-— Cu-7Ti-Be 
Cu-Ti-Ag 
Cu-Ti-Cr 
-Cu-Ti-Zr 
-Cu-7i-fe 


and its composition may be approximately the same 
as that of the stable phase Cu,Ti [5]. The pres- 
ence of the third component in the alloy causes the 
enriched and denuded regions to grow with forma- 
tion of particles of an a’- phase occurring at differ- 
ent rates in the different alloys. 

X-ray analysis of the process of disintegration 
of the alloys at 500°C showed that, besides the main 
reflections, satellites appear after a minutes soak- 
ing. When this occurs considerable strain harden- 
ing of the alloys is observed (Fig. 4). When the 
soaking time is carried on 10 min the modulation 
period will increase (Fig. 3) and further strenghen- 
ing occurs. As with disintegration at 400°C, here 
also the rate of increase of the modulation period 
will differ in the different alloys (Fig. 3). The 
modulation period in the Cu-Ti-Ag alloy increases 
less rapidly and the slowest is in the Cu-Ti-Cr and 
Cu-Ti-Fe alloys. If ageing time is further extended 
at 500° both the satellites and the main reflections 
disappear from the X-ray pattern and reflections 
from the intermediate a’-phase appear. Cu-Ti, 
Cu-Ti-Be and Cu-Ti-Ag reflections from the a-phase 
appear on the X-ray patterns after 10 min heating 
at 500°C. In Cu-Ti-Cr and Cu-Ti-Fe this does not 
take place until after 100 min heating at 500°C. 

On X-ray examination of the electrolytically preci- 
pitated particles of this phase from Cu-Ti-Be, 
Cu-Ti- Ag, Cu-Ti-Zr, Cu-Ti-Cr and Cu-Ti-Fe aged 
at 500°C for 1 hr, it was found that the a-phase 


log r (min) 


FIG. 4. Dependence of HV hardness of alloys 1-6 on disintegration period at 500. 


TABLE 3 

Lattice parameter 
Ailey a - phase 

a, A 
Cu—Ti 3.712 3 634 
Cu—Ti- Be 3.696 3,623 
Cu—Ti—Ag 3.713 3.634 
Cu- Ti—Zr 3.718 3.625 
Cu—Ti—Cr 3.690 3,618 
Cu—Ti--Fe 3.696 3,623 


Note. Lattice parameters a and c were calculated from 
(311) and (113) reflections from the a’-phase in 


Cuk tadiation. 


had in ali cases a face-centred tetragonal lattice 
with the ratio c/a <1. The c and a parameters 
differ however for the different alloys. It can be 
seen from Table 1 that the highest c and a values 
for the a”- phase are obtained in the alloys Cu-Ti- 
Cr, Cu-Ti-Be and Cu-Ti-Fe. In all these cases the 
third component has an atomic radius less than that 
of the others rp; = 1.46 A 

Additions of silver and zirconium cause only a 
slight change in the a’ parameters as silver has 
atomic radius r4_ = 1.44 which is very little differ- 
ent from that of titanium, while Zr,however,has 


rz, = 1.60 but its concentration in the alloy is a 
total of 0.22 at. %. It follows from these figures that 
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TABLE 4. Size of a’-phase particles, A 


| | Cu- | Cu—Ti— Cu—Ti— 
treatment) 111 | 002 | 111 | | 002} 111} COD! | 


{ 


50L° — 

30 min | 324; -—~- | 490; — a 

100 min 23% 470 | 650) 322 | 3i 

50U°.— | 
SUU min) 370! 3 440 — | — 250! 270 | 
— | 
69 min 140 | — | 1700; 392 | 230 | 620 


in the enriched sectors, from which the crystals Puee fu-h 
of the a-phase are continually being formed, not —o- Cu-%i-$e__j 
only will there be concentration of titanium but hak = 
also of the impurities. This will cause a change in : 
the lattice parameter of the a’-phase. = 
The size of the particles (blocks) was determined 
VOL. from the intensity distribution in the interference ae oe 
12 lines (111) and (002) of the a’- phase. As can be 


1961 seen from Table 4, after disintegration at 500° in 
the course of 30 min the largest a-phase particles 
are those in the alloy Ca-Ti-Ag. In Cu-Ti-Cr and 
Cu-Ti-Fe after the same heat treatment the amount 
of a=phase is stili low and it is not therefore 
possible to determine the size of its particles. 

In the course of further disintegration at 500° 
considerable growth of the a’-phese particles was 
observed in the Cu-Ti-Ag alloy (Fig. 5) and in the 
Cu-Ti-Cr, Cu-Ti-Fe and Cu-Ti-Zr alloys the coalesc- 
ence of the particles takes place more slowly. In 
Cu-Ti-Be the size of the particles remains un- log r (min) 
changed, as far as could be seen from the limita- 
tions of measurement. It can be seen from Table 4 FIG. 5. Dependence of variation in the size of particles 


and Fig. 5 that the size of the a’-phase particles of the a’-phase on disintegration time at 500. Solid 
lines indicate the change in the size of the a -phase 


and their rate of growth in direction [111] and [001] particles calculated from the (002) reflection, and the 
are somewhat different. dashed lines, from (111); dashed-dotted lines indicate 
Thus, in the case of the Cu-Ti-Cr, Cu-Ti-Zr the dimensions of the 3- phase particles calculated 
and Cu-Ti-Fe alloys in direction [001] the size of from reflection (020). 
the a-phase particles varies very little with ageing 
time, while in direction [111] it increases 1.5-2 a, while along axis c their size varies only a little. 
times. It is interesting to note, that in the case of The precipitation and growth of particles of the 
the Cu-Ti-Be alloy, the size of the a’-phase part- intermediate a*-phase in these alloys causes a 
icles remains unchanged in both directions. From considerable broadening of the X-ray reflections 
this conclusion can be drawn that the a’- phase from the matrix. This is due to the occurrence of 
particles in the Cu-Ti, Cu-Ti-Zr, Cu-Ti-Cr and lattice distortions (Sa/a) and fragmentation of 
Cu-Ti-Fe alloys grow mainly in the direction of axis —_ mosaic blocks of the solid solution [10]. This 
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causes further strain hardening. When ageing time 
at 500°C is extended, besides the reflections from 
the a*-phase, reflections from the equilibrium 
§8-phase also appear (Fig. 1d). Precipitation of the 
equilibrium 8-phase is accompanied by relaxation. 
Here it must be noted that precipitation of the B- 
phase takes place after different periods of soaking 
at 500°C in the different alloys. The appearance of 
the 8-phase is observed first of all in Cu-Ti-Ag 
after 5 hr soaking. In Cu-Ti-Zr, Cu-Ti-Cr, Cu-Ti-Be 
and Cu-Ti-Fe the 8-phase does not precipitate 
until a longer period of disintegration. From this the 
conclusion can be drawn that an addition of silver 
to the Cu-Ti alloy will cause an increase in the rate 
of formation of the 8-phase and consequently, in- 
crease in the rate of relaxation of the alloy. Alloy- 
ing with Fe, Zr, Be or Cr will retard the process of 
formation of the phase, i.e. it will stabilize the 

a’- phase. 

The explanation for the influence of the impurities 
Fe, Cr, Zr, Be and Ag on the coalescence of par 
ticles of the intermediate phase may be sought from 
the point of view of the conformity between the lat- 
tices of the intermediate phase and the matrix. 
Table 5 sets out the figures for the non-comformity 
between the lattices 6 =ay — ay, where ay is the 
average parameter of the matrix at the temperature 
for the formation of the a’-phase, ay is the average 
parameter of the precipitation phase. 6, = ay —aq’, 
5, = ay — cg’, where ag’ cg’ are the parameters of 
the a’- phase. 

As the lattice of the intermediate a’- phase is 
similar to thai of the matrix then, having found the 
5-value for the different alloys, a qualitative 
assessment can be made of the magnitude of the 
energy of coherent stresses E,, so that 


E, ~ 6? 


It follows from Table 5 that the highest FE, value 
will be obtained in the Cu-Ti and Cu-Ti-Ag alloys, 
while additions of Be, Cr and Fe will reduce the 
E,, value in the Cu-Ti alloy. For this reason the 
a’-phase in Cu-Ti-Be, Cu-Ti-Cr and Cu-Ti-Fe 
should continue to be in a state of coherence with 
the matrix longer than in the other alloys. This is 
in very good agreement with the experimental data 
obtained. 

On the other hand, when Cu-Ti is alloyed with 
additions of Cr, Be and Fe the process of diffusion 
of the Ti atoms in the copper may be retarded. This 


TABLE 5. Difference in lattice parameters of ma... 
and precipiiated a -phase 


Alloy 


Cu—Ti 

Cu—Ti—Be 
Cu—Ti-—Ag 
Cu—Ti~—Zr 
Cu—Ti—Cr 
Cu—Ti—Fe 


will cause a change in the rate of growth of the 
particles (Fig. 5). 


CONCLUSIONS 


X-ray diffraction analysis of the influence of 
small additions of Be, Ag, Zr, Cr and Fe (1 at.%) 
on the crystallostructural variations in a process 
of disintegration of the alloy Cu-Ti has shown that 
these additions do not cause a change in the me- 
chanism of disintegration of the alloy. They do, 
however,mainly influence the rate at which the 
different stages of disintegration take place. The 
addition of silver, beryllium or zirconium-to the 
alloy Cu-Ti will, in the initial stages of disinte- 
gration, cause some accelerated growth of the 
regions enriched with titanium atoms, while 
chromium ard iron will cause a reducticn in this 
rate of growth. Silver additions have been found 
to cause an increase in the rate of coalescence 
of particles of the a’- phase and formation of a 
8-phase. While Be, Cr and Fe considerably slow 


down these processes. 


REFERENCES 


. V.I. Arkharov, B.N. Varskoi and N.N. Skornyakov, 
Dokl. Akad. Nauk SSSR, 89, 1031 (1953). 


. V.I. Arkharov and M.N. Belenkova et al. Jssled. po 


zharoprochn. splavam (Investigations of creep- 
resistant alloys), 4, 177 (1959). 


A. Geisler, Phase transformations in solids, 
New Yerk (1951). 


. Ye.G. Nesterenko and K.V. Chuistov, Fiz. metal. 
metalloved., 9, 1 (1960). 


. Ye.G. Nesterenko and K.V. Chuistov, Fiz. metal. 
metalloved., 9, 3 (1960). 


. Ye.G. Nesterenko and K.V. Chuistov, Problems in 


98 
|| 
0.093 0.014 
0.076 0.003 
0.093 0.014 
0,U98 0.005 
(G.070 0,002 
0.076 0,903 
VO! 
19¢€ 
6 


Effect of smali additions 


the physics of metals and metcllography, 
13 (1961). 

. W. Dauiel and H. Lipson, Proc. Roy. Soc., 
A181, 368 (1943). 


. B.E. Warren and B. Averbach, j. Appl. Phys., 


23, 497 (1952). 
. B.Ya. Pines and N.G. Berezayak, Zh. tekh. fiz., 
24, 329 (1954). 


. Ye.G. Nesterenko and K.V. Chuistov, 


Problems in the physics of metals and metallography, 
14 (printing). 


. F.R.N. Nabarro, 
Proc. Roy. Soc., A175, 519 (1940). 


. A. Guinier, Acta met., 


3, 510 (1955). 


99 
| 
9 2 
VOL. 
12 
1961 


HIGH TEMPERATURE OXIDATION OF REFRACTORY ALLOYS 
V. ALLOYS OF NIOBIUM WITH ZIRCONIUM AND NIOBIUM WITH TITANIUM * 


R.F. VOITOVICH 
Institute of Powder Metallurgy and Special Alloys 


Academy of Sciences Ukr. §.S.R. 
(Received 4 February 1961) 


The kinetics of the high temperature oxidation of alloys of niobium with zirconium and niobium 
with titanium have been investigated in the temperature range 500-900°. Parameters have been found 
for the temperature dependence of rate of oxidation on the assumption that they are subject to an 
exponential law. The alloying of niobium with titanium has been found to cause a considerable 
increase in its resistance to oxidation in the whole range of temperatures investigated. The oxidation 
resistance of alloys oi niobium with zirconium only increases up to 800° with 2 zirconium concentra- 


tion more than 10%. 


There is very little published information concern- 


ing Nb-base alloys. These usuaily mentioned are 
alloys in which niobium is in the form of small ad- 
ditions to a less refractory metal. The oxidation 
resistance of nicbium alloys with zirconium or 
titanium has not been studied very much. A very 
small amount of information is known about their 
structure and mechanical properties [1]. 

Niobium forms a continuous series of solid solu- 
tions with zirconium and titanium [2, 3]. The heat 
resistance of Nb-Zr alloys at 570° starts to fall as 
the niobium concentration increases [2]. Study of 
the influence of small additions of niobium 
(0.5-5 wt.%) on the rate of oxidation of titanium 
between 650 and 982° has shown that the alloy is 


oxidized more intensively than the pure titanium [4]. 


The same results were cbtained by Hauffe [5] who 
studied the oxidation of alloys of titanium with 
niobium at temperatures between 600 and 1000°. 
This is also indicated by the results of the deter- 
mination of electrical conductivity of titanium oxide 
TiO, with small additions of Nb,0,{6]. We decided 
it would be interesting to study the influence of 
small additions of titanium and zirconium on the 
oxidizability of niobium in a wide range of temper 
atures. This is the investigation described in the 
present paper. The figures on the oxidation of the 
pure components are contained in papers [7, 8]. 


* Fiz. metal. metalloved., 12, No. 4, 576-579, 1961. 
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FIG. 1. Dependence of hardness on niobium content. 


The alloys of niobium with 10, 30 and 70 wt.% 
zirconium and niobium with 3, 10 and 30 % titanium 
were prepared by the method which has been des- 
cribed in [7], from high purity metals (Nb 99.63; 

C 0.22; Fe 0.1; Ta 0.04; Zr 99.99; Ti 99.99 wt.%). 
Oxidation was carried out for 12 hr in the tempera- 
ture range 500-900°. The hardness of the alloys 
(Fig. 1) was somewhat greater than that of the 
pure components and increased with niobium con- 
tent. The oxidation curves of the alloys (Figs. 
2-5) are of a somewhat unusual shape. This is of 
course due to the change in the nature of the oxide 
layers formed. 

Practically all the curves show several stages 
of the process of oxidation and the last one is 
characterized by very high rates of scale formation. 
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FIG. 2. Oxidation of the alloy Nb-Zr (30%). 


Time, hr 
FIG. 4. Oxidation of alloy Nb-Ti (3 %). 


As can be seen from the illustrations, the rate of 
oxidation increases noticeably as temperature is 
elevated and duration prolonged. This means that 
the layer of oxides formed seems to gradually lose 
its protective properties. The alloy with a large 
amount of zirconium and titanium for instance 
(Figs. 2, 5) only oxidizes a little at temperatures 
below 700°. At higher temperatures there is a very 
vigorous increase in the scale formation. At 900° 
the oxidation curves are practically linear for all 
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FIG. 5. Oxidation of alloy Nb-Ti (10%). 


the alloys. 

Analogous results have been obtained by other 
investigators on the oxidation of pure niobium [8]. 
The increasing scale formation in the process of 
oxidation is connected by the authors to the appear- 
ance of tension in the oxide layer and subsequent 
spalling. 

The oxidation curves for the alloys show no 
kind of dependence throughout the whole range of 
times and temperatures. In the final stages they are 
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TABLE 1. Constants of the equation for oxidizing process 


Composition. A Temperature 
range °C 


Nb—Zr (30%) | 7 6x1073 500—700 
9.6x 1018 700—900 
Nb—Ti (39%) | 3.61 x 10° 500—850 
Nb—Ti (10%) | 1.26x 1074 500—800 
6.45x 1017 800—906 


500 600 700 800900°C 

Nb-2r(30%) 

Lo | 


Zh 


5, g/cm 


Ss 


49/s x 10 


Sj 


9 08 07 


ox 10? wt % niobium 


FIG. 6. Temperature dependence of rate of oxidation. FIG. 7. Dependence of oxidation of Nb-Zr alloys 
on niobium content. 


usually characterized by almost linear rate. The oxidation. At up te 700° the intensity of oxide 
parabolic rate law is observed at the early stages formation is not dependent on composition in Nb- 
in the oxidation of Nb-Zr (30 %) and Nb-Ti (3 %) Zr alloys with up to 90 % niobium. At 800° the 
and Nb-Ti (10 %). If the temperature dependence of alloys with more than 75% niobium oxidize quite 
oxidation is assumed to be defined by the equation vigorously and at 900° there is vigorous oxide 
K = A exp (B/RT) then the corresponding parameters formation in the one with 30% niobium also. Com- 
will have the values set out in Table 1. paring Figs. 7 and 8 it can be seen that additions 
As can be seen from Fig. 6, there is a bend in of titanium produce a greater improvement in the 
the region of 700° in the straight lines InK —1/T resistance to oxidation than does zirconium. 
for the alloys Nb-Zr (30 %) and Nb-Ti (10%). This As shown by the results of the heat and chemical 
appears to be due to an abrupt change in the mechan- calculations and the equilibrium constants of the 
ical properties of the oxide layers with increase in oxidizing and reducing reactions taking place in 
temperature. Figs. 7 and 8 show the dependence of the multi-phase layer of oxides, when an alloy of 
rate of oxidation on niobium content (for 1 hr). niobium and titanium is oxidized the phases most 
Slight additions of zirconium and titanium cause a favoured are TiO, and Ti,O;, while the Nb,O, is 
sharp increase in the resistance of niobium to partially reduced to pure niobium (Fig. 9). X-ray 
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FIG. 8. Dependence of oxidation of Nb-Ti alloys 
on niobium content. 


analysis of the oxide films formed on oxidization 
of the alloys at 600, 700, 800 and 900° indicate 
that it is mainly the higher oxides of the principal 
components of the alloy which are formed. 


It is difficult to carry on a more detailed dis- 
cussion of the results obtained as a whole number of 
factors influence the kinetics of oxidation. Such 
factors include the fact that the oxide layers formed 
are multi-phase, exchange oxidizing-reducing re- 
actions occurring in the layer of oxides and varia- 
tion in the mechanical properties of the oxides 
with temperature. 


Translated by V. Alford 
REFERENCES 


1. C.P. Anderson, E.P. Hayes, A.H. Robertson and 
W.J. Kroll, Report invest. US Bureau Min. 
4653 (1950); 
J.B. Litton, /ron Age, 167, 95, 112 (1951). 

. Yu.F. Bychkov, A.N. Rozanov and V.N. Skorov, 
Atomn. energiya, 2, 146 (1957). 


3 873 1073 


FIG. 9. Temperature dependence of equilibrium cons- 


tants of oxiding-reducing reactions which occur 
during the oxidation of Nb-Ti alloys: 


1— 10Ti+3Nb203.26Nb+ 5Ti2Os- 
2—5TiO + Nb2Os = 2Nb+5TiO2’ 
3 —5TigOs +Nb20s2Nb+ 10TiOg: 
4—5Ti + 2Nb903 2 4Nb+5TiOg? 
5 —3Ti + 2Nb + TigOs. 


. B.A. Rogers and D.F. Atkins, 


J. Metals, 

7, 1034 (1955); 

D.J. McPherson, J. Metals, 
3, 881 (1951). 


. H.W. Maynor, B.R. Barret and R.E. Swift, 


WADC, Tech. rep., 54-109, Contract No. H.F.18 
(600), Project No. 7351, March (1955). 


. K. Hauffe, Oxidation von Metallen und Metalle- 


gierungen, Springer, Berlin, 193 (1956). 


K. Hauffe, H. Grunewald and Trinkler-Greese, 
Z. Elektrochem., 56, 937 (1952). 


. I.N. Frantsevich and R.F. Voitovich, 


Fiz. metal. metalloved., 

10, (1960). 

J.U. Cathcart, J.I. Campbell and G.P. Smith, 
J. Electrochem. Soc., 

105, 442 (1958). 


103 
| | | 
| | | log C 
| ‘ 
| | | 
| 
| 
re 
4 
: 


X-RAY DIFFRACTION ANALYSIS OF THE MICROSTRUCTURE OF 
FERRO-NICKEL AFTER y-a AND y~a-y TRANSFORMATIONS * 
N.I. NOSKOVA and V.A. PAVLOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 

(Received 27 February 1961) 


X-ray diffraction analysis has been used to determine block sizes and the extent of II type 
distortions in ferro-nickel after quenching in liquid nitrogen and annealing in the temperature 
range 100-900°C. After the a-y transformation the size of the blocks of the newly formed y- phase 
has been found to be the same as that of the blocks of the a-phase which exist under these con- 


ditions. 


The strain-hardened state in a metal can be pro- 
duced not only as the result of alloying with a sec- 
ond component or work-hardening by cold plastic 
deformation, but also by heat treatment, particularly 
after a polymorphous transformation. In alloys poly- 
morphous transformations are accompanied by » 
elastic, and sometimes plastic, deformation of the 
crystals. This is due to the difference in the speci- 
fic volumes of the phases participating in the trans- 
formation [1-4]. A number of works have been de- 
voted to the study of the physical nature of phase 
work-hardening. In most cases the object of study 
was the martensitic transformation in steels with 
varying carbon contents. It is regarded as estab- 
lished fact that the microstructure of the a-lattice 
which has undergone martensitic transformation, 
will be characterized by the presence of II type 
distortions, low block size of the order of 10°° cm, 
and the existence of residual local stresses, known 
as static distortions, in the crystal lattice. Phase 
work-hardening becomes more intensive as the 
carbon content is increased [4-6]. 

When quenched alloys are tempered the structural 
changes due to phase work-hardening will be liquid- 
ated. Block size increases and [I type stresses are 
relaxed [7, 8]. Not enough study has been given to 
the process of the reverse polymorphous transform- 
ation a-iron to y-iron. This is due to the difficulty 
of measuring the microstructure and strain-harden- 
ing of the alloys due to internal cold work against 
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a background of the diffusion processes which will 
take place at the temperature for the reverse trans- 
formation. 

Very little data are available regarding the varia- 
tions in intergranular structure after the reverse 
transformation. Investigation of the reverse trans- 
formation in ferro-nickel has shown that shear 
lines appear in the newly formed austenite. This is 
accompanied by increased hardness. Besides this, 
within the limits of the original austenite grains, 
the angle of misorientation between the blocks 
becomes larger [4, 9, 10]. No detailed representa- 
tion of the constitution of the fine structure of the 
alloy after the reverse transformation has yet been 
obtained. A number of propositions have been made 
regarding block refinement as a result of reverse 
transformation, but there is no direct evidence of 
this. 

In the present work determination has been made 
of the sizes of blocks and II type distortions which 
are the result of primary and secondary trans forma- 
tion in ferro-nickel. 


MATERIALS AND EXPERIMENTAL 
PROCEDURE 


The investigation was carried out on specimens of 
ferro-nickel with the following constitution (wt. %): 


C Si Mn 
0.04 0.38 0.33 


Cr Ni Fe 
0.51 28.23 balance 


X-ray diffraction analysis 


TABLE Il. a- phase ferro-nickel 


| | II type 
Annealing | Width (110) | Width (220) Block size distortions 


radians x 106 cm Aa. 102 
a 


temperature| radians 


5.6x1073| 10-3 
5.6 x1073} 20,5 1073 
5.3x 1073} 18,7x 1073 
4.61073} 15,8x 1073 
4.0x 1073] 12,8x1073 


Note. The width of the diffraction lines of the standard a-phase 
was (110) — 3.0 x 107° and (220) — 12.0 x 10°° radians. 


Martensitic transformation point was at — 20°C 
and the end point of the secondary transformation 


lines (111), (222) of austenite and (110), (222) of 
martensite, as 


was at 580°C. X-ray diffraction analysis of the s 
direct and reverse transformations was carried out A= TH’ 
VOL. on powders of the composition indicated. The fear 
12 that martensitic transformation might not occur or where S is the integral area of the curves of the 


might occur only partially in the powders, was not 
realized. Phase analysis showed that after the 
direct transformation only about 8 % of the austen- 
ite had not undergone transformation to the a- state. 
Subsequent annealing for | hr at 580°C returned 

the whole alloy to the y- state. 

The test specimens were prepared as follows. A 
bar of ferro-nickel was first annealed at 1100°C for 
30 min andthen powders were filed from it. The 
powder was passed through a 250-mesh sieve and 
then annealed in a vacuum of 10° * mm Hg at 
1100°C for 30 min. Cooling was carried out in a 
vacuum at the rate of 100°/min down to room temper- 
ature, with subsequent quenching in liquid nitrogen. 
The quenched powder was divided up into equal 
portions, each of which was annealed in a vacuum 
for 1 hr at one of the following temperatures: 100, 
200, 300, 400, 500, 580, 600, 700, 900 and 1100°C. 
After annealing the powders were then passed 
through the sieve. 

Cylindrical specimens 0.7 mm in dia. were pre- 
pared from these powders for X-ray diffraction 
analysis. The photography was carried out on a 
RKD apparatus with a wide dia. of 150 mm. Kiron 
radiation was used. The resulting X-ray patterns 
were photometered. From the photometered curves 
measurement was made of the width of diffraction 


diffraction maximum and H is its height. Correction 
for the width of the Kj, lines, analysis of block 
size and II type distortions was all carried out by 
the method proposed by Lysak [7]. The approxima- 
tion chosen for the curve of the diffraction maxi- 
mum was in the form of the function / = e~ 2*’. 
The width of X-ray diffraction lines obtained 
from filings of ferro-nickel filed in liquid nitrogen 
and then vacuum annealed at 400°C for 3 hr was 
used as the reference width of the diffraction line 
for a-iron, due only to instrumental errors. The 
reference for y-iron was in the form of filings 
annealed in a vacuum at 1100° for 30 min. 


RESULTS 


Tables 1 and 2 set out the measurements of the 
width of diffraction maxima on the X-ray patterns, 
as alsc the figures obtained by analysis of block 
size and II type distortions (the width of the dif- 
fraction lines was corrected for the K,-doublet). 

The results obtained permit the conciusion that 
the block size of the y- phase which is newly 
formed as a result of the reverse martensitic trans- 
formation in ferro-nickel, is no less than that of 
the blocks of the a-phase which is already in 
existence at this temperature. In the a-y 


105 
| 
100 4.5 1.0 
200 5.2 0.8 
300 5.3 0.5 
400 6.4 0 
500 | 8.4 0 


X-ray diffraction analysis 


TABLE 2. y-phase of ferro-nickel 


temperature; radians radians 


II type 
Annealing | width (111) | Width (222) Block size distortions 


Aa 
— x 108 
a 


10° cm 


3 4x1073| 7.4x1073 
3.2x107-3| 7.21073 
3,3x 1073! 5.8x107% 
2.6% 1073} 3.8x107% 
2.4x1073| 3.6x107% 


Note. The width of the diffraction lines of the standard y- phase 
was (111) — 2.2 x 107° and (222) — 3.4 x 10°° radians 


transformation range (500-600°) the rate of block 


growth slows down as the influence of temperature 


on the growth of the blocks is in this range res- 
tricted by the action of elastic distortions from 
the arising y-phase (see Table 2). If the elastic 
distortions reach the degree which is critical at 
these temperatures, then they will cause local 
plastic deformations which will lead to block 
fragmentation and will retard the growth of the 
latter as a result of polygonization [11]. 


CONCLUSIONS 


Analysis of block size on polymorphous transform- 


ation in ferro-nickel shows that block growth is 


retarded in the transformation range. This can be 
attributed to fragmentation of the blocks as a 

result of local plastic deformation and polygoniza- 
tion which takes place under the influence of 
elastic distortions arising in the course of trans- 
formation. The size of the blocks of the newly 
formed y-phase is the same as those of the a- phase 
which exist in these conditions. 

This work was carried out in conjunction with 
workers from the Urals Heavy Engineering Factory. 
The authors wish to express their gratitude to 
V.G. Sadovskii and K.A. Malyshev for their advice 
and for determining the results in the course of the 
work. 


Translated by V. Alford 
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INFLUENCE OF CERTAIN FACTORS ON THE ELASTIC PROPERTIES OF 
Ni- AND NICHROME BASE ALLOYS* 
T.Ya. BENIEVA and I.G. POLOTSKII 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
(Received 20 February 1961) 


The dependence of the elastic properties of nickel alloys have been studied on composition, 
temperature and heat treatment. These features have been found to have no appreciable effect on 
the strength of the interatomic bonding forces in the nickel lattice within the solid solution range. 
It is suggested that the increase in strength which is effected by the introduction of alloying 
additions to the nickel, particularly at elevated temperatures, can be attributed mainly to structural 
changes and not to an increase in atomic interaction in the crystal lattice of the alloy. 


A large number of Russian and foreign works have 
been devoted to the study of nickel alloys and at 
the present time there is quite a large accumulation 
of general experimental material. However, the 
problem of the influence of different factors on the 
interatomic bonding forces in Ni-base solid solu- 
tions have still not been studied sufficiently. 

The aim of the present work was to study the 
elastic properties of a number of Ni-base metallic 
systems (Ni-Cr, Ni-Mo, Ni-Al, Ni-Ti, Ni-Cr-Al, 
Ni-Cr-Ti and others) and also to investigate the 
variation in these properties with composition, tem- 
perature and previous heat treatment. The dynamic 
method was used to investigate the elastic proper- 
ties. This is a most effective physical method of 
studying the moduli of elasticity in metais and 
alloys at elevated temperatures. The chemical 
composition of the alloys is set out in Table 1. The 
alloys were investigated in the annealed state. 
They were heated to 900° with 3 hr soaking and 
cooled in air. Some ot the alloys were quenched in 
order to obtain the single-phase state on a basis 
of the constitution diagram. 

Magnetostriction in ferromagnetic materials means 
that they have a low elasticity modulus. The elastic 
constants of binary nickel alloys are therefore more 
accurately compared, not at room temperature, but 
at a temperature above the Curie point of nickel. 
The concentration dependence which we have 
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deduced for the modulus of elasticity in the nickel 
alloys Ni-Cr, Ni-Mo, Ni-Al and Ni-Ti at 600° ex- 
clude the influence of a ferromagnetic state and 
provide a more accurate measure of the variations 
in elastic properties with composition [1]. In alloys 
of the Ni-Cr, Ni-Mo, Ni-Al and Ni-Ti systems the 
elasticity modulus gradually increases as we go 
from nickel to alloys containing chromium, moly- 
bdenum and aluminium, while additions of up to 

10 at.% titanium cause practically no variation at 
all (Fig. 1). The slight reduction in the elasticity 
modulus of the alloy Ni + 12.5 at.% Ti is perhaps 
due to the fact that this alloy is heterogeneous. 
Attention is also drawn to the fact that an addition 
of 1.1 at.% Al to nickel will increase the modulus 
of elasticity while an increase of up to 5 at.% 
causes practically no change. 

Comparison of the melting points of the alloys 
shows that there is no simple relationship between 
the elasticity moduli of the solid solutions Ni-Cr, 
Ni-Mo, Ni-Ti, Ni-Al and their melting points. 

The m.p. of nickel-chromium alloys is slightly 
different from that of nickel-molybdenum ones and 
Young’s modulus is higher in the former. 

As the atomic dia. of nickel and titanium are 
very different (Ni-2.49 A, Ti-2.93 A), then the 
change in the elasticity modulus as a result of the 
alloying of nickel with titanium shoud not only be 
due to the electronic structure of their atoms, but 
also to the ratio between the atomic dia. If un- 
filled places in the d level are filled with s elec- 
trons in binary solutions in the presence of only 
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FIG, 1. Concentration dependence of Young’s modulus in nickel alloys at 600°; 
1 — Ni-Cr; 2-— Ni-Mo; 3 — Ni-Ti; 4 — Ni-Al. 


one transition element, this will cause a supple- factor — difference in the sizes of the atoms acting 
mentary interaction which will strenghten the inter- in the opposite direction [3]. [t must be noted that 
atomic bond [2]. It is therefore possible that there if the difference in the atomic dia. is small 

will also be increase in the elasticity modulus (Ni- 2.49 A, Al —2.86 A) in the nickel-aluminium 
when chromium or molybdenum are introduced into alloys which we investigated, the geometrical 
nickel. In alloys with the transition metals, how- factor did not appear to have any effect on the 
ever, there is redistribution of the electrons between _ elastic modulus. 

the atoms. This causes an increase in the inter- For comparison with the results of the assess- 
atomic bonding forces, while the variation in the ment of atomic interaction, obtained from X-ray 
elastic modulus observed for nickel-titanium alloys diffraction analysis, we calculated the Debye 
shows that there is addition of a further, geometrical, characteristic temperature from the elastic moduli 
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for nickel and nickel alloys: 


where FE is Young’s modulus, kg/mm’; p is density; 
A is atomic radius. Our figures are set out in 

Table 2. The Op figure calculated from the elastic 
constant must be regarded as a rough assessment. 
There is a slight increase in the characteristic 
temperature for an eddition of 9.4% chromium to 
nickel. Further increase in the chromium concentra- 
tion however, causes practically no variation. In 

the alloys Ni-Ti and Ni-Al there is a very slight 
variation in characteristic temperature in dependence 


kg/ Ex 107°, kg/mm 


TABLE 2 


Characteristic 
temperature 


9p, °K 


Composition 


Nickel | 437 
Ni+9.4% Cr | 459 
Ni + 21.36% Cr! 466 
Ni + 25.75% Cr} 468 
Ni+4,32% Ti 442 
Ni + 8.37%, Ti | 443 
Ni +0 5% Al 438 
Ni + 2.37% Al | 444 
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FIG. 2. Temperature dependence of Young’s modulus in nickel-molybdenum alloys: 


1 — Ni; 
4 — Nit Y.00 % Mo; 


on concentration. The characteristic temperature in 
nickel alloys Ni-Cr, Ni-Ti and Ni-Al differs from 
the Op value obtained by X-ray diffraction analysis 
[4] for alloys of similar composition. In nickel- 
titanium alloys the characteristic temperature value 
produced by X-ray diffraction analysis shows ar 
increase with increase of titanium concentration, 
but according to the elastic consrant data there is 
no change. 

As follows from Iveronova’s work [5-9, *2], the 
reason for the divergence in the characteristic 


2 — Ni+ 3.13% Mo; 


3 — Ni + 6.27% Mo: 
— Ni+ i2Z.89% Mo (at.%). 


temperature value obtained by different methods 
must lie in the following. Variation in atomic in- 
teraction in solid solutions causes a variation 
both of the maximum frequency in the thermal 
vibration spectrum of the lattice atoms, and in the 
distribution of vibration frequencies. The latter 
has different effects on thermal capacity, elastic 
constants and the scattering intensity of the X-rays. 
The works of other investigators have been de- 
voted to this problem [10, 11, 13). 

Considerable interest attaches to the investigation 
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FIG. 3. Temperature dependence of Young’s modulus in nickel, nickel-chromium 
and nickel-titanium alloys: 


1 — Ni; 2—Ni+ 10.48% Cr; 


3 — Ni+ 23.46% Cr; 


4—Ni+ 5.24% Ti; 


5 — Ni+ 10.06% Ti; 
6 — Ni+ 12.51% Ti (at. %). 


of the influence of temperature on the elastic pro- 
perties of binary and ternary nickel alloys [14-16]. 
To find a more precise figure for the elastic modu- 
‘us a suitable correction for the coefficient of 
linear expansion was introduced to our figures for 
the temperature dependence of the modulus in 
nickel andits alloys. 

The dependence of Young’s modulus for ferro- 
magnetic nickel-molybdenum and nickel-aluminium 
alloys has been found to be of the same nature as 
in pure nickel. The minimum, however, lies in 
lower temperature regions (Fig. 2-5). When the 
aluminium concentration is increased the tempera- 
ture dependence curve of the elasticity modulus 
smooths out. Addition of molybdenum or aluminium 
not only shifts Curie point to lower temperatures, 
but it also reduces the ferromagnetic component 
of the modulus. y 

Our data show that the variation in Young’s 
modulus for the non-ferromagnetic alloys Ni-Mo, 
Ni-Cr, Ni-Al and Ni-Ti in medium temperature 
ranges is practically linear. At higher temperatures 
there is an accelerated reduction in the elasticity 


modulus, due to relaxation processes taking place 
on grain boundaries. In alloys with lower concn. 
of molybdenum, chromium, titanium or aluminium, 
the departure from linearity takes place at lower 
temperatures. 

The investigation showed that the temperature 
curves of the modulus of elasticity in Ni-Mo, Ni-Cr 
and Ni-Al alloys lie higher than in pure nickel. In 
non-magnetic nickel-molybdenum alloys Young’s 
modulus increases as the molybdenum concentra- 
tion increases and its higher value is maintained 
right up to 1100°C. In nickel-titanium alloys a 
high elasticity modulus value is maintained in a 
wide range of temperatures in alloys with small 
titanium concentrations. In the 15 alloys on the 
basis of nickel and nichrome investigated, the 
elasticity modulus at 600° is about 0.8, and at 
1000° about 0.6 of its value at room temperature. 

If the figures for the temperature dependence of 
the variation in Young’s modulus in nickel-moly- 
bdenum alloys are compared with the available 
temperature dependence curve for damping capacity 
in similar alloys, it will be seen that the abrupt 
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FIG. 4. Temperature dependence of Young’s modulus in nickel with varying 
additions of aluminium (at. %): 
1—Ni; 2—Ni+11%Al; 3-—Ni+5.0% Al. 
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FIG. 5. Temperature dependence of Young’s modulus in nichrome with varying 
additions: 
1 -— nichrome; 2 — nichrome + 0.82 % Al; 
3 — nichrome + 2.2% Al; 
4 — nichrome + 2.5% Ti (wt. %). 
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FIG. 6. Ratio between coefficient of thermal expansion and temperature 
coefficient of elastic modulus: 

2 — Ni+ 6.27% Mo; 

3 — Ni + 12.89% Mo (at %). 


000 °C 


2 


M0; 200 400 


1 — Ni+ 5.24% Ti; 


increase ir. damping capacity and the departure of 
the temperature dependence of Young’s modulus 
from linearity both occur at roughly the same tem- 
perature [17]. On single crystals of aluminium, 
Friedel, Boulanger and Crussard [18], also showed 
that the reduction in Young’s modulus and increase 
in damping capacity in dependence on temperature 
are determined by the structural perfection of the 
monocrystals. The temperature displacement of the 
sharp increase in damping capacity in dependence 
on molybdenum cencentration which is observed in 
nickel-molybdenum alloys appears to be due to a 
tendency for the molybdenum to enrich the boundary 
layers, as demonstrated by Kishkin and Bokshtein 
[19], and to reduce slip. It must be noted that, as 


FIG. 7. Ratio between coefficient of thermal expansion and temperature 
coefficient of elastic modulus: 


2—Ni+t 10.06% Ti (at. %). 


G00. 800. 


pointed out in [20], it is these elements which 
cause considerable slowing down of the growth 
of centres of recrystallization. The writers of the 
work cited are of the opinion that this is due to 
the horophile state of the Mo, Cr and Al. 

As shown by these data, additions of aluminium 
or titanium to nichrome do not always have a posi- 
tive influence on Young’s modulus in a wide range 
of temperatures (Fig. 5). A 0.8 % addition of alumin- 
ium will cause the elasticity modulus of the tern- 
ary alloy Ni-Cr-Al at elevated temperatures to be 
slightly higher than that of nichrome. Even at 
700° and above, the strengthening due to the alumin- 
ium addition will be preserved to a known extent. 
Increase of up to 2.2% aluminium to nichrome will 
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FIG. 8. Reiative variation in Young’s modulus in nickel- 
molybdenum ailcys with soaking time: 
1 — Ni+ 9.68% Mo; 
2 — Ni+ 12.89% Mo {at. %). 


cause a reduction in temperature and sharp reductioa 
in the modulus. Ard then, ar addition of 2.5 % tita- 
nium to nichrome will not cause any substantial 
difference ia the elasticity modulus in the whole 
range of temperatures investigated. 

Fridman [21], has shown that the ratio between 
the coefficient of thermal expansion and the temper- 
ature coefficient of Young’s modulus is a constant 
value in different metals (about 40 x 107°). We 
determined the ratio between the coefficient of 
thermal expansion a anc the temperature coefficient 
of the elasticity modulus 7 in the aickel alloys ia- 
vestigated (Figs. 6 and 7). Up to temperatures of 
(0.52-0.55) 7 ,e],;°K this ratio was found to be 
constant at about 40 x 10°. Attention is drawn to 
the fact that in the temperature range where inelas- 
tic effects should appear, this does not occur dae 
to the rapid increase in the temperature coefficient 
of the elastic modulus. 

An interesting and practical possibility provided 
by the results obtained is that of determining the 
temperature coefficient of the elastic modulus frou. 
the coefficient of linear expansion, for the tempera- 
ture range where the inelastic effects mentioned 
above continue to be maintained. This indirect 
method of finding the temperature coefficient of the 
elastic modulus does not compete with the direct 
method, but it is quite satisfactory for a rough 
estimate. 

Thus, the study of the elastic properties and 
coefficient of thermal exparsion of binary (Ni-Cr, 
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FIG. 9. Reiative variation ir Young’s modulus in nickel- 
chromium alioys with soaking time: 
1 — Ni + 23.46% Cr; 
2 — Ni+ 28.13% Cr (at.%). 


Ni-Mo, Ni-Al, and Ni-Ti) and ternary (Ni-Cr-Al 

and Ni-Cr-Ti) nickel alloys has shown that varia- 
tions ia composition and temperature have very 
little effect on the interatomic bonding force in the 
solid solution. The increased strength which is 
observed on the introduction of alloying addition - 
to nickel, particularly at elevated temperatures, 
must therefore be attributed to other factors. These 
will ze mainly structural changes which take place 
in the alloys, as the structural factor plays a 

most important part ia resistance to deformation. 

In recent years a considerable number of works 
have appeared which have been devoted to the 
study of anomalies in changes of physical proper- 
ties in certain solid solutions during heat treat- 
ment [22-32]. To study the influence of low temper- 
ature tempering on the elastic properties of nickel 
alloys an apparatus was set up which made if 
possible to determine the Eigen frequency of vibra- 
tion of a specimen with a precision of up to 9.02% 
(33). 

We investigated the variation in the elastic proper- 
ties of Ni-base alloys with time an¢ tempering temper- 
ature. Of the alloys set out in Table 1 the follow- 
ing were investigated: Nos. 3, 4, 6, 7, 13, 16, 
EI-437B and EI-445. The binary solid solutions 
Ni-Cr and Ni-Mo were investigated. The influence 
of Al and Ti on the process of the formation of a 
K state in nichrome and the variation in the elastic 
modulus of the alloys El-437 and EI-445 with tem- 
pering time were also investigated. Then the 
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FIG. 11. Dependence of Young’s modulus on 
tempering temperature: 


FIG. 10. Relative variation in Young’s modulus of 
nichrome-base alloys with soaking 


time: 1 — Kh20N80; 
1 — Kh20N80; 2—Ni+ Cr+ 0.82% Al; 2 — EI-437 
3 — Nit+Cr+1.9% 4 — E]-437; 
Tis 5 — BI-445. 


temperature range was determined for the existence temperature. The maximum figure for Young’s 


of the K state in Ni-Cr and Ni-Cr-Ti-Al modulus ia Kh20N80 is observed after tempering at 
alloys. 450°. Further increase of temperature causes a 
The Ni-Cr, Ni-Mo, Ni-Cr-Al and Ni-Cr-Ti alloys reduction in the elastic modulus, and at 550° it 
investigated underwent the following heat treat- has roughly the same value in the nickel-chromium 
ment: heating at 1000°, soaking for 5 hr, tempering alloy as it has after quenching. In EI-437 Young’s 
at 400° for 4, 16, 32, 64 and 100 hr. Muenching modulus is about 2% higher than in the quenched 
from 1080° was carried out in order to obtain a state, after a tempering treatment at 600°. On the 
single-phase in the alloys EI-437 and EI-445. After basis of the curve for the variation in elastic 
quenching these alloys were tempered. modulus with tempering temperature it is suggested 
In the study of the influence of heat treatment on that the range for the existence of alloys in the 
the elastic properties of Ni-base alloys it was found —go-called K state is 375-500° for Kh20N80 and 
that there was a slight increase in Young’s modu- 450-650° for EI-437. 
lus in the solid solutions after tempering (Figs. 8- If the results of the measurements of Young’s 
10). When the nickel-chromium and nickel-molybd- modulus in its dependence on tempering tempera- 
enum alloys were tempered for a short time there ture in the alloy EI-437 are compared with the data 
was a very rapid increase in the elastic modulus. produced by Livshits [30] from the study of the 
When the soaking time was extended the rate of temperature dependence of specific heat, it can 
increase slowed down, reaching the lower limit be seen that the extreme values of Young’s modulus 
after different periods in the different alloys. The and specific heat for this alloy lie in roughly the 
rate of formation of the K state increases as the same temperature range. The variation in the pro- 
concentration of the alloying addition increases. perties enumerated above corresponds to the form- 
The introduction of titanium or aluminium intensi- ation of a K state on cooling and to its destruc- 
fies the process of formation of K state. Evidence tion on heating. 
of this is given by the increase in the elastic The reason for the low temperature trans forma- 
modulus of ternary solid solutions as compared with tion in nickel alloys is not only to be attributed 
nichrome (Fig. 10). to the fact that the atoms of the alloyed metals 
The variation in the elastic modulus with temper- are elements of the transition group and have 
ing temperature was also studied in the alloys unfilled d cells. The data produced by Baer [31], 
Kh20N80 and EI-437 (Fig. 11). The results show that Bagaryatskii and Tryapkin [26], permit the con- 
the increase in the elastic modulus of nickel alloys clusion that the formation of the K state on the 


is to a considerable degree dependent on tempering tempering of nickel-chromium alloys must be due 
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to the emergence and diffusion growth of ordered 
domains of the Ni,Cr composition. As a Ni,Mo 
phase exists, according to the constitution diagram, 
in the Ni-Mo system then the change in the elastic 
modulus of the alloy Ni + 9.68 at.% Mo which is 
observed as a result of prolonged tempering, must 
be due to precipitation of an ordering phase of the 
composition Ni, Mo [28]. 


CONCLUSIONS 


1. Investigation of the concentration dependence 
of Young’s modulus in binary solid solutions Ni-Cr, 
Ni-Mo and Ni-Al in the non-ferromagnetic state has 
shown that there is an increase in the elastic 
modulus as a result of the introduction of Cr, Mo or 
Al. There is practically no change in the elastic 
modulus as the result of an addition of up 10 at.% 
titanium. 

2. It has been found that there is a slight increase 
in the characteristic temperature ©, calculated 
from the elastic constants for the alloys Ni-Cr, 
while in Ni-Al and Ni-Ti alloys it changes very 
little. From this it can be assumed that the intro- 
duction of Cr, Al or Ti to nickel causes no essential 
change in the characteristics of atomic interaction. 

3. In the non-ferromagnetic alloys Ni-Cr and 


Ni-Mo it has been found thai the high Young’s 
modulus value is maintained in alloys with high 
Cr or Mo concentrations throughout the range of 
temperatures investigated. Additions of chromium, 
molybdenum or aluminium delay the reduction of 
the elasticity modulus with elevation of tempera- 
ture. 

4. The ratio between the temperature coefficient 
of thermal expansion a and the temperature coeffi- 
cient of the elasticity modulus 7 is constant at 
about 40 x 107° in nickel-molybdenum and nickel- 
titanium alloys up to temperatures of 0.52-0.55 T,, 
°K. It follows from this that an approximate estima- 
tion of the temperature coefficient of the elastic 
modulus can be made from the coefficient of thermal 
expansion. 

5. The low temperature tempering cf the solid 
solutions investigated (Ni-Cr, Ni-Mo, Ni-Cr-Al, 
Ni-Cr-Ti, Ni-Cr-Ti-Al) is fouad to cause a slight 
increase in Young’s modulus in dependence on the 
formation of the K state. This effect disappears on 
subsequent increase of temperature, which breaks 
up the K state. 


Translated by Y. Alford 
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DYNAMIC EFFECT OF iNDUCED THERMAL FORCE AT DIFFERENT 
DEFORMATION TEMPERATURES * 
N.F. KUNIN, L.I. AFANAS’YEVA and S.S. KOZLOVA 
Chelyabinsk Polytechnic Institute 
(Received 1] February 1961) 


The dependence cf the dynamic coefficient K of induced thermal! force on temperature has 
been measured in the range from — 196 to 350°C. The maximum K value was obtained at the 
recrystallization temperatures. In copper K,,= 2.7 and in aluminium, 2.2. Increase in the dynamic 
coefficient with temperature takes place according to the exponential law. The same dependence 
is suggested for the descending branch of tne K (7) curve. K decreases more rapidly with increase 
in the degree of deformation in aluminium than it does above the deformation temperature. 

This law can be explained on the basis of the proposition of the combined action of thermal 
and athermal effects in the process of the formation of an induced thermal force. 


During isothermal plastic deformation the internal 
energy and entropy of a metal will vary with the 
increase in chemical potential. The metal passes 
into the metastable state. The degree of metastab- 
ility is dependent on temperature, rate and magnitude 
of deformation. The variation in the state of a metal 
as a result of deformation means that between the 
deformed and non-deformed metal a thermoelectro- 
motive force may arise, which we will describe as 
induced. It seems that an induced thermal force 
may also be found between two deformed metals with 
different degrees of metastability. It is therefore 
a satisfactory indicator for observation of the 
metastable states of a metal. In particular it would 
allow one to distinguish quite clearly between the 
states of a metal after static and dynamic deforme- 
tion of the same magnitude. 

The dynamic effect of induced thermal force was 
first studied by Kunin and Karelin (1]. Later Kunin 
and Afanas’yeva [2] studied the dependence of this 
effect in different metals on the degree of deforma- 
tion at room temperature. The present investigation 
is a continuation of this iatter work. The dynamic 
effect of induced thermal force was measured in the 
temperature range between —196 and 350°C. The 
method used was the same as in [2]. The measure 
of dynamic effect used at given deformation was the 
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ratio between the K dynamic thermal force and the 
static one 


K=—. 


s 


In the same way as for dynamic properties, it is 
suggested that the magnitude of an induced thermal 
force is determined by the sum of two opposing 
effects. One of these is athermal. Itis dependent 
on the extent, and aot on the conditions, of deform- 
ation. The increase in induced thermal force with 
increase in degree of deformation is connected 
with this effect. 

The second thermal effect is related to the 
return of the metastable system to the stable state. 
This effect depends on the thermal motion of the 
metal atoms, and consequently on temperature and 
time. The thermal effect causes a drop in the 
value of the induced thermal force. For a given 
degree of deformation the magnitude of this effect 
will be greater with higher temperature and lower 
rates of deformation. Both effects take place 
simultaneously in the process of deformation. The 
resultant induced thermal force will a!so be the 
sum of these two effects. The difference in the 
magnitude of an induced thermal force after static 
and dynamic deformation is determined from the 
magnitude of the thermal effectin each of these 
cases of deformation. 
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FIG. 1. Dependence of induced thermal force of copper 
on the degree of deformation in static (1) and dynamic 
(2) deformations. T = 295°C. 
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FIG. 2. Dynamic coefficient K in copper at various 
temperatures: 
1 20%; 
2 —€= 30%; 
3—€= 40%. 


500 600 °K 


FIG. 3. Dynamic coefficient K in aluminium at various temperatures: 


1—e= 20%; 


Let us consider the following approximations: 

a) Low temperatures. Thermal effect exists. 
the magnitude of induced thermal force E is only 
dependent on the degree of deformation ¢. At 
given ¢ value the magnitude of E will be the same 
for static and dynamic deformations. The dynamic 
coefficient K = = 1. 

b) High temperatures. Thermal effect occurs at 
a high velocity. During the period of deformation the 
thermal effect is completed both in static and 
dynamic deformation. In this case it is obvious that 
Ey = E, K= 

c) Medium temperatures. Dynamic and static 
deformation will be of different duration. In the 
first case thermal effect will be less than in the 


2—€= 30%; 


3 —e= 40%. 


second as the dynamic deformation period is less 
than the static. As a result of this we shall have: 
Ez K> 1. It is easy to see that the K 

value will be different at different deformation 
temperatures. At a certain temperature 7,4, the 
K value will be at a maximum. 

In a general way the K (7) function should be 
expressed by a curve with a maximum. In this 
case the extreme K valves for high and low tem- 
perature should be equal to unity. 


RESULTS 


Let us consider the results produced for copper. 


At —196°C the E (¢) dependence is linear. The 
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FIG. 4. Dependence of the logarithm of dynamic coefficient on temperature 
for the beginning branch of the curve in copper: 
x —€= 20%; 
o —€ = 30%; 
40%. 


static and dynamic straight lines are parallel and 
almost coincident. The dynamic coefficient K is 
equal to 1.1 for all deformations. At —76°C the 
E (e) function is also linear. The dynamic and static 
straight lines diverge however. The gradient of the 
asymaticline is greater than that of the static. At 
deformation ¢ = 30 % coefficient K is equal to 1.3. 
At 295°C the difference between the static £, (¢) 


and dynamic £, (e) curves is at its maximum (Fig. |). 


At high degrees of deformation there is a notice- 
able slowing down in the increase of thermal force 
with deformation as a result of the stimulating 
influence of the degree of deformation 9n the mag- 
nitude of thermal effect. At 40 % the dynamic coef- 
ficient has its maximum value K_ = 2.7. 

Fig. 2 shows the K (7) dependence for different 
temperatures at deformations of 20, 30 and 40 %. 
First, in accordance with the results expected, the 
K (T) function does actually pass through a maxi- 
mum, The temperature which corresponds to the 
K maximum is 550°K. This is 0.41 of the melting 
pointofcopper. The dynamic coefficient maximum 
corresponds to recrystallization point. 

Similar results were obtained for aluminium. The 
K (T) dependence for aluminium is shown in Fig. 3. 
The K (T) function for ali deformations have 
clearly expressed maxima. 7,,, = 425°K, which 
is 0.45 of the m.p. of aluminium. In this metal also 
therefore, the maximum of the dynamic coefficient 
corresponds to recrystallization temperature. At 
6=40%K,, = 2.2. 

The temperature dependence of induced thermal 
force can be expressed as follows (3[: 


E=cee-al | (1) 


40 50 


FIG. 5. Dependence of dynamic coefficient K in alumin- 
ium on the degree of deformation at different 
temperatures. 


where cis constant. This equation holds good 
both for static and dynamic deformation. The a 
constant will be different for the two forms of de- 
formation in that ay < a,. This means that the 
action of temperature, as was to be expected, will 
be greater under static deformation. 

In accordance with (1) we shall have: 


(2) 
(3) 


From this, for the relative deformation ¢ given, we 


shall find 


fa —2)T 
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Thus we have the exponential dependence of the 
dynamic coefficient on temperature. This depend- 
ence is illustrated by the course of the left-hand 
branch of curve K (7) in Figs. 2 and 3. The accuracy 
of (4) can be seen from Fig. 4, where the K (T) 
dependence is plotted in semi-logarithmic co- 
ordinates. At deformation temperatures T > T,,,,, 
even in the process of dynamic deformation thermal 
relief of the thermal stresses starts to take place. - 
At high temperatures the rate of thermal effect is 
high and the states of the metal after static and 
dynamic deformation will begin to converge. Coef- 
ficient K will begin to fall. 

The number of experiments carried out at high 
temperatures was not enough to show the analytical 
dependence of K (7) for this range of temperatures. 
Equations (2) and (3) seem to be accurate here 
also. But it is here to be expected that a, < aq and 
the 8 value in equation (4) will be negative. 

Coefficient K is also dependent on the degree of 
deformation. As can be seen from Fig. 5, in alumin- 
ium coefficient K will fall with deformation the 
more rapidly as the deformation temperature rises. 
This is easily understood when one considers the 


stimulating influence of deformation on thermal 
effect. In copper the K value is very little depend- 


ent on the degree of deformation. 


CONCLUSIONS 


l. The dynamic coefficient K of induced thermal 
force varies with temperature through a curve with 
a maximum. The maximum K value occurs at the 
recrystallization temperatures. 

2. The dependence of induced thermal force on 
deformation temperature has an exponential nature 
both in static and dynamic load. It follows from 
this that there is exponential increase in K with 
temperature in the ascending part of the K (7) 


curve. 
3. In aluminium, as the degree of deformation 


increases, the fall in K becomes more intense as 
the deformation temperature is raised. 

4. The results can be understood when one con- 
siders the combined action of athermal effects in 
the process of the formation of induced thermal 
force. 


Translated by V. Alford 
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HIGH TEMPERATURE DAMPING CAPACITY IN METALS* 
V.T. SHMATOV and A.V. GRIN’ 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 20 February 1961) 


The background to high temperature damping capacity, and the damping peak on grain 
boundaries in metals are both related to vacancies. It is considered that the first proceed 
from the non-equilibrium change ia vacancy concentration in the volume of the zrains, while 
the second occurs on their boundaries. The results of this theory are in satisfactory agree- 
ment with the principal features of high temperature damping capacity in metals. 


1. HIGH TEMPERATURE BACKGROUND OF 
DAMPING CAPACITY IN METALS 


Measurements carried out on monocrystals in high 
temperature ranges show that, starting at a certain 
temperature, there is a very rapid increase in the 
magnitude of damping capacity. In polycrystals the 
damping peak on grain boundaries is added to this 
form of decay (high temperature background of 
damping capacity). 

The available experimental data show that the 
temperature dependence of the high temperature 
damping capacity background in monocrystals is of 
an exponential nature [1-4]. Besides this typical 
feature, measurements of the activation energy due 
to background, which was found from the slope of 
the straight line dependence of the logarithmic 
decrement of decay on reciprocal temperature, this 
is found to be considerably less than the activation 


energy of the self-diffusion of atoms in a test piece. 


The authors of the works cited usually connect the 
origin of the high temperature damping capacity 
background with vacancies [1-4]. 

The first investigation of the high temperature 
background of damping capacity in polycrystals 
was carried out by Ke [5]. He found that the back- 
ground increases with the degree of previous de- 
deformation and that it is dependent on annealing 
temperature and impurity concentration. Subsequent 
works show [6, 7], that after preliminary deforma- 
tion the background level is not only dependent on 
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the degree of deformation but also on the initial 
grain size. Preliminary deformation on a material 
with low initial grain size produces a higher back- 
ground than a coarse granular material. 

Two of the typical features of high temperature 
dampinz capacity background in monocrystals also 
belong to background in polycrystals. Regarding 
other data on the damping capacity background in 
polycrystals it must be noted that a damping peak 
on grain boundaries is added to this background. 
This is difficult to eliminate. For this reason some 
of the features enumerated above regarding the 
behaviour of the high temperature damping capacity 
background in polycrystals must actually be attri- 
buted to the peculiarities of this peak. We will 
therefore give our attention to the experimental 
data obtained for monocrystals, where the high 
temperature background appears in a pure form. 

As has already been noted, many authors are 
inclined to relate the high temperature damping 
capacity background in metals with vacancies the 
number of which increases vigorously with increase 
in temperature. We also adhere to this point of 
view. In the present article we assume that the 
background arises from the non-equilibrium change 
in the number of vacancies in the process of per 
iodic deformation. It is, in fact, well known that 
vacancy concentration is a function of constitution. 
In damping capacity tests, periodic deformation 
will vary the constitution of the specimen. In this 
case the number of vacancies should also vary 
periodically. However, a change in the number of 
vacancies requires a certain time (relaxation time), 
and, if it occurs a long time after the variation of 


deformation, then the process of deformation will 
be a non-equilibrium one and this will lead to the 
dissipation of energy of mechanical oscillations, 
which is damping capacity. The parameter which is 
responsible for the emergence of a high temperature 
damping capacity background is in our model 
therefore, the vacancy concentration z. The magni- 
tude of the background will be [8]: 


(I 
1+ 7)? 


where @ is frequency; rT is relaxation time of 
vacancy concentration at constant temperature 7 
and deformation ¢; AE is the defect in the elasticity 
modulus due to vacancies, and is equal to 


(2) 


Here o is elastic stress; C, is thermal capacity due 
to the presence of vacancies; FE’ is the elasticity 
modulus, deducting that part which is due to 
vacancies. As it is very little different from the 
full elasticity modulus, we will in future assume that 
E’=E. 

To calculate the modulus defect according to 
formula (2), we will make use of the very simple 
variation on the microscopic theory of vacancies in 
metals. The free energy of a unit volume of metal, 
due to vacancies, will be determined by the ex- 
pression 


F = Nuz — NAT +2) In (1 ~ 2) (3) 


where N is the number of atoms per unit volume; 
k is Boltzmann’s constant; u is the energy of forma- 
tion of one vacancy (according to Schottky). From 
the condition of minimum free energy we shall find 
that the equilibrium concentration of vacancies is 
given by the formula 


A (4) 


As the first term in the expression for free energy 
(3) is the energy of formation of a given number of 
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vacancies, for the part of the thermal capacity «: + 
unit volume of metal due to vacancies, we shall 


heave: 


{ 02 
C,=Nu (5) 


Then, having used the formulae for vacancy con- 
centration (4) and thermal capacity (5), we shall 
find the following result for the modulus defect due 
to vacancies: 


(6) 


lt is difficult to make any precise numerical evalua- 
tion of the modulus defect on the basis of formula 
(6) as we have not sufficiently precise knowledge 
of the magnitude of the derivative du/do. As the 
modulus defect is proportional to the vacancy con- 
centration, its magnitude might only be substan- 
tial at high temperatures, when vacancy concen- 
tration is high. 

We will now pass to calculation of relaxation time 
of vacancy concentration. In this case, the element- 
ary act will amount to substitution of an atom by a 
vacancy if the vacancy concentration increases, or 
a vacancy by an atom if the concentration diminshes, 
so as to achieve equilibrium. The appropriate sub- 
stitution will take place in each case by a vacancy 
diffusion. 

In all cases the paths followed by the vacancies 
can either be dislocations or simply the surface 
of the specimen. It is important when calculating 
the relaxation time of vacancy concentrations, 
that their number varies due to vacancy diffusion, 
the elementary act of which consists in the ex- 
change of places by neighbouring atoms and va- 
cancies. For this reason relaxation time will be 
equal to [9]: 


AD 


where A is Planck’s constant; F,. is the second 
derivative of free energy through vacancy concentra- 
tions; Ad is the thermodynamic potential of the 

activation of vacancy diffusion, which is equal to 


AP=AH—TAS. (8) 


Here AS is activation entropy, while AH is the 
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activation energy of the motion of a vacancy. In 
describing formula (7), we allowed in the first 
multiplier for relaxation time being inversely pro- 
portionaltothe derivative F,,. The second multi- 
plier in (7) is of the ordinary diffusion type. We are 
not going to go into explanations about the detailed 
form and temperature dependence of the coefficient 
A. If the latter exists, it can be said that it is not 
very important in comparison with the temperature 
dependence (7) already distinguished in the form of 
an experiment as, according to [9], relaxation time 
will have the form 


= K (9) 


where K is in our case the coefficient of diffusion 
genesis. 

Generally speaking equilibrium concentration of 
vacancies is not achieved in one elementary act 
of exchange of places between an atom and a 
vacancy. The aumber of such elementary acts de- 
pends on dislocation density. As the number of ele- 
mentary acts decreases as the dislocations are 
denser, the A value will diminish with increase in 
dislocation density. 

From (3), the formula for free energy, we have 


For relaxation therefore, we shall get the formula 


— +2) exp (10) 
\ RT 


Once more neglecting z in comparison with unity, 
as always z < 1, and allowing for the temperature 
dependence of vacancy concentration (4), we find 


(11) 


R RT 
where AU is the energy of formation of a vacancy 
molecule. 

We will now turn our attention to the following. 
The activation energy of vacancy movement and 
the energy of formation of a vacancy are very little 
different from one another (10, 12]. These are 


values which are approximately the same. For inst- 
ance, according to Gertsriken and Novikov [10], 


in silver AH = 19 kcal/mole; AU =23 kcal/mole; 

in platinum AH = 30kcal/mole; AU =32 kcal/mole; 
for copper [4, 11] AH = 19-23 kcal/mole; 

AU = 17-20 kcal/mole. Therefore in fact the relax- 
ation time of vacancy concentration will be only 
fairly weakly dependent on temperature. Actually, 
in the conditions of our experiment, where 


Q-! T AE, 


and where »> 


AE 


Qt = 


In the first case therefore, where z > 1 


RT , 


~ exp 


in the second: 


—AU—(AH—AU) 
RT 


~ exp | 


As AU is considerably greater than (AH —AU), then 


in all the conditions of the experiment 
(we? 7 << 


the nature of damping capacity will be determined 
mainly by the behaviour of the modulus defect and 
this will grow exponentially with increase in tem- 
perature 


The non-equilibrium change in vacancy concen- 
tration ander periodic deformation will therefore not 
result in a damping capacity peak in the tempera- 
ture range in question, but, with temperature in- 
crease, there will be an increase in damping capacity 
which will be close to exponential. This will com- 
mence at a certain temperature at which the number 
of vacancies will be sufficiently high. It is just 
in this way thatthe high temperature damping 
capacity background in metals behaves. 

As noted in the beginning of the article, the 
activation energy of the processes of relaxation 


123 
|| 
| 
| 
12 
1961 
Nz (1 + 
1) 
| 


connected with the appearance of a high tempera- 
ture damping capacity background, were measured 
from the gradient of the straight line dependence of 
the logarithmic decrement of decay on reciprocal 
temperature. If in (12) only the exponentia! tempera- 
ture dependence of damping capacity is considered, 
and the dependence protportional to 7~* is neglected, 
then the actual dependence of the logarithmic de- 
crement of decay on reciprocal temperature, and 

Q-* itself, will be very close to linear 


i (13) 
n Q- Rr +e. 


Having thus developed our ideas regarding the 
nature of the high temperature damping capacity 
background in metals, in our experiments it was not 
the activation energy, which is equal to AH, which 
was measured, but the energy which is approxi- 
mately the same as the energy of formation of a 
vacancy AU. This allows for the weak dependence 
of relaxation time on temperature. It is always con- 
siderably less than the activation energy of the 
self-diffusion of atoms, which only compose part 

of the testpiece. Corresponding measurements have 
produced 17 kcal/mole for aluminium [1], 20kcal/mole 
for copper [4], 6-8 kcal/mole for lead [2]. These 
figures, as the theory requires, are in very good 
agreement with the figures for the energy of vacancy 
formation in these metals. These are, in aluminium 
17.Skcal/mole[12], copper 17-20kcal/mole[11] and 
lead 8.5 kcal/mole [11]. 


2. DAMPING PEAK ON GRAIN 
BOUNDARIES 


The vacancies on grain boundaries should not 
change when a specimen is deformed. During the 
periodic deformation of a specimen therefore, the 
grain boundaries will absorb vacancies from inside 
the grain and then once more will partially discard 
them to the centre, depending on the nature of the 
deformation cycle. If the process of change in 
vacancy concentration on grain boundaries takes 
place at some distance from the change of deforma- 
tion, then this will lead to decay of the vibrations, 
i.e. to damping. This is the mechanism which we 
suggest as the explanation for the emergence of the 
damping capacity peak on grain boundaries. It is 
identical with the mechanism which we considered 
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earlier [13] in explaining the nature of the impuri. + 
damping capacity peak on grain boundaries. [n this 
case however, it is vacancies which play the part 
of impurities. Well-known difficulties are connected 
with existing theories regarding the nature of damp- 
ing capacity on grain boundaries. The “island” 
model of the structure of grain boundaries which 
was proposed by Mott [14], leads to too big a dif- 
ference in the theoretical and experimental rates 

of slip on grain boundaries. For aluminium for 
instance, this difference is of the order of 105 
times. A comparison for other metals has been 
made in [15]. Ke’s similar model [16] does not ex- 
plain the activation energy value connected with 
the processes of relaxation on grain boundaries. 
Although in some cases this has been done sucess- 
fully [17]. Besides this, it means that the damping 


peak on grain boundaries is dependent on grain size, 


which has been refuted by Koster’s experiments 
[18]. Nowick’s [19] dislocation mechanism of slip 
on grain boundaries, the growth of one dislocation 
plane at the expense of the other, means that activ- 
ation energy will be equal to the activation energy 
of internal self-diffusion. But the activation energy 
of damping capacity on grain boundaries is less 
than that of internal self-diffusion in pure metals 
[20]. 

Calculation of the features of damping capacity 
on grain boundaries on the basis of our mechanism 
is in essence similar to that made in the case of 
the impurity peaks [13]. The degree of relaxation 
of the elastic modulus (modulus defect) in depend- 
ence on the systems of vacancies on grain bound- 
aries, is given by the formula 


2 _19 (14) 
AE Pe 
E| 03] y). 


Here q is the number of grains per unit volume; 

n is the number of atoms on the grain boundary 
and consequently, ng will be the number of atoms 
on boundaries per unit volume; NV, is Avogadro’s 
number. Then 


Q=N,(u—u,). (15) 


where u is the energy of vacancy formation in a 
grain and u, is the energy of vacancy formation on 
a grain boundary. Finally, y is the vacancy con- 
centration on grain boundaries, which is 
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Q 
zexp 


y= 


+2 exp 


where z is their concentration inside a grain. For 
the relaxation time of vacancy concentration on 
grain boundaries, allowing for their low concentra- 
tion in the grain (z <1) we shall have 

(17) 


) exp 


where AH is activation energy and As is activation 
entropy of the motion of vacancies in a grain. Allow- 
ing for the temperature dependence of vacancy con- 
centration in the grain and the Q determination (15), 
at z <1 we shall have 


Thus, the well-known measurement. of activation 
energy from the displacement of the peak with change 
in frequency will give a result equal to AH —N ,u,. 
This will therefore be very close to the activation 
energy of the movement of a vacancy inside a grain, 
as the activation energy of a vacancy mole ‘i. the 
grain boundary will be less than the energy of form- 
ation of a vacancy moleina grain, and the latter is 
approximately AH. But the activation energy of the 
movement of a vacancy in a grain is approximately 
the same as the activation energy of self-diffusion 
on grain boundaries. At the same time the activation 
energy of self-diffusion inside a grain is AH + AU. 
(Here it is assumed that when an atom diffuses 
along a grain boundary, vacancies are not neces- 
sarily formed, as there will be a sufficient number 
on the boundary). This result shows that the theory 
is very well confirmed by the experiment. It must 
here be said that asimpurities will cause a consi- 
derable increase in the activation energy of the 
damping capacity peak on grain boundaries, then for 
comparison the experimental results obtained on 
purer metals must be used. Actually, the value of 
activation energy measured in aluminium is 
27 kcal/mole [20], in copper 37 kcal/mole [21], 

40 kcal/mole [22], 33 kcal/mole [23], in gold 


34 kcal/mole [18, 24] and in silver 22 kcal/mole [25]. 
These figures are very close to the activation 
energy of self-diffusion on grain boundaries for 
these metals, if this is assumed to be 0.5-0.7 of 
the activation energy of internal diffusion [26, 27]. 
The authors of these works have already drawn 
attention to this fact. 

The theory leads to the following dependence of 
the height of the peak and relaxation time on the 
number of grains per unit volume [13] 


= A E~q'ls; 


This means that relaxation time is strongly, and the 
height of the peak fairly weakly, dependent on the 
average grain size. This conclusion of the theory 
is in qualitative agreement with appropriate mea- 
surements made by Ke on aluminium [28] and Koster 
and collaborators on gold and copper [6, 18]. In 
their experiments it was found that increase in the 
grain size caused a gradual reduction in the peak, 
which was displaced to higher temperatures. The 
moving of the peak shows that there is an increase 
in relaxation time as grain size increases, as it is 
exponential by dependent on temperature. 

As impurity concentration increases, the damp- 
ing peak on grain boundaries diminishes (22, 23, 25], 
and the activation energies related with these pro- 
cesses of relaxation are increased [20]. It seems 
that these features can be related to the enrichment 
of the grain boundaries by impurity atoms. In these 
conditions the vacancy concentration on grain 
boundaries should diminish, as their place will be 
partially occupied by impurity atoms, and this will 
also cause the peak to decrease. Vacancy con- 
centration on grain boundaries cannot be found from 
formula (16). It will have another dependence on 
temperature and will be dependent on the concen- 
tration of impurity atoms. In a limiting case of high 
impurity atom concentration on grain boundaries 
therefore we ought to assess the activation energy 
of the damping capacity peak on grain boundaries 
from the formula for relaxation time (17) and not 
from (18). In this latter case the exponential tem- 
perature dependence of vacancy concentration on 
grain boundaries is not satisfied. Activation 
energy will thus be equal to AH + AV — Nau, and 
it will therefore be approximately the same as the 
activation energy of the self-diffusion of atoms 
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growing from the AH — Nan, value which is typical 
for the pure metal. 


inside the grain. [t seems that this energy will not 
be reached immediately on the appearance of impur- 
ity atoms on grains boundaries, but gradually, as 
the concentration of impurity atoms increases, after 
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KINETICS OF THE DISINTEGRATION OF THE §8-SOLID SOLUTION 
IN HIGH-ALLOYED TITANIUM ALLOYS* 
I.N. BOGACHEV and M.A. D’YAKOVA 
Urals Polytechnic Institute 
(Received 21 March 1961) 


In a number of works it has been found that in 
Ti-base alloys alloyed with elements which stabi- 
lize the 8-phase (Mn, V, Mo and others), disintegra- 
tion of the non-stable 8-solid solution may cause 
the formation of a w-phase (1, 2, 3]. The w- phase 
in titanium alloys has a hexagonal lattice with axis 
ratio c/a = 0.612 (a = 4.6 kX and c = 2.82 kX) and 
orientation in respect of the G-phase 


| [110] 8, ce || [111] 8 (4). 


The formation of the w- phase is accompanied by a 
reduction in volume. Hatt and Roberts [5] found an 
@-phase in zirconium alloys which had additions of 
elements which stabilized the high temperature 
phase. The w-phase in zirconium alloys has much 
in common with the w-phase in titanium alloys. 

The alloy investigated was produced in factory 
conditions on the basis of TGC sponge. The ingots 
were produced in a vacuum arc furnace in two melts, 
the first in a vacuum and the second in argon. Part 
of the ingot was forged into blanks 10 x 10 x 100mm 
and part was rolled into sheet 3.5 and 2.0 mm thick. 
Specimens were cut from the sheet for hardness 
testing (7 x 7 x 2 mm) and for electrical resistivity 
measurements (160 x 21 x 3.5 mm). Dilatometer 
specimens were made from the forgings, these were 
4mm in dia. and 50 mm long. 

The specimens were heated in a vacuum furnace 
(10°* mm Hg) up to 900°C, soaked for 1 hr, and 
were then supercooled in a nitric bath down to 
different temperatures. Hardness was measured with 
a diamond indenter and a load of 60 kg. Tie dilato- 
meter investigations showed that when the quenched 
specimens were tempered between 100 and 370°C 
there was a reduction in volume due to disintegra- 
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tion of the 8-solid solution with formation of an 
w@-phase (Fig. 1). With tempering temperatures of 
between 100 and 160°C this transformation becomes 
very fogged (Figs. 1 and 2a). As the temperature 
increases the rate of disintegration increases, and 
it reaches its maximum at 350°C. Tempering tem- 
peratures of up to 350°C preserve the w-phase for 
a long time. 50 hr tempering at 300°C causes the 

@ » a transformation. At 370-500°C there is at first 
a reduction of volume which then turns into a 
volume increase in the course of time (Figs. | and 
2d-f). In this range of temperatures disintegration 
of the 8-solid solution passes through an inter- 
mediate w-phase with final formation of an a- phase. 
Above 500°C the §-solid solution disintegrates 
with the immediate formation of the a-phase. 

A diagram of the isothermal disintegration of the 
8-solid solution (Fig. 3) has been constructed on 
the basis of metallographic and dilatometer exam- 
ination of isothermally treated specimens. Typical 
of the alloy investigated are the two stages of 
8-solid solution disintegration. The first stage is 
observed at temperatures above 500°C right up to 
polymorphous transformation point. At these tem- 
peratures the disintegration of the unstable §- solid 
solution takes place with the formation of the 
a- phase and sectors of the 8- phase enriched by 
the alloying elements. This disintegration process 
is of a diffusion nature and it is accompanied by 
redistribution of the alloying elements in the solid 
solution. 

The second stage of disintegration of the 
B-solid solution occurs between 130 and 370°C 
with the formation of the @-phase. The dilato- 
meter examinations revealed that the isothermal 
disintegration of the solid solution is completed in 
this temperature range. Further increase of temper- 
ature causes further disintegration of the solid 
solution. This occurs very vigorously at the initial 
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FIG. 1. Dependence of elongation of quenched specimens on tempering time. 


moment of soaking and then gradually decreases 
with time. 

A range of increased stability of the solid solu- 
tion also exists between 380 and 480°C, where the 
disintegration of the B-solid solution passes 
through the intermediate w- phase with formation of 
a a-phase. 

The nature of the variation in hardness in depend- 
ence on supercooling temperature with different 
soaking times is in agreement with the arrangement 
of the kinetic curves on the isothermal disintegra- 
tion diagram for the 8 -solid solution (Fig. 4). 
There are two hardness maxima divided by a region 
where hardness is reduced in the course of iso- 
thermal soaking up to 1 hr. This is due to the in- 
creased stability of the 8-solid solution between 
370 and 400°C. The first hardness maximum, 500 HV, 
which occurs with isothermal soaking at 350°C, 
corresponds to the maximum for the disintegration 
of the 8-solid solution with a predominant forma- 
tion of the w-phase. The second hardness maxi- 
mum, 495 at 420°C, corresponds to disintegration 
with the formation of a highly dispersed a-phase 
via the intermediate w- phase. 


If the soaking times are prolonged to the order 
of 10 hr, both maxima merge as a result of the dif- 
fusion formation of the a- phase. The B-solid 
solution here has maximum electrical volume re- 
sistivity. Disintegration of the solid solution with 
formation of the w-phase takes place with a re- 
duction in volume resistivity (Fig. 5). A bend is 
observed between 360 and 380°C. This indicates 
a slight increase in electrical resistivity due to 
the higher stability of the 8-solid solution. There 
is a further reduction in resistivity when the 
B-solid solution disintegrates to form the a-phase. 

The disintegration of a 8- solid solution with 
formation of the w- phase is reversible. Specimens 
quenched from 900°C in water and tempered at 
300, 350 and 370°C were soaked at 500°C for 
30 sec and then rapidly cooled in water. This treat- 
ment caused a reduction in hardness right down to 
the value obtained in the as-quenched state. 
Repeated tempering caused an increase in hardness. 

Complete reversibility was found for the products 
of the disintegration at 300°C. At 350 and 370°C 
partial reversibility was found. Reversibility 
diminishes when tempering time is prolonged. 
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FIG. 2. Dilatometer curves taken from quenched specimens during tempering in a dilatometer 
with subsequent cooling to 20°C and repeated heating to 550°C at the rate of 200° /hr: 

a — tempering at 100° for 10 hr, cooling to 20°, heating to 100°, soaking for 10 hr, cooling to 
20 and heating to 550° at 200°/hr; 

b — tempering at 315° for 50 hr, cooling to 20°C, heating to 550° at 200° /hr; 

¢ — tempering at 350 for 12 hr, cooling to 20°, heating to 550° at 200° /hr; 

d — tempering at 370° for 6 hr, cooling to 20°, heating to 370°, soaking for 6 hr then heating 
to 550° at 200°/hr; 

e — tempering at 390° for 8 hr, cooling to 20°, heating to 390°, soaking for 4 hr, cooling to 
20°, heating to 390°, soaking for 3 hr, then heating to 55@ at 200° /hr; 

f — tempering at 510°, soaking for 2 hr, cooling to 20°, heating to 510°, soaking for 3 hr, 
heating to 550 at 200°/hr. 


In the alloy investigated therefore, the disinte- 
gration of the unstable 8-solid solution has differ 
ent kinetics, depending on temperature. 


Complete reversibility forthe productshof the disin - 
tegration at 300 and 350° occurs if short-time heating 
is carried on at 600°C. But in these circumst ances 

the products of the disintegration of theB-solid 
solution obtained at 400°C, particularly with prolonged 
soaking of the order of 3 and 8 hr, does not produce 
full reversibility. This is because disintegration 
has here taken place with formation of the stable 


phase. 


CONCLUSIONS 


1. In the titanium alloy investigated there are 
two stages of disintegration of the unstable 
B-solid solution. These are, disintegration at 
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TABLE l. Variation in hardness after reversible disintegration at 500°C 
with subsequent tempering 


Hardness after} Tempering Hardness after —— 

_ quenching from Tempering Hardness | heating at |" d 
900°C in temperature | Tempering | after tem- 500°C 30 sec 
1 water | Bh» time min pering RC | 


ness after 


RC tempering RC 


| 

| 32.5 44 

33.0 38.5 
44 

42 

43 


temperatures above 500°C with formation of an increased hardness. 
a-phase, and disintegration at 160-370°C with 3. The disintegration of the B- solid solution 
formation of the @-phase, which causes consider- with formation of the w- phase is reversible. 
able increase in hardness and embrittlement of the 
alloy. 
2. In the temperature range 380-480°C disintegra- 
tion occurs via an intermediate w- phase with 
formation of the a-phase. This also causes Translated by Y. Alford 
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FIG. 3. Diagram of the isothermal disintegration of the 8-solid solution in a Ti-base alloy 
with 2.57% Al, 3.84% Mn and 9.65 % V. 


o — metallographic data; 
x — x — beginning of volume increase (dilatometer data); 
x ——x — end of volume increase (dilatometer data); 
e — beginning and end of volume reduction. 


(Problems of metallography and metal physics), 
Metallurgizdat (1958). 


5. V.A. Hatt and J.A. Roberts, 
Acta met., 8, 8, 575 (1960). 
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FIG. 4. Dependence of hardness on supercooling temperature after various 
soaking times. 
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FIG. 5. Dependence of electrical volume resistivity on supercooling 
temperature: 
x— 30min; A-3hr; o —6hr. 
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SHORT REPORTS AND LETTERS TO THE EDITOR 
INFLUENCE OF LANTHANUM ON TEMPER BRITTLENESS OF 
CHROMIUM-NICK EL-MANGANESE STEEL * 
V.A. MIRMEL’SHTEIN and M.M. SHTEINBERG 
Ordzhonikidze Urals Heavy Engineering Works Urals Polytechnic Institute 
(Received 24 June 1961) 


In recent years rare-earth elements (lanthanides) 
are finding ever increasing application in metallurgy. 
In most cases they are used as exceedingly active 
deoxidizers, desulphurizers and modifiers. They 
are usually injected into steel in comparatively 
small quantities of up to 2-2.5kg/ton, in the form of 
complex alloys containing cerium, lanthanum and 
many other elements of the rare-earth group. A con- 
siderable number of works by Russian and foreign 
investigators [1, 2] have been devoted to the problems 
of the influence of complex additions of rare-earth 
metals on the quality and certain properties of dif- 
ferent types of steel. Very little attention has been 
paid to the very distinct influence which rare-earth 
elements have as alloying additions, to the proper- 
ties of the steel. No systematic data on this problen, 
are available in published literature. 

In the present work‘ an attempt is made to explain 
the influence of one of the main rare-earth metals, 
lanthanum, on some of the properties of engineering 
chromium-manganese steel type 38KhGN with a 
slightly reduced carbon content (see Table 1). 

The steel used for the investigation was produced 
in a 30 kg h.f. furnace with a basic crucible and 
was cast into ingots of 15 kg each. Deoxidation 
was effected by means of ferrosilicon. Metallurgical 
lanthanum (93% lanthanum, the rest other rare-earth 
elements) was introduced in the ladle in the form of 
lumps, the whole being then vigorously mixed 
together. The required amount of lanthanum was 
calculated on the assumption of 30 % waste by 
burning. Semi-quantitatice spectral analysis showed 
that the lanthanum concentration in the metal of 
the test melts increased in accordance with the 
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calculated figures. 

After diffusion annealing at 1150° the ingots 
were forged into bars. : 

The results of the investigation showed that, 
within the limits of the concentrations used, 
lanthanum has no noticeable influence on the 
kinetics of transformation of supercooled austenite, 
either in isothermal conditions or with interrupted 
cooling. Nor did it have any effect on the harden- 
ability of the steel or its mechanical properties 
after quenching and high temperature tempering. By 
elevating the temperature to that for the commmence- 
ment of intensive austenitic grain growth, it was 
found that lanthanum additions caused considerable 
refinement of this grain. This becomes noticeable 
even with concentrations of 0.05 %. 

The most interesting results were obtainedin the 
investigation of the influence of lanthanum on the 
susceptibility of the steel to reversible temper 
brittleness. The blanks for the impact specimens 
were quenched from 93(°C in oil and tempered at 
625°C for 1.5 hr. Cooling after tempering was 
carried out in oil and in the furnace at the rate of 
20°/hr. The specimens were prepared from these 
blanks and were tested at room temperature and 
also at — 40 and —70°C. Every half hour austenitic 
grain size was determined in the slowly cooled 
specimens after microsections had been etched in a 
special reagent. The results obtained (Figs. 1 and 
2) demonstrate the very considerable influence 
lanthanum has on the susceptibility of this steel 
to temper brittleness. This influence cannot be 
attributed to refinement of the austenite grains. It 
it clear from the data obtained (Fig. 1) that an 
addition of 0.05 % lanthanum causes considerable 
grain refinement at the pre-quenching heating 
temperature, while having little effect on the impact 
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TABLE 1. Composition of test melts 


Composition, % 


Note. La concentration in table was calculated. Melt A contained 
no La and was used as a reference. 


205 Qi Q20 O25 
% da 


FIG. 1. Influence of lanthanum on austenitic grain size 
and impact toughness at room temperature: 
1 — rapid cooling after tempering; 
2 — slow cooling after tempering. 


toughness of the brittle variation. Increase in 
lanthanum concentration from 0.15 to 0.20 % has 
practically no effect on grain size but doubles the 
impact toughness of the slowly cooled specimens. 
At 0.25% lanthanum grain size remains as before 
and the impact toughness of the slowly cooled 
specimens is again considerably increased reaching 
the level it has in the ductile variation. 

Fig. 2 shows that increased lanthanum concentra- 
tion causes a regular increase in impact toughness 
when tests are carried on at sub-zero temperatures 


kg/cm/cm? 
14 


—r T 


FIG. 2. Dependence of impact toughness of steels with 
varying lanthanum concentrations on testing temper- 


e rapid cooling after tempering; 
o slow cooling after tempering. 
Figures indicate lanthanum concentrations. 


also. In this case there is a noticeable increase in 
impact toughness both in the brittle and in the 
ductile variation. These data compared with the 
results of the investigation »{ fractures of the spe- 
cimens and austenitic grain size, permit the con- 
clusion that the lanthanum additions shift the cold 
shortness transition of this steel to lower tempera- 
tures. This is indicated by the suppression of 
temper brittleness. An addition of 0.25 lanthanum 
is the most effective in this respect at which figure 
the difference between the impact toughness of the 
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rapidly and slowly cooled specimens is at its lowest. Summing up, these results show that lanthanum 
It is also important to note that as the lanthanum very effectively suppresses the development of 

concentration increases,the etchability of the aus- reversible temper embrittlement and can in this 

tenitic grain boundaries in the slowly cooled respect be compared with molybdenum 

specimens diminishes noticeably. [In specimens with 

0.25 % lanthanum these boundaries could be 

revealed only with great difficulty. Translated by V. Alford 
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APPLICATION OF CONCENTRATION DISTRIBUTIONS TO THE CALCULATION 
OF THE PHYSICAL PROPERTIES OF POWDER ALLOYS* 
A.I. RAICHENKO 
Institute of Powder Metallurgy and Special Alloys 
Academy of Sciences Ukr. S.S.R. 
(Received 27 January 1961) 


In [1] a new method was proposed for the calcula- 
tion of the concentration distributions in two-compon- 
ent powder alloys within the limits of the region of 
homogeneous solution. Calculated theoretical dis- 
tributions were shown by use of experimental data 
[4]. The similarity between the theoretical and ex- 
perimental distributions was taken to be an indica- 
tion of the fact that the method proposed in [1] 
could be used to calculate distribution reasonably 
adequately. Further indication of this adequacy is 
given by the coincidence between the experimental 
data and figures calculated fer any physical property 
by the [1] method with any distributions. The ex- 
perimental data used were the time dependences of 
internal saturation induction [2] and electrical con- 
ductivity [3] in powder alloys which had undergone 
isothermal annealing. Experimental details are 
given in [2, 3]. 

The factor r figures corresponding to the anneal- 
ing times of the alloys (see [1] ) were calculated 
from the experimental conditions: 


where D is diffasion coefficient; ¢ is annealing time, 
R is the particle radius. In this calculation, as in 
the previous works [2, 3, 5], the following simpli- 
fications are assumed in order to facilitate the pro- 
curement of numerical results: 

1) the diffusion process is characterized not by 
two partial but by one coefficient; 

2) the diffusion coefficient is not dependent on 
concentration or time and in our system (copper- 
nickel, annealing temperature 950°C) it is assumed 
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to be equal to 2.1 x 10°*° cm?/sec™* (see [6] ). 
Annealing time is indicated in the first columns 
of Tables 1 to 3. Average radius of the powder 
particles RX 25p. 

For each r value obtained the concentration 
distributions were determined at two stages on the 
histogram: Ac = 0.1 (10% composition) and 
Ac = 0.02 (2% composition). Using these theor- 
etical concentration distribution internal satura- 
tion induction was calculated in the alloy 20% Ni+ 
80% Cu (Table 1) and 80% Ni + 20% Cu (Table 2) 
according to the method proposed in [2] 


B=¥9,B,. (2) 


i) 


The electrical conductivity of the alloy 20% Ni + 
80% Cu (Table 3) was calculated according to the 
method proposed in [3] 


(i) 


Here 9; is the volumetric proportion belonging to 
an ith concentration range of distribution; B; is 
internal saturation induction of an ith alloy; 

A; is the electrical conductivity of an ith alloy; 
B and d are the averaged internal induction of 
magnetic saturation and electrical conductivity of 
the whole alloy. 

To calculate the electrical conductivity only 
the Landau and Livshits formula (formula (10) in 
[3]) was used, as it was found that the Odelyevskii 
formula ((11) in [3] ) produces practically the 
same numerical result, while the Landau and 
Livshits formula is more convenient to use. In 
calculating the B; and A; values the same 
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TABLE lI. Internal saturation induction cf the alloy 20% Ni + 80% Cua (8, G) 


Method of calculation 


Induction level at 


=0.35,/ <= 0.49,|< = 0,70,|< = 1.34, 
15 min | 30 min | hr |Shr42 min 


Experimental data [2] 

Calculated data [5] (histogram 
stage \c = 0.1 or 10% composi- 
tion) 

Calculated data[1] (histogram 
stage Ac = 0.1 or 10% composi. 
tion) 

Calculated data [1] (histogram 
stage Ac = 0,02 or 2% composi- 


367 


TABLE 2. Internal saturation induction of the alloy 80% Ni + 20% Cu (B, G) 


Induction level at 


Method of calculation = = 1.94, = 1.73, 
| | 


min 


| 30 min | hr 


min ‘6hel2 min 


Experimental data 2] 


Calculated data [5] (histogram 
stage Ac = 0.1 or 10% composi- 
tion) 

Calculated data[1] (histogram 
stage Ac = 0.1 or 10% composi- 
tion) 

Calculated data [ 1] (histogram 
stage A c = 0,02 or 2% composition), 


2872 


3722 3387 


3406 31 | 3482 


3444 | 3285 | 3232 


concentration dependences of internal saturation 
induction and electrical conductivity were used for 
whole copper-nickel system as in [2, 3]. 

In Tables 1-3, besides the results of the calcula- 
tion of the appropriate properties using distributions 
calculated by method [1], there are also the experi- 
mental data and results of these calculations [2, 3] 
using the distributions computed according to the 
(5] method. In evaluating the results allowance must 
be made for the nature of the concentration depend- 
ences of B and A. B, the internal induction of pure 
nickel at room temperature, is somewhat higher 
than 6000 G. {t declines almost linearly as the 
concentration of copper increases and disappears 
at approximately 43 % copper. [t is thus not hard to 
see that of the alloys here used, the greatest B 
sensitivity in dependence on the nature of concentra- 


tion distribution must belong to the alloy with 
20% Ni + 80% Cu, and the least sensitivity will 
be that of the alloy of 80% Ni + 20% Cu. 

The greatest dependence of electrical conducti- 
vity A on composition is found in the sector 
0- 20% Ni. It is somewhat less in the 80- 100% Ni 
sector and least in the 20-80% sector. The varia- 
tion in the average electrical conductivity of the 
20% Ni + 80% Cu alloy will thus be determined in 
the main by the redistribution of the volume pro- 
portions 6; of concentration distributions in sector 
0- 20% Ni. 

From what has been said above it can be con- 
cluded that the most rigid criterion for the appro- 
ximation of the theoretical distributions to the true 
distribution must be the proximity of the calculated 


internal induction values for the alloy 20%Ni+80%Cu 
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TABLE 3. Electrical conductivity of the alloy 20% Ni + 80% Cu (Ax 10° (2"* cm™!) 


Induction level at 


Method of calculation t= 0,25,/¢ = 0,49,/t = 0,70, 2.05, 
15 min | 30 min hr in|6 min!8hr42 mia 


| 
Experimental data [3 
stage Ac = 0,1 or 10% composi- 
tion). 

Calculated data [5] (histogram 
stage Ac = 0.1 or 10% composi- 

Calculated data [s] (histogram 
stage A c = 0.02 or 2% composi- 


to the experimental values. As can be seen from the induction of the alloy 20% Ni + 80% Cu 

Table 1, calculations according to method [1], in reaches as much as 30 % (100 % when using method 
both the histogram stages, produce results which are [5] ), the difference in the induction in alloy 
closer to the experimental data than the calculations 80% Ni + 20% Cu reach 21% (20% using method 
according to [5]. If the theoretical and experimental [5] ) and in electrical conductivity in the alloy 


data in Tables 2 and 3 are compared it will be seea 20 % Ni + 80% Cu they reach 8 % (26% when using 
that in about half the cases there is some improve- method [5] ). 

ment when method [1] is used, while in the other 

there is a slight deterioration. Overall comparison 

between the calculations according to method [1] 

and experimental data shows that the differences in Translated by V. Alford 
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CERTAIN LAWS CONCERNING THE FORMATION OF WHAT IS KNOWN AS 
“FRICTION AUSTENITE” * 
A.S. KAGAN, T.G. RASS and T. Ya. CORAZDOVSKII 
All-Union Design and Production Process Institute of the Bearing Industry 
(Received 10 january 1961) 


It is well-known that the abrasive treatment of 
certain quencked steel causes the appearance of a 
special layer (“burning”) on the surface. This layer 
has high hardness and the structure is difficult to 
reveal metallographically. Because of this in pre- 
vious works this layer has been regarded as consist- 
ing of martensite [1, 2]. X-ray diffraction analysis 
carried out recently nas shown quite convincingly 
that the “burning” hes a higher austenite content 
than that of the specimen in the origiaal quenched 
state [3-5]. This is known as “friction austenite”. 

The mechanism of formation of the “friction aus- 
tenite’, however, has so far not been explained. In 
most works it is assumed that it is formed as a 
result of grinding due to the heating of the layer of 
metal directly adjacent to the surface of the speci- 
men up to the austenitic temperature with subse- 
quent quenching as a result of the intensive heat 
withdrawal to the body of the specimen [3-5] and the 
environment. The preservation of the austenite 
under this kind of quenching, tegether with its trans- 
formaiion to martensite, is attributed to the occur 
ence of second-type stresses which lead to grind- 
ing. These, according to (6, 7], hinder the y>a 
transformation. [t must be noted that there is no 
direct evidence of the heating of the surface up to 
temperatures in the austenitic range. In [3] calcula- 
tions have been made which indicate that the sur- 
face is heated to a high temperature. In [5],h0wever, 
indirect evidence is put forward, which is not suffi- 
ciently convincing, to show that the hardness of the 
different phases is comparable. 

In this work investigation was made of the de- 
pendence of the amount of friction austenite formed 
on the amount of retained austenite in the steel 
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ShKh15 after quenching from a chamber furnace. 
The specimens were quenched from 850° after 
soaking at the quenching temperature for 20 min. 


In order to get different quentities of retained 


austenite, after soaking sub-zero treatment was 
carried on under different conditions. The amount 
of retained austenite was determined by the mag- 
netic ballistic method. The intensity of the aus- 
tenite lines (200) and (311) was determined on the 
X-ray apparatus URS-50I with a scintillation 
counter and CoK, radiation. The reference for this 
was a powder specimen of pure copper (line (222) ). 
The intensity of the reflection was measured from 
the surface both of etched specimens and of spe- 
cimens which had undergone coarse abrasive 


_treatment by hand on an abrasive wheel. 


The results of the measurements of line (311) 


are shown in Fig. 1. These graphs show that the 


amount of “friction austenite” formed is to a very 
considerable degree dependent on the amount of 
retained austenite in the specimen before abrasive 
treatment. [t must be emphasized that the relative 
intensity of the austenite lines (ly/Icy) does 
actually reflect the austenite concentration of the 
specimen. This means that the amount of austenite 
determined by X-ray diffraction analysis of etched 
specimens will coincide with the values produced 
by the magnetic method (divergence is about 1.5- 
2 abs.%). Besides this, the results of the deter- 
mination according to lines (311) and (200) 
coincide both in the etched andin the cold-worked 
specimens. This means that the X-ray results are 
neither connected with extinction nor with texture. 
From Fig. 1 it can be seen that when the amount 
of retained austenite is increased the amount of 
of “friction austenite” formed diminishes. At a 
certain high retained austenite concentration, 
above 35%, it can be seen from extrapolation of the 
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© —Etched | 
—Work-hardened 


Relative intensity 


| 
Concentration of austenite % y (magnetic method) 


FIG. 1. Dependence of relative intensity of line (311) 
of austenite on retained austenite concentration in 
work-hardned and etched specimens. 


streight lines that “friction austenite” should not 
sh 1 not be formed. If it is correct to say that 
selt-quenching occurs as a result of abrasive treat- 
ment, together with the preservation of the austenite 
instead of its transformation to martensite due to 
the stabilizing action of the type II stresses, then 
it is to be expected from these results that type IJ 
stresses after abrasive treatment should be less 


es the concentration of retained austenite increases. 


This is completely admissible, as the stresses are 
composed of stresses arising in the process of 
martensitic transformation and those due to deforma- 
tion as the result of abrasive treatment. These Iat- 
ter are in all probability roughly the same for all 
specimens, while those due to martensitic trans- 
formation will probably be less as the intensity of 
the martensitic transformation increases, i.e. the 
higher the retained austenite concentration. {It 
must be noted that the influence of phase work- 
hardening is also restricted when heating to 
elevated temperatures [8] ). 

These propositions are confirmed by the measure- 
ments of the width of the austenite line (311), which 
are shown in Fig. 2. It can be seen that the line 
width of austenite in the etched specimens de- 
creases as the concentration of retained austenite 
increases. At the same time increase in line width 
during work-hardening is roughly the same, inde- 
pendent of the concentration of retained austenite. 
However, the width of the line and its further 
broadening are not only attributable to second-type 
stresses but also to the dispersion of mosaic 
blocks which arise both on phase transformation and 
on work-hardening. In our case it is difficult to 


Etched 
4-Work hardened 


dth of line V, min 


| 
= 20 30 
Concentration of austenite % y (magnetic mothod) 


1 


FIG. 2. Dependence of width of line (311) of austenite 
on concentration of retained austenite in work- 
hardened and etched specimens. 


separate these effects as besides these, it is also 
possible that non-homogeneity of composition is 
also affecting the austenitic line width. It can, 
however, be assumed that the proportion of the 
total broadening due to second-type stresses in 
phase work-hardening and deformation, will not be 
dependent on retained austenite concentration. It 
is therefore probably correct to assume that these 
is a relationship between the second-type stres- 
ses and the amount of retained austenite. 

In [5] it was shown that when polished specimens 
of steel Ul2 and R18 are given a low temperature 
tempering, the amount of friction austenite will 
decrease. The same thing is observed in SnKh15 
when it is tempered at 160°. In this case it is 
accompanied by a reduction in the line width of 
the austenite, which assumes a medium value 
between the width of the lines in an etched and 
work-harden ed specimen. At the same time, when 
the quantity of “friction austenite” diminishes, 
there is an increase in the amount of martensite 
(measurements from line (200)). This may be due 
to stress relief as a result of the low temperature 
tempering and lessening of the stabilization of 
the austenite as a result of this. 

When the alloying of the austenite is increased 
as a result of elevated quenching temperatures, 
the amount of friction austenite due to grinding 
will also increase, with the same quantity of 
retained austenite. It is also possible that the 
formation of excess austenite as a result of 
coarse grinding will be due to reversible marten- 
sitic transformation on heating to medium tempera- 
tures. The absence of transformation of the latter 


VOI 


Short reports and letters to the Editor 


to martensite can be attributed to the influence of 
internal stresses mentioned above. 


Translated by V. Alford 


REFERENCES 


. N.N, Davidenkov and I.N. Mirolyubov, 6. Ya.M. Golovchina and R.A. Landau, 
Vestn. metalloprom., 9- 10 (1930). Dokl. Akad. Nauk SSSR, 
. Ye.G. Konikhova, Metalloved. i term. obrab., 107, 67 (1956). 
4 (1954). 
. L.S. Palatnik, I.M. Lyubarskii and B.T. Boiko, 7. Ya.M. Golovchina and Yu.D. Tyapkin, 
Fiz. metal. metalloved., 2, 285 (1956). Dokl. Akad. Nauk SSSR, 67 (1953). 
. A.P. Gulyaev and S.M. Saverina 
: 8. K.A. Malyshev, N.A. Borodina and V.A. Mirmel’shtein, 
Metalloved. i term. obr., 7, 22 (1959). Fiz. metal. mesalloved., 
. R.A. Landau, Metalloved, i term. obrab., 12, 12(1959). 2, 275 (1956). 


141 
3 
4 
5 
VOL. 
12 
1961 


LONGITUDINAL AND TRANSVERSE MAGNETOSTRICTION IN ELECTRICAL 
ENGINEERING STEELS * 
F.N. DURAYEV and V.M. KALININ 
Urals State University 
(Received 24 March 1961) 


TABLE 1 


When the longitudinal and transverse magneto- 
striction was measured in ferro-silicon alloys con- 
taining 0.4-7.0% silicon [1] using hot wire trans- 
mitters without attaching them to the specimens [2], 
data used to be obtained which indicated that in 
most cases both transverse and longitudinal mag- 
netostriction were positive. 

The present work sets out the data which we 
obiaiued py using attached strain gauges [3]. They 
are very different from those produced in [1]. 

The investigation was carried out on specimens 
of steels type Ell, £31, £42 and E310 in the shape 
of strips 250 x 30 mm? and disks 30-45 mm in dia. 
To eliminate the influence of any possible bending 
of the specimen on the results of the measurement, 
during its magnetization the strain gauges, which 
were the working arm of the bridge, were attached 
in pairs on opposite sides. The sensitivity of the 
apparatus was about 10°’ mm~'. A specimen was 
maenetized in a solenoid. The principal results of 
the measurement of longitudinal and transverse 
magnetostriction during the magnetization of the 
specimen in the rolling direction are given in 
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Table 1. Here A,,,, is the maximum level of 
magnetostriction on the A (H) curve, and A, in 
magnetostriction in a magnetic field of 1200 


oersted. 

It can be seen from Table i that for hot-rolled 
steels E11, £31, £42 and the cold-rolled steel 
E310, longitudinal Ay and transverse AL 
magnetostriction have opposite signs. 

One of the possible reasons for the positive Ag) 
value in [1], may be interaction between the wires 
of the strain gauge through which direct electric 
current is flowing, and the magnetic field of the 
electric magnet and the specimen. 


Translated by V. Alford 
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VOLUME MAGNETOSTRICTION IN FERROSILICON ALLOYS* 
F.N. DUNAYEYV and Yu.N. YAROSHENKO 
Urals State University 
(Received 21 April 1961) 


1. The study of the volume magnetostriction of 
ferromagnetic materials is of considerable theor- 
etical and practical importance. According to 


Becker’s theory [1], it consists of a total three 
different effects: 

1) the influence of the demagnetizing action of the 
ends of the ferromagnetic material on its interior 
(shape effect); 

2) volume change due to rotation of the magnetiz- 
ation vector in the crystal lattice; 

3) volume change due to true magnetization. 

The investigation of volume magnetostriction 
may thus provide valuable information regarding the 
magnetic and exchange interaction of ferromagnetic 
materials. The theory of volume magnetostriction 
is still very far from complete. Yhile Becker’s 
theory has been experimentally confirmed in a 
number of works [2, 3, 4], others contradict its 
results [5]. 

In a number of alloys the high paraprocess mag- 
netostriction level has been attributed [6, 7] to the 
proximity of the measured temperature to Curie 
point. Belov,however,[8] has shown that the level 
of volume magnetostriction in the paraprocess 
fegion is determined not so much by the proximity 
to Curie point but by the dependence of the ex- 
change integral on interatomic distances. 

Kondorskii [9-11] connects the abnormally high 
paraprocess volume magnetostriction observed in 
a number of ferrosilicon alloys with the presence 
of latent antiferromagnetism in the iron with a face- 
centred lattice. Further comprehensive investiga- 
tion of volume magnetostriction would allow this 
theory to be developed and also enable one to find 
if it is applicable to other ferromagnetic materials. 
Such investigations are of practical interest. It is 
known that the Invar properties of alloys are due to 
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the presence of high volume magnetostriction. It 
is possible that its study may open up paths for 
the creation of new alloys of the Invar type. 

2. In the present article the volume magneto- 
striction of ferrosilicon alloys was investigated. 
The specimens were prepared in the form of rota- 
tion ellipsoids. The chemical composition and 
geometrical characteristics are set out in Table 1. 
All the specimens underwent heat treatment in a 
vacuum at 1000 for 2 hr with subsequent cooling 
at the rate of 100°C /hr. Volume magnetostriction 
was measured by the dilatometric method. The 
specimen was sealed into a container with a 
capillary which was filled with distilled water. 

To remove air bubbles from the surface water from 
the sides of the container and the surface, the 
specimen was boiled in the container for some 
time. 

To provide heat insulation the specimen and 
container were placed in a Dewar flask. The latter 
was put in the magnetizing solenoid in which a 
field of up 6000 oersted could be created uniformly 
with a precision of up to 2% through the whole 
thickness of the specimen. 

The displacement of the meniscus in the capillary 
was measured by means of a measuring microscope. 
The sensitivity of the apparatus was 4.2 x 10°* 
and degree of error in measuring volume magneto- 
striction was 5%. 

The illustration shows the dependence of volume 
magnetostriction @ on magnetic field in specimen 
of the alloys with different silicon. concentrations. 
It can be seen from the course of the curves in 
this illustration that, beginning at a field of around 
1000 oersted and going up to 5700 oersted in all 
the specimens examined the w (H) dependence is a 
straight line. This means that volume magneto- 
striction in this range of fields is due to para- 
process. The gradient of the straight line sectors 
of the w (H) curves increases as the percentage 
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TABLE 1 


Composition, wt. % 


{ j | | 


.20 | 0.042; 0.032, 

0,043) 0.019 

0,029. 0.012! 0. 

| 0.005) 0.1 


2000 4000 oersted 


FIG. 1. Volume magnetostriction in ferro-silicon alloys: 
1 — 1.05% Si; 
2 — 2.20% Si; 
3 — 3.40% Si; 
4 — 4.10% Si. 


concentration of silicon rises (dw/dH increases quently, on the Bethe —Slater curve the ferro- 
from 7.3 x 107*° for the alloy containing 1.05 % Si, silicon alloys will be to the left of the iron. Also in 
to 9.8 x 107*° at 4.10% Si). - agreement with this conclusion is the fact that 

If these experimental data are considered from the _ there is a reduction in the lattice parameter of the 
point of view of Belov’s theory [8] it must be said alloy [7] with increase in silicon content. 
that the dependence of the exchange integral on It is difficult to explain our experimental data by 
interatomic distances becomes stronger as the per- means of Kondorskii’s theory [9-11] as the iron in 
centage silicon concentration increases. Conase- the ferro-silicon alloys investigated has a 
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body-centred lattice. 

[t can also be seen from the illustration that the 
initial sector of the w (H) curve, which is usually 
attributed to shape effect, is very different for 
alloys with differing silicon contents, although the 
shape of all the alloys was the same. When the 
silicon concentration increases the w (H) curves 
dip in the initial sector of the fields and in the spe- 
cimens with 3.40 and 4.10% Si in the field range 
0 to 500 oersted it lies in the range of negative 
volume magnetostriction levels. 

Thus the difference in the initial sectors of the 


@ (H) curve cannot only be attributed to the dif- 
ference in saturation magnetization and elastic 
moduli in these materials, as shown in the formula 
for shape effect [1, 3, 5]. It seems that volume 
magnetostriction in this range of fields must arise 
to a considerable degree in dependence on the 
processes of technical magnetization. 


Translated by V. Alford 
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ELECTRICAL AND GALVANOMAGNETIC PROPERTIES OF CHROMIUM NITRIDES* 
T.S. VERKHOGLYADOV, S.N. L’VOV, V.F. NEMCHENKO and G.V. SAMSONOV 


Institute of Powder Metallurgy and Special Alloys 
Academy cf Sciences Ukr. S.S.R. and Khersones Pedagogic Institute 
(Received 7 March 1961) 


. iwo stable nitride phases, Cr,N and CrN are 
known in the chromium-nitrogen system. According 
to [1] they are characterized by a combination of 
the metallic and ionic bonds in which the latter 
prevail, due to the high ionizing potential of tie 
the nitrogen atom and low acceptor tendency of the 
unfilled d shell of the chromium atom. This proposi- 
tion regarding the nature of the chemical bond in 
the nitride phases of chromium is confirmed by the 
results of X-ray spectra! analysis, according to 
which the chemical bond in thehigher nitride Cr,N 
is very similar in type to the bond in the chromium 
oxide Cr,0, [2]. 

In connexion with these preliminary data inves- 
tigation of electrical and galvanometric properties 
of chromium nitrides is of interest. This was the 
aim of the present work. The compacts of alloys 
on the system chromium-nitrogen required for these 
measurements were prepared by sintering briquettes 
compacted from powders of electrolytic chromium 
and having a porosity of 20-25%, in nitrogen which 
had been carefuily refined of oxygen. This was 
carried ont at 950° for the alloys which had a com- 
position similar to CrN and 1300° for those with a 
composition close to Cr,N, for 3-4 hr. The porosity 
of the specimens obtained in this way fluctuated 
between 0 to 5%. This way of preparing the speci- 
mens makes it possible to avoid variations in their 
phase composition and also the formation of carbo- 
nitride phases. The latter is unavoidable when 
specimens are produced by the hot pressing of pre- 
viously prepared chromium nitride powders. The 
phase composition of the specimens produced is 
shown in Table 1. They were used for determina- 
tion of electrical volume resistivity p, absolute 
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coefficient of thermoelectromotive force az, 

Hall constant R and thermal conductivity x accord 
ing to the methods which have already been des- 
cribed in [3]. The results of the measurements are 
set out in Table 1 which for comparison also gives 
the published data for pure chromium taken from 
[4, 5]. 

As can be seen from Table 1, unlike most of 
the intermediate phases, including the chromium 
carbides in which electrical resistivity diminishes 
with concentration of the metalloid [6], in the 
chromium-nitride sensitivity increases from the 
lower nitride to the higher. As the nitrogen con- 
centration is increased there is also an increase ia 
Hall coefficient and the coefficient of thermoelectro- 
motive force. Thermal conductivity on the other 
hand, is less in the higher than in the lower 
nitride. 

A qualitative explanation of this behaviour of 
the electrical and galvanometric properties of the 
alloys on the chromium-nitrogen system can be 
provided on the basis of the electon structure of 
the chromium as suggested in [7]. Here it must be 
assumed that the electrical conductivity of the 
chromium is mainly due to highly mobile holes and 
electrons in the overlapping 4s and 4p bands. This 
means that one can, with certain approximations, 
make use of the well-known expressions for Hall 
coefficient and electrical conductivity for the case 
of two types of carriers and the denominator 
—n, u') = 6 of the Hall coefficient can 


be determined [8]. Its values are set out in the last 
column of the table. 

Judging from the 5 sign chromium has mainly 
hole conductivity. When nitrogen is dissolved in 
the chromium and the Cr,N composition is ap- 
proached, there is a variation if the 5 sign, in- 
dicating the prevalent electron conductivity of the 
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latter. At the same time the absolute value of 5 

is considerably reduced. This change in the nature 
and extent of electrical conductivity can also be 
explained, as in the case of transition from chrom- 
ium to its lower carbide Cr,,C, [6], by the increase 
in the distance between the metal atoms in Cr,N as 


compared with pure chromium. At the same time there 


is a corresponding reduction in the interaction 
between the chromium atoms, reduction in the over- 
lap between the 4s and 4p bands and a weakening 
of the role of highly mobile holes in the process of 
electrical conductivitv. 


electrons to the shells of the nitrogen atoms 
causes a reduction in t>= shielding of the chromium 
atoms with a corresponding increase in the scatter 
ing of conduction electrons, and consequently, >of 
electrical resistivity. 

Passing from Cr,N with a mainly metallic type of 
bond, to CrN with a mainly ionic bond, the 5 value 
varies by nearly 6 times. This can be seen by the 
reduction in the hole contribution due to a reduc- 
tion in the 4s and 4p band overlap. 

Of course, the properties deduced for the 
chromium nitride CrN mean that it can be 


TABLE 1. Electrical, galvanometric properties and thermal conductivity 
of alloys of chromium with nitrogen 


N content 
wt % 


4x 10%, 10—23. 
cal | em 


cm.sec/deg j V?, sec? 


CraN + CrN 


Cr,N + Crh | 


—9.540.5 


j —24810 


(rN | 


20.0 | 64040} —260213 


The filling of the defective d states of the chrom- 
ium atoms on the formation of its nitride phases 


does not appear to be connected with the low stages 


of filling of these states in chromium, nor with the 
high ionization potential of the nitrogea. For this 
reason, in the higher chromium nitride CrN the pro- 
portion of the ionic bond becomes important. This 
is characterized by the energy bursts between the d 
states of the chromium and the p states of the 
nitrogen with simultaneous reduction in the propor- 


tion of the metallic bond due to the relative reduction 


in the concentration of the metal atoms in their 
lattice. The increasing transfer of 4s chromium 


characterized as an electron semiconductor with 
possible future use in the shape of the negative 
arm of high temperature thermocouples (particularly 
where it is used in a nitrogen medium) and also to 
create thermoelectric converters of thermal to 
electrical energy with an efficiency factor of the 
latter, in a MnSi couple for instance, reaching 
18-20 %. 


Translated by V. Alford 
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MIKHAEL VASIL’YEVICH LOMONOSOV 


Two and a half centuries ago a genial Russian 
stood in the forefront of world progress and home 
culture. He had a remarkable combination of quali- 
ties, a progressive materialistic outlook, universal 
knowledge and militant energetic temperament. This 
_ man was Mikhael Vasil’yevich Lomonosov. 

At this time social and economic conditions and 
the state of natural science were deplorable. In 
18th century Russia the scientist was subordinate 
to an ignorant aristocracy to whom he looked for 
material support for his scientific researches. The 
scientist was surrounded by mysterious “imponder- 
ables” and all imaginable unknown “forces” on 
which he drew in order to explain the nature of heat, 
electricity, light and the characteristic properties 
of substances and solids in the animate and in- 
animate state. 

The experimental immaturity and theoretical 


weakness of science was exploited by the expon- 
ents of the feudal system for increasing the rigor- 
ous attacks on materialism, the enthusiastic pro- 
pagandist of which was Lomonosov. Besides his 
preoccupations with physics, chemistry, metallurgy, 
astronomy, history, literature and poetry, all his 
life Lomonosov fought for the right of simple people 
to possess knowledge, for the printing of books in 
Russian language and against the medieval schol- 
astic traditions. 

Lomonosov’s physical approach and his experi- 
mental researches were distinguished by boldness 
and progressiveness. He laid the foundations for 
the kinetic theory of heat and the wave theory of 
light, he applied mathematics to chemistry and 
vigorously refuted phlogiston and thermogen, the 
“imponderables” of scholastic physics. The law of 
conservation of matter and of motion formulated by 


4 
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Mikhael Vasil’yevich Lomonosov 


Lomonosov was the outcome of prolonged experi- 
ments, disputes and reflections. He never actually 
doubted the existence of “insensitive particles”, 
i.e. atoms. Of considerable importance as regards 
the physics of our day is his view that all the laws 
of mechanics which are applicable to large solids, 
must also be preserved in the world of atoms. 

With his modern outlook Lomonosov carried on his 
struggle against all manifestations of mysticism 
and metaphysics in science, maintaining his firm 
belief in the tangibility of all the phenomena of 
the world around us. He strove towards the democrat- 


ization of science, he organized higher education 

in Russia and to the end of his days he main- 
tained the belief that the ultimate aim of all science 
must be to benefit the nation. 

Lomonosov’s 250th anniversary comes in a 
period of development of Soviet science illuminated 
by the decisions of the 22nd session of the 
Communist Party, and the epoch of the rise of 
Communism. Lomonosov’s vision of the inexhaust- 
ible creative forces of the nation have been 
realized in his country where the lord of all is — 
the people. 
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OPTICAL PROPERTIES OF A GYROELECTRIC MEDIUM 
Il. PROPAGATION OF FLAT WAVES IN A GYROELECTRIC MEDIUM* 
G.A. BOLOTIN and A.V. SOKOLOV 
Institute of Metal Physics, Academy of Sciences Uk. S.S.R. 
(Received 27 March 1961) 


On the basis of the invariant representation for the permittivity tensor of a gyroelectric 
medium, which was obtained in [1], the problem of the propagation of flat waves in this medium 
has been studied and formulae have been derived for the refraction vector and for the eigenfield 


vectors of a light wave. 


a. Determination of the refraction vector. The 
problem of the propagation of flat waves 


in shape consists in finding the refraction vector 
m and the orientation and polarization state of the 
field vectors. The starting points for the solution 
of this problem are the differentiation field equa- 
tions which in the case of flat waves can be written 
in the form: 
m* E—H=0, mH=0, 
A A 
«0, «0, (2) 


where ¢is the complex permittivity tensor which, for 
a gyroelectric medium, has the form [1]: 


=e +ieQbX + (3) 


Leaving out vector H from the (2) systems we get 
the analogue of the wave equation for E 


A 
mX + E=0. (4) 
The refraction vector is determined by the equa- 
lity of the denominator of system (4) to zero; the 
appropriate equation has the form [2]: 
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A A 
m’m 2m —m (2, —=)m + = 0, (5) 


where € isa tensor which is interchangeable with 
% 

€; €, is the trace of this tensor. Taking account 
of (3) the analogue of normal equation (5) will as- 
sume the form 


(6) 


m4. (y— 2) (mb)? —fe2(1 — mt + 
+ fe (1 — Q4)— 22] (mb)? + 222, (1 — Q4) = 0. 


Scalar equation (6),however, does not of course 
fully determine the refraction vector m. To find m 
as a whole the boundary conditions must be used 
which are appropriate to Snellius law and have the 
form [2] 


imqj = (7) 


is the refraction vector of the incident 

wave; 

is the unit vector of the normal to the 

interface between the media; 

- is the refraction vector of the reflected 

or refracted wave. 
As usual, we will introduce the auxiliary vectors 
s = [mq] and p = [qs] to find the orientation of the 
incident wave with regard to the specimen. As it 
satisfies (7), the refraction vector can, by using 
vectors p and q, be represented in the form 


m; =p + (8) 


| 
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where 7; = m;q. Substituting (8) in (6) we get a full 
equation of the fourth order for the determination 
of n;. The coefficients of this equation 


(9) 


will have the form: 


== + —2) (qb); 
B = 2(:,—s) (qb) (pb); 
C = 2¢ s* + (s, — (pb)? + 5? — e) (qb)? + 
+ [22 (1 — Q*) (qb)* — [e*(1 — Q%) + ey); 
D = <) (qb) (pb) + 
+ —<2q] (qb) (pb); 


F = est + (pb)®— — Q%) + 
+ (1 — Q%) — 20] (pb)* = — 


The n; parameter is substantially dependent on the 
orientation of the unit vector of the gyrotropy axis 
b which we will take in respect to the three mutual- 
ly perpendicular vectors q, p and 8 by means of 
angles a, B, y, which are determined by the rela- 
tionships 

qb = cos2,. pb = scos 8, sb = SCos}7. 


The cases usually considered in magneto-optical 
researches are those where the gyrotropy axis is 
parallel to one of the three vectors q, p and Ss. Thus 
the case [qb] = 0 corresponds to polar magnetiza- 
tion; the case [pb] = 0 to meridional magnetization 
and, finally, the case [sb] = 0 to equatorial mag- 
netization. 

Formula (9) has four roots. For a semi-finite 
medium the two must be taken which correspond to 
the two waves which penetrate into the medium 
(n,, 7 _). If then, the propagation of waves in a 
plane-parallel layer is considered, there will be 
reflection from the lower boundary of the layer 
inside the gyrotropic medium. As the refraction 
vectors of the incident and reflected waves on the 
lower boundary will also satisfy Snellius law (7) 
and can therefore be represented in the form (8), 
then 7,',7’_,the second pair of roots in equation 
(9), must correspond to the waves penetrating after 
reflection from the lower boundary of the gyrotropic 
medium. 

A peculiarity of reflection inside a gyrotropic 
medium is that it does not conform to the law of 
equality between the angle of reflection and the 


angle of incidence. In a gyrotropic medium actually 
n’; # — nj; in other words the equation for n; should 
be biquadratic, and the angle of reflection is not 
the same as the angle of incidence. This is be- 
cause, in a gyrotropic medium, the wave refraction 
characteristic is essentially dependent on the 
orientation of the refraction vector with regard to 
the gyrotropy axis. {t is just for this reason that 
the reflected wave, which will be differently 
oriented with regard to the gyrotropy axis, has a 
different refractive index from that of the incident 
wave and the law of the equality of the angles of 
reflection and incidence is broken. An exception 

to this is where there is symmetrical orientation 

of the refraction vectors of the incident and re- 
flected waves in respect of the gyrotropy axis. 

In low gyrotropy regions the solution to the 
equation for n; must be sought in the form of an 
expansion of 7; to the powers of the parameter Q, 
i.e. it must be assumed that 7; = no + n; ‘VQ. 
Calculations produce the following values for 
coefficients n> and nj) for the waves penetrating 


(10) 


where m3 = ¢, is the square of the refractive index 
of the medium in the absence of gyrotropy. By 
means of parameter n; and using the relation 

m: = ni + s?, the complex refractive index can be 


calculated 


= mi, + m, (mb) Q. (11) 


The equation for 7; is substantially simplified, 
changing into a biquadratic one, if coefficients 

B and D are equal to zero. It can be seen from (9) 
that these coefficients are proportional to the 
factors (ab) and (pb). Consequently B = D =0, 
where either (qb) = 0 or (pb) = 0. In these cases 
the difference between the angles of reflection and 
incidence disappears. Where (qb) = 0, i.e. where 
the gyrotropy axis is parallel to the plane of the 
interface (tangential magnetization), and angle at 
a= 1/2, birefringence becomes particularly 
effective where the incidence is close to sliding 
~7/2) in the case of meridional magnetization 
(B = 0). In the case in question the square of the 
refractive index of a gyroelectric medium can 


4 
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rationally be expressed through the parameters of 
tensor ¢, where (m;b) = 0, i.e. where this is normal 
incident of light (d = 0) and for any angle of inci- 
dence in the case of equatorial magnetization. in 
both cases 


(12) 


If the second condition (pb) = 0 is satisfied, the 
influence of gyrotropy on the propagation of waves 
will become weaker as the gyrotropy axis deviates 
from the normal to the interface and angle a approxi- 
mates to the value 7/2. Where there is normal incid- 
ence and polar magnetization (a = 0) conditions 
[m;b] = 0 are satisfied and the expression for m’, 

as in the case of (12), will be rational and will give 
the precise formulae: 


=e (I Q); m2 =e(1—Q). (13) 


b. Determination of orientation and the state of 
polarization of the field vectors. In isotropic media 
the orientation of field vectors is known to be 
arbitrary in transverse conditions and to be deter- 
mined exclusively by boundary conditions. The 
same may be said for the polarized state of field 
vectors. 

It is quite another matter for a gyrotropic medium. 


The anisotropy of the electrical and magnetic pro- 
perties means that the orientation of the field 


vectors with regard to the gyrotropy axis will be 
rigidly fixed, as also their state of polarization. 

To find orientation and the state of polarization 
of field vectors in a gyroelectric medium the 
simplest thing is to start by considering the field 
strength vector H as here the conditions oi trans - 
versality mH = 0 are satisfied. The wave equation 
analogue for H is given by the relation 


(1 m*) H = 0, (14) 


where m is the refraction vector of a wave in a 
avroelectric medium. H can, of course, be deter- 
mined as an eigen vector corresponding to the zero 
eigen value of tensor (1 + mX¢—'mx). As the 

tensor, which is mutual to the one in question, is 
not equal to zero, then the rank of the matrix of this 
tensor will be equal to 2 and the solution to 
equation (14) for the refraction vector in question 


will be unity. 

Equation (14) defines H with precision up to the 
scalar factor; we will therefore omit such factors 
in our calculations, providing, however, that they 
do not return to zero. Having written (14) in the 
form 


(3) + m*em*)H =0, (15) 


(16) 
— ice, Q bX + [e2(1 — Q2)— bob, 


A 


3; = — 


we can reduce the tensor in (15) to the form 


A 


= 2€)(1 m2; a, = ie, Q (mb) m; 
a, = — [e (1 — Q?) — ¢,] ([mb)?); 
c=[mb]/} 
u?= 1, c?=1, (uc) =0. 


After finding the eigen values and corresponding 
eigen vectors we now find the H values which 
satisfy equation (14). After this vectors D and E 
are determined from the field equations (2): 


D=—m*H; (19) 


E (20) 


The first eigen value of tensor aie A, = @, which 
corresponds to eigen vector h, = m. However, this 
eigenvector does not satisfy the transversality 
condition and type h, = m fields cannot exist in a 
gyroelectric medium. 

Two other eigen values are 


2 


5 
a7) 


Propagation of flat waves in a gyroelectric medium 


Reducing this equation to zero we get the relation 


ay +> 25 + 2,0, = 0, (22) 


and if the values a,, a,, a, are substituted in 
accordance with (17), this equation will change 
into equations (6) for the determination of the re- 
fraction vector of a plane wave. 

The eigen vectors corresponding to the zero 
eigen values will have the form 


(23) 
h = [e (1 — Q*) — m?] [mb] — iQ (mb) [m [mb]]. 


Vectors h characterizes orientation and the state 
of polarization of the field strength vector of the 
wave propagated in a gyroelectric medium with a 
given refraction vector m. [t fully defines the re- 
fraction vector and orientation of the gyrotropy 
axis, Boundary conditions can only influence the 
amplitude of vector H, as vector h is defined with 
precision up to a scalar factor. 

From (19) to (20) we will find the vectors d and e 
which characterize the orientation and state of 
polarization of the vectors of electrical induction 
3 and field strength E: 


d = [e(1 — Q*) — m?] [m[mb]] + (24) 
+ m* (mb) [mb], 
== (¢ — m?) (mb) m — ¢[z (1 -- Q*) — b +(25) 


+ #2Q(mb) [mb]. 


in a general case vectors h, d and e are elliptically 
polarized (see [2] regarding the invariant criteria 
of the polarized state). Vector e has the component 
parallel refraction vector m, which is the result of 
the infringement of the law of transversality. 

The formulae derived for the field vectors are not 
applicable in two cases, either where a, = 0, or 
a, = 0. In the first case (mb) = 0, i.e. the vector of 
refraction is perpendicular to the gyrotropy axis. 
If then a, = « (1 — Q?) — m? = 0, then A = [a [mb] ], 
where @ is an arbitrary vector. However, as we 
require that the conditions of transversality 
hm = 0 should be satisfied, we will stay by the 
expression h = b. Having found d and e, for the 
wave as a whole we get 


m= =e(1—Q’), h=b: 
d_=[m_b], e_=[m_b]—iQm_. (26) 


This wave is characteristic of the linear polariz- 
ation of the magnetic field strength H in the dir- 
ection of the gyrotropy axis. The second possible 
case for the satisfaction of conditions (mb) = 0, 

is the case where my, = €. Then the wave will 

be characterized by vectors 

e.=b. (27) 


h, =[m.b); d, =b; 


In this wave the vectors d and e are linearly polar- 
ized along the gyrotropy axis. As a whole the case 
(mb) = 0 corresponds to equatorial magnetization 
as here (pb) = 0 and (qb) = 0, i.e. the gyrotropy 
axis is parallel to the incident plane. 

If a, = 0 then vectors b and m will be parallel. 
This is possible where the refraction vector of the 
incident waves is linear. One can therefore speak 
of polar magnetization where the light is perpendi- 
cularly incident. In this case we should have 196 


=:(1—Q*), = + ib*hy, 


d, = +ib*d., e.=+i 


Thus waves are propagated in the medium, circularly 
polarized with regard to the direction of the gyro- 
tropy axis. It is noteworthy that in this case the 
conditions of transversality are satisfied for all 

the field vectors, as in case (27). 


Translated by V. Alford 
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THEORY OF THE RESIDUAL ELECTRICAL RESISTIVITY OF ALLOYS WITH 
A BODY-CENTRED CUBIC LATTICE, HAVING TWO ORDERING TEMPERATURES* 
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Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
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The relationship has been determined between residual electrical resistivity of alloys with a 
body-centred cubic lattice and the composition and two parameters of long-range order which character- 
ize ordering in alloys with two ordering temperatures. 


Up to the present time the dependence of residual 
electrical resistivity of alloys on composition and 
long-range order parameters has been theoretically 
investigated in an explicit form only for the case 
where order in the arrangement of atoms can be 
characterized by one long-range order parameter. 
Keeping to the simplest case, when correlation in 


an alloy can be neglected, we will only consider the 
case of binary substitution alloys of non-transition 
metals. The dependence mentioned above has been 
found for these alloys in [1, 2]. In alloys in which 
there are more than two different kinds of sites, and 
where order can no longer be characterized by one 
long-range order parameter, in the theory of residual 
electrical resistivity [3-5], only general formulae 
have been found, which relate this value to the 
probabilities pé) of the substitution of type L 
sites by type a atoms. These formulae in [3] were 
derived for alloys with an undistorted lattice, and 
in [5] with allowance for crystal lattice distortion 
due to difference in the sizes of the atoms. 

Here we will consider binary substitution alloys 
A-B with a body-centred cubic lattice, in which 
the ordering processes take place in the same way 
as in alloys on the system Fe-Al. In a certain 
concentration range in these alloys and at low 
temperatures beginning at temperature 7,, phase 
transformation takes place from the unordered state 
to the state with long-range order of the 8- brass 
type. At a lower temperature 7, there is a second 
transition to a state with a type Fe,Al order. A 


* Fiz. metal. metalloved., 12, No. 5, 630-635, 1961. 


FIG. 1. Unit cell of a Fe,Al type alloy: 
e — first kind of site; 
mw — second kind of site; 
o — third kind of site. 


statistical theory of ordering for these alloys which 
does not allow for correlation in a model with three 
sorts of sites, has been developed in (6, 7]. The 
elementary cell of this kind of alloy is shown in 
Fig. 1. The base of the lattice is formed by 16 sites, 
of which 8 are sites of the first kind (correct for 

A atoms), 4 are of the second type (correct for A 
atoms), and 4 of the third kind (correct for B atoms)*. 
The multi-electron and single-electron theories 

(4, 8] are known to lead to the same kind of depend- 
ence of residual electrical resistivity on composi- 
tion and order parameters. In [3] formulae (41) and 
(33) were derived, which give the dependence of 
residual volume resistivity p> on pil) for the case 


* A indicates the component the relative concentration 
of which is more than or equal to \. Thus it will be 
sufficient below to consider only the concentration 
range of component A from % to 1. 


7 
| 


where lattice distortion is slight and can be ne- 
glected. For the binary alloys A-B with three 
kinds of lattices these formulae lead to the expres- 
sion 


iL) 
L=1 


where A’ is a coefficient which is not dependent on 
composition or lattice parameters, A, is the number 
of L type lattices in the basal plane and which, for 
the alloy in question, is A, = 8, A, = 4, A; =4. Thus 
ig = 4A’ (2p? ps? pS! pb + (2) 
We will characterize long-range order in the alloy 
in the same way as was done in papers [6, 7], i.e. 


we will introduce the following two long-range 
order parameters: 


¢, and cp will indicate the relative atomic concen- 
trations of components A and B (cag + cp = 1). The 
parameters are normalized in such a way that for 

an alloy of stoichiometric composition AB, they will 
correspond with complete order to the values 

n, = 1/2, n, =0, and for one of stoichiometric 
composition A,B, tothe values 7, = 1/4, n, = 1/2. For 
an alloy of arbitrary composition in the range 

1/2 < ¢,4 <1 the maximum possible 7, and 7, values 
will be determined by the formulae: 


Cr 
1 max >= “As 


— } where C, (4) 


2(1—c:) where C, > 


The probabilities pil ) can be expressed in the 
following way through ca, cp, 7, and 7: 


Residual electrical resistivity of alloys 


Substituting (5) in (2) we get a formula which gives 
the p> dependence on composition and order para- 
meters: 


= Ale (1 — Ca) — (ui » (6) 


where A = 16 A’. 
For a completely unordered alloy (n, = 0, 7, = 0) 


formula (6) leads to the ordinary parabolic depend- 
ence of py on ay in the form po = Aca(1 — ca) 
(see curve ain Fig. 2). This gives the maximum 
Po value where = At annealing temperatures 


lower than 7, but high 7, (7:4 0, 7, = 0), we have 


A [ca (1 — ca) — (7) 


which coincides with the well-known formula for 
alloys of the 8 -brass type (e.g. see [4] formula 
(2.45)), where the long-range order parameter 7, 
ee 7 is normalized to unity, i.e. where 
= 7. For alloys of the 8- brass type, as is 
iia [1], after heat treatment the maximum 
possible order for each composition (7; = Mimax = 
= 1 —cy,) is established. (7) leads to the formula 


fy = 2A(1 ( (8) 


which gives curve 6 in Fig. 2 (for 4< ca ¢ 1). 

At annealing temperatures less than 7, and 7, 
formula (6) holds for a general case. For stoichio- 
metric alloys A;B (c,4 = %, cp = 4) and full order 
(n, = 4, 72 = 12) formula (6) gives po = 0. 

If a number of A -B alloys of different composi- 
tions were reduced by heat treatment to the state 
where the order was at a maximum for each composi- 
tion, then the concentration dependence of py would 
be determined by formulae (6) and (4), and would 
have the form 


Ca) icx——| 


where 


8 
=-> (px —pa ). (3) 
VOL 
12 
\ Ve max = | 
| 
where —< Cax<—, 
Pr =C, Pa Mee 2 4 (9) 
(3) 
Pa — Nas 
Pp “e- 
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Residual electrical resistivity of alloys 


It can be seen from formula (9) that in this case pp 
will return to zero at c, values equal to ’, 4 and | 
(Fig. 2 curve c). The maximum fy lies at cg values 
of 5/8 and 7/8*. 

To find the concentration dependence of pp for 
alloys in a state of partial order use can be made 
of the approximate statistical theory [6, 7] or, if it 
seems too difficult to find 7, and 7, in this way, of 
the 7, and 7, values found experimentally for alloys 
of different composition, for example from X-ray 
diffraction analysis. Experimental points taken from 
paper [9] Fig. 2 are plotted in Fig. 2. These points 
were obtained by slowly cooling alloys of different 
compositions at the rate of 30°/hr. p. measurements 
were made at 195°C when the proportion of the part 
of electrical resistivity due to thermal oscillations 
is quite insignificant. Coefficient A in formula (9) 
was found from the po value for one of these experi- 
mental points. It can be seen from Fig. 2 that the 
course of the theoretical curves is in qualitative 


agreement with experimental data. In alloys in which 


there is Fe,Al type order, the experimental points 
lie mainly between the theoretical curves 5 and c 
and show that electrical resistivity decreases 
abruptly at concentrations close to stoichiometric 
(c, = 0.75). In this state, however, electrical 
resistivity does not return to zero. The final elec- 
trical resistivity for alloys of stoichiometric com- 
position Fe,Al appears to be related to the fact 


that the heat treatment of the alloys does not produce 


total order, and also to the presence of a small 
portion of electrical resistivity due to thermal oscil- 
lations of the lattice. The experimental points fit in 
best of all with the theoretical curve d which was 
plotted from formula (6) on the assumption taat 
parameter 7, was at its peak Mmax =l—- CAy and 
that parameter 7, for all cy, concentrations in the 
range 0.5-1 is the same fraction of its peak value 
Namax (determined by formula (4)) and is equal to 

12 = 0.7 Tmax: 

Fig. 3 shows the theoretical curves for the de- 
pendence of p, on annealing temperature for an alloy 
of stoichiometric composition A,B, plotted from 
formula (6) on the assumption that in the tempera- 
ture range where 7, does not equal 0, the parameter 


* The formulae derived were produced for the ideal 
case where the ordered phases exist in the whole 
range of concentrations under review. If this condition 
is not satisfied then they must be used in a corres- 
pondingly smaller range. 


FIG. 2. Concentration dependence of residual electrical 
resistivity in alloys: 
solid-lines — theoretical; 
a — unordered state; 
b — alloys with 5-brass type order in a state of maxi- 
mum possible order 
1 =1—c4, = 0): 
ec — alloys with Fe,Al type order in the state of maxi- 
mum possible order 


and determined by formulae (4); 
d — alloys with = 92 = 9-Mamax 
@ — experimental data {9} for alloys quenched from 800°C, 
higher than T, (type FeAl order); 
x — experimental data [9] for the slow cooling of alloys 
with type Fe,Al order. 


7: has already reached its peak value of 0.25. This 
assumption, as is well-known [7], is satisfied very 
well in Fe-Al alloys. The 7, and n, values for 
different T values are determined from formulae (15) 
and (16) in paper [6], where the ordering energies 
for the first and second co-ordination spheres were 
found from the experimental 7,/T, values for Fe-Al 
alloys. The experimental points in Fig. 3 were 
taken from paper [10]*, in which the alloy Fe,Al 


* Experimental investigations of the electrical 
resistivity of Fe-Al alloys has also been made in 
papers {11-15}. 
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Residual electrical resistivity of alloys 


was annesied at varicus temperatures and, after 
quenching, its electrical resistivity was measured 
at —195°C. Coefficient A in formula (6) was found 
from the p, value at temperature 7,. The experi- 
mental points available are in qualitative agree- 
ment with the course of the theoretical curve. 
(Unfortunctely there are no experimental data which 
reveal the second salient point in the curve for 

T = T,). 

We will now consider the residual electrical 
resistivity of alloys of the Fe-Al type with atomic 
radii which differ considerably. Here allowance must 
be made for crystal lattice distortions due to dif- 
ference in the size of A and B atoms. For this 
purpose we shall make use of equations (29) or (31) 
from paper [5]. For example, rewriting the second of 
these formulae for the probability of transition w’gy 
of an electron in a unit of time between the states 
with wave vector k and k’ for the case of an alloy 
A-B with 16 atoms, which is appropriate for the 
unit cell, we shall get 


16 16 
x=] x 1 


16 16 


x= 1 


A 


and! 
are coeffi ents which are not dependent on compo- 
sition or order parameters; X is the lattice number 
in the bas:«! plane; p xX and ‘ are the probabilities 


of finding a A or B atom at anumber X site in the 
cell, and bax, 6gx, which are dependent on 


px and p® are values which determine the displace- 


ment of pcints of the lattice in the simplified model 

of an elastic medium applied in paper [5]. 
Restricting ourselves to the case where the volume 

of the alloy is linearly dependent on cy and is not 

dependent on long-range order parameters, for 6, y 

it is possible to use formula (20) from [5], where 

the w X values are equal with constant wg volumes 


belonging to a type a atom and not dependent on 
Ca, order parameters or X: 


FIG. 3. Dependence of residual electrical resistivity of 
alloys of A,B composition on annealing temperature; 
x — experimental points for FeAl alloy [10]. 


e will be used to designate a value proportional to 
the differencein volumes wp 


(wa op) (12) 


and for alloys of the type under review we will 
assume that 


(where, as above, indexes (1), (2) and (3) indicate 
the type of site). Then from (10 and (11) we shall 
find 


(2p\, ph, + py pe 


Po» cm 
150 
100 xf | 
H 
' 
a? (11) VO 
APB, 19 
+ bg, (04 05 + 05 
Here 
16 {3} 
Px = Pp, = 
(14) 


Residual electrical resistivity of alloys 


Formula (14) contains the same combination of 
probabilities pi ) as formula (2) and, after substi- 


tuting (5), leads to the same dependence of residual 
electrical resistivity ~» on C4, 7, and 4,, as in (6), 
but with a different coefficient 


In the absence of distortions (« = 0) A” = A and (15) 
coincides with (6). Thus, when the lattice distort- 
ions due to differences in the sizes of the atoms 
are allowed for and where the volume of the alloy 
can be described as linearly dependent on composi- 
tion and not dependent on order parameters, there 


is no change in the form of the po/ca, 7, and 7, 
dependences which only vary in proportion to the 
Po value. The investigations carried out above 

into the nature of the dependence of po on cy and 
annealing temperature for alloys without distortions 
therefore hold good for the case in hand. 

For alloys where the concentration dependence 
of volume deviates noticeably from linear and 
varies considerably on ordering, the dependence of 
Po on C4, , and 7, will be more complicated than 
in (15), and will be defined by the concrete form of 
the dependence of volume on these values. 


Translated by V. Alford 
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ANOMALIES IN THE TEMPERATURE DEPENDENCE OF THE FERROMAGNETIC 
RESONANCE ABSORPTION LINE WIDTH IN FERRITES* 
K.P. BELOV, V.F. BELOV, L.A. MALEVSKAYA, A.V. PED’KO and V.I. SOKOLOV 
Institute of Crystallography, Academy of Sciences U.S.S.R. 
Physics Faculty, Moscow State University 
(Received 2 January 1961) 


A study has been made of the temperature dependences of the ferromagnetic resonance 
absorption line width in ferrites with spinel and garnet structures (mono- and polycrystals) in 
three temperature ranges: around Curie point, around the compensation point of the magnetic 
sub-lattices and at low temperatures. At the same time measurements were made, in the same 
specimens, of the temperature dependence of the magnetic characteristics in static magnetic 
fields (intensity of magnetization, coercive force etc.). Reasons are given for the anomalies in 
the temperature course of the ferromagnetic resonance line width in ferrites around Curie point 


and compensation point. 


coercive force and permeability po). Comparison 
of the AH measurements with these magnetic char- 

cteristics was found to provide some very inter- 
esting material for an understanding of the nature 
of the temperature anomalies of ferromagnetic 


The theory of ferromagnetic resonance absorption 
is still far from complete, especially in such complex 
magnetic materials as ferrites. Among other things 
the formulation of such a theory is of considerable 
technical significance as it should indicate the 


correct lines of investigation of ferrites with optimum resonance absorption in ferrite. 
Abnormal temperature dependence of ferro- 


magnetic resonance line width in ferrites around 
Curie point. Abnormal increase in AH [2] has 
frequently been noted in a number of ferrites as 
Curie point 9 is approached. Fig. 1 shows our 
measurements of the temperature dependence of 
AH for a monocrystal of the ferrite Vig-Mn. The 
measurements were made on polished balls. The 
I, (T) curves and the magnetic anisotropy const- 
ants K, are given in the same place. It can be 
seen that AH varies very little with temperature, 
despite the fact that /, and K, vary considerably, 
but that there is abnormal increase in AH on 
approaching Curie point. A similar pattern is 
observed for monocrystals of the yttrium-garnet 
type ferrite, although there is a considerably 
smaller increase in AH around Curie point. The 
same thing occurs in polycrystalline ferrites. 
Fig. 2 shows the A H/T curves for polycrystals 
of yttrium ferrites with varying densities. It can be 
seen that the one with the greatest density 
behaves most like a monocrystal; there is very 
* Fiz, metal, metalloved., 12, No. 5, 636-643, 1961. slight dependence of AH on T andincrease in AH 


parameters for microwave radio engineering. At the 
present time it is important to study the influence of 
various physical factors [1] on ferromagnetic reson- 
ance absorption line width in ferrites, both in mono- 
and polycrvstals. On these lines considerable im- 
portance attacics to the study of temperature depend- 
ence of resonance line width (this width will be de- 
signated below by AH) and, particularly in the tem- 
perature ranges where these lines are subject to 
abnormal broadening or contraction. 

The present work presents the results of the 
study of the temperature dependence of AH in mono- 
and polycrystalline ferrites both with a spinel and 
with a garnet structure in three temperature ranges: 
around Curie point, around magnetic compensation 
point and in low temperature regions. Besides AH, 
measurement was also made of the temperature 
dependence in the same temperature ranges, of the 
magnetic characteristics in static magnetic fields 
magnetization, saturation induction /, or 47/,, 


Absorption line width in ferrites 
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FIG. 1. Temperature dependence of AH, 47], and K, in a monocrystal of magnesium-manganese ferrite; 
6.9 wt. % MgO; 37.3 wt. % MnO; 55.9 wt. % Fe,0;. 
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FIG. 2. Temperature dependence of AH for polycrytalline 
specimens of yttrium ferrite with varying density: 
1 — p = 2.8; 
2—p = 4.35; 
3 — p = 4.87 G/cm’. 


around ®. In the porous specimens a major role in 
line broadening is played by the internal demagnet- 
izing fields of the pores which “drown” all other 
mechanisms. As the temperature increases the in- 
ternal demagnetizing fields become smailer, as the 
I, value falls, and the AH (T) curve falls abrxptly 
to axis 7, in a manner similar to the temperature 
course of /,. It is for this reason rather more dif- 
ficult to explain the abnomal increase in AH 
around 9, 

According to De Gennes, Kittel and Portis [3] and 
also Skrotskii and Kurbatov [4], the abnormal in- 
crease in Ad in ferrites around 9 is attributable to 
the influence of thermal fluctuations in the spontan- 
eous magnetization. A qualitative expression for 


Dr Oy 


a3 


O2 


FIG. 3. Temperature course of AH, H, and [i (in relative 
units) around Curie point in monocrystals of ferrite; 
2.2 wt. % MgO; 
54 wt. % MnO; 
43.6 wt. % Fe,03. 


these fluctuations may be provided by the peak on 
the paraprocess susceptibility curve X _ (7) around 
Curie point, although here the fluctuations are 
suppressed somewhat by the magnetic field. Ac- 
cording to these theories [3, 4], it seems that the 
AH (T) curve should repeat the course of curve 

Xm (T) although this was not observed in the ex- 
periment. The AH (7) curve has no peak and the 
maximum increase in AH does not coincide with the 
peak on curve X,, (7). This means that if the 
thermal fluctuations of spontaneous magnetization 
do in fact influence AH, then they cannot be the 
main reason for the abnormal broadening of AH 
around ©. [In our opinion, the main reason for the 
broadening of AH around @ is the influence of 
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FIG. 4. Temperature dependence of H_,, for polycrystalline 
specimens of yttrium ferrite with varying density: 

l—p= 2.8; 

2 —p = 4.35 G/cm’. 


structural factors. In this connexion we would like 
to draw attention to the following. Abnormal increase 
in H, [5] appears to take place in many ferrites 
around ®, it is interesting to compare the tempera- 
ture courses of AH and H, around 9. With this aim 
we measure c these values.on monocrystals of Mg-Mn 
ferrites (Fig. 3). [t can be seen from Fig. 3 that the 
temperature range for the increase in AH and H, is 
roughly the same. A similar pattern is observed for 
the crystals »/ the Mn ferrite. In the case of a mono- 
crystal of the ferrite-yttrium-garnet, we were unable 
to carry out this kind of measurement. We are there- 
fore only able to present the results of the measure- 
ments for the polycrystalline specimens (Fig. 4). 
According to the AH measurements (see Fig. 2) 
H_., is seen to increase in ferrites of considerable 
density. It is important to note here that the temper- 
ature range for the increase in H, and AH is exactly 
the same. Finally, there is one more point of import- 
ance. The greater the “tail” of spontaneous magnetiz- 
ation observed in ferrites after Curie point [6], the 
greater it seems, is the increase in H, and AH 
around @ in these ferrites. These phenomena are in 
our opinion to be attributed to structural inhomogen- 
eities of the material. In monocrystals such imper- 
fections may be the disordered distribution of ions 
among the lattice sites (in octahedral and tetrahedal 
positions), vacancies, the presence of dislocations 
etc.etc.*. These imperfections, in their turn, create 
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FIG. 5. Temperature dependence of He and AH in the 


garnet ferrite of gadolinium. 


unevenness in the degree of spontanous magnetiz- 
ation through the specimen. As shown by our pre- 
vious investigation, structural imperfections have 
a particularly strong effect on spontaneous magnet- 
ization around Curie point [6], where it is on the 
verge of destruction. All this means that in ferrites 
with structural imperfections the following arise: 

1) a tail of spontaneous magnetization around 
Curie point; 

2) abnormal increase in H, around Curie point as 
here the material is a kind of magneto-heterogeneous 
system, due to volumetric fluctuations in spontan- 
eous magnetization (re-magnetization of this kind 
of system is difficult); 

3) increase in AH, as here we have non-uniform 
effective magnetic field created, however, not only 
by thermal fluctuations in spontaneous magnetiza- 
tion [3, 4], but also by volume fluctuations in 
spontaneous magnetization due to the structural 
imperfections. 

All this can, in all probability, be applied to 
metallic ferromagnetics. In many of them around 0, 
in is known that there is an abnormal increase in 
AH [7], while on the other hand increase in H, 
is frequently observed at this point [8]. There is 
at the moment, however,not sufficient experimental 
material for any definite conclusions regarding the 


* These imperfections could be created by other phases, 
that often fall in ferrites during heat-treatment. 
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FIG. 6. Temperature dependence of AH/VH, in garnet ferrites of yttrium 
(AH — line width at room temperature): 
1, 2 — for monccrystals (different batches); 


3 — polycrystalline specimen. 


reasons for the increase in AH in metallic ferro- 


magnetic materials around Curie point. Nevertheless, 


we draw attention to some very interesting measure- 
ments of Af and H, around 0 for metallic gadolin- 
ium. In the immediate vicinity of 0 in gadolinium, 
no abnormal increase in H, [9] or AH [10] is ob- 
served, nor is there a spontaneous magnetization 
“tail” [9]. The reason for this seems to be that 
around Curie point gadolinium is in a purely anti- 
ferromagnetic state. These measurements are of 
importance to us from another point of view: they 
confirm our main proposition, that the abnormalities 
in H, and AH and the existence of the spontan- 
eous magnetization “tail”, are effects which hand 
together. 

Abnormal temperature dependence of AH around 
compensation point. In those ferrites which have a 
compensation point 9, (those of the rare-earth ele- 
ments and ferrites of lithium chromite), abnormal 
increase in AZ is well-known in this region. This 
takes place both in mono- and polycrystals [11]. 
On the other hand, in our laboratories we found that 
there was increase in H, on approaching Ox, both 
in monocrystalline and polycrystalline specimens 


[12]. 


Fig. 5 shows the temperature variation of \H and 


H_., for a polycrystalline gadolinium ferrite 
(3Gd,0.5F,0,) according to our measurements. When 
approaching 9x both from above and below, there 
is an abrupt increase in AH and H.. The tempera- 
ture range in which this increase takes place is 
roughly the same for both values. At compensation 
point itself H, + 0, as ferromagnetism and all its 
traces disapvear (particularly the hysteresis loop) 
and the peak on curve H, (7) is divided (Fig. 5). 
[t was not possible to measure AH at T = Oy 

due to the very considerable weakening of the 
signal. However, at T = Ox, AH > 0, and the 

peak on curve AH (T) should also be divided, 
although this is difficult to reveal experimentally. 
We suggest that the reason for the abnormal in- 
crease in H, and AH around ©, is the emergence 
of magnetic non-uniformities which are in their 
turn due to structural imperfections. The position 
here is roughly the same as with Curie point. 

It must be noted,however, that unlike Curie 
point, at 9 there are no thermal fluctuations of 
spontaneous magnetization (there is no paraprocess 
susceptibility peak). This is because ©, is not 
the type II phase transformation point. One cannot 
therefore here refer to thermal fluctuations in spon- 
taneous magnetization as the reason for the 
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abnormal growth in AH. 
Abnormal temperature dependence of AH in low 
temperature fields. Dillon [13] has observed inter- 
esting abnormalities on the AH (7) curves in low 
temperature fields for yttrium ferrites with a garnet 
structure. Fig. 6 shows our measurements of the 


300 °K 


temperature anomaly of ferromagnetic resonance line 
width (polycrystalline specimens): 
1 — Tb < 0.002 %; 
2 — Tb < 0.002 %; 
3—Tbh~ 3%. 


temperature dependence of AH for mono- and 
polycrystals of yttrium ferrite. The AH/AH, value 
is plotted along the ordinate axis, and here 

AH, is line width at room temperature. Abnormal 
AH peaks can be observed between 4 and 60°K. 
These peaks are reduced and even disappear com- 
pletely (Fig. 7) if the ferrite is prepared of pure 
Y,0, (99.99 per cent) and they increase if impurities 
are added, particularly terbium. 

Kittel and collaborators [3] have provided an ex- 
planation of the influence of impurities in yttrium 
ferrite on the temperature variation of AF at low 
temperatures. This explanation amounts to the 
following. If an yttrium ion in the ferrite is replaced 
by a magneticion of a rare-earth element then weak 
exchange interaction takes place between the 
latter and the iron sub-lattice. The broadening of 
ABH at low temperatures can be attributed to the 
fact that the relaxing ions Fe ‘+ are bound by the 
exchange interaction with the rare-earth impurities, 


Absorption line width in ferrites 


FIG. 7. Influence of terbium impurity concentration on low 


FIG. 8. Curves plotting the establishment of magnetiza- 
tion against time in polycrystalline specimens of 
yttrium ferrite at low temperatures in the field 
H = 0 oersted. Tb content not more than 0.02 %. 


while the latter in their turn interact very strongly 
with the lattice, i.e. with its thermal vibrations. 
The rare-earth impurities are therefore very power 
ful “absorbers” of energy from the precession of 
the magnetic moments of the Fe** ions; this energy 
is transmitted to the lattice. From this it follows 
that ferromagnetic resonance line width AH should 
increase considerably. As the exchange interaction 
between the rare-earth impurities and the Fe** ions 
is very weak, this broadening of AH should appear 
at low temperatures where the relaxation frequency 
of the rare-earth impurities coincides with the 
exchange frequency w,p(3]. 

In the course of measuring the magnetization 
curves (in weak fields) in yttrium ferrites with 
rare-earth element impurities, we found that the 
intensity of magnetization was not stable (Fig. 8). 
Between 4 and 60°K when the field was connected, 
magnetization was only established after a few min 
(magnetic superviscosity). This effect almost 
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FIG. 9. Temperature dependence of AH (curve |) and 
resonance field (curve 2) in the garnet ferrite of 
gadolinium in low temperature field. 


disappeared in pure specimens. From the point of 
view of relaxation processes, the ferromagnetic 
resonance line broadening effect and that of magnetic 
superviscosity are different, i.e. relaxation time is 
different. It therefore seems that these two effects 
should appear at different temperature ranges. 
However, it seems to us that the magnetic super- 
viscosity which we have observed can be explained 
as follows. Due to the exchange interaction between 
the Fe** and Tbh**magnetic moments (the latter in 
its turn being strongly bonded with the lattice) the 
Tb°* ions act as “dampers” to the magnetization 
process. They retard, as it were, the rotation of the 
magnetization vectors in the Fe**-Fe** sub-lattice. 
Another possible reason for the viscosity ».zht 
be the presence of F'e?* ions in the ferrite (14). 
Finally, we present the results of the measure- 
ments of resonance characteristics for the gadolinium 
ferrite with a garnet structure at low temperatures 
(see Fig. 9). It can be seen, that around 100°K 
there is a peak on the AH (7) curve and a drop on 
the curve for the dependence of resonance field 
on 7. At this same temperature there is a minimum 
of the H, (T) curve and a peak o (Fig. 10). An ex- 
planation of these anomalies in the temperature 
course of resonance and magnetic characteristics 
in gadolinium ferrite has been given in [15). It 
seems that in the garnet ferrite of gadolinium, in 
low temperature fields a curious “Curie point” 
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FIG. 10. Temperature dependence of magnetization in 
a weak field (curve!) and coercive force (curve 2) 
of the garnet ferrite of gadolinium in low 
temperature fields. 


takes place in the gadolinium sub-lattice. 

In this ferrite we have the following types of 
interaction between ions: 

a) strong negative interaction between Fe?* - 

Fe** tons; 

b) weak positive interaction Gd**- Gd**; 

c) weak negative interaction Fe**- Gd**. 
At temperatures below 100°K all these interactions 
influence ferromagnetic resonance. At a higher 
temperature the weak Gd?*-(d°* interaction does 
not come into the pattern (at 100°K). This causes 
the appearance of the extremal magnetic and 
resonance characteristic values. ‘ve intend to 
study this effect in detail as soon as possible. 


Translated by V. Alford 
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MAGNETIC DIFFUSION EFFECT IN INVAR, STUDIED BY THE 
DAMPING CAPACITY METHOD. Ii. * 
I.B. KEKALO and B.G. LIVSHITS 
Moscow Institute of Steel 
(Received 24 January 1961) 


Paper [1] gave some outlines of the new magnetic 
diffusion effect in Invar which is revealed by the 
drop in damping capacity, Q"', in the process of 
isothermal soaking at temperatures below Curie point 
(260°C). From analysis of the experimental data on 
damping capacity the hypothesis was put forward 
that there is directional displacement of carbon 
atoms in the process of isothermal soaking towards 
the domain boundaries and that, as a resultof this, 
the losses due to magaeto-elastic hysteresis, and 
consequently also in Q™*, will be reduced. The low 
Q°* value after isothermal soaking (below we will 
call this stabilization treatment) is instantly res- 
tored almost to its original level under the influence 
of magnetic action (magnetization and demagnetiz- 
ation). This restoration can be attributed to the. 
withdrawal of the domain boundaries from the vicin- 
ity of the carbon atoms and, consequently, to the 
increase in losses due to magneto-elastic hyster- 
esis. After some time segregations are formed 
around the domain boundaries in their new positions, 
while Q"' is again reduced. This is reversibility oi 
the magneto-diffusion effect under the influence of 
magnetic action. It seems that if the domain bound- 
aries could be withdrawn from the vicinity of the 
carbon atoms by some means or other, then, first 
of all, there should be an increase in Q™' and 
secondly, there should be a second drop in this 
value in the course of time. Such a method of with- 
drawing the boundaries from the vicinity of carbon 
atoms might be provided by some kind of heat 
treatment (heating and cooling). [t was shown, for 
instance, in the paper by Shur and Startseva [2], 
that cyclic variations of temperature will cause 
irreversible changes in domain structure. These 
changes are due, in particular, to the appearance 


* Fiz. metal. metalloved., 12, No. 5, 644-651, 1961. 


of thermal magnetic hysteresis [3]. 

The aim of the present work was to study the 
influence of thermal cycling on Q™' from the point 
of view of checking the hypothesis regarding the 
nature of magneto-diffusion effect. Invar specimens 
with 0,26 per cent carbon were investigated. The 
method of measuring Q~* was exactly the same as 


in [1]. 
RESULTS AND DISCUSSION 


1. The first thing to be studied was the influence 
of cooling and subsequent heating (thermal cycling 
A) on the Q@* level after stabilizing treatment at 
80, 120. 150, 170 and 220°C (tests 1-5 respectively 
in Fig. 1). With heating from room temperature the 
change in Q* is as shown in curve 1). In the 
process of stabilizing treatment Q~* is reduced, 
almost twice at 80° (test No. 1) and a total of 
1.5 per cent at 220°C (test No. 5). As noted above 
the drop in Q@* (sector cb) is, of course, due to 
the blocking of the domain boundaries by the 
carbon atoms. As a result of thermal cycling A 
the Q7* value at the stabilizing temperature treat- 
ment increases slightly (point a). With this thermal 
cycling it seems that there is partial deblocking 
of the domain boundaries as a result of their 
withdrawal from the vicinity of the carbon atoms and 
Q-* increases as a result of the increase in losses 
due to magneto-elastic hysteresis. The ab/cb ratio 
can be taken as a measure of the deblocking of the 
domain boundaries (proportion of boundaries 
deblocked in relation to those originally blocked). 

It can be seen from Fig. 1 that when the stabiliz- 
ing treatment temperature is increased from 80° 
(test No. 1) to 150° (No. 3) this ratio increases. It 
is 10 per cent at 80° and 35 per cent at 150°. The 
wider the thermal cycling range, of course (in the 
first case 70° and 140° in the second), the greater 


© — heating 
O — cooling 
x — heating 
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is the probability that the major part of the block 
domain boundaries will withdraw from the vicinity 

of carbon atoms. At yet higher temperatures (No. 5) 
the drop in Q°* disappears in the course of isothermal 
soaking, while the heating andcooling curves practic- 
ally coincide. If the specimen is cooled immediately 
after heatirz to 80, 120° and so on, without any 
soaking at these temperatures, then the cooling 
curve will coincide with the heating one (not shown 
in Fig. 1). This is easy to understand when one 
remembers that the irreversible displacement of the 
unblocked domain boundaries under the influence 

of temperature cannot have any appreciable effect 

on losses due to magneto-elastic hysteresis (i.e. 
they cannot change 

2. As shown in [1], heating at 20-30° after stab- 
ilizing treatment causes an abrupt increase in Q™* 
up to the value which corresponds to the main 
curve (this is the Q"* temperature curve obtained 
under contiauous heating, unlike that which char- 
acterizes ‘(/"* after stabilizing treatment, which 


FIG. 1. Effect of cooling after stabilizing treatment and subsequent heating on Q*? in Invar. 
In experiment Nos. 1-5 stabilizing treatment was carried out at 80, 120, 150, 170 and 220°. 


20 60 100 140 0:20 60 100 140 180 220 


is called the stabilizing curve). After heating at 
20-30° there is another drop in Q™* under isothermal 


conditions. 
On the basis of our hypothesis these mechanisms 


can be explained as follows. As a result of hicat- 
ing at 20-30° after stabilizing treatment, the domain 
boundaries withdraw from the vicinity of carbon 
atoms while, in the process of isothermal soaking, 
due to the migration of carbon atoms to domain 
boundaries in their new positions, they are once 
more blocked. As a result of this Q ‘increases on 
heating (magneto-elastic hysteresis losses are 
increased), while in the process of stabilizing treat- 
ment at a temperature 20-30° higher than the original 
one, Q~* will fall (reduction in magneto-elastic 
hysteresis losses). 

Figs. 2 and 3 illustrate the influence of rate of 
heating after stabilizing treatment at 80°C cn the 
extent of this effect of the restoration of Q*'. In 
the first case (Fig. 2) heating after stabilizing 
treatment (kinetic curves also shown in Figs. 2 and3 
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FIG. 2. Effect of heating after stabilizing treatment on 
Q™ in Invar. Measurements carried out every 


5° during heating. 


was carried out with measurement of the Q@' values 
every 5° up to 150°C, and at higher temperatures the 
measurements were made at greater intervals 
(curve 3, Fig. 2). Heating ceased after reaching 
220°C and the cooling curve was taken (curve 4). 
This is somewhat different from the main curve 
produced during heating. It can be seen from this 
experiment that heating curve 3 lies below curve 4, 
and only at 170° do they merge. In the second case 
(Fig. 3) heating after stabilizing treatment was 
carried out more rapidly and measurements were 
made not every 5° but every 10°. More rapid heating 
at the expense of greater spacing from the Q™* 
measurements meant that the gap between the heat- 
ing and cooling curves disappeared at the lower 
temperature (120°C), while the increase in the first 
10° was 25 per cent more for the first heating 

than in the second one (5°, and after measuring: 
another 5°). 
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FIG. 3. Effect of heating after stabilizing treatment on 
“1 in Invar. Measurements carried out every 


10° during heating. 


With even higher rates of heating and measure- 
ments every 20° the first point on the heating 
curve lies on the main curve and there was com- 
plete coincidence between the two curves after the 


first measurement. 
In the light of our hypothesis these experiments 


show that with heating after stabilizing treatment 
there is first active withdrawal of domain bound- 
aries from the vicinity of the carbon atoms (Q"* 
increases), and then, in the course of time, the 
domain boundaries become blocked by carbon atoms 
in their new positions. Both the deblocking and 
blocking of the domain boundaries take place at 

the same time on heating and become superimposed. 
For this reason the level of curve 3 will be differ- 
ent, depending on the rate of heating. With acceler- 
ated heating (Fig. 3) the domain boundary block- 
ing in the new positions will not be so considerable 
as with slow heating (Fig. 2). This is why the 
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heating curve 3 is higher than in the case of slow 
heating. 

3. If the domain boundaries become unblocked 
as a result of heating after a stabilizing treatment 
(e.g. at 80°C) then one can naturally assume that 
there should also be a second drop in Q** at the 
temperature of the stabilizing treatment. The results 
of experiments carried out to clear up this proposi- 
tion are shown in Fig. 4. The upper part of this 
illustration shows the results obtained by heating 
up to 120° after stabilizing treatment at 80°C (i.e. 
by 40°), and in the lower part are the results ob- 
tained by heating up to 100°C (i.e. increase of 
20°). The experiment was carried out as follows 
(left-hand part of Fig. 4): 
heating to 80°C (point a), stabilizing treatment 
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FIG. 4. Reversibility of the effect of the fall in Q~* as a result of stabilizing treatment, 
under the influence of thermal cycling: 


2, 3 etc. — kinetic curves obtained after first, second etc. thermal cycles. 


Time, min 


for 2 hr (point c ), heating to 100 or 120°C 
(point c), cooling to 80°C (point d), second stab- 
ilizing treatment (point e), second heating up to 

100 or 120°C (point f), etc. etc. To the right of 
Fig. 4 are the kinetic curves of damping capacity; 

1 — first curve, 2-4 — kinetic curves after first, 
second etc. cycling treatment: heating to 100 or 
120°, cooling to 80°C (thermal cycling B). 

Looking at Fig. 4, certain regularities can be 
defined which appear to be due to the same mechan- 
ism of carbon atom interaction with domain bound- 
aries which has been mentioned above. Secondly, 

B type thermal cycling results in the unblocking 

of domain boundaries and the creation of the con- 
ditions for a new reduction in ("* at the initial 
temperature 80°C (kinetic curve 2). This means that 
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the magneto-diffusion effect is reversible under the 
influence of thermal cycling. Secondly, as a result 
of heating to 120°C (upper part of Fig. 4) there 
appears to be more complete unblocking of the 
domain boundaries than is the case with heating to 
100°. Evidence of this is shown by the fact that 
after heating to 80° the difference between the Q™! 
and the original value (point d) is considerably 
less (point a). Thirdly, when the number of thermal 
cycles type B is increased the Q° * value at the 
first moment of time at 80° gradually decreases 
(from point d to point k; see also the kinetic 
curves). The values of the end points on the kinetic 
curves (point } and e) also fall. However, after a 
second type B thermal cycle with heating up to 120° 
and after a third cycle up to 100° the initial and 
final Q™* values on the kinetic curves become 
stabilized. The stabilization effect appears to be 
due to the fact that, as a result of.the repetition of 
the thermal cycles, the domain boundaries occupy 
energetically more favourable positions (from the 
condition for the minimum boundary energy of 
domains). 

There is every reason to suppose that tne disap- 


pearance of the temperature magnetic hysteresis, 
the hysteresis-free magnetization curves obtained 
by the “temperature trembling” method [3, 4] and the 
stabilization of the damping capacity kinetic curves 
as a result of repeated thermal cycles are all due 

to the same reason, i.e. the distribution of domain 
boundaries to energetically more favourable posi- 


tions. 

Comparing the results obtained by heating to 
120° and 100°, it can be seen that in the first case 
the stabilized kinetic curve 4 differs very much less 
from the initial curve / than in the second case 
(curve # on the lower part of Fig. 4). Heating to a 
higher temperature (140° or more) after stabilizing 
treatment at 80°C leads to practically complete un- 
blocking of domain boundaries. This is due to the 
fact that after cooling to 80° the Q” * value in the 
first moment of time (point d) almost completely 
coincides with the initial Q~* value at the same 
temperature (point a) while the initial kinetic curve 
is, as far as is possible within the precision 
limits of the experiment, repeated after repeated 
thermal cycling. 

These data thus show that the effect of the drop 
in QO"! as a result of stabilizing treatment is not 
only reversible as a result of magnetic action [1], 
but also, thermal. 


Comparing the influence of type A and B thermal 
cycling on the extent of unblocking (Figs. 1 and 4) 
it can be seen that the B variant (heating) is more 


active in this respect than the A one (cooling). The 
reversibility effect is therefore considerably less 


under A type thermal cycling because the unblock- 
ing of domain boundaries is very slight. Under B 
type thermal cycling on the other hand, the un- 
blocking of the boundaries appears, up to quite 
high temperatures (increase of 40° or more) to take 
place almost completely, and for this reason the 
Q-* reversibility effect is more completely expres- 
sed. 


CONCLUSIONS 


1. Heating after stabilizing treatment restores 
Q7? to the value appropriate. for the main curve. 
This restoration takes place more completely the 
more rapid the rate of heating and the higher the 
temperature. 

2. As a result ofheating after the stabilizing 
treatment, conditions are created for a new drop in 
Q-* both at the temperature up to which heating 
has been carried out, and at the stabilizing treat- 
ment temperature (reversibility of the magneto- 
diffusion effect). 

3. As a result of cooling after the stabilizing 
treatment and subsequent heating, there is partial 
restoration of (-* at the temperature of this treat- 
ment. 

The cooling-heating cycle of treatment is consi- 
derably less dependent on variations in (J"' at the 
stabilizing treatment temperature than is the 
heating-cooling cycle. 

4. The results obtained have been discussed 
from the point of view of the representations put 
forward in paper [1] containing the segregation 
of carbon atoms around domain boundaries. 


Translated by V. Alford 
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TEMPERATURE DEPENDENCE OF MAGNETOSTRICTION IN ELECTRICAL 
ENGINEERING STEELS* 


F.N. DUNAYEV and M.K. KUZNETSOVA 


Urals State University 
(Received 22 March 1961) 


An experimental study has been made of the dependence of magnetostriction in polycrystalline 


specimens of electrical engineering steel, containing up to 4.10 per cent silicon, on temperature 


in ithe range 20-750°C. From the results, it has been found that certain qualitative conclusions can 
be drawn regarding the dependence of the magnetostriction constant on temperature and composition. 


The temperature dependence of magnetostriction 
has been studied in considerable detail for a number 
of ferromagnetic metals and alloys. Up to the pre- 
sent time, however, very little study has been de- 
voted to the temperature dependence of magneto- 
striction in such important magnetic materials as the 
ferrosilicon alloys [1-5]. The preseat work puts 
forward the main results of the investigation of the 
temperature dependence of magnetostriction in elec- 
trical engineering steels with varying silicon con- 
tents. Certain of our results coincide qualitatively 
with the figures [5], but there is considerable 
difference in the mechanisms revealed. Besides this, 
another interpretation is given to the experimental 
data obtained. 
1. Specimens of the following electrical steels 
were studied: 121 (1.24% Si), E2 (1.93 % Si), 
E3 (2.74 and 3.36 % Si), and E4 (4.10% Si). 
The magnetostriction curves were measured by the 
mechano-optical lever method in the temperature 
range from 20 to 750°C. All the measurements were 
carried out in a high vacuum in a special apparatus 
similar to that described in [6], which provides for 
satisfactory compensation for the thermal distortion 
of the specimen. The sensitivity of the measuring 
instrument was 3 x 10°’ mm™*. The degree of error 
in measuring saturation magnetostriction A, did 
not exceed 6 per cent. By means of a magnetizing 
solenoid it was possible to produce a magnetic 
field which was uniform through the whole length 
of the specimen, and the field strength was up 


* Fiz. metcl. metalloved., 12, No. 5, 652-655, 1961. 


to 1600 oersted. 

The specimens were produced in the form of 
strips 150 x 3 x 0.5 mm’. They all underwent a 
preliminary anneal in a high vacuum at 1000°C for 
2 hr with subsequent cooling at the rate of 150° 
per hr. Temperature was measured by a platinum/ 
platino-rhodium thermocouple with maximum degree 
of error of + 5°C. 

2. In appearance the magnetostriction isotherm 
(A) is similar in various alloys, as also the 
nature of their deformation under variations in 
composition and temperature [5]. Quantitative 
divergencies can be attributed to difference in 
crystallographic texture, chemical composition and 
other factors. In the initial sector of the field 
magnetostriction is positive in all the alloys and 
reaches a maximum in fields of 30-150 oersted. 

Then it diminishes, reaching saturation at 
~ 1500 oersted. If temperature is increased the 
magnetostriction curves shift higher* and the 
curvature of tne descending sector of the curve 
(from the peak to saturation) becomes less and 
saturation is reached in very weak fields. When 
the silicon content is increased the magneto- 
striction curves are elevated and the drop in the 
A value after reaching the maximum becomes ever 


less significant. 


* Magnetostriction isotherms were only taken up to 
t = 420°. At higher temperatures the prolonged action 
of the magnetic field in the course of measurement 
might lead to the effect of thermal magnetic treatment 
and distort the results. At ¢ > 420° only saturation 

(continued on the next page) 
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E3 274% 
E3 3.36% Si 
E4 10%Si 


FIG. 1. Temperature dependence of saturation magneto- 
striction in electrical engineering steels. 


Fig. 1 shows the temperature dependence of satur- 
ation magnetostriction in different ferrosilicon al- 
loys. From these curves it can be seen that at room 
temperature, as the percentage silicon content in- 
creases, there is an increase in A, of the alloys 
(which also includes the sign of magnetostriction). 
Saturation magnetostriction increases with rising 
temperature in all the silicon alloys investigated 
and reaches a maximum at a certain temperature 
which is characteristic for each alloy, and then it 
falls rapidly as Curie point is approached. The 
temperature dependence of magnetostriction is thus 
of the same nature in all the systems of ferrosilicon 
alloys up to 4,10 per cent silicon. 

It can also be seen from Fig. 1 that when temper- 
ature is raised A, in the El and E2 alloys changes 
its sign at 380 and 300°C respectively. Unlike [5], 
where the peak on the A, (¢) curves was found to be 
at the same temperature, 480°, for all the alloys 
investigated, the peak on our A, (t) curves shifted 
to lower temperatures as the percentage concentra- 
tion of silicon increased. Besides this, our results 
provide no basis for the conclusion that saturation 


(continued from previous page) 

magnetostriction was measured, In this case the speci- 
men was only under the action of magnetic field for a 
few seconds. 


magnetostriction diminishes in a linear manner 
when approaching Curie point, as was asserted in 
[5]. 

3. The peak on the A (H) curves can be under- 
stood if one assumes that all the alloys investigated 
have a positive magnetostriction constant Ajo, 
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FIG. 2. Temperature dependence of A,,,, in electrical 
engineering steels. 


which is related to the process of boundary displace- 
ment between domains and a negative constant 

Au1, due to the process of rotation of the spentane- 
ous magnetization vectors. In low fields, whea the 
principal part is still played by the processes of 
boundary displacement between domains, magneto- 
striction will be positive and will increase with 
increasing field. However, as the result of further 
field increase it will be the process of rotation which 
will gradually assume the major role, and magneto- 
striction will diminish. 

Tke level of magnetostriction in the region of the 
maximum A,,,, and the depth of the fall in curve 
A (H) after the peak, will be determined by the 
values of the constant Ayoo and A,,,. For a rough 
qualitative comparison of these constantsin differ- 
ent ferrosilicon alloys and qualitative comparative 
conclusions regarding their temperature dependence, 
the value and sign of the constant Aj,oo can be taken 
as A4x, and that of A,,, as the value and sign of 
the difference AA=A, 

Fig. 2 shows the temperature de; _ndence of 
Amax for the alloys investigated. It can be seen 
from this that in the temperature range 20-420° 
Amax increases with increasing temperature in all 
the alloys. The conclusion can thus be drawn that 
in ferrosilicon alloys containing up to 4.10 per cent 
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FIG. 3. Temperature dependence of AA=A, — Ajay in 
electrical engineering steels. 


silicon, the A,oo constant must increase with in- 
creasing temperature up to 420°. » 

Fig. 3 shows the temperature dependence of AA. 
AA is negative in all the alloys investigated and 
diminishes with rising temperature down to an 
‘absolute value. The fact that in the alloy E4 the 
AA (t) curve intersects the abscissa axis and AA 
remains positive, is of no basic significance. It 
appears to be due to the fact that the AA value is 
not only determined by the process of rotation of the 
spontaneous magnetization vectors, but also par- 
tially to the process of domain boundary migration*. 
As A,,, is low in this alloy as compared to Ajoo [7], 
then quite -a small proportion of the processes of 
migration must cause the appearance of a positive 
AA value on the AA (¢) curve. 

The conclusion can thus be drawn that the A,,; 
constants are negative in all the alloys and that 
they decrease monotonically with increasing temper- 
ature down to their absolute value. The same illus- 
tration shows the temperature dependence of the 
Au Constant measured by Shturkin [1] on a mono- 
crystal of a ferrosilicon alloy containing 3.5% Si 
(dotted line). The temperature course of AA quite 
satisfactorily reflects the nature of the temperature 
dependence of the A,,, constants. Our conclusion is 
also in agreement with the temperature course of 


* Available data on the Ajoo and A,,, constants for 
single crystals with 1.0%4.5% Si [1, 4, 7], indicate 
that this relation of the signs is constant. 
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FIG. 4. Dependence of AA=A, and the 
constants A, and A,,, on composition. 


the A,,, constant obtained on monocrystals con- 
taining 1.09 and 3.83 per cent silicon [4]. Fig. 4 
shows the A,,,, and AA dependences on composi- 
tion. The values of the A,oo and A,,, constants 
obtained in certain silicon alloys by measuring 
on monocrystals [7] are given in the same place. 

Analysing the results set out in this illustation 
it can be concluded that the magnetostriction cons- 
tant A,,, is negative in all the ferrosilicon alloys 
investigated and thatit diminishes to its absolute 
value with increase in the percentage conc entra- 
tion of silicon in the range 0 to 4.10 per cent. 

In all the alloys the A,oo constant is positive and 
appears to increase as the silicon concentration 
increases to 2.5-3 per cent, and then it falls again. 
These conclusions are also in agreement with 
with paper [4]. [t must however be noted that the 
conclusion regarding constant A,oo requires further 
verification and elucidation. The fact is that 
Amax iS not only determined by the process of 
boundary migration between domains, but also 
partially by the process of spontaneous magnetiza- 
tion vector rotation. This causes a reduction in © 
the A,,,, value and the relative role of the rotation 
processes increases as the percentage content of 
silicon diminishes, so that the A,,, constant in- 
creases. The course of the A,,,, curve (percentage 
Si) does not therefore precisely reflect the nature 
of the dependence of constant Ajoo on composition, 
particularly where the silicon content is low. 
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CONCLUSIONS 


1. The temperature dependence curves for statura- 
tion magnetization in all ferrosilicon alloys with 
silicon content up to 4.10 per cent have peaks which 
shift to lower temperatures as the silicon content 
increases. 

2. The temperature dependence saturation magneto- 
striction is non-linear in the temperature range from 
the A, maximum to Curie point in all the alloys 
investigated. 

3. Analysis of the magnetostriction curves for 
polycrystalline specimens provides the basis for 
qualitative comparative conclusions regarding the 
dependence of magnetostriction constants on the 
temperature and composition of the alloys. From our 
measurements it follows that: 

a) magnetostriction constant Aj,oo increases when 


the temperature is raised from 20 to 420°C, in 
the whole range of compositions investigated; 
b) magnetostriction constant A,,, is negative in 


all ferrosilicon alloys containing up to 4.10 per 
cent silicon and with increasing temperature it 
diminishes monotonically to its absolute value; 
c) in the range of compositions investigated A,,, 
diminishes monotonically with increasing 
silicon content, and A,oo appears to have a 
maximum of about 2.5 per cent silicon. 


Translated by V. Alford 
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INVESTIGATION OF ATOMIC INTERACTION IN SOLID SOLUTIONS 
TITANIUM-ZIRCONIUM- TIN * 
V.V. GLAZOVA, N.N. KURNAKOV and A.R. LYASHCHENKO 
Institute of Metallurgy, Academy of Sciences U.S.S.R. 
Institute of Powder Metallurgy and Special Alloys 
Academy of Sciences Ukr. S.S.R. 
(Received 6 March 1961) 


The atomic interaction characteristics have been studied in solid solutions on the system 
titanium-zirconium-tin in the field of concentrations adjacent to the titanium corner. 


Our investigations of the resistivity of plastic- TABLE 1. Chemical composition of alloys 


ally deformed alloys of titanium with zirconium and investigated 
tin have shown that the combined alloying of 
titanium with these elements has a considerably 
greater effect than when they are used separately. It 2 | weigh % = weight % 

would be interesting to find the reason for this. so | ar | Sn | Ti lz ar | snl Ti 

One of the most important characteristics which 
determine the resistivity of alloys which have been {100} 8! 5] 10/85 
plastically deformed at high temperatures, is the 4 _ 10 90 |} 9/ 19; 10 | 80 
strength of the interatomic bond. In our investigations 4 | 
of the interatomic bond characteristics, we used the 5] 5} —/95 | 12 | 20 | 20 | 60 

method of determining the elastic modulus in binary | | 30 


alloys titanium-tin and titanium-zirconium, and then 
in ternary titanium-zirconium-tin alloy. Besides this, 
investigaticn was carried out on the same alloys 
into the coefficient of thermal expansion, which, as 
is well-known, may provide a further characteristic 
of the bonding forces in alloys [1]. 

Alloys were prepared with composition as shown 


cent tin. The cast alloys were deformed by 40 per 
cent by forging in the temperature range 1050- 
750° and were then vacuum annealed at 800, 700, 
in Table 1. Earlier investigations of phase equili- 600 and 500° for 500 hr at each temperature. Cool- 
brium in titanium-tin [2] and titanium-zirconium-tin ing from the first to the second temperature was 


[3, 4] systems showed that all the alloys listed in carried out in the furnace. 
Table 1 are solid solutions on the basis of a-titan- The elastic modulus was determined by the 
ium at low temperatures. dynamic method on the apparatus which has already 


The alloys were prepared by arc melting in an been described in [5] and it was calculated ac- 


argon atmosphere. Melting was repeated I0-50 times cording to the formula 


without opening the furnace in order to produce the 
most uniform possible bars. The weight of the oe 
981 x 10?” 


bars was 100 g. The initial materials were titanium 


iodide and 99.85 per cent zirconium and 99.9 per where / is the length of the specimen, cm: 


fis the free frequency of longitudinal oscil- 
lations, c/s; 


* Fiz. metal. metalloved., 12, No. 5, 656-659, 1961. d is density g/cm’. 


28 
VOI 
12 
19€ 


VOL. 
12 
1961 


Atomic interaction in Ti-ZrSn solid solutions 


TABLE 2. E, © and a values for alloys titanium-tin, titanium-zirconium and 
titaniun-zirconiunrtin 


‘ 
i 
i 


d, G/em? | Ex 1076 


kg/cm? (20—300°) 


4.5415 
4.7986 
5.1054 
5.4480 
4.5922 
4.6599 
4.8240 
4.8482 
4.9565 
5.1985 
5.4422 
5.2659 
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All the specimens were 125 mm in length. Density 
was determined by hydrostatic weighing. The longi- 
tudinal vibration frequency was measured with a 
precision of up to 0.2 per cent. 

It was shown in the papers by Koster [6] and 
Frantsevich [7], that if the elastic modulus of the 
alloy (E), its density (d) and average atomic weight 
(A) are known, it is then possible to calculate the 
characteristic temperature (©) 


1.6818 103 VE 
a's 


O= 


The coefficient of linear expansion of the alloys 
was determined in the temperature range 20-300° on 
the dilatometer designed by Mints [8]. 

The results of the measurement of the elastic 
modulus and coefficient of linear expansion, and 
also calculations of characteristic temperature, are 
set out in Table 2. 

Fig. 1 shows the dependence of these character- 
istics on zirconium concentration in the binary 
system titanium-zirconium. [t follows from this 
illustration and from Table 2 that the introduction 
of zirconium to titanium in the range of concentra- 
tions investigated (i.e. up to 20 per cent) has 
practically no influence on the elastic modulus, 
and causes a slight reduction in temperature char- 
acteristic and coefficient of linear expansion. It 
can be concluded from this that the alloying of 
titanium with zirconium causes only a slight 


change in the strength of the interatomic bond in 
the crystal lattice. 

Figs. 2 to 3 show the E and 8 dependences on 
concentration of tin in the binary system titanium- 
tin and for the sectors with 5, 10 and 20 per cent 
zirconium, in the ternary system titanium-zirconium- 
tin. It follows from these graphs that if tin is 
added both to titaniumand to the binary alloy 
titanium-zirconium with varying zirconium concentra- 
tions, it will have different effects on the char- 
acteristics of the interatomic forces. In the binary 
alloys titanium-tin, increased tin causes a slight 
reduction in E and © and an increase in a This 
indicates a weakening of the bonding forces between 
the atoms in the crystal lattice of the relevant 
solid solutions. Of course, addition of tin will cause 
a slight loosening of the crystal lattice. [t must 
be noted that our figures on the determination of the 
elastic modulus of pure titanium and titanium-tin 
alloys are in very good agreement with the results 
produced in the work by Bungardt and Weigand [9]. 
They investigated the influence of tin on the elastic 
modulus of titanium in the concentration range 
from 0 to 10 per cent tin. 

If tin is added to alloys of titanium with 5 and 
10 per cent zirconium this will not cause any 
noticable variation in the characteristic of atomic 
interaction. [f, however, it is added to a titanium 
alloy with 20 per cent zirconium, the elastic modulus 
and characteristic temperature increase noticeably, 
while the coefficient of linear expansion falls, 
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FIG. 1. Dependence of E and 9 on composition in 
titanium-zirconium alioys. 


E x 10°°, kg/cm? 


105 


4 


wt. % tin 


FIG. 2. Dependence of E on composition in alloys of 
titanium and tin (curve 1), and titanium-zirconium- 
tin in the sectors with 5 (curve 2), 10 (curve 3) 

and 20 (curve 4) wt. % zirconium. 
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FIG. 3. Dependence of @ on composition in alloys titanium-tin (curve ]) and 
titanium-zirconium-tin in the sectors with 5 (curve 2), 10 (curve 3) and 20 
(curve 4) wt. % zirconium. 


This means that the strength of the bond has in- 
creased in the lattice of the ternary solid solutions 
investigated. 

This encrmous differencein the effect of adding 
tin to pure titanium and binary alloys of titanium 
with zircorium is probablv due to chemical inter- 
action between the alloying components, causing a 
reduction in the mobility of the atoms in the crystal 
lattice. In our case the pattern observed is qualita- 
tively similar to that obtained in the work by 
Kurdyumovy end Travina [10], who investigated the 
nature of the atomic interaction in Ni-base solid 
solutions. They found that the combined addition of 
chromium-titanium andaluminium to nickel causes 
a considerably greater increase in the strength of 
the interatomic bond than in the corresponding 


binary solid solutions. 

These results provide a basis for the explanation 
of the different behaviour of binary and temary 
alioys under load at elevated temperatures, which 
was discussed at the beginning of the article. 

In conclusion the authors wish to express their 
gratitude to academician G.V. Kurdyumov for 
reading through the article and for making various 
suggestions. 


Translated by V. Alford 
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For an approximate calculation of the parameters 
ef modulators, most of the papers [1-7] devoted to 
the theory and application of magnetic modulators 
have been restricted to the use of hysteresis-free 
approximations of magnetic reversible curves. The 
precision of this kind of calculation depends on the 
form of the approximating function, physical inter- 
pretation of the coefficients of these functions is 
usually rather difficult and they cannot be deter- 
mined satisfactorily from the experimental values 
for magnetic modulator parameters. 

In the present work use is made of the recently 
deduced characteristic of magnetic modulator cores, 
transverse dynamic permeability '. A distinctive 
feature of transverse dynamic permeability is its 
periodic dependence on time. In this work use will 
be made of the expansion of transverse dynamic 
permeability into a Fourier series through the field 
excitation harmonics. The amplitudes of the dynamic 
permeability harmonics are determined by the elec- 
tromagnetic properties of the cores and the shape 
of the field excitation wave. Field excitation also 
diminishes the hysteresis effect in the direction 
of the field under measurement. 

The greatest attention has been paid to transverse 
dynamic permeability of cores in low transverse 
fields, initial transverse dynamic permeability. The 


* Fiz. metal. metalloved., 12, No. 5, 660-669, 1961. 
t The term “permeability” is open to discussion. 


THEORY OF MAGNETIC MODULATORS OF THE EVEN HARMONIC TYPE 
I. MODULATORS WITH TRANSVERSE EXCITATION * 
Yu.F. PONOMAREV 


Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 28 March 1961) 


A theory is expounded for magnetic modulators of the even harmonic type with transverse 
excitation in idle running conditions which makes use of the recently deduced characteristic 

of ferromagnetic cores, transverse dynamic permeability. Approximate calculation of this char- 
acteristic can be made analytically or graphically but greater precision is achieved by experi- 


coefficients of its Fourier series are in a definite 
manner related to the amplitudes of the flux link- 
age harmonics (e.m.f.) of the measuring coils. It 

is therefore quite easy to find them experimentally 
for any experimental magnetic modulator and any 
shape of field excitation wave and also to use them 
subsequently to calculate other physically similar 
modulators. In this work the idea will be developed, 
that magnetic amplifiers in low transverse fields 
can be regarded as transformers, and ferroprobes as 
spontaneous induction coilsin which the magnetic 
permeability of the cores in the transverse direction 
is a periodic function of time. The primary winding 
of the magnetic amplifier will be the control coil 
and the secondary one the measuring coil. 

Basic principles. Figs. 1a and 1b show a sche- 
matic arrangement of magnetic amplifiers and 
ferroprobes with transverse excitation where 
W., W, and W, are the number of turns in the 
control winding, measuring winding and excitation 
winding respectively; i, is the instantaneous 
excitation current generated by the excitation 
field h.; i, is the instantaneous current by the 
excitation field h, in the control winding; A, is 
the instantaneous external measurable field 
(for the ferroprobe); B, and B, are the instantaneous 
values of longitudinal and transverse induction, 
which are equal to the projections of the total 
induction B = \/B2. + B? in the direction of the 


excitation field and measurable field; e,, is the 
instantaneous e.m.f. of the measuring winding. 
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FIG. 1. Diagram of arrangement of magnetic modulators with transverse 
excitation: 


a — magnetic amplifier; 


In a non-linear medium longitudinal and transverse 
induction are known to be interdependent [10] i.e. 


Ba (lhe: Ba (1) 
where the square brackets indicate a combination of 
all past and present values including in these fig- 
ures. We regard this as hysteresis. The study of 
these functions was begun long ago*, but a really 
careful investigation of them has not been under- 
taken until recent times, due particularly to the 
problem of creating devices for the measurement of 
magnetic field [10-15]. 

Let us consider a particular case where the trans- 
verse field A, is a constant field of value Ho. In 
[10, 12, 14, 15] it was found that with a symmetrical 
excitation field (he (t) = — A, (¢ + T/2)) with a 
cycle 7, transverse induction is a pulsating time 
function of the cycle 7/2. In a general case the 
excitation field may be unsymmetrical and then 
transverse induction will have cycle 7. We will 
represent transverse induction in the form of a 
Fourier series through the harmonics of field excita- 
tion: 


B Hol) = Pa tHe» Hal) + 
(2) 
Ba l(He. )) cos (nw t—7,), . 


n=! 


where B, is average transverse induction for the 


* e.g. (8, 9], see also [10-12] where the original 
papers are cited. 


b — ferroprobe. 


cycle; B, and a, are the amplitude and phase of 
an n harmonic of transverse induction; w is the 
round frequency of the first harmoiic of field 
excitation; 1, is a combination of the parameters 
which characterize the field excitation wave. 
These parameters are.not functions of time and 
may be coefficients of the Fourier series of field 
excitation, amplitude and duty factor of the pulses 
during pulsating excitation etc. The values of the 
coefficients B, and B, are not only dependent on 
the electromagnetic properties of the cores, but 
also on the shape of the field excitation wave. [n 
the presence of a variable excitation field there- 
fore, we will call transverse induction “trans- 
verse dynamic in: uction”. 

The flux linkage of the measuring winding will 


be: 


=W eS H,) - 
(3) 


where B, , By and B, are the average values of 
transverse induction and its harmonics in the 


in the volume of the core embraced by the measur- 
ing winding; S, is the area of the core perpendi- 
cular to the axis of the winding ¥,,. From (3) it is 
quite easy to find a formula for the e.m.f. of the 
measuring winding e,, = —d x 10°": 

The dependence of the even harmonics of the 
measuring winding e.m.f. on transverse field H, 
is usually used to measure this field. After in- 
fluencing the modulus of the large transverse field, 
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“,,oersted 


FIG. 2. Dependence of average transverse dynamic induction per cycle on 
transverse field at various 1,, amplitudes of the sinusoidal 
excitation field: 


a = 0; 


m 
c —H,, = 4.9 oersted; 


the e.m.f. of the measuring winding does not usually 
diminish té zero. To reduce it to zero a transverse 
field Has must be applied in the opposite way. As 
can be seer from Fig. 3, this phenomenon is due to 
hysteresis effects in the B, /H, dependences. 
Hysteresis effects used to be studied in the Bo/Ho 
dependences [9, 10]. It can be seen from Fig. 3 that 
the dependences of By on Hy and B, on Hp are dif- 
ferent aspects of the same general dependence of 
B, on Hy. Therefore the field Hy¢ at which transverse 
dynamic induction and, consequently, any of its 
harmonics, will pass through zero, will be called 
“transverse dynamic coercive force”. 

The B./Eo dependences are known to become 
practically hysteresis-free where the variable 
excitation fieldhas a particular amplitude [9, 10]. 

It follows from (3), that in this case the B, /H, 
dependences must also be hysteresis-free. This is 
very importent for the practical use of modulators as 
measuring devices. To illustrate this the Bo/Ho and 


b—H, = 0.62 oersted; 
d—H,, = 8.9 oersted. 


B,/H» dependences were taken on an experimental 
magnetic amplifier at varying amplitudes for the 
sinusoidal excitation field. Induction By was de- 
termined on a ballistic apparatus and induction 
B, from the second harmonic of the e.m.f. measured 
by a voltage analyser. The B ,/H» dependences 
were taken with even variation of transverse field 
H,. The results of these measurements are shown 
in Figs. 2 and 3. From the curves in these Figs. 

it follows that the dynamic coercive force values 
are approximately the same if determined with the 
same field excitation amplitude, and either from 
the Bo/H» or B,/H. dependence. The slightly 
higher Hy, value in the Bo/Hy dependences can be 
attributed to the greater influence of the magnetic 
accommodation effect when measuring by the com- 
mutation method. In the curves in Figs. 2 and 3 
therefore, hysteresis becomes practically neglig- 
ible at roughly the same excitation field amplitude. 
This does not, however, mean that hysteresis 
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My -oersted 


FIG. 3. Dependence of second harmonic of transverse dynamic induction on 
transverse field at different sinusoidal excitation field amplitudes: 


a—H,, = 0.25 oersted, 8,= 2° \% 4 H,, = 0.62 oersted, 8, = 5° 


4.9 oersted, B, = 200° \Sd -H, = 9.9 oersted, B, = 200° V4. 
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FIG. 4. Dependence of dynamic characteristics of nickel-zinc ferrite NT s1000 
on the amplitude of a sinusoidal excitation field: 


2-8; 3-p$s 


effects disappear completely. As there are regions 
of magnetic reversal with high critical field values 
in the ferromagnetic cores, hysteresis will be ob- 
served in the B,/H» dependences even at excita- 
tion field amplitudes more than ten times greater 
than the coercive force. Fig. 4 shows the results of 
the measurement of H4, at different excitation field 
amplitudes, taken after a magnetic amplifier with 

a transverse field of 10 oersted had reacted on the 


cores. 
Initial transverse dynamic permeability and its 


relation with the parameters of magnetic modulators. 


As must be clear, et reasonably high excitation 
field amplitudes, transverse dynamic induction can 
in practice be regarded as a definite function of 
transverse field. As it is an uneven function of 
transverse field, then restricting ourselves to the 
linear term, we shall have: 


B. (A, ’ H,) pe “Ho, (4) 


where the term pf (he) will be called the “initial 
transverse dynamic permeability”. Its Fourier 
series will have the shape: 


(hg) = (He) + 


A 
0 
+ (H,) cos (not — an), 
aa! 


where p§ is the average value of initial transverse 
dynamic permeability for one cycle; 4° and a2 are 
the amplitude and phase of its n harmonic. 

The initial transverse dynamic permeability of 
cores at given frequency and excitation field wave 
shape will be treated as a magneto-time character 
istic of the cores. We will now show that the para- 
meters of magnetic modulators are in a definite 

. 
manner related to permeability y? , . 


Transverse fields will be represented 
h,=H,+ H,cos (2t—g), (6) 


where H, is the constant component of transverse 
field; H,, 2 and ¢ are the amplitude, angular 
frequency and phase of the variable component. 

We will keep to the case of low frequencies 2 
where the average value of permeability through 
the core i" oq Will be exactly the same for perm- 
anent and variable transverse fields. For ferro- 
probes in idle running conditions the flux linkage 
of the measuring winding will have the form 
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+ H,cos(2t—o) - 


(7) 


H, cos [(2w —Q) 4 


n=! 


! 


oo 


Cos + 2)t — — 


+—H 


From (7) the formula can be found for the sensi- 
tivity of ferroprobes to longitudinal and transverse 
fields on the corresponding harmonic of output 
e.m.f. For instance, sensitivity to constant field on 
the n harmonic of output e.m.f. will be: 


En 
Nw WS 4, (8) 


where E,, is the amplitude of the n harmonic of out- 
put e.m.f. 
Transverse field in a magnetic amplifier is related 


to the current of the control winding 


(9) 


O.4r 


h.= + /,cos(2t—o)], 


c 


where l, is the length of the magnetic circuit in the 


transverse direction; /, is the constant component of 
control current; /,, and @ are the amplitude, fre- 
quency and phase of the transverse component of 
control current. 

If we assume that the control current is working 
in given current conditions, then the measuring coil 
in idle running conditions will have 


= 


M 
mec c 


= (Mj/,+ 1, M,, cos in wt — 2) ) 


Nz} 


+ M,/,cos(2t— 9) + 


+ Mycos [(n — 2) t — 22 +o]+ 


+> I, > M,, cos [(n 


n=! 


+ 2)t—e, - 21} 108. 


where M_,. is the coefficient of mutual inductance 
between the measuring and control windings, which 
is 


M_=M,-- VM, co3s(nwt = 
mc 


| 


9 
+ \ COS (2m f— 2, ) |. 
From (10) and (11) formulae can be derived for the 
various parameters of magnetic amplifiers. For 
instance, amplification factor for the voltage on the 
n harmonic of output e.m.f. will be: 


S - 


where R,, is the resistance of the control winding. 
For the case where the resistance of the control 
winding is many times less than inductive react- 
ance (R, <Q L,), the amplification factor for 
transverse voltage on frequency {2 will be 


Es 7 
~ (13) 


koe 


where Lo, will be the average control winding 
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inductance value for one cycle 


co 
a=] 
WES, 
1 


(14) 


i cos (a t—a,)~ 

n=] 
The amplification factor for transverse voltage on 
the combined frequencies will be 


Enw +2 (no +2)Mq (15) 
loc Q Loc 
= 
ino +2) Ba Wm 
Methods of determining initial transverse dynamic 
permeability. 


a) Experimental method. It follows from the ex- 
pressions deduced in the previous sector that the 
coefficients of the Fourier series of dynamic perm- 
eability are related in a definite manner to the 
harmonic amplitudes of flux linkage and the e.m.f. 
of the measuring windings, and they should there- 
fore be easy to find experimentally for any magnetic 
modulator at any frequency and excitation field 
wave shape. As an example we determined the 
coefficients 73, 2%, 2% % of the Fourier series 
of initial transverse dynamic permeability of mag- 
netic amplifier cores at varying amplitudes H,, of 
the sinusoidal excitation field. 

Magnetic amplifier cores were prepared from 
nickel-zinc ferrite with the following static magnetic 
reversal curve characteristics: H, = 0.5 oersted, 
Hdmax = 1200 G/oersted; Bs, = 3100 G. Details of 
design are as follows: internal and external radii 
5.6 and 13.2 mm; height 10 mm; cross-sectional 
areas for longitudinal and transverse directions — 
Sy = 0.31 cm? and Si = 0.25 cm*; average length of 
magnetic currents in longitudinal and transverse 
directions — 1) = 2.3 cm and /4 = 2.7 cm; number of 
turns in the winding — Y, = 86, Y,, = 186, Y.= 160. 

Permeability 7 § was found by using a ballistic 
apparatus to measure the average value for a flux 
linkage cycle of the measuring winding, #3, 
and g & were found by measuring the corresponding 
harmonic amplitudes of output e.m f. by means of a 
voltage analyser type AN-1l. The results are shown 
in Fig. 4. The values of coefficients po, #3 2% 
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and 3 at low excitation field amplitudes corres- 
pond to the initial magnetization curve in the trans- 
verse field (curve 1] Fig. 3a). 

b) Analytical methods. Due to the difficulty in 
allowing for such phenomena as rotating and 
oscillating hysteresis, eddy currents etc., it was 
only possible to calculate dynamic permeability by 
using the hysteresis-free approximations of mag- 
netic reversal curves. In this case initial trans- 
verse dynamic permability coincides with the 
normal permeability of the cores, the Fourier series 
coefficients of which are quite easy to calculate. 
For example, with a sinusoidal excitation field for 
an approximation of the magnetic reversal curve 
in the form 


B=aarctan83H+ 7H 


the coefficients 18 and p38 will be 


0 a > 
+ +V 1+ Ha). 
(16) 


(Bm + VI 


c) Graphical methods. Determination of the 
Fourier series coefficients of dynamic permeability 
by the graphical method can also only be made by 
using hysteresis-free approximations of the mag- 
netic reversal curves. According to the well-known 
dependence of hid on H and of H ont, 
it is quite easy to plot the 4 /t dependence and 
to find the y°, harmonic by graphical means. 
Graphical means can also be employed to solve 
the reverse problem, from the well-known depend- 
ence of hed on H and given dependence of 

wid on ¢ the H/t can be found, i.e. the required 
wave shape for the excitation field. For instance, 
for an excitation field the wave of which is in the 
shape of rectangular pulses of given duty factor 
the rectangular dependence of Hig on ¢ can be 
found for which the maximum dynamic permeability 
even harmonic amplitudes are reached for given 
excitation field amplitude. They will be 
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(17) 


where B,, and H,, are the maximum values of longi- 
tudinal induction and excitation field. If 1, is so 
large that the second term in (17) can be neglected, 
then we shall get the limiting possible values 


4 


(18) 


The maximum possible sensitivity on a n even out- 
put e.m.f. harmonic will be 


limit 


which coincides with the maximum possible sensi- 
tivity of modulators with longitudinal excitation 
(16]. 

In conclusion the author considers it his pleas- 
ant duty to express his thanks to R.I. Yanus and 
L.A. Fridman for their valuable advice and com- 
ments in discussing the problems and for their 
assistance in preparing the manuscript for 
publication. 


Translated by V. Alford 
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INFLUENCE OF DEFORMATION ON THE FORMATION OF AN e¢-PHASE 
IN MANGANESE STEELS* 


L.S. YERSHOVA, I.N. BOGACHEY and R.S. SHKLYAR 
Urals Polytechnic Institute 


(Received 27 February 1961) 


Investigation has been made of phase transformations which take place during heat treatment and 


cold plastic deformation in manganese steels types G20 and 30G23. y > € transformation point has been 
determined for these alloys. Tendency to strain-hardening under plastic deformation has been inves- 


In certain conditions in some austenitic steels 
which contain manganese an €-phase will be formed, 
which has a hexagonal close-packed structure. The 
problems of the mechanism andkinetics of forma- 
tion of the e- phase have been inadequately studied 
and published data are contradictory and few. Some 
investigators [1, 2] consider that deformation pro- 
motes the formation of an e-phase. In other works 
[3, 4] it has been found that the e-phase is of a 
transition nature, it increases up to a certain 
degree of deformation and then it is transformed 
into an a-solid solution. 


The purpose of the present work was to study the 
influence of cold plastic deformation on the kinetics 


of formation of the e-phase and also to study the 
part it plays in the strain-hardening of manganese 


steels. 


SPECIMENS AND EXPERIMENTAL 
PROCEDURE 


Steels of the compositions shown in Table 1 
were used for the experiments. 

The steels were produced in an electric induction 
furnace. The charge consisted of armco-iron, 
metallic manganese and electrolytic nickel. 8 kg 
ingots were annealed at 1100° for 12 hr and were 
then forged into bars dia. 8, 10 and 25 mm. These 
were then quenched in water from 1150°. Tensile 
test specimens dia. 5 mm and test length 50mm 


* Fiz. metal. metalloved., 12, No. 5, 670-677, 1961. 


tigated in steels G20, 30G23, 20N26 and 20N18G6. 


were made from the heat treated bars. Deformation 
was carried out in tension. The following degrees of 
deformation were obtained which were determined 
from the cross-sectional reduction of area: for 
30G23 — 4, 18, 28 and 37 per cent; for G20 — 8, 

16, 20 and 32 per cent. Specimens were taken from 
the deformed testpieces for metallographic, X-ray 
structural and magneto-structural analysis. 

Phase composition of the test specimen was 
determined by X-ray structural analysis. X-ray 
patterns were taken from sections in a cylindrical 
camera dia. 57.3 mm using chromium radiation. A 
specimen was set np in such a way that the centre 
part of the microsection could be studied. X-ray 
patterns of the cylindrical specimen were produced 
in a VRS camera with the same illumination. The 
X-ray patterns obtained were photometered on a 
microphotometer MF-2. Phase composition was 
found from the integral intensity of line (111) , of 
the austenite, (110), of ferrite and (101), of the 
e-phase. The darkening of the lines under analysis 
was within the limits of the values from which it 
can be assumed that the integral intensity is pro- 
portional to the area whithin the photometric 


curve. 
The calculation was carried out on the basis of 


formula 


= const Fip (LP)- (1) 


uc 
where / is the integral intensity related to the 
sector of the interference ring under measurement; 


ra is the volume of a unit cell; F, is the 
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TABLE 1. Chemical composition, % 


FIG. 1. Steel G20 quenched from 1150°; x 1000. 


structure factor; p is the repetition factor; LP are 
Lorentz and polarization factors; e~? is the tem- 
perature factor; A (Q) is the absorption factor; 
A (@) is the volume of the phase sought. 

Equation (1) can be written for all the phases 
which make up the composition of the substance 
under investigation. Besides the equation for a two- 


phase alloy 


U, + Uy — 100% (2) 


and one for a three-phase alloy 


U, + Us 4-U, = 100% (3) 


a system of equations is obtained, the solution to 
which will enable one to express the percentage 
content of each phase through the ratio of the inter- 
ference line intensity and intensity factors. The 
intensity factor ratio was calculated on the basis 
of the data regarding the structure of the phase 


FIG. 2. Steel G20 quenched from 1150°, 32 per cent 
deformation; x 1000. 


investigated. The interference line intensity ratio 
was determined from the darkening of the relevant 
lines. 

Due to the number of assumptions made in cal- 
culating the intensity factors of X-ray interfer- 
ences, and also difficulty in allowing for such 
effects as extinction, the possible texture and 
other results have not a very high degree of accur- 
acy. However the accuracy achieved was quite 
enough to reveal the regular relationship between 
phase composition and the methods of treating the 
test specimens. 

At the same time as X-ray structural analysis, 
the presence of an a-phase in the alloys was 
qualitatively determined by magnetometric method 
using a magnetic balance. The presence of the 
a-phase was found from the dependence of magnetic 
susceptibility on magnetizing field and its 
magnitude. 

For the metallographic analysis, microsections 
were electrolytically polished in the following 
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Steel | | | | 
| | 
G20 0.06 | 19.7 | 0.92 | 0 
' — | 0.92 | 0.003 | 0.009 
30623 0.29 | 23,1 | — | 021 | 0.014! 0.009 
20N26 | 0.2 — | 26.4 | 0.33 | 0.002 | 0.007 
20N18G6 | 0.2 | 6.29 | 18.6 | 0.78 | 0.015 | 0,006 
| | | 
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FIG. 3. Effect of plastic deformation on the amount of 
€- phase and a-solid solution in manganese steels: 
amount of phase, 
----- amount of a- phase. 


reagent: H,PO, — 400 ml.,H,SO, — 100 ml.,Cr,0, 
50 g, H,O — 50 ml. Conditions were as follows: 
temperature of electrolyte 60-80°, current density 
2-4 A. Microsections were etched in a reagent con- 
taining 3 parts HCl and “]” part HNO. 

To study strain-hardening and plot true stress 
diagrams special specimens dia. 10 mm and length 
195 mm were made from the steels investigated. 
Calipers and micrometer were used to measure the 
length and diameter of the specimens in the course 
of testing every 200 kg of load. The tests were 
carried out at the same rate of deformation. The 
limit of proportionality was determined by means 
of a Martins mirror-type strain gauge. 


RESULTS 


The structure of carbon-free manganese steel G20 
in the quenched state consists of austenite and 
€-phase equally distributed through the austenite 
grain in the form of sectors of perfect geometrical 
form (Fig. 1). Determination of the amount of 
€-phase at various quenching temperatures in the 
range 400-1400° showed that its amount did not 
depend on quenching temperature and was on 
average 50-60 per cent. The y > € transformation 
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FIG. 4. Dependence of magnetic susceptibility of 
of specimens of G20 on magnetic field strength: 
1 — quenched from 1150’; 
2 — 8 per cent deformed; 
3 — 16 per cent deformed. 


point is not, according to dilatometric analysis, 
dependent on quenching temperature, and lies in 


the range 90-100°. It occurs when cooling down 
to room temperature. Magneto-structural analysis 


showed that there is no a-phase in the structure 
of quenched G20 steel. 

Cold plastic deformation of G20 causes a number 
of structural changes. Refinement and distortion 
of sectors of the ¢- phase takes place and orienta- 
tion of the structural components in the direction of 
the tensile force (Fig. 2). In the course of cold 
deformation the austenite becomes unstable and 
is transformed into ¢-phase. According to X-ray 
structural phase analysis at 32 per cent deformation 
the amount of e-phase increases on average up to 
78 per cent (Fig. 3). 

The most intensive austenite transformation to 
¢-phase takes place at about 10 per cent deforma- 
tion. At the same time as the austenite to ¢-phase 
transformation, in the course of cold deformation 
ferrite is formed. This is confirmed by magneto- 
structural changes (Fig. 4). The maximum amount 
of ferrite formed in the process of cold deformation 
does not, however, exceed 1 per cent according to 
the magnetometric data obtained on a Shteinberg 
apparatus with a field of 5000 oersted. The absence 
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FIG. 5. X-ray patterns of quenched and deformed steels: 


a — G20 8 per cent deformed; 
ec — G20 32 per cent deformed; 
e — 30G23 18 per cent deformed; 
g — G20* quenched from 850°; 


i — G20* 66 per cent deformed. 


of a ferrite line on X-ray patterns of deformed speci- 
mens of G20 indicate that there is only a negligible 
amount of it (Fig. 5). Thus, in steel G20 the austen- 
ite is transformed under the influence of deformation, 
to a €-phase and a a-solid solution. In the course 
of deformation the ¢-phase is stable andits amount 
increases monotonically with increase in the degree 
of deformation. 

Increased carbon content causes a change in the 
structural character of manganese steel. The struc- 
ture of quenched carbon steel 30G23 consists of 
austenite grains and a negligible amount of €-phase. 
There are no ¢-phase lines on the X-ray patterns of 
quenched 30G23. In this steel austenite to €- phase 


b — G20 16 per cent deformed; 
d — 30G23 quenched from 1150°; 


f — 30G23 37 per cent deformed; 
h — G20* 28 per cent deformed; 


transformation takes place when the specimens are 
cooled to 25-30° and, according to X-ray structural 
analysis, the quantity of e-phase is as much as 

20 per cent. 

First, when the carbon content of manganese 
steels is increased, the ¢€- transformation is not 
suppressed but shifts to lower temperatures. The 
critical y > € transformation point is lowered when 
carbon concentration is increased. There is no 
a-phase in the structure of quenched 30G23 steel. 
In the course of deformation the austenite in this 
steel is transformed into ¢-phase. At certain 
degrees of deformation, up to 5 per cent, transform- 
ation only takes place in individual austenite grains 
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TABLE 2. Moduli of strain hardening 
dD, and D, 


Steel 


G20 


| 5.6 0.795 
30623 | 


0.700 0.5 
0.700 | 0.5 
() 597 | 0,52 


20N 26 
20N 18G6 


while in others no precipitation of the €-phase is 
observed. At high degrees of deformation the trans- 
formation embraces the whole austenite grain. When 
the degree of deformation is increased to 37 per cent 


the amount of ¢- phase rises to 50 per cent (Fig. 3). 
As with G20, the most intensive formation of the 

€- phase is observed at high degrees of deformation. 
The increase in the amount of €- phase in the course 
of deformation appears to be the result of increase 
in the earlier formed sectors of the €-phase and the 1 — G20; 2 — 30623; VO) 
creation and growth of new sectors. No a- phase is 3 — 20N26; 4 — 20N18G6. L: 
obsetved when 30G23 is deformed. This is confirmed 191 


FIG. 6. True stress diagram for quenched steels: 


by magnetostructural analysis. The steel remains 
paramagnetic in all stages of deformation. 

It is interesting to compare the tendency to strain- 
hardening of manganese steels which have differ- 
ent phase compositions in the quenched state, and 
nickel steels with stable and metstable austenite 
(Table 1). 

Under plastic deformation the austenite in steel 
20N18G6 does not suffer phase transformation. 
Strain-hardening occurs as a result of a change in 
the microstructure. The austenite in steel 20N26 is 
metastable and under deformation it disintegrates 
with formation of ferrite. Fig. 6 shows true stress 
diagrams for these steels. The coefficients of 
strain-hardening D, and D, are set out in Table 2. 
D, is the coefficient of strain-hardening for 0.5 per 
cent deformation and D, is the average coefficient 
of strain-hardening for deformations from 2 to 
10 per cent. 

Comparing the true stress diagrams and the coef- 
ficients of strain-hardening D, and D, it can be 
seen that steels 30G23 and 20N26 are more in- 
tensively strain-hardened than 20N18G6. The reason 
for this more intensive strain-hardenability is the 
metastability of austenite in these steels. In this 
case strain-hardening takes place not only as a 


result of pure cold work, but also as a result of the 
y > aand y > ¢ transformations in the course of 
deformation. In practice they have the same tend- 
ency to strain-hardening. The most intensively 
strain-hardening of the steels investigated was 

the carbon-free steel G20. 

Comparison of the kinetics of phase transforma- 
tions which take place on deformation in G20 and 
30G23 shows that the amount of e- phase formed on 
deformation in 30G23 is considerably greater than 
that formed in G20. The latter,however, is consi- 
derably more intensively strain-hardened than the 
first. Besides this, from a comparison of the in- 
tensity of strain-hardening in G20 and the kinetics 
of the y + € phase transformation in the course of 
deformation in this steel it can be seen that the 
most intensive strain-hardening occurs at a rate of 
deformation not greater than 2 per cent. In this 
case the amount of ¢€- phase formed is negligible. 
From this it follows that the reasons for the 
intensive strain-hardening of carbon-free mangan- 
ese steels are not only phase transformations in 
the course of plastic deformation and ordinary cold 
work. This means that no explanation can be found 
for the intensive strain-hardening of G20 or the 
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FIG. 7. Dependence of magnetic susceptibility of specimens of G20* and 30G23 * on magnetic field strength: 


1 — G20* quenched from 850°; 
4 — ditto 66 per cent deformed; 


presence of a coherent bond between the newly 
forming €- phase and the y- solid solution. This 
factor exists in all stages of deformation in mang- 
anese steels, as the amount of ¢- phase increases 
continuously, and mainly due to the emergence and 
growth of new e-phase sectors, which are also in 
coherent bond with the y- solid solution. In the 
initial quenched state therefore, steel G20 contains 
more than 50 per cent e-phase. This seems to in- 
dicate that the intensive strain-hardenability of 
carbon-free manganese steel must be attributed to 
increased tendency to strain-hardening in the e- 
phase itself, and also to a heterogeneous structure. 
To find the composition of steels with the least 
amount of manganese, specimens of G20 and 30G23, 
in the form of wires of dia. 1 mm, were vacuum 
annealed at 850° for 3 hr. The vacuum was 10°* mm 
Hg. The specimens were then quenched in water 
from 850°. X-ray structural analysis showed that, 
after a surface layer of definite depth had been 
removed, the phase composition of previously 
vacuum annealed quenched specimens is very 
different from that of the same steels in the as-quenched 
state. The following conditions were selected 
for further investigation: with 30G23 specimens a 


2 — ditto 12.6 per cent deformed; 
5 — 30G23* quenched from 850; 
7 — ditto 55 per cent deformed; 


3 — ditto 43 per cent deformed; 
6 — ditto 26 per cent deformed; 
8 — ditto 77 per cent deformed. 


layer 0.03-0.05 mm in depth was etched away. Here 
according to X-ray structural analysis, up to 20 per 
cent a-solid solution was found. A layer 0.25- 
0.30 mm was removed by etching from the G20 spe- 
cimens and a very slight amount of ferrite was 
found in the structure. For specimens of G20 and 
30G23 under these conditions we will use the 
designation G20* 30G23*. Wire specimens of 
G20* and 30G23* were drawn through a die to 
different degrees of deformation as follows: 

G20* — 12, 28, 37, 43, 56 and 66 per cent; 

30G23* — 9, 26, 34, 49, 55, 77 per cent; 

G20* in the initial quenched state contains approx- 
imately 45 per cent austenite, 55 per cent ¢-phase 
and a negligible amount of ferrite. This can be 
seen from the course and level of magnetic sus- 
ceptibility in Figs. 5 and 7, The presence of a 
negligible amount of ferrite in the quenched state 
means that the critical temperature for the y + a 
transformation in G20* is higher than in G20, and 
is slightly below room temperature. This rise in 
the critical y + a transformation temperature can be 
attibuted to reduction in the amount of manganese. 
The critical transformation temperature in this 
steel appears to be in the same range as for G20 
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as the amount of €- phase is roughly the same. The 
fact that the initial phase composition of G20* is 
different from that of quenched G20 and the differ- 
ent relationship between deformation temperature 
and critical y + a transformation temperature means 
that the phase transformations during deformation 
are different in G20* and G20. According to X-ray 
structural phase analysis, under the influence of 
about 40 per cent deformation two transformations 
take place: y + « and y + a (Figs. 3, 5). The amount 
of a-phase formed on deformation in G20* is 
greater than the amount of a-phase formed in G20. 
This can be attributed to the higher critical tem- 
perature for the y > a transformation in G20*. At 
deformations greater than 40 per cent, when there 
is practically no austenite in the structure of the 
alloy, the amount of ferrite will coitinue to grow. 
At deformations above 40 per cent the ¢-phase is 
transformed into a a-solid solution. This is con- 
firmed by the reduction in the amount of €-phase 
and increase in the amount of ferrite in the absence 
of a y-phase. Magnetostructural analysis also shows 
that increase in the degree of deformation will in- 
crease the amount of a-solid solution (Fig. 7). 
Thus, in G20* under defotmations greater than 

40 per cent, the ¢-phase has a transition character. 
At higher degrees of deformation the ¢€- phase is 
unstable and transforms into a a-solid solution. 

Besides austenitie, in the initial as-quenched 
state steel 30G23* contains about 25 per cent 
€-phase and 23 per cent ferrite. This significant 
amount of ferrite means that the critical y + a 
transformation point for 30G23* is higher than for 
G20 * andis above room temperature. Critical y > 
point for 30G23* appears to be lower than for 
G20 *. This is in agreement with the lower €- phase 
concentration in 30G23* in theinitial as-quenched 
state. 

Due to variation in the relation between deforma- 
tion temperature and critical y + a and y > ¢€ trans- 
formation points, the nature of the phase transform- 
ations varies under plastic deformation in the alloys 
in question. Quantitative X-ray structural analysis 
could not be carried out on the deformed ‘specimens, 
due to texturization. Comparing the X-ray patterns 

of deformed specimens taken in an axial camera, it 
was found that an increase in the degree of deform- 
ation up to 50 per cent causes a gradual weakening 
of the «-phase lines andintensification of the 

a-phase ones. At above 50 per cent deformation 

the ¢- phase lines disappear and line (111) of 
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austenite and (110) of ferrite become of roughly 
equal intensity. Magnetic susceptibility measure- 
ments show that if the dezree of deformation is in- 
creased there is an increase in the amount of 
ferromagnetic phase (Fig. 7). Thus, if there is a 
considerable amount of ferrite in the initial as- 
quenched state, on plastic deformation the €-phase 
will become metastable and transform into an 

a- solid solution. 


CONCLUSIONS 


1. In manganese steels G20 and 30G23 in a 
certain temperature range a €-phase is formed on 
cooling. 

2. In steel G20 the y » € transformation threshold 
point is in the region of 100-90°. Transformation 
takes place on cooling down to room temperature. 

3. If the carbon content of manganese steels is 
increased, the y + ¢ transformation will not be 
suppressed, but will shift to lower temperatures. 

In 30G23 for instance, the critical y + € transforma- 
tion point passes to a temperature range below 
zero. 


4. The strengthening of steels 20N26 and 30G23 
as a result of plastic deformation takes place not 
only as a result of cold work, but also due to the 
y > @and y transformations, while the €-phase 
plays the same part in strengthening as does the 
a- phase. 

5. The €- phase existing in the alloy prior to 
deformation is strengthened the most intensively. 
This is confirmed by the intensive strain-hardening 
of G20, which in the quenched state contains more 
than 50 per cent €-phase. 

6. The nature of phase transformations on plastic 
deformation in manganese steels is dependent on 
the relative position of deformation temperatures 
and critical y + a and y > ¢ transformation tempera- 
tures. If deformation temperature is considerably 
above critical y + a transformation point then on 
plastic deformation the - phase will be stable. 
This was observed in steels G20 and 30G23. If the 

critical transformation point is above deformation 
temperature, then, in the process of plastic deform- 
ation the e- phase will be transformed into a 
a-solid solution. An example of this is given by 
the steels G20 and 30G23 which were treated in a 
vacuum and then etched. 


Translated by V. Alford 
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ORDERING KINETICS IN THE ALLOY Ni;Mn* 
I.N. ROGACHEV and V.I. MEL’NIKOVA 
Urals Polytechnic Institute 
(Received 6 March 1961) 


The kinetics of the ordering process have been investigated in a nickel-manganese alloy at 
temperatures below the order-disorder phase transformation point. Variations in electrical resist- 
ivity, magnetization and coercive force have been studied in their dependence on the duration of 
isothermal soaking at various temperatures below T,. The rate of transformation to the ordered 
state has been found to be dependent on temperature and to have its peaks somewhat below the 
temperature for the phase transformation to the ordered state T,,. 


Around stoichiometric composition the nickel- 

* manganese alloy Ni;Mn is an ordering one. Variations 
in the properties of this alloy on ordering have been 
studied in a number of works [1-8]. The presence of 
superstructure in Ni,Mn was established by X-ray 
structural [8] and neutron diffraction [9] analysis. 

In [3, 6] the opinion is expressed that the ordering 
process in Ni,Mn takes place by the formation of 
nucleation centres (antiphase regions) of the ordered 
phase with their subsequent growth. This means that 
it is similar to the ordering process in Cu;Au [13, 
14]. However, it must be noted that there are sti! 
no systematic and complete data regarding the 
kinetics of ordering in the alloy Ni,Mn at tempera- 
tures below 7. Considerable interest therefore at- 
taches to a detailed investigation of the ordering 
kinetics in Ni,Mn and the influence of various 
factors on this process. It is quite easy to study 
the kinetics of ordering in this alloy as a result of 
the dependence of a complex of physical proper- 
ties on the degree of long-range order. From the 
variations in these properties in the process of 
isothermal soaking at temperatures below 7,, it is 
possible to establish certain regularities in the 
kinetics of the process and to produce figures 
regarding the rate at which the equilibrium state is 
approached at these temperatures. 

In the present work the ordering kinetics were 
studied iu the alloy Ni,Mn at temperatures below 
critical point 7,. 


* Fiz. metal. metalloved., 12, No. 5, 678-684, 1961. 


EXPERIMENTAL PROCEDURE AND 
RESULTS OBTAINED 


The investigations were carried out on a nickel- 
manganese alloy of the following composition 
(weight %): nickel-base, 23.30 per cent manganese, 
0.02 per cent carbon, 0.24 per cent silicon, 0.007 per 
cent phosphorus, 0.017 per cent sulphur and 
0.68 per cent iron. The variations in electrical 
resistivity, saturation induction and coercive force 
were studied in their dependence on isothermal 
soaking time at 350, 400, 425, 450, 475 and 500°C. 
This is below the temperature for the phase trans- 
formation to the ordered state, which according to 
(4, 5], is in the region of 510-520° for the alloy 
Ni,Mn. Electrical resistivity measurements were 
carried out on wire specimens d = 0.7 mm. Cy- 
lindrical specimens d = 3 mm and 1 = 50 mm were 
specially produced for the investigation of satura- 
tion induction and coercive force. The structural 
state formed in the process of isothermal soaking 
at the test temperatures was fixed by quenching 
in water through definite intervals of time. The 
measurements were carried out at room temperature. 
The initial disordered state of the specimens was 
obtained by quenching in water from 1000°. From 
these researches it was possible to establish cer- 
tain features in the variations of physical proper- 
ties in Ni,Mn on ordering. The results of the in- 
vestigations are set out in Figs. 1-6. It must 
first of all be noted that on ordering electrical 
resistivity does not vary in the same way during 
the whole of the isothermal soaking time. There 
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FIG. 1. Variation in electrical resistivity in nickel-manganese alloy in the 
process of isothermal soaking below T.: 
1 — 350; 2-400; 3 450; 4-475; 5 — 500°C. 


are two sectors on the electrical resistivity varia- 
tion curves; there is some increase in the initial 
moments of isothermal soaking and a reduction after 
longer soaking time. This seems to be due to the 
presence of various stages of ordering. A similar 
increase in the electrical resistivity of Ni,\in in the 
initial moments of isothermal soaking at tempera- 
tures below 7. was found in (2, 3]. Thompson con- 
siders that it is due to the formation of antiphase 
nuclei (domains) in the initial stages of ordering, 
the magnitude of which is comparable with the 
electron mean free path. On the domain boundaries 
there is considerable scattering of electrons, which 
causes some increase in electrical resistivity. It 
is interesting to note that in [13], in which the 
alloy Cu,Au was studied, increased resistivity was 
also noted. The authors consider that this can be 
attributed to the initial processes of ordering. The 
antiphase regions increase with the increase in 
isothermal soaking time, and reduce the extent of 
the inter-domain boundaries, which increases the 
amount of ordered phase and the electrical resist- 
ivity will fall. From analysis of the curves shown 
in Fig. 1, it follows that the duration of the first 
stage of ordering, which is accompanied by in- 
creased resistivity, will be dependent on the 
isothermal soaking temperature. The minimum 


duration of the first state in the change in electrical 
resistivity corresponds to the temperature 450°; 

at higher or lower temperatures this stage takes 
place more slowly. The reduction in electrical 
resistivity in the second stage (Fig. 1) is also 
determined bv the isothermal soaking temperature 


and it occurs much more rapidly at 450°, which can 


be seen quite clearly from Fig. 2. 


Figs. 3a and 5 show the temperature dependence 
of the duration of the first stage of the change in 
electrical resistivity and rate of change in the 
second stage. The experimental establishment of 
the dependence of the nature and rate of change of 
electrical resistivity of Ni,\in undoubtedly reflects 
the conformity of the ordering kinetics in this alloy. 
It seems that it could be explained in the following 
way. \ large numberof experimental data [10, 11, 
13, 14, 16] indicate that the ordering process is in 
many alloys subordinate to the genera! conform- 
ities of phase transformations and that it takes 
place by the formation and growth of nucleation 
centres of the ordered phase. The theoretical 
calculations made in [17] for the alloy Cu,Au show 
that the rate of formation and rate of growth of 
these nuclei of the ordered phase will be depend- 
ent on temperature and that they have their peaks 
at a temperature somewhat below equilibrium point 
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FIG. 2. Dependence of electrical resistivity in nickel- 
manganese alloy on isothermal soaking time and 
temperature : 


1— min; 2 — 36 min; 3-— 1 hr 36 min; 
4 —6hr 36 min; 5 — 16 hr 51 min; 
6 — 36 hr. 


T,. If, as has been done, the ordering in Ni;Mn 

is classified as a type 1 phase transformation, then 
it can be assumed that the temperature dependence 
of the rate of formation and growth of nucleation 
centres of the ordered phase established in [17] for 
the alloy Cu,Au must also take place in Ni,Mn. 
From this it follows that, around phase transforma- 
tion poin: 7, the rate of ordering of Ni,Mn will be 
lower due to the small difference in the levels of 
the free energy of the ordered and disordered phases 
(rate of formation and rate of growth of the centres 
of the ordered phase are low). It is this, in our 
opinion, which determines the slow variation in 
electricai resistivity at these temperatures. At 
lower temperatures, 350° for instance, the factor 
limiting the process of formation and growth of 
nuclei, will be the mobility of the atoms, and the 
rate of ordering will also be small. In all probab- 


ility the most favourable conditions for the emergence 


and growth of ordered phase nuclei will be created 
around 450°. Then the process will take place 
rapidly and as a result the variations in resistivity 
will also be quicker. The dependence of the rate of 
the ordering process in Ni,Mn on isothermal soaking 
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FIG. 3. a — dependence of duration of first stage of 
variation in electrical resistivity on 
isothermal soaking temperature; 

b — dependence on isothermal soaking temper- 
ature of the time required for electrical 
resistivity to be redaced by 10 per cent in 
the second stage; 

ce — dependence of the duration of the first 
change of variation in coercive force on 
isothermal soaking temperature. 


temperature below Ba. which has been established 
from the variation in electrical resistivity, is 
confirmed by a study of the nature and rate of 
change of saturation induction and coercive force 
when ordering takes place in this alloy. 

In [1-3, 5] the alloy Ni,Mn was found to become 
ferromagnetic on transition from the paramagnetic 
to the ordered state. Saturation induction relates 
to the structurally insensitive ferromagnetic pro- 
perties, and in the case of Ni,Mn it is determined 
by the degree of long-range order and the qualitative 
relation between the ordered and unordered phases. 
Bearing in mind that the antiphase nuclei which 
appear on ordering have an equilibrium stage of 
order at the temperature in question [13], the 
variation in saturation induction in the course of 
soaking at constant temperature below 7, can be 
said to be due to increase in the amount of ferro- 
magnetic ordered phase. In Ni,Mn therefore, the 
rate of change of saturation induction on ordering 
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FIG. 4. Variation in magnetization in the course of isothermal soaking below T.,. 


in isothermal conditions must be the same as the 
rate of phase transition to the ordered state. 

The variation in saturation induction in \in,\in 
with isothermal soaking time below 7, is shown 
in Figs. 4 and 5. It is interesting to note that the 
rate of change of saturation induction does not 
remain constant at any given temperature. The 
change in saturation induction takes place in two 
stages, and in the first stage which is in the initial 
moment of isothermal soaking, this rate is consider- 
ably greater than in the second. This is observed 
at all the temperatures investigated. Comparing the 
rates of change of saturation induction at various 
temperatures it can be seen that around 450° the 
increase in saturation induction takes place at its 
maximum rate (Fig. 5). These data regarding the 
temperature dependence of the rate of change of 
saturation induction characterize the kinetics of the 
transition of Ni,Mn to the ordered state. According 
to them, the rate of phase transition to the ordered 
state will in Ni;Mn be dependent on isothermal 
soaking temperature and it will be at its maximum 
at 450°. The two-stage variation in saturation 
induction can apparently be explained as follows. 
On ordering in the first moment of isothermal soak- 
ing a considerable number of antiphase domains 
arise, and they grow until they are touching. This 
causes an abrupt increase in the volume of the 
ordered ferromagnetic phase and, consequently, 


rapid growth in saturation induction. In the next 
stage the antiphase domains coalesce and as a 
result of this there is a reduction in the extent of 
the interdomain boundaries. This reduces the 
amount of disordered non-ferromagnetic maternal in 
the alloy. This stage of ordering, however, takes 
place more slowly, and the increase in saturation 
induction will also take place at a lower rate. 
Now we must look at the results of the investi- 
gation of coercive force in Ni,M. In [5] data are 
presented regarding the variation in coercive force 
in this alloy on ordering. The authors of this paper 
found that coercive force has its peak when order 
ing takes place around phase transformation point 
T.. Unfortunately there is no information in this 
work regarding the nature of the change of coercive 
force in the process of isothermal soaking at dif- 
ferent temperatures. Such information is desirable, 
as coercive force is a structure-sensitive ferro- 
magnetic property and it should be possible from a 
study of its variations in the course of ordering in 
Ni,Mn, to make a more detailed study of the regu- 
larities of the kinetics of this process. The data 
obtained in our work regarding the variation of 
coercive force in Ni,Mn are presented in Fig. 6. 
Just as with electrical resistivity and saturation 
induction, in Ni,;Mn coercive force varies on order- 
ing in two stages. In the initial moments of iso- 
thermal soaking coercive force only varies a little. 
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FIG. 5. Dependence of magnetization on isothermal soak- 
ing time and ordering temperature: 
1 — hr; 2 — 2 hr; 3 — 4 hr; 
4—Il1lhr; 5-—16hr; 6-— 23 hr; 
7 — 48 hr. 


With longer soaking the second stage of the varia- 
tion begins, namely its increase. The duration of 
the first stage and the rate of change in coercive 
force in the second stage are in a definite relation- 
ship to the isothermal soaking temperature. The 
minimum duration of the first stage and maximum 
rate of increase of coercive force in the second 
stage are observed between 450 and 475° (Fig. 6a 
and b, Fig. 3c). The extension of the first stage 
and reduction in the rate of change in the second 
stage at temperatures above and below this temper- 
ature range, are due to the slowing down of the 
ordering process at these temperatures. The nature 
of the change of coercive force in Ni,Mn established 
in this work can be explained as follows. The 
slight change in coercive force in the initial mo- 
ments of isothermal soaking appear to indicate that 
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FIG. 6. Variation in coercive force on ordering: 
a — in isothermal conditions; 
6 — in dependence on ordering temperature and 
soaking time: 
1 — 5 min; 
3 — 5 br; 


2 — 2 hr 40 min; 
4 — 8 hr 27 min. 


the sectors of ordered phase (antiphase domains) 
formed at this stage are very small. Increase in the 
size of the antiphase domains causes elastic 
stresses on the ordered /disordered phase interface, 
which makes magnetic reversal! difficult and causes 
an increase in coercive force. 


CONCLUSIONS 


1. Data have been obtained regarding the nature 
and rate of change of electrical resistivity, satura- 
tion induction and coercive force in the alloy Ni,Mn 
in the course of ordering at different temperatures 
below 7,. At all temperatures investigated the 
variations in electrical resistivity, saturation 
induction and coercive force have been found to 
take place in two stages. 
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2. In the initial moment of isothermal soaking 
there is a slight increase in electrical resistivity. 
This appears to be due to supplementary conduction 
electron scattering on the boundaries of the anti- 
phase domain, the magnitude of which is commensur- 
ate with the mean free path of an electron. The 
reduction in electrical resistivity in the second 
stage is due to a reduction in the scattering effect 
as a result of an increase in the dimensions of the 
domains, and transition of the alloy to a more 
homogeneous ordered state. 

3. The rapid increase in magnetization in Ni,Ma 
in the first stage and the slower variation in satura- 
tion induction in the second are, of course, due to 
the intensive growth of antiphase domains up to the 
point where they meet in the first moment of iso- 
thermal soaking on ordering, and to the slower pro- 
cess of coalescence of the domains at later stages 
of ordering. 

4. Coercive force on ordering below 7, also varies 


in two stages. Ia the initial moments of isothermal 
soaking coercive force varies very slightly and not 
until much later stages of ordering does it grow. 
This may be due to the appearance of considerable 
internal stresses in the alloy on ordering. 

5. The rate of variation of the physical properties 
of Ni,Mn investigated in this work, is dependent in 
both the first and second stages on isothermal soak- 
ing temperature below 7. It reflects the laws 
governing the ordering kinetics in Ni,Mn. According 
to our data the ordering process in Ni,Mn must take 
place at maximum rate between 450 and 475°C. 
Above and below this range the ordering process is 
retarded. 


Translated by V. Alford 
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Magnetic, X-ray and microstructural methods have been used to study the carbide phase in cold 
deformed steel. The metastable carbide phase XFe,C has been found to consist of cementite of 


variable composition. 


The influence of plastic deformation on variations 
in the physical properties of steel is usually attri- 
buted to processes due to the presence of a carbide 
phase [1-4]. Investigations of the dependence of 
the Curie point of the carbide phase and the intens- 
ity of magnetization of steel on the degree of plas- 
tic deformation from varying initial structures 
[1, 3, 5], and the results of a study of crystal struc- 
ture [5-7], all lead to the following main conclus- 
ions: 

1. Cold plastic defor sation of a steel containing 
lamellar cementite leads to the appearance of a 
carbide phase with Curie point around 270° and an 
increase in total magnetization. 

2. Cold plastic deformation does not cause any 
change in the type of crystal lattice of the carbide 
phase (5, 6]. 

Two main lines of approach have been made to 
explain this experimental material. 

Comparing the results of X-ray structural and 
magnetic analysis Jack and Wilson [5-7] come to 
the conclusion that the appearance of a carbide 
phase with Curie point around 270° in a plastically 
deformed steel must be the result of the displace- 
ment of the Curie point of cementite under the in- 
fluence of elastic stresses. This, however, provides 
no explanation of the considerably increased mag: 
netization of the steel nor is it in quantitative 
agreement with data regarding the influence of 
stresses on changes in Curie point of a pure ferro- 
magnetic material [8, 9]. In works by Apayev [1-3], 


* Fiz. metal. m-talloved.. 12, No. 5, 685-692, 1961. 


the results of the magnetic analysis of the carbide 
phase in cold deformed steel are attributed to the 
appearance of a new carbide phase XFe,C, which 
has more carbon than the cementite, andhas Curie 
point around 270° (transformation Fe,C + XFe,C, 
x < 3). 

The reasons for these contradictory points of 
view probably lie in the wide difference of experi- 
mental data. Wilson only studied the shifting of 
Curie point, which can be regarded as a change in 
the properties of the cementite. In Apayev’s paper 
it was indicated that there was a splitting of Curie 
point. This means that it is suggested that part of 
the carbide phase is subject to magnetic transform- 
ation at 210° (cementite), and part of 270° (the 
carbide XFe,C). In this case we are dealing with 
the emergence of a new phase with definite phys- 
ical properties. 

The increased magnetization of steel as a result 
of cold plastic deformation can be qualitatively 
understood on the basis of Apayev’s proposition. 
However, his hypothesis regarding the appearance 
of a new carbide phase is not in agreement with 
X-ray structural analysis data [5, 6]. It seems 
likely that the use of X-ray structural analysis in 
combination with a sufficiently sensitive magnetic 
method might provide material for more definite 
discussions of the nature of the phases which 
arise on plastic deformation. 


MATERIALS AND EXPERIMENTAL PROCEDURE 


Steel U12A was used for the investigations, in 
the form of bright bars dia. 2.5 mm; it had the 
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FIG. 1. Temperature-magnetization curve for steel U12A 
deformed by wire drawing after previous tempering at 
550°. Degree of deformation 68 per cent. 


following composition: 1.13% C, 0.06 % Cr, 0.22% Si, 
0.21 % Mn, 0.12% Ni, 0.020% S, 0.011 % P. The 
specimens were quenched in water from 1000°. To 
produce the carbide phase with differing degrees of 
dispersion the specimens were tempered for 2 hr 

at 450- 700° (every 50°), and after this they under 
went cold plastic deformation by drawing through a 
wire die. The degree of deformation was computed 
from the reduction of cross-sectional area. 

The chief methods of investigation employed 
were X-ray structural, microstructural and magnetic 
analysis. 

The magnetic characteristics were studied on a 
magnetometer with a differential stand [10]. The 
differential method is distinguished by very high 
sensitivity and precision. In our investigations, 
for instance, the cementite effect on the thermo- 
magnetic curve of annealed (J12A (16.8 per cent 
cementite) was indicated by deflection of the light 
spot by 300 mm with a maximum variation of 0.3 per 
cent in the readings (weight of the specimen about 
1 g). As reference pieces, annealed specimens of 
armco-iron were used with the following composi- 
tion: 0.015% C, 0.19% Si, 0.06 % Mn, S and P below 
0.01 %. Special experimeats showed that plastic 
deformation of armco-iron causes no change in 
magnetization and therefore the structure of the 
reference piece had no influence on the results of 
the measurement. 

To establish the quantitative relation between 
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FIG. 2. Temperature-magnetization curves for 
steel U12A: 

1 — annealed (as supplied state) undeformed specimen; 
2 — as supplied, 68 per cent reduction; 

3 — quenched, tempered at 700°, 68 per cent reduction; 
4 — quenched, tempered at 650°, 68 per cent reduction; 
5 — quenched, tempered at 600°, 68 per cent reduction; 
6 — quenched, tempered at 550°, 68 per cent reduction; 
7 — quenched, tempered at 500°, 68 per cent reduction; 
8 — quenched, tempered at 450°, 68 per cent reduction. 


the variations in the magnetic properties of carbide 
on deformation and the dimensions of the carbide 
particles, the structure of tempered specimens was 
studied metallographically. Photographs of the 
microsections were made with a magnification of 
1450. The resulting photomicrographs were used to 
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FIG. 3. Influence of previous tempering on variation in tne 
composition and Curie point of the carbide phase under 
cold plastic deformation: 

1 — Curie point on cooling after heating to 600°; 

2 — Curie point on heating; 

3 — irreversible reduction in magnetization on heating; 

4 — variaticn in composition of carbide phase during cold 
plastic deformation. 


calculate the average size of the carbide particles 
(11). 

At the same time as the microstructural and mag- 
netic studies X-ray diffraction analysis of the spe- 


cimens wes carried out at different heat and mechan- 


ical treatments, and also of electrolytically preci- 
pitated carbide particles. The X-ray photographs 
were made in a camera with a diameter of 57.3 mm 
and K,Fe and Cr radiation. The X-ray patterns 
were interpreted by comparing the calculated angles 
of reflection and interplanar distances with pub- 
lished data [12]. Second type distortions and the 
sizes of the regions of coherent scattering in the 
carbide particles were determined from line width, 
in accordance with the method proposed by 
Kurdyumov and Lysak [13] in Moroz’s [14] inter- 
pretation. The standard used was carbide powder 
precipitated on non-deformed steel. The electro- 
lyte used for precipitation of the carbides was a 
decinormal solution of hydrochloric acid; current 
density was 0.02-0.03 A/cm*. Coercive force and 
Vickers hardness were also measured. 


RESULTS 
To investigate the influence of plastic deforma- 
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FIG. 4. Influence of dispersion of the initial structure 
on variation in the composition and Curie point of the 
carbide phase on the cold plastic deformation of 

steel: 
1 — Curie point on cooling after heating to 600°; 
2 — Curie point on heating; 
3 — irreversible reduction in magnetization on heating; 
4 — variation in composition of carbide phase during 
cold plastic deformation. 


tion on the position of the Curie point of the car- 
bide in tempered steel, it was considered desirable 
to find out whether the shift of Curie point earlier 
revealed [1-3, 5, 6] is sudden, characteristic of 
the appearance of a new carbide phase with fully 
determinable magnetic properties, or whether this 
was a gradual process of a change of the properties 
of the cementite existing in ihe steel. To follow up 
the various stages of this process the degree of 
deformation of the carbide particles must be varied. 
Of the two possibilities, — variation in the degree 
of compression with fixed initial structure, or 
variation in the initial size of the carbide particles 
with fixed degree of deformation, the second was 
selected, as it allows a greater range of effective 
action on the structure of the carbide. 

After quenchiv, and tempering at various temper- 
atures specimens of U12 were wire drawn to a 
total reduction of 68 per cent. After this the mag- 
netization curves were taken in the magnetometer 
under heating up to 600° and subsequent cooling 
to room temperature. 


Fig. 1 shows the temperature-magneti zation 
curve for a specimen tempered at 550°. The 
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FIG. 5. Variation in hardness and coercive force during 
the cold plastic deformation of U1L2A. 


reversible sector 1-2 of the heating curve indicates 
the presence of a phase with Curie point about 
270°. The second sector of the drop in magnetization 
(2-3) is irreversible. The cooling curve is fully 
reversible and shows a considerable increase of 
magnetization on passing through 215°, the Curie 
point of cementite. A similar series of curves for 
specimens tempered at various temperatures are 
shown in Fig. 2. In the same place the curve is 
given of a deformed specimen with granular cementite 
in the as supplied condition, and for comparison, 

the curve of an annealed undeformed specimen. From 
these graphs it follows that the effect of the shift 
in Curie point and irreversible change in magnetiza- 
tion (sector 2-3 Fig. 1) are heightened with a low 
temperature for the preliminary tempering treatment. 
Deformation of an annealed specimen only causes 

a slight change in Curie point of the carbide phase 
(10-20°) andhas practically no effect on the magnet- 
ization of the steel. Deformation of a specimen 
tempered at 450° on the other hand. causes a shift 
of Curie point to 270° and considerable increase in 
magnetization. In ali the cases studied heating to 
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FIG. 6. Influence of cold plastic deformation on compo- 
sition and Curie point of the carbide phase: 
1 — Corie point on cooling after heating to 600°; 
2 — Curie point on heating; 
3 — irreversible reduction in magnetization on heating; 
4 — variation in composition of carbide phase during 
cold plastic deformation. 


600° restores the original Curie point of the 
cementite. The results of the analysis of the tem- 
peratire-magnetization curves are shown in Fig.3. 
From this it follows that with the same degree of 
deformation and reduced tempering temperature, i.e. 
with reduced carbide particle sizes, the shift of 
Curie point observed is smooth and not sudden. This 
appears to provide some support for the proposi- 
tion that the changes are in the properties of the 
existing carbide phase and no new one appears. 
Fig. 4 shows the dependence of Curie point of 
the carbide phase in cold deformed steel on the 
degree of dispersion of the initial structure. These 
data permit the assertion that the nature of the 
influence of plastic deformation on the properties 
of the carbide particles is to a considerable degree 
determined by the sizes and shape of the latter. It 
must be noted that the maximum effect of the change 
of magnetic properties, which is observed in speci- 
mens tempered at 450°, cannot, of course, be attri- 
buted to the influence of plastic deformation alone, 
as stable cementite is formed at somewhat higher 
tempering temperatures. Special experiments 
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showed that if tempering is carried out at 570° the 
change in phase composition will be completed 
while at the same time a high degree of dispersion 
of the carbide particles is also maintained. 

With the microstructure of steel tempered at 570° 
and wire drawn to 7-76 per cent reduction, it was 
found that with low degrees of deformation (7-37 per 
cent) no noticeable changes in microstructure oc- 
curred. At 48 per cent deformation the particles draw 
closer to one another and show some orientation 
in the direction of the axis of the specimen. At 
60-70 per cent the particles are arranged in a clearly 
distinguishable direction, a kind of fibrous structure. 

To judge from the photomicrographs, therefore, - 
substantial variations in the structure of the steel 
are only observed under considerable deformations. 

Hardness and coercive force measirements (Fig.5) 
showed that these properties change very consider- 
ably in the initial stages of deformation. On the 
basis of this information it is suggested that low 
reductions cause the main changes in the properties 
of the ferrite. Deformation of the cementite will 
take place under high degrees of reduction if the 
matrix is sufficiently strain-hardened. It is thus 
to be expected that the magnetic properties of the 
cementite will vary much more under high degrees 
of deformation. 

In [16], a series of temperature-magnetization 
curves of variously deformed steel specimens tem- 
pered at 570° were taken. Fig. 6 in this paper shows 
the results of cnalysis of these curves: Curie points 
on heating and cooling, extent of the irreversible 
changes in magnetization in the range 300-600-300°, 
which are attributed to the extent of the variation 
in magnetization of the cementite from Curie point 
to room temperature, and the change in the average 
composition of the carbide phase. 

Comparing the experimental data shown in Figs.2, 
3, 4 and 6 the conclusion can be drawn that in all 
cases the increased effectiveness of the influence 
on the structure of carbide particles causes an 
increase in the effect noted above of the irreversible 
reduction of magnetization on heating. In other 
words it causes an ever increasing rise in mag- 
netization on plastic deformation. 

it must be noted that an irreversible change in mag- 
netization of deformed specimens takes place between 
300 and 600°. These are the temperatures when 
both the carbide phase of the deformed steel, and 
the cementite, are paramagnetic. In this case the 
drop in magnetization should be due to the transi- 
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tion of iron atoms from the ferromagnetic (ferrite) 


to the paramagnetic (carbide) phase. As, which can 
be seen from the temperature-magnetization curves, 
this process produces a stable cementite with 


Curie point 210-215°, the initial carbide phase which 
arises on deformation, will contain less iron than 
the cementite, i.e. its composition can be defined 
by the formula Fe,C (x < 3). Direct calculations 
of the composition of the carbide, which were carried 
out in accordance with the above propositions and 
by the method developed in [15, 16], produce the 
results which are illustrated by curves 4-4 in 
Figs. 3 and 4. The observed shift in Curie point is 
thus very closely related to the change in the 
composition of the carbide, but it may be due to 
changes of structure [1, 3]. 

Direct X-ray structural analysis of the specimens 
and of carbide powder precipitated from the cold 
deformed steel showed that even after high degrees 


‘of deformation, sufficient for a considerable change 


in the composition of the carbide, only two phases 
existed in the steel, ferrite and a phase with a 
cementite lattice. As the degree of deformation in- 
creases there is a considerable broadening of the 
phase and carbide lines ([16], Fig. 10) and also 
some change in the relative intensity of the carbide 
phase interferences. 

From analysis of the fine crystalline structure of 
the carbide phase, the conclusion can be drawn 
that increased deformation causes an ever increas- 
ing fragmentation of the regions of coherent dis- 
persion of the X-ray beams and increase in type II 
distortions. These results are in very good agree- 
ment with the earlier data [17] produced from the 
X-ray diffraction analysis of cold deformed steel. 

Comparing these different results the conclus- 
ion can be drawn that in cold deformed steel the 
carbide phase has a cementite type crystal lattice 
in all cases. The carbon content of this phase will 
be higher than in the cementite and under certain 
conditions it will be as much as 30 at. %. 

The absence of any reflections from new phases 
on the X-ray patterns, the Curie points of the ce- 
mentite on the temperature magnetization heating 
curves in deformed specimens, the gradual shift 
of Curie point of the carbide phase in high temper- 
ature fields with increasing degrees of deformation, 
and the gradual change of composition, all force 
one to the conclusion that it is not a new carbide 

phase XFe,C [1-3] which arises in the steel, but 
that there is a change in composition and, as a 
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TABLE l. Influence of degree of deformation on dislocation density in carbide particles 


Aa 


a 


Deformation % | 


D x cm 


| cm? 


U.6U1 x 
0.893 x 1072 
U.160 x 107? 
0.613 107? 
0.475 x 1077 


result of this, in the physical properties of the 
cementite under the influence of plastic deformation. 
It is probable that elastic lattice distortions of the 
cementite play no noticeable part in this process. 

This conclusion that there is a variation in the 
composition of the carbide phase under plastic de- 
formation with preservation of the previous type of 
crystal lattice becomes more understandable when 
it is compared with the results of papersin which 
the concentration of impurity atoms in crystal lattice 
imperfections is assessed in deformed or quenched 
alloys [18, 19]. It is possible that the same factors 
which give rise to the “dissociation” of the carbide 
phase under considerably increased dislocation 
density in ferrite [20] and cause up to 30-50 carbon 
or nitrogen atoms to be concentrated on the atomic 
plane (18, 19], also come into force on the cold 
plastic deformation of high temperature tempered 
steel. 

The results of the study of fine crystal structure 
provide the basis for a rough calculation of disloca- 
tion density in the carbide particles depending 
on the method of treatinent (see Table 1). These 
calculations were carried out according to the 
method proposed by Williamson [21]. The increased 
dislocation density in the carbide phase of steel 
which we found to take place when the degree of 
cold plastic deformation is increased, confirms 
the proposition made above. When the carbide phase 
blocks disintegrate and the density of dislocations 
from the microvolumes increases, there may be the 
withdrawal of carbon atoms to other sectors with a 
higher dislocation density. In this case, of course, 
free cementite will be formed and there will be a 
change in the average composition of the carbide 


phase in the direction of carbon enrichment. 


Translated by V. Alford 
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In this work the coefficients of thermal expansion were studied in nickel, the solid solution 
and precipitation phase of the alloy E1-437A in the temperature range 20-500°C. It was found that 
there was a temperature-dependent variation in lattice parameters in the materials investigated. 
Calculated thermal expansion coefficient values have been reviewed from the point of view of 
atomic interaction force characteristics and they are compared with the data in paper [4], in which 
characteristic temperature was determined by X-ray diffraction analysis. 


X-ray diffraction analysis has been used to deter- 
mine the characteristic temperature of certain solid 
solutions in a number of works, including [1-4]. From 
the figures obtained conclusions have been drawn 
regarding the magnitude of the interatomic binding 


force. Recently the view has been expressed, how- 
ever, that characteristic temperature determined by 
X-ray diffraction analysis is not a good enough 
criterion of interatomic binding forces [5]. It seems 
that reliable data regarding interatomic binding 
forces can only be obtained if the various physical 
values characteristic of this force are studied. One 
such physical value is the coefficient of thermal 
expansion which is related to the other character 


istics of interatomic binding force; — compressibility, 


melting point etc. The following general conformity 
is observed for pure metals. Higher binding forces 
correspond to lower values for the coefficient of 
linear expansion, although the available theoretical 
data [6, 7] are not sufficient to establish this 
relationship explicitly. 

Of course, the study of the coefficient of thermal 
expansion from the point of view of the binding 
force characteristics can also be extended to solid 
solutions and intermetallic compounds, so long as 
there are no transformations or other abnormalities 
in the temperature range under investigation. . 

In our work, which is a continuation of the preced- 
ing one [8, 9], we present the results of the study 
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of coefficient of linear expansion in nickel, the 
solid solution and precipitation phase of the alloy 
EI-437A. 


PROCEDURE, RESULTS AND DISCUSSION 


The coefficients of linear thermal expansion A 
and their temperature dependences were determined 
for solid solutionsof the quenched and aged alloy 
EI-437A [8], for the precipitation phase of this 
alloy and for 99.9 per cent pure nickel. The deter- 
mination was made by X-ray diffraction analysis. 
Unlike dilatometric analysis, with the X-ray dif- 
fraction analysis A can be measured independently 
in the solid solution or in the precipitation phase. 

It was found in (9, 10] that the precipitation 
phase is in the matrix in a state of volumetric 
compression. It is obvious that temperature changes 
will probably reduce the compression of the lattice 
of the a”~phase. From this it follows that a coef- 
ficient of thermal expansion found from the varia- 


‘tion in the lattice constant of the unisolated a’- 


phase may not be completely accurate. For this 
reason A was determined for an isolated precipita- 
tion phase. When the coefficient of thermal expans- 
ion is being determined for the solid solution of an 
aged alloy, the presence of a precipitation phase 
should not in practice influence the A value, due 
to the very low quantity of the former. 

The test specimens were heated at 1095°C for 
8 hr and were then cooled in air. After quenching 
ageing was carried out at 900° for 150 hr. This 


— 


Thermal expansion in alloy EIl- 437A 
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FIG. 1. Variation in lattice parameter of nickel (1), the solid solution (2) 
and precipitation phase (3) with heating temperature. 


provides for the precipitation of quite large particles 
of the a’-phase [9]. Unlike a finely dispersed one, 
a coarse a’-phase powder will not oxidize very 
much on heating in air right up to 400° and it gives 
clearly defined diffraction lines on X-ray patterns. 

A back reflection camera was used for the X-ray 
photographs [8]. The heating furnace was fixed 
on to it. The specimens were in the form of disks 
20 mm in dia. 5 mm high, with axial apertures 2 mm 
in dia. for fixing the hot junction of the thermo- 
couple. 

The specimens for X-ray photography of the 
isolated phase were electrolytically dissolved [9] 
in order to get the required precipitation of this 
phase on their surface. The X-ray photographs were 
taken at 20-25, 100, 200, 300, 400 and 500° in 
copper radiation. 

The temperature of the specimens was measured 
on a chromel/alumel thermocouple. Temperature 
fluctuations during exposure did not exceed + 1°. 
A thermostatic controller was used to achieve this. 
During the photography the film was rotated and 


the specimen was also rotated aperiodically together 
with the furnace. A sector type of magazine was 
used in order to get a series of pictures on one 

film. 

Lattice constant was calculated from lines (420). 
The distance between the lines was measured on a 
type IZA-2 comparator. The average of 3/4 measure- 
ments was always taken. Error in measurement did 
not exceed + 0.03 mm. 

As in all cases the X-ray photography of the 
specimens was made each time on the same film, 
variations in the size of the film after processing 
has practically no influence on the results of the 
determination of the relative change in lattice 
constant. To calculate a,, lattice constant at 
temperature ¢, the variation in the distance between 
the magazine and the specimen was calculated, 
due to expansion of the steel casing of the furnace. 
Allowing for the degree of error of measurement in 
the distance between the X-ray pattern lines, and 
+ 1° inaccuracy in the temperature measurements, 
the total error in the determination of lattice 
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TABLE 1 


Coefficient of thermal expansion dx 10°* 


Temperature 
interval 


Nickel 


Solid solution | 9’ 


~ phase of alloy 


of alley EF-437A 


EI-437A 


| 

20—100 13.6 
1H0—200 i4.8 
200—300 15.9 
300—400 17.4 
400 —500 


20 —200 
20—300 14.9 
20—400 13.6 
20—500 


constant was not more than 0.00015 A. 

However, in unfavourable circumstances, even 
such a small degree of error as this may lead to 
considerable errors in determining the average 
coefficient of thermal expansion; for A in the tem- 
perature range 100° for instance, AA/A may be as 


much as 7 per cent. To achieve more accurate results 


therefore 3-5 X-ray photographs were taken and the 
figures obtained from them were averaged. 

The coefficient of linear expansion was calcul- 
ated according to the formula 


where @,, and a,, are the lattice constants at temper- 
atures ¢, and ¢,. 

The illustration shows the curves which indicate 
the variation in lattice constant \a, with heating 
temperature for nickel, the solid solution and the 
a’-phase. The Aa, value for the solid solutions of 


the quenched and aged alloy are practically the 
same. This seems to be because the composition 


of the solid solution of EI-437A varies negligibly 
on ageing. 

For nickel in the temperature range 300-400° 
measurements of lattice constant were out in narrow 
temperature ranges (20-30°) as anomalies due to 
magnetic transformation [11] are known to occur in 
the course of the variation of the coefficient of 
thermal expansion in this range of temperatures. 

The results obtained (see Fiz. 1) confirm 
published data [11] and at the same time indicate 


ae 


that the method used is of quite high sensitivity. 
The gradient to the horizontal axis increases with 
increasing temperature for all the curves. This 
behaviour is quite regular and is not only observed 
in pure metals but also in alloys [12]. 

The calculated average figures for the coefficients 
of linear expansion are set out in Table ]. It can 
be seen from these figures that in all the tempera- 
ture ranges investigated the lowest value is that 
of the precipitation phase and the highest fer the 
nickel. For the solid solution the coefficients of 
thermal expansion have intermediate values which 
are closer to the X value for the precipitation 
phase than to that of the nickel, with the exception 
of the range 300-400°, in which the A coefficient 
is abnormally high due to magnetic transformations. 

The conclusion can be drawn from these data 
that the binding forces in the lattices of the 
a’-phase and the solid solution are higher than in 
that of the nickel and that the lattice of the preci- 
pitation phase has the strongest binding forces. 
This conclusion is in very good agreement with 
the results obtained in the investigation of a 
similar alloy made by Kurdyumov and Travina [4] 
who determined characteristic temperature by 
X-ray diffraction analysis. In this work the charac- 
teristic temperature of nickel was found to be 
350°, of the solid solution 500° and the precipita- 
tion phase 690°. 


Translated by V. Alford 
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MECHANISM AND KINETICS OF DECOMPOSITION OF WUSTITE. |.* 
O.K. SHABALINA and G.I. CHUFAROV 
Institute of Metallurgy, Urals Branch of Academy of Sciences 
(Received 6 March 1961) 


The decomposition of wustite has been studied by means of magnetic analysis, X-ray methods 
and electron microscopy. From the features of the surface and internal propagation of the process 
revealed it has been possible to build up some, idea of the mechanism of decomposition. Qualitative 
characteristics of the kinetics of this process are given. 


Wustite is known to be unstable below eutectic 
transformation line, 570°, and to disintegrate into 
iron and magnetite [1-8]. The disintegration of 
wustite plays an important part in the formation of 
the microstructure of scale [2] andmay be one of 
the intermediate processes in the reduction of the 
higher oxides ofiron. We carried out our investiga- 
tion with the importance of these processes in mind 
and we pay particular attention to the variations in 
the microstructure of the free surface of wiistite in 
in the course of disintegration. 

Quite a lot of study [2, 5-8], has been paid to the 
regularities in the disintegration of wustite scale. 
They amount to the following. The higher the oxygen 
content, the more easily will ferrous oxide start to 
decompose. The first stage in disintegration is the 
precipitation of a pre-eutectoid (primary) magnetite: 


(1 a 4y) Fe,_,O— (1 -- 4x) Fe,_,O+ (1) 


+ —y)Fe,0,. x>y.... 


In the same stage there is a eutectoid disintegration 
of wustite into iron and secondary magnetite: 


4Fe,_yO FesO, + (1 — 4y)Fe..... (2) 


The general course of the process is determined both 
by the tempering temperature and the initial state 

of the specimen, its composition, quenching and 
impurities. All this leads to considerable differ- 
ences in microstructure revealed on microsections, 
particularly in the second stage of the process. 


* Fiz. metal. metalloved., 12, No. 5, 697-702, 1961. 


In our work particular attention was paid to the 
size of disintegration shown in the microstructure 
of the free surface of wustite and to the investiga- 
tion of the kinetics of the process as a whole. 


EXPERIMENTAL PROCEDURE 


Wustite was obtained by oxidizing armco-iron 
in CO—CO, atmosphere (2: 3) at 1040° with sub- 
sequent cooling to 800° and quenching from the 
latter temperature. The wistite scale was then 
removed from the iron and used as specimens in the 
form of granular disks 4mm x 10 mm and 0.3 mm 
in depth. The disks were vacuum tempered (10~* mm 
Hg) at 350° for different periods of time. 

Disintegration of the wustite was studied prim- 
arily by means of qualitative X-ray structural 
phase analysis of the scale, which had been ground 
to a powder, in a high resolution camera. The 
lattice parameter was first determined for the 
wustite and then for the products of its disintegra- 
tion and these were extrapolated through the 
functions (cos? @/sin cos? 6/6) to the angle 
6 = 90° [9] with a precision of + 0.002 A. 

Magnetic analysis was used for the quantitative 
characteristics of the process [10]. Saturation 
magnetic moment of the scale specimens were 
measured by the deflection on a ballistic apparatus 
(the measuring coil encompassed the whole speci- 
men and the maximum field was11,500 oersted). 
Specific saturation induction of the test specimens 
o, was calculated using a reference specimen of 
nickel of the same shape. The experimental o, 
figures could be checked by calculations using 
equations (1) and (2). As the quantitative relations 


FIG. 1. Free surface of quenched wistite. Growth steps 
of the crystal; x 12,000. 


remained constant between the forming phases and 
can be found by means of the same equations, the 
experimental o, values can be used to estimate the 
degree of decomposition at any intermediate stage. 
The features of decomposition on the free sur 
face of the wustite were studied by means of an 
electron microscope with a resdution of 100 A, 


using the two-stage polystyrol-carbon method. Be- 
sides this both the outer andinner sides of the scale 
were studied by X-ray structural analysis. Phase 
analysis was carried out by sharp focus express 
photography of the strongest structural lines of the 
phases. The parameter was determined by the re- 
verse photography method. KgCo radiation was 
used in all the X-ray analyses. 


RESULTS 


Judging from the powder photographs, in the 
initial state the specimens consisted of wustite with 
a parameter of 4.302 A. This fits into the formula 
Fe, 9250 [3]. However, in a magnetic field they 
show weak magnetization although the pure lower 
oxide is paramagnetic. This forces one to assume 
that the quenching was not ideal and that disinte- 
gration has partly begun. This was actually re- 
vealed by express photography, which has higher 
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FIG. 2. Disintegration of wustite at 350°, 0.5 hr. Prim- 
ary magnetite on outer side of scale; x 12,000. 


sensitivity than other X-ray structural methods. 
This showed the magnetic line and the splitting of 
the wustite line, although the spectral doublet 
could not be resolved under the initial circumstances. 
The splitting was appropriate for the existence of 
two parameters differing from one another by about 
6.03 A. The component with the higher parameter 
wes very weak. As shown by subsequent investiga- 
tion, the lower parameter (strong line) belongs to 

the initial wistite and the larger one (weak line) 

to the metastable wistite remaining after the pre- 
eutectoid precipitation of magnetite. The onset 

of disintegration could only be seen on the outer 
side of the scale. 

The same specimens were studied by reverse 
photography in order to find the parameter of the 
initial wustite from the outer and inner sides. P 
On the inside it was equal to the average, 4.302 A, 
and on the outside, 4.299 A. This means that a 
small proportion of the outer leyer had been enriched 
by oxygen while the main part of the specimen was 
uniform in composition. No disintegration could be 
revealed by this method. 

The study of the free surface of the specimens in 
an electron microscope revealed a multi-stage 
relief on the outside (Fig. 1), which was sometimes 
very complex. On the inside could be seen the 
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FIG. 3. Disintegration of wustite at 350°, 0.5 hr. Prim- 
ary magnetite on outer side of scale; x 12,000. 


fracture pattern of the crystal, similar to that ob- 
served in [11], which was frequently complicated 
by the presence of finer crystals belonging to the 
sub-layer of the scale. It was difficult to establish 
any disintegration due to the fact, as mentioned 
above, that primary magnetite forms dense accre- 
tions on the faces of the wustite. These are prob- 
ably very thin in the initial period but the contrast- 
ing power of the carbon replica is insufficient for 
these negligible changes in relief. 

Observation of the process of disintegration at 
350° in a vacuum produced the following results. As 
stated above, the process started on the outside of 
the scale specimens. After 15 min tempering, how- 
ever, disintegration could be seen on the inner side 
as well. Judging from the relative intensity of the 
lines, the metastable wustite had become greater on 
the outside than it was in the initial state. Reverse 
photography of the outer andi inner sides produced 
the following parameters: 4, 302 A for the initial 
wustite; 4.330 A for the metae ‘able wustite; 

8.402 A for the magnetite. Sz litting could also be 
seen from the powder patterns. This was in excess 
of the possible doublet splitting. The parameters 
deduced by extrapolation were 4. 302A and 

4.324 Afor the wustite and 8.4044 for the mag- 
netite. At 4.324 A therefore, the mean parameter of 


rth 
| 
| 


| 
40 
Time, hr 


Q25 


FIG. 4. Dependence of specific saturation induction of 
specimens of disintegration wiistite on tempering 
time at 350 (semi-logarithmic scale). 


the metastable wustite is considerably less than 
its value for the surface layers of the outer and 
inner sides (4.330 A). This can be attributed to the 
increased pre-eutectoid precipitation of magnetite 
to the free surface. 

In the process of further disint zgration the initial 
wustite first disappeared from the outside and then 
from the inner. The wustite and magnetite lines 
were noticeably broadened, probably as a result of 
elastic stresses. Electron microscope analysis of 
the surface showed that the pre-eutectoid preci- 
pitation of the magnetite was accompanied by flat 
and quite dense formations on the outer side 
(Fig. 2) and also on the inner (Fig. 3). 

On the quantitative side the process is defined 
by the curve a, (t), which is the dependence of 
specific saturation induction on disintegration time 
(Fig. 4). Some delay in the increase in a, is 
observed at soaking times of 1-1.5hr. X-ray anal- 
ysis showed that these specimens only contained 
metastable wustite and magnetite, and there was 
less wustite on the outside than on the inner. It 
can therefore be assumed that in this case the pre- 
eutectoid precipitation of magnetite has been com- 
pleted. The specific saturation induction of the 
specimen can be checked by calculation if it is 
known that reaction (1) has been fully completed. 
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FIG. 5. Disintegration of wistite at 350°, 4 hr; eutectoid 
stage. Micropores on outer side of scale; x 12,000. 


The unknown values x and y were found from the 
parameters of the initial and metastable wifstite [3]. 
The values found, x = 0.075 and y = 0.013, were 
substituted in formula (1) and then, using the tab- 
ulated value o, = 93 for the magnetite after reaction 
(1) os = 21 was found for the test specimen. This 
is in satisfactory agreement with the experimental 
figure of 0, ~ 25. Using the o, (¢) graph not in a 
logarithmic, but in a linear scale, a comparatively 
high rate of transformation can be observedin this 
pre-eutectoid stage. At a rough estimate, about 
1.5 per cent of the initial wustite is decomposed in 
1 min (the value o, = 25 is taken as 100 per cent). 

The relative ease of crystallo-chemical trans- 
formation at this stage is due to the crystallographic 
and chemical affinities between the wustite and 
magnetite and the satisfaction of structural corres- 
pondence in their mutual transformations [2, 7, 12]. 
The latter also took place in our experiments, of 
course. It can be seen on the photographs of the 
surface (Figs. 2 and 3) that lamellae have grown 
on the face of the wustite. They have a large 
contact surface and occupy practically the whole 
area, although the proportion by volume is about 
25 per cent when calculated according to the (1) 
reaction. 

With longer soaking times the stage of eutectic 
decomposition starts in. Every 2 hr tempering 


FIG. 6. Disintegration of wustite at 350, 7 hr; eutectoid 
stage. Micropores on inner side of scale; x 12,000. 


time iron was found on the outer side of the scale 
and every 5 hr on the inner. Allowing for the range 
of error in the experiment, this parameter remained 
unchanged. This is a sign of the eutectoid nature 
of the process, i.e. of the simultaneous decomposi- 
tion into two phases — secondary magnetite and 
iron. An approximate assessment from the a, (t) 
graph gives a rate of decomposition of around 

0.2 per cent/min for the metastable wistite. In 

7 hr decomposition was as much as 70 per cent 

and had begun to slow down noticeably. After 11 hr 
tempering no more wistite could be found. After 
this and up to 40 hr, there was practically no 
change in specific saturation induction. This means 
that disintegration had been mainly completed. The 
o, value could be calculated by means of equations 
(1) and (2) and the tabulated values for magnetite 
(93) and iron (217,75). In this way it was found that 
full decomposition should correspond to the value 
a, = 111. The experimental value of 105 was 
slightly below this. For the final completion of 

the reaction a further anneal was carried out at 
500° for 3 hr. Specific saturation induction rose to 
o, = 112, but further annealing at 500° for 20 hr 
could not produce any change. The X-ray patterns 
taken after the final treatment showed clearly 
defined narrow magnetite and iron lines. This in- 
cated stress relief and, possibly, recrystallization 
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FIG. 7. Microstructure of surface of disintegrating wustite 
after further annealing at 500°, 3 hr; x 12,000. 


of the products of disintegration. 

The eutectoid stage of disintegration at 350° has 
a peculiar effect on the microstructure of the free 
surface. Both on the outer (Fig. 5) and on the inner 
side (Fig. 6) a large number of microscopic pores 
can be seen, around 0.1 in size. For a comparison 
of all these data some idea can be built up regard- 
ing the mechanism of disintegration at this stage. 
The crystallo-chemical rearrangement in this stage 
is to a considerable degree complicated by the 
formation of iron crystallites [13]. This is why the 
process commences in the outer layers where the 
pre-eutectoid precipitation of magnetite has taken 
place more actively, creating a large number of 
distortions in the metastable wiistite, which then 
promotes transformation. Iron ions, which have con- 
siderably greater mobility in the wistite lattice than 
the oxygen ones [2], withdraw more rapidly from 
the lattice leaving vacancies which coagulate into 
micropores. At the temperature in question, 350°, 
these are not able to grow with the surrounding 
medium -- magnetite, which is formed from the iron- 
denuded wistite. 

Further annealing at 500° reduced porosity and 
the microstructure assumed the form which is 
characteristic of this type of transformation (Fig. 7). 

The appearance of the faces of the primary 
magnetite crystals enables one to note their 


parallel arrangement which indicates that structural 
conformity hasbeen satisfied. Regular secondary 
magnetite crystals about 0.5 yin size are clearly 
distinguishable in the eutectoid. Iron, which is 
present to about 12-13 per cent by volume in the 
eutectoid (according to (2)) appears to occupy an 
intermediate position between the magnetite crys- 
tals. 


CONCLUSIONS 


Investigation of the disintegration of wustite 
(parameter 4.302 A) at 350° has confirmed that there 
is pre-eutectoid precipitation of magnetite with 
subsequent eutectoid disintegration of the remain- 


ing metastable wustite. In the course of disinte- 
gration porosity appears on the surface of the mag- 


netite, particularly in the second stage. This dis- 
appears with subsequent treatment at 500°. This 
pore formation is due to the coalescence of vacan- 
cies liberated by iron ions. 

The quantitative description of the disintegration 
by means of specific saturation magnetization is in 
very good agreement with the calculations carried 
out on the basis of the X-ray data. 


Translated by V. Alford 
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EFFECT OF ALLOYING ON THE OXIDIZABILITY OF NIOBIUM ALLOYS* 
G.V. ESTULIN and N.N. BAROVA 
Institute of Quality Steels 
Central Research Institate of Ferrous Metallargy 
(Received 7 March 1961) 


Investigation has been made of the influence of titanium, zirconium, molybdenum, vanadium, 
chromium and tungsten on the oxidizability of binary and ternary Nb-base alloys. The binary alloys 
studied had up to 10 per cent vanadium, molybdenum, tungsten and zirconium and up to 15 per cent 
titanium and chromium, while the ternary ones had 5 per cent molybdenum and 5 per cent waalion 
with additions of chromium, aluminium, zirconium and titanium. 


PROCEDURE 


The alloys were produced in an arc vacuum furnace 


with a non-consumable tungsten electrode and 
water-cooled hearth in an argon medium. Resistance 
to oxidation was determined in air at 1000°C by the 
intermittent oxidation method using rectangular 
specimens 20 x 20 x 5 mm in size. The specimens 
were weighed before oxidation and after holding 
times of 1, 5, 10 and 20 hr. The weight increment 
was plotted against time and the average rate of 
oxidation was calculated. At the end of the tests 
the scale was removed from the specimens and the 
loss of weight was calculated. The scale from a 
number of alloys was analysed by the X-ray dif- 
fraction method *. 


RESULTS 


Curves showing the variation in the rate of oxi- 
dation of binary niobium alloys with the concentra- 
tion of alloying element are given in Figs. 1 and 2. 
In niobium-titanium alloys the rate of oxidation de- 
creases as the titanium concentration increases, 
reaching its minimum value at 10 per cent titanium. 
Further increase in titanium concentration produces 
no noticeable improvement in scaling resistance. 
An addition of chromium increases the resistance 
of niobium to oxidation. The optimum chromium 


* Fiz. metal. metalloved., 12, No. 5, 703-707, 1961. 
t X-ray analysis was carried out by T.V. Yegorshina. 


concentration in the alloys is around 7 per cent. 
At higher chromium concentrations there is a slight 
increase in the rate of oxidation. In the alloy with 
vanadium the rate of oxidation curve has a clearly 
defined minimum at 3 per cent vanadium. If the 
vanadium concentration exceeds the optimum, the 
rate of oxidation increases rapidly (Fig. 2). The 
dependence in the alloy of niobium with molybdenum 
is similar. At more than 10 per cent molybdenum 
the rate of oxidation begins to increase and then, 
according to the data in paper [2], at 20 per cent 
molybdenum there is a significant increase in the 
rate of oxidation of the pure niobium. An addition 
of 0.5-1 per cent tungsten causes some increase 
in the rate of oxidation of the niobium. If the 
tungsten concea:ration is increased to 10 per cent 
there is practically no change in resistance to 
oxidation. Slight additions of zirconium have a 
negative effect on the scaling resistance of niobium 
alloys. With 5 per cent zirconium the rate of oxi- 
dation is twice as high as that of the pure nicbium. 
Further increase in the zirconium concentration 
up to 10 per cent, however, causes an improvement 
in the scaling resistance of the alloy (Fig. 1). 

The binary alloys with the greatest resistance to 
oxidation, those with 5 per cent vanadium and 
5 per cent molybdenum, were selected as a base 
for the production of ternary alloys. Figs. 3 and 4 
show the results of scaling resistance tests on a 
number of ternary alloys. 

If titanium is added to the alloy with 5 per cent 
vanadium there is a further increase in scaling 
resistance. Additions of aluminium have a similar 


71 
VOL. 
12 
1961 | 


Effect of alloying on the oxidizability of niobium alloys 


70 | 
| 

| 
= 50 =] V 
40 
= 
20 + 
Lr \ 

10 Cr /0 

15 of 5 15 
Wt. % alloying element Wt. % alloying element 
FIG. 1. Variation in rate of oxidation of niobium when FIG. 2. Dependence of rate of oxidation on concentra- 
alloyed with titanium, chromium and zirconium. tion of vanadium, molybdenum or tungsten. 


] 
| a” | 
i 
? 
| 4 
= \ 
| | ér 5 
= 
2 
L | | 
0 5 10 15 20 / 2 y 5 
Wt. % alloying element Wt. % alloying element 
FIG. 3. Influence of additions of zirconium, chromium, FIG. 4. Influence of additions of vanadium and chromium 
titanium and aluminium on scaling resistance of on rate of scaling of a niobium alloy with 
niobium alloys with 5 per cent vanadium. 5 per cent molybdenum. 
effect (Fig. 3). The rate of oxidation curve for the molybdenum increase with a further addition of 
alloy with vanadium and zirconium passes through chromium. In the alloy with 5 per cent vanadium and 
a maximum, as in the case of the ternary alloys with 5 percent chromium, at 1000°C the rate of oxida- 
zirconium. If vanadium is present the maximum is tion is about 10 times less than that of the pure 
shifted to higher ranges of zirconium concentration. niobium. 
Slight additions of vanadium have a beneficial effect 
on the scaling resistance of the alloy with 5 per DISCU SSION 
cent molybdenum. If the vanadium content is above 
3 per cent the rate of oxidation increases (Fig. 4). In studying oxidation in niobium alloys attention 


The scaling resistance of alloys with vanadium and is immediately drawn to the fact that the scale is 
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TABLE 1 
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Note. Rate of oxidation in unalloyed niobium is 26 mg/cm? hr. 


of a two-layered nature. Under the friable outer 
there is a thin sub-layer which is difficult to separ- 
ate from the metal. It was established by X-ray 
diffraction analysis that the outer layer of scale in 
pure niobium and in the alloys investigated is of 
the Nb,O, type. The very considerable difference in 
the volume of the metal and the scale causes con- 
siderable stresses in the layer of pentoxide which 
cause the peeling and spalling of the oxide film. 

According to Goldschmidt’s data [3], the dense 
sub-layer immediately adjacent to the metal has a 
Nb,Os structure with preferred lattice orientation. 
It was found fairly recently [2], that besides the 
oriented niobium pentoxide, there is also some 
niobium oxide. The NbO crystallizes with the same 
cubic lattice as the metal andis characterized by 
a volumetric ratio which is half that of the Nb,O, 
= 1-37, NB,0; 2.68) and it forms a 
dense oxide film. in the scale on pure niobium, 
NbO is present in exceedingly small quantities. 
Increase of the relative NbO content in the scale 
on alloying may cause a reduction in the rate of 
oxidation of niobium alloys. 

NbO belongs to those oxides which are stable 
when there are excess metal ions in the crystal 
lattice. In this type of oxide the rate of diffusion 
decreases if elements are introduced which have a 
higher valency than that of the base metal [4]. The 
substitution of the bivalent niobium ions in the 
NbO sub-lattice by ions of vanadium, chromium or 


titanium, and particularly by the hexavalent moly- 
bdenum ions, should have a beneficial effect on 
scaling resistance. 

Besides the stabilization of the oxide with low 
volumetric ratio, another reason for the increased 
scaling resistance ofniobium alloys when further 
alloyed may be the increase in strength and dens- 
ity of the niobium pentoxide and the formation of 
complex oxides of the spinel type, which have 
protective properties. The influence of alloying on 
the properties of niobium pentoxide is directly 
related to the ion radii of the alloying elements. 
After replacing the niobium ions in the Nb,O, 
crystal lattice, elements with ionic radius less than 
that of niobium — vanadium, chromium and titanium — 
cause a reduction in the molecular volume of the 
pentoxide and increase in its density and strength. 
Tungsten*, which has an ionic radius very close 
to that of niobium, has only a negligible influence 
on scaling resistance, while zirconium, which has 
a considerably larger atomic radius than the 
niobium ion, increases the rate of oxidation. The 
figures in Table 1 show that the alloying effect is 
intensified if the concentration of the alloying 
element is increased. The same level of oxidation 
resistance is achieved with a much lower concentra- 
tion of an alloying e!ement if it has a lower ionic 


* According to Kling, tungsten is present in Nb,O, 
in the form 
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radius. 

Two different modifications of Nb,O, are known 
to occur in the scale of pure niobium, depending on 
testing temperature and soaking time. These are 
a-Nb,Os with an orthorhombic lattice and 8-Nb,0; 
with a monoclinic lattice. 

In the scale on pure niobium the transformation of 
the metastable a-phase to the stable 8 - phase 
occurs at a considerable speed, 3 per cent 8- phase 
per min, at 900°C [3]. The rearrangement of the 
Nb,Os lattice from the orthorhombic to the mono- 
clinic causes increased activation energy of the 
oxidation process. This is the reason for the higher 
oxidation resistance of pure niobium at 1000° than 
at 800°C, which was observed in paper [1]. 

Substitution of the niobium ions in the Nb,Os 
lattice by ions of the alloying elements will influ- 
ence the kinetics of the a+ f transformation in 
Nb,O,. It has been found that the alloying elements 
which reduce the rate of niobium oxidation — 
vanadium, chromium, titanium and molybdenum — 
stabilize the B-Nb,Os modification and accelerate 
the a+ Bf transformation. Zirconium additions, on the 
other hand, stabilize the a-Nb,Oxz, raising the 
transformation point from the ato the B modification. 
If elements with low ionic radius are dissolved in 
the niobium pentoxide, stabilizing the 8 modifica- 
tion, the protective properties of the oxide scale 
are increased. 

When the amount of the alloying element is in- 
creased its concentrations in the scale may exceed 
its maximum solubility in niobium pentoxide. In this 
case oxides of the alloying element will be formed 
in the scale. According to [6], the maximum solu- 
bility of molybdenum in Nb,O; is 7.5 at. %. The 
volatile oxide MoO, which is formed if the moly- 
bdenum content is high, will increase the rate of 
oxidation of the niobium and create further pores in 
the oxide scale. The appearance of a low fusion 
vanadium pentoxide in the scale of an alloy with 
4 at. % vanadium will also cause an abrupt 
increase in the rate of oxidation. At low concentra- 
tions zirconium increases the rate of oxidation of 
niobium. However, scaling resistance improves 
when the refractory zirconium dioxide is formed in 
the scale at high zirconium concentrations. 

If only slight additions of the alloying elements 
are made, when no oxide phases other than Nb,O; 
are formed in the scale, the positive influence of 
alloying on scaling resistance is due to an improve- 
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ment in the properties of the niobium pentoxide. 
with higher concentrations of alloying elements the 
scaling resistance of the alloy will to a consider- 
able degree be determined by the properties of the 
oxides of the alloying elements. 


CONCLUSIONS 


1. Additions of chromium, titanium, vanadium or 
molybdenum to niobium will increase its resistance 
to scaling. 

2. An addition of 5 per cent chromium to a niobium 
alloy with 5 per cent vanadium or 5 per cent moly- 
bdenum will reduce the rate of oxidation at 1000°C. 

3. The effect of alloying on the properties of 
niobium pentoxide is due to the ionic radii of the 
alloying elements. 

4. Alloying elements which reduce the rate of 
oxidation of niobium will stabilize the B-Nb,O,; 
modification. 

5. The positive influence of small additions of 
alloying elements on the scaling resistance of 
niobium is due to an improvement in the properties 
of the niobium pentoxide. 

6. If there is a relative increase in the concentra- 
tion of the refractory oxides of titanium and zir- 
conium in the scale, the resistance of niobium 
alloys to oxidation will be increased. 


Translated by Y. Alford 
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INFLUENCE OF TRACES OF SODIUM AND ZINC ON STRUCTURE AND 
MICROHARDNESS OF TIN* 
N.L. POKROVSKII and T.G. SMIRNOVA 
Moscow State University 
(Received 13 March 1961) 


The reason has been found for the difference in the influence of impurities which are insoluble 
(sodium) and soluble (zinc) in tin on the degree of dispersion of its structure on primary crystal- 
lization, the structure of the surface recrystallization layer and grain growth in the process of 


secondary recrystallization. 


One of the most important problems on practical 
metallography is to find a means of producing 
alloys with a fine-grain structure. A number of 
methods have been developed for this puipose and 
they have been used with success in production 
metallurgy. Of these the one most widely used at 
the present time is that of modification, which is 


based on the use of small quantities of different 
types of addition. These are selected on the basis 

of theoretical premises [1]. The modifying effect of 
the additions is usually assessed from metallographic 
analysis. 

To explain the laws governing the process of 
modification of metals considerable importance 
attaches to the purity of the initial materials, the 
chemical and thermal stability of the casting moulds, 
and the use of a vacuum in the production of the 
alloys. All these requirements are quite well satis- 
fied if fusible metals are used, for instance tin, as 
was the case in the present work. With tin, how- 
ever, metallographic analysis is complicated by the 
fact that in the course of its mechanical machining 
(grinding and polishing) work-hardened and therefore 
easily recrystaflizable layers are formed. Pure tin 
is known to recrystallize at a temperature consi- 
derably below room temperature [2]. 

1. In the present work investigation was made 
into the macrostructure and microhardness of tin 
refined by zonal smelting (99.9992 per cent) and 
tin alloyed with surface-active additions of sodium 


* Fiz. metal. metalloved., 12, No. 5, 708-713, 1961. 


3] and non-active additions of zinc [4]. The alloy- 
ing additions were refined by vacuum distillation. 

The sodium concentration of the alloys studied 
range from 0.002-0.1 wt. % (or 0.010-0.516 at. %) 
and of zinc, from 0.002-0.5 wt. % (0.004-0.910 at. %). 
The alloys were prepared in glass ampoules under 
a vacuum of 1 x 10°* mm Hg. The ampoules which 
were filled with the liquid alloy were of the re- 
quired shape and size. The castings thus obtained 
were freed from the glass and were then used 
without any further mechanical treatment. Crystal- 
lization was carried out in the same circumstances 
for all the alloys. They were cooled to room tem- 
perature in the course of 10-12 hr, being kept in a 
thermostat filled with sand. 

The microsections for metallographic analysis 
were prepared in two different ways: casting on to 
glass plates [3] and mechanical grinding on emery 
files with subsequent polishing on chamois-leather, 
using a special paste [5]. In the first method the 
molten metal was poured through a capillary under 
a vacuum into the ampoule at the bottom of which 
a plate of polished optical glass had been placed. 
After crystallization the end of the cylindrical 
tin specimen had a mirror surface which required no 
further polishing. After etching in concentrated 
hydrochloric acid with an addition of several 
crystals of potassium chlorate, the structure of the 
specimen was revealed. 

This was the method used for the production and 
analysis of specimens of pure tin and tin alloyed 
with traces of zinc and sodium (see Fig. 1). 

From the information given it can be seen that 


Influence of traces of sodium and zinc on tin 


Trace < jo” % 


dna—Zn 


FIG. 1. Primary crystallization structure of tin and tin 
alloyed with traces of sodium and zinc: 
a — pure tin; b — 0.002 % Na; 
c — 0.01% Na; d — 0.05 % Na; 
e — 0.002% Zn; f — 0.02% Zn; 
g—0.5% Zn; wt. %X6. 


concentrations of 0.002 wt. % sodium (Fig. 1 5) or 
0.002 or 0.02 wt. % zine (Fig. le and f) do not 
affect the cast structure of the tin, as with the 


pure tin, not more than 2-3 grains are in the field 
of view in the plane of the microsection. If the 
sodium concentration is increased (Figs. lc and d) 
there is a sharp increase in the degree of dispersion 
of the structure of the tin. The results for sodium 
are in agreement with the theories in [1] and with 
our earlier experiments [3]. Although almost neglig- 
ible, due to the presence of impurities of inactive 
zinc (Fig. 1 g) at first glance the structural refine- 
ment of the tin is in contradiction to theory [1]. It 
must here be remembered, however, that the crystal- 
lization of metals andalloys is a substantially 
non-equilibrium process. It is possible that the 
temperature conditions for crystallization used were 
not favourable to the uniform distribution of zinc, 
particularly in the specimens with a high concentra- 
tion. [t may have been this which caused refine- 
ment of the tin structure (I*ig. 1 g). 

Of interest in this respect are the results obtained 
by Pokrovskii and Tissen [6]. They were able to 
establish that, due to their neutral behaviour as 
regards surface activity in respect of liquid tin, 
additions of germanium and indium had consider- 
able influence on the kinetics of its crystallization. 
With rapid cooling tin alloyed with additions of 
indium had a fine-grained structure. With slow 
cooling tin of the same composition had a granular 
structure. This is attributed to the fact that, under 
slow cooling, the indium was able to diffuse into 
the tin crystals without retarding their rate of 
growth. 

2. The study of tin specimens produced by the 
second method, i.e. by mechanical grinding and 
polishing, produced a completely different structure. 
Regular polyhedrons are clearly visible on the 
photomicrograph shown (Fig. 2), such as are char- 
acteristic for a recrystallization structure. By a 
comparative qualitative analysis it was found that 
the effect of the zinc on the degree of dispersion 
of the recrystallization structure of the surface 
layer was very much greater than that of sodium 
(see Figs. 2 d-i). Being soluble in solid tin [7], 
zinc would of course promote a higher recrystal- 
lization temperature. Solid solutions are known [8], 
to recrystallize at a much higher threshold level of 
diffusion mobility, namely: D = 10°*? cm? sec™?, 
while for pure metals it is D ~ 10°77 cm? sec™?. 
This is why the tin grains with the impurity were 
restricted in growth and were unable to achieve 
the dimensions observed in pure tin (see Fig. 2a). 
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FIG. 2. Structure of recrystallized surface layer of tin and tin alloyed with 
traces of sodium and zinc: 
a — pure tin; b — 0.01% Na; c — 0.02 % Na; 
d — 0.05 % Na; e — 0.1% Na; 


With increase in concentration of zinc, which 
causes elevation of the recrystallization tempera- 
ture of tin, the structure of its surface layer became 
more and more refined. (Figs. 2d-i). 

Sodium is only slightly soluble in tin [7]. Its 
influence on recrystallization temperature should 
therefore be less noticeable. This is the reason why 
the tin specimens with sodium impurities have a 


more granular structure (Figs. 2b-e). The ne- 
gligible solubility of sodium in tin is not only 
confirmed by published data but also by our 
microhardness measurements of specimens of tin 
with sodium impurities. Sodium appears to have 
virtually no effect on the microhardness of tin 
(see Table 1). Zinc, on the other hand, causes a 
noticeable increase in this characteristic. 
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FIG. 2. Structure of recrystallized surface layer of tin and tin alloyed with 
traces of sodium and zinc: 


f — 0.02% Z; 


g — 0.05% Zn; 


hk 0.1% Zn; 


i — 0.5% Zn (wt. %); < 75. 


It is interesting to note that, in tin alloyed with 
traces of sodium, besides the polyhedral recrystal- 
lization structure, there is also precipitation of 
the eutectic tin-sodium. These precipitations are 
particularly noticeable in Figs. 2d and e (arrow). 

3. To find out what effect slight impurities would 
have on grain growth of tin in the process of sec- 
ondary recrystallization, test specimens were 
annealed for 3 hr at 150°. After this they were 
etched (see above). This revealed the macrostruct- 
ure from which it was possible to make a qualitative 
assessment of the influence of sodium and zinc 
impurities on the grain growth of the tin. It seems 
that in pure tin and in tin alloyed with traces of 
zinc, there was considerable grain growth (Figs. 
3a, 3e-i), while in that containing traces of sodium, 
the grain became slightly smaller. Zinc therefore, 
which forms a solid solution with tin, had very 
little effect on grain growth in the process of 


TABLE 1. Influence of traces of zinc and sodium on 
microhardness of pure tin (traces not more than 
10°, P = 30g, H = 6.2) 


oncentra- H, 
tion at 


Concentra- H, 


| 
tion at kg/mm? 
| 


kg/mm? 


0.036 {| ..7.3 {| 0,052 | 6.6 
0.091 | 


secondary recrystallization. Sodium, which 
is not soluble in solid tin, retarded its grain 
growth. 
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FIG. 3. Structure of recrystallized surface layer of tin and tin alloyed with 
traces of sodium and zinc after 3 hr annealing at 150°; 

a — pure tin; b — 0.01% Na; c — 0.02% Na; 

d — 0.05 % Na; % Zn; f — 0.05% Zn; 

g — 0.1% Zn; h — 0.2% Zn; i — 0.5% Zn 


wt. % X 6. 


CONCLUSIONS the primary crystallization structure of tin has bee 
studied. Sodium traces are found to promote the 
1. The influence of sodium and zinc impurities on production of tin with a fine-grained structure. 
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Traces of zinc, although to a lesser degree, never- 
theless also increase the degree of dispersion. 
This is not in contradiction with theoretical re- 
presentations [1] or experimental data [4] on the 
subject of zinc which is treated as a surface- 
inactive metal. The refining effect of traces of zinc 
on the primary crystallization structure of tin is the 
result of the non-equilibrium conditions of its cryst- 
allization. 

2. The influence of traces of sodium and zinc 
has been studied on the degree of dispersion of the 
secondary recrystallization structure of the layer 
formed as a result of heating after mechanical 
grinding. Zinc has been found to cause a much 
greater increase in the degree of dispersion of this 
layer than does sodium. This is in direct relation 
to its influence on microhardness. 

3. The influence of sodium and zinc traces have 
been studied on grain growth in tin in the process 
of secondary recrystallization of its surface work- 
hardened layer. Sodium has been found to have a 
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Metallographic, X-ray diffraction and densitometric methods of analysis have been used to deter- 
mine the solubility of aluminium in a-leboite (approximately 0.5-0.7 per cent) and the type of solu- 


tion which is formed as a result of this. 


The long-term stability of high silicon ferro- 
silicons is known to be substantially dependent on 
the presence of impurities Al, Ca and P and also on 
its previous heat treatment [1-5]. There is reason to 
suppose [5-7] that a particularly important part is 
played here by unprecipitated phosphides and other 
compounds on grain boundaries. As a result of inter- 
action with water vapours they are dissolved and 
cause the ferrosilicon to scatter. Of course, their 
formation is on one hand substantially dependent on 
the solubility of the impurities in the phase com- 
ponents of the alloy, and on the other, on their 
concentration. If the concentration is lower than the 
solubility, the alloy will not contain intercrystal- 
line precipitation particles, and it will be stable on 
storage. If, however, the impurity concentration is 
greater than their solubility, then there will be pre- 
cipitation of phases of low stability and the ferro- 
silicon will have a tendency to scattering. 

In this connexion analysis of the equilibrium con 
ditions in the quinary system Fe, Si, Al, Ca, P is 
known to be of considerable interest. This problem 
is exceptionally difficult and it can only be solved 
after the characteristics of the more simple ternary, 
and quaternary systems have been collected. 

There is not very much information regarding the 
ternary systems of interest to us. In particular, the 
Fe, Si, Al alloys have been investigated at com- 
paratively low silicon contents of 20-25 per cent. A 
number of compounds, Fe, (Si, Al), Fe,Al,,Si, 
Fe,Al,,Si, have been found in them, together with 
solid solutions (e.g. [8]). The high silicon part of 
the system does not appear to have been investigated 


* Fiz. metal. metalloved., 12, No. 5, 714-721, 1961. 


at all. For this reason investigation of the solubi- 
lity of aluminium in a-leboite was undertaken, 
and the resu!:s are presented in the present report. 


STARTING MATERIALS AND 
EXPERIMENTAL PROCEDURE 


The alloys for the investigations were prepared 
from reduced iron, containing less than 0.05 per 
cent impurities, splinters of monocrystalline silicon 
(> 99.99 per cent Si), and electrolytic aluminium 
(99.99 per cent Al). 

First of all the a-leboite was melted in a vacuum 
induction furnace \IVP-3M (at p mm Hg) in 
quartz crucibles. A ferrosilicon alloy containing 
55 per cent Si was used as the starting material. 
This composition corresponds to the maximum on 
the liquidus curve of the ¢, phase [9]. It was 
alloyed by the addition of measured amounts of 
aluminium, silicon and iron and repeated remelt- 
ing in evacuated and sealed quartz ampoules 
(at 1250-1280°C). 

A weight check of the starting materials and the 
products of the melt showed thatthere was a devia- 
tion of only 0.05 per cent in the process of prepar- 
ing the basic alloy. The deviation was even less 
when the specimens were melted. 

Nineteen alloys were prepared in the manner des- 
cribed above. Their composition was selected in 
such a way that the figurative points correspond- 
ing to them were arranged along three beams origin- 
ating at the point characterizing the composition 
of the base alloy (55% Si, 45% Fe) towards the Al 
apex and also at angles of 135 and 45° to the Fe-Si 
side of the composition triangle (see Fig. 1 and 


Table 1). 
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TABLE 1. Compositions and lattice parameters of alloys corresponding to the central (C), 
right (R) and left (L) beams (annealing at ¢ = 1080°) 


No. of | ic | 2 | 3c sc | sc 6c | 7c | 8c | 9c 


Si {55.00 [54.88 [54,72 {54,66 {54,61 [54,50 [54.33 |54,12 [54.30 
Fe | 45,00 |44.92 |44,78 |44.74 |44.69 [44.60 [44.47 |44 28 | 42.70 
Al _ 0.20 0.50 | 0,60 0.70 0.90 1.20 1.60 5.00 


2.6904 2.6921} 2,6925) 2.6927) 2.6927} 2.6927 
c 5.1333) 5, 1339) 5.1347; 5.1350) 5.1352) 5.1354) 5.1353) 5.1354) 5. 1354 


IR 2R 3R +R SR IL 2L 3L 4L 5L 


Si 55.14 55.22 [55.29 {55,37 155.44 (54.45 [53.90 [53,63 |53.35 |52.80 
Fej44.46 [44.18 /43,91 /43.63 (43.36 [45.15 [45,30 |44.37 (45.45 |45.60 
° {Al} 0.40 | 0.60 | 0.80 | 1.00 | 1.20 | 0.40 | 0.80 | 1.00 | 1.20 | 1,60 


2.6924) 2.6929| 2.6934] 2.6934 
5, 1356) 5.1364) 5.1369] 5.1369 


a, | 2.6890] 2.6883| 2.6877] 2.6877| 2.6877] 2.6914 
c, A | 5.13121 5.1302] 5.1294] 5.1294) 5.1294 5.1343 


The alloys were vacuum homogenized for 100 hr 
at 1080°C (and in some cases, annealed at 1000°), 
and were then quenched in air. This was done on the 
basis of earlier observations [3, 10, 11], with the 
purpose of fixing the high temperature a-leboite. 
Metallographic and X-ray diffraction analysis of the 
specimens, cast bars 6-7 g in weight, showed that 
they were homogeneous throughout and that there 
was no silicon segregation. The metallographic 
examination was carried out in polarized light on a 
-MIM-8M microscope. The phase components were 
identified from their colours and also by the speci- 
fic anisotropy effect which is the property of FIG. 1. Composition of the alloys studied. 
a-leboite [12] (we recall that the monosilicides of 
iron and silicon are optically inactive). Further 
information regarding the individual features of the 
phase components was also provided by studying 
their microhardness. This was carried out on a 
PMT-3 tester at a load of 70 g. 

X-ray diffraction analysis was carried out by the 
Debye-Scherrer method. The photographs were made trodes. 
in cobalt radiation (J, = 10 mA, V = 32 kV) in VRS-3 Density was measured on ground specimens by 
cameras. Lattice parameters were determined from the pyknometric method. A medium fraction of 
the (220) lines for a and (204) for c. Measurements refined kerosene was used as a filler. It was put 
were made on the X-ray diffraction patterns with a into the pyknometer with a weighed portion of the 
precision of up to tenths of a millimetre, using a specimen under a vacuum, to be sure that all the 
negatoscope. Photos of specimens of a comparable pores and cracks are satisfactorily filled. Special 
series of alloys were made in the same camera. attention is paid to careful thermostating and 


NZ 


&~ leboite 


The thermoelectomotive force of the alloys was 
measured with regard to copper and a temperature 
difference of 20-120°. The apparatus described in 
[13] was used, in which the specimen is gripped 
between two massive thermostated copper elec- 
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weighing. 
RESULTS AND DISCUSSION 


Metallographic investigations. The solubility 


FIG. 2. Microphotograph of a-leboite containing 0.6% Al 

(central beam). Precipitations of an optically inactive 

phase can be seen on the boundary of the leboite grain; 
x 500 (crossed polaroids). 


range of aluminium in a-leboite was determined from 


observations of the conditions of transformation of 
the single-phase system to a heterophase one. 

The first series of specimens, whose composition 
corresponded to the central beam (Fig. 1, Table 1) 
remained single-phase after annealing at 1080°, 
with aluminium concentrations not more than 0.5 per 
cent. In these circumstances the specimens only 
consisted of polyhedral grains of the alloyed 
a-leboite. When the aluminium concentration was 
increased, precipitation of new phase components 
was observed. [n alloys with 0.5-0.7% Al small 
quantities of optically inactive crystallites of a 
new phase were formed, similar in colour to silicon 
(Fig. 2). In specimens containing more than 0.7- 

0.8 % Al, besides the silicon precipitations there . 
were also some optically active ones (Fig. 3). 
Roughly the same phase relations obtained in spe- 
cimens which had undergone 100 hr annealing at 
1000°. 

Alloys of the right-hand beam, stabilized at 1080°, 
remained single-phase up to about 0.4% Al. At 
higher aluminium concentrations at first (0.4% <%Al 
< 0.8-0.9%) as in the preceding case, there was 
precipitation of optically inactive components and 
then, above 0.8-0.9 % Al, of an optically active 
phase. Here the character, nature and conditions of 
formation of the new phase components were 


FIG. 3. Microphotograph of a-leboite containing 1.6% Al 

(central beam). In the central part of the photograph 

precipitations can be seen of a new optically active 
phase; x 500 (crossed polaroids). 


identical with those described for the specimens 
corresponding to the central beam. It appears that 
all the alloys under discussion belong to the same 
particular triangle of compositions (Si-Al ¢,, phase). 

Somewhat different conditions of saturation of 
the a-leboite were observed for alloys whose com- 
position corresponded to the left-hand beam. The 
first precipitations of crystallites of an inactive 
component (possibly monosilicide of iron or of the 
ternary (Fe,Si,Al,) compound) in the specimens 
which had been annealed at 1080° where they con- 
tain more than 0.4% Al. In this case the optically 
active phase appeared at considerably higher 
aluminium concentrations, around 1.0-1.2 per cent. 
Both the optically active phase and the silicon 
phase precipitate usually along the grain bound- 
aries of the leboite and have a fine-grained lamel- 
lar structure *. 

The data enumerated above indicate the relatively 
low solubility of aluminium in a-leboite. At around 
0.4-0.6 per cent concentration the silicon phase 
begins to be displaced, possible before the disso- 
lution of the aluminium has been completed. This 
goes on up to 0.8-1.2% Al, when further addition 


* It must be noted that when microsections are pro- 
duced from annealed alloys, the optically active 
phase will be very brittle. 


: 


FIG. 4. Influence of aluminium on microhardness of al- 

loyed a-leboite present in the alloys of the central beam: 
1 — after annealing at 1000°; 
2 — after annealing at 1080°. 


of the alloying element will cause precipitation of 
a three-component compound, the nature of which 
requires further clarification. 

Very similar results are provided by the micro- 
hardness.tests. As an example we will look at the 
data obtained from alloys corresponding to the 
central beam. As can be seen from Fig. 4, pure 
leboite whic contains about 55% Si, has a micro- 
hardness of around 1000 kg/mm?. Introduction of 
aluminium causes linear loss of H, right down to a 
concentration of 0.7 % Al when H = 680-780 kg/mm? 
(after quenching from 1080 and 1000° respectively). 
If the aluminium concentration is increased up to 
5 per cent this has no effect on the mechanical 
properties of the ¢, phase grains. This means that 
the beginning of the precipitation of the optically 
active phase is in very good agreement with the 
results of microscopic analysis for alloys approxi- 
mately 0.7 per cent. For obvious reasons, it is not 
possible to find the conditions for the precipitation 
of the silicon phase by the microhardness method 
used. 

Thermoelectromotive force measurements of spe- 
cimens alloyed with aluminium indicated, as was to 
be expected, considerable dependence of thermo 
e.m.f. on composition. From the structure of the 
thermo e.m.f./aluminium concentration isotherms, 
it was possible with reasonable accuracy to estab- 
lish the boundaries of the single-phase existence 
of alloyed a-leboite. The salient points on the 
isotherms are in very good agreement with the 
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FIG. 5. Influence of aluminium on lattice parameters of 
a-leboite present in alloys corresponding to the 
central (C), right (R) and left (L) beams. 


aluminium solubilities established by metallo- 
graphic analysis. 

X-ray diffraction analyses. a-leboite is known 
to have a tetragonal unit cell with a parameter 
which varies, according to composition, from 
a = 2.6937 A, c = 5.139 A to a = 2.6872 A, 

c = 5.128 A on quenching from 1080°. A distinctive 
feature of its structure is the imperfection of the 
iron lattice, the whole concentration of which in- 
creases, within its homogeneity range from 53.5 to 
56.5% Si, from 13 to 23 per cent [14]. It is known 
furthermore, that the dimensions of unit cells in 
similar structures are usually quite sensitive not 
only to the composition of main components, but 
also to impurities resolved in them. This provides 
a basis for the study of the influence of aluminium 
on the lattice parameters of the ¢, phase from which 
the conditions for the precipitation of new phases 
can be found. The results of this kind of inves- 
tigation are set out in Fig. 5 and Table 1. 

In discussing them it must be remembered that in 
alloys along the central beam, the relation between 
the amounts of silicon and iron will remain const- 


ant, namely at 


= 
ta, | 
Gi} 


For this reason the variation in their lattice para- 
meters could only have been caused by an increase 
in the aluminium concentrations. In this case, as 
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TABLE 2. Calculation of the number of atoms to the unit cell of a-leboite 
present in alloys of the central beam 


Densit y cm? 


No. uf atoms per anit cell 


a-leboite Nee Nyy 


823 

9 000 0,823 GOS 
0, 822 O19 
i ,49) 823 023 
82:2 0 097 


hotototote 


can be seen from Fig. 5, the a and c parameters 
increase linearly with increasing aluminium up to 
about 0.75 per cent. Further additions of the alloy- 
ing element of up to 5 per cent do not have any 
effect on the a and c values. This means that, in 
agreement with the results of the metallographic 
investigations already described, the precipitation 
of an aluminium-rich phase is observed in these 
alloys at a concentration of approximately 0.75 % Al. 

It was not possible to discover any anomalies in 
relation to the conditions of formation of the optic- 
ally inactive silicon phase, probably due to their 
small number. 

Similar results were obtained in the two other 
series of specimens. I[t follows from these results 
(see Fig. 5) that the aluminium-rich ternary compound 
Fe ,SiyAl, is precipitated in the alloys of the right- 
hand beam when the aluminium concentration is 
around 8 per cent, and around 1.2 per cent in the 
alloys of the left-hand beam. 

When considering the results of the investigation 
of the alloys of the left and right-hand beams, it 
must be remembered that their lattice parameters not 
only vary as a result of variations of aluminium 
concentration, but also, of the main components 
(Fe and Si). In this connexion the dependences set 
out in Fig. 5 reflect the simultaneous influence of 
two variables, Al and Si, on a and c. For the left- 
hand beam alloys the lattice parameters increase 
with increasing aluminium concentration. Among 
other things this can be attributed to the fact that 
here there is simultaneous reduction of the con- 
centration of silicon due, as is well-known [14], to 
a reduction in the imperfection of the lattice in the 
binary Fe-Si alloy, and also increase in the unit 
cell parameters. 


It can be seen from Table 1, that if 1.2% Al is 
added to the alloy there will be a reduction of 
1.65 per cent in silicon concentration. According 
to [14], in pure Fe-Si alloys this should cause a 
to increase by 0.0040 A and c by 0.0061 A. Act- 
ually, for these specimens, the aluminium alloy- 
ing addition produces Aa = 0.0030 A and 
Nec = 0.0036 A. Similar divergences occur for the 
alloys of the right-hand beam. While in the pure 
alloys, the difference in the parameters due to 
variation of silicon content by 0.29 per cent is 
Aa = 0.0006 A and Ac = 0.0009 A, in the alloyed 
specimens this causes parameter variations of 
Aa = 0.0027 A and Ac = 0.0039 A. Thus, in a 
three-component solid solution Fe-Si-Al, variations 
in lattice parameters are not an additive sum of 
the components, allowing for the individual effect 
of each of these separately. This is particularly 
obvious if one considers the isoconcentration 
sections at constant aluminium concentration. In 
this case the silicon content increases regularly 
from the left-hand alloy through the central to the 
right-hand ones. Apart from anvthing else, the 
lattice parameters of specimens corresponding to 
the left-hand and central beams are practically 
identical, and the only clear difference is for the 
alloys of the right-hand beam. The reason for this 
is not clear and requires further investigation. 

Density studies. The data set out above show 
fairly convincingly that aluminium is dissolved 
only quite weakly in a-leboite. The nature of the 
solution formed as a result of this is known to be 
of considerable interest. In order to discover it, 
precision measurements were carried out on the 
density of the alloys corresponding to the central 
beam, and the number ofiron, silicon and aluminium 
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atoms were counted for one unit cell. concentrations of more than 0.7 per cent, the re- 


For single-phase a-leboite (0-0.5%; Al) the cal- duction in the density of the alloy is, of course, 
culation can be carried out from the formula due to other reasons such as the presence of the 
crystals of a phase containing aluminium, besides 


n, the saturated a-leboite. 


CONCLUSIONS 
where N, is Avogadro’s number; p and V are density 
and volume of the leboite unit cell; A; and X; are 1. The solubility range of aluminium in the ¢, 
the atomic weight and atomic fractionofthe correspond- _ phase of the Fe, Si system has been studied by 
ing components (i = Fe, Si, Al). For two-phase alloys metallographic, microhardness, X-ray diffraction 
(0.6 and 0.7 % Al) the calculation is somewhat more _ and thermoelectromotive force analyses. 
complicated. First of all it is assumed that the 2. The structural features of the solid solutions 


inactive component is close to silicon in composi- of aluminium in high temperature leboite have been 


tion. Furthermore, its amount is assessed from the discussed on the basis of the results of precision 
measurements of the lattice parameters and densi- 


area of the crystals in a microsection, and then a 
suitable correction is introduced to the figure for ties of the alloys. 

the specific weight of the alloy. Due to the low 3. The addition of 0.4-0.6% Al to a-leboite has 
silicon concentrations of the phase these corrections been found to cause precipitation of an optically 


do not cause any significant variations in the inactive silicon phase, the quantity of which in- 
creases with the Al concentration. At 0.8-0.9% Al 


results. 

The figures obtained in this way are set out in there is precipitation of a new optically active phase 
Table 2. From this Table it can be seen thaton of unknown composition. 
average 2.000 Si atoms and 0.823 Fe atoms belong 4. The dissolution of 0.4-0.5% Al is accompanied 
to the unit cell of pure leboite, i.e. a total 2.823 by vacancy substitution in the metallic sub-lattice 
atoms. As in stoichiometric bisilicide ng; = 2, of the a-leboite. Further increase in aluminium 
Ry. = 1 and n, = 3, this must indicate that the concentration mainly causes it to be substituted 
structure of the ¢, phase which contains 55% Si is by atoms of silicon particles. 


defective and that in the sites of its metallic sub- 

lattice there are about 18 per cent vacancies. In 

the homogeneous range of the alloys (up to 0.5% Al) Translated by V. Alford 
increased aluminium concentration causes practic- 


ally no change in ng; and nye, but increase in 


ny (up to 2.839). This means that in the conditions REFERENCES 
under review the aluminium atoms partially occupy 
the vacancies in the lattice and reduce their con- 1. T.P. Khazanova and Yu.P. Vasin, Stal’, 8, 720 
. (1955); 
centration down to about 16 per cent. Subsequent Wan 
increase in X 4) causes a comparatively rapid re- 9, 29 (1958). 
duction of ng;. 
a 2. I.N. Strukov and P.V. Gel’d, Fiz. metal. metalloved., 
As for the np, value, as far as can be seen 3, 564 (1956). 
within the range of precision of the measurements 3. IN. Strukov and P.V. Gel’d, Trud Ural’sk. politekh. 
and calculations *, it remains roughly constant. inst, 72, 134 (1957). 
The alloying conditions under review mainly seem 4. I.A. Zotkin and A.D. Kramarov, Symposium: Metallurgy 
to cause substitution of the silicon atoms by ofyron and steel, Metallurgizdat, 208, 215 (1957). 


aluminium ones. As rq) > rj, this will cause notice- 5. M.A. Shumilov and P.V. Gel’d, Trud. Ural’sk. 
able growth of the unit cell and reduction in the politekh. inst, 105, 129 (1960). 
density of the alloy (see Table 2). At aluminium 6. I. Silberstein, Jron Tr. Rev., 84, 1189 (1929). 


* Here it must be borne in mind that the above correction 
for the density of C, phase grains in alloys with 0.6 in assessing the amount of silicon, which will be re- 
and 0.7% Al has some degree of error, due to difficulty flected in the precision of the npg, not ngj,calculations. 
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INVESTIGATION OF THE DISTRIBUTION OF IMPURITIES IN A SINGLE 
CRYSTAL OF ALUMINIUM * 
V.N. VIGDOROVICH and V.V. MARYCHEV 
Institute of Non-Ferrous Metals 
(Received 3 March 1961) 


A method of prccucing single crystals of aluminium has been developed and the conditions 


have been investigated for the removal of impurities from the aluminium by the Czochralski crystal 


pulling method. 


The distribution of impurities during the growth 
of monocrystals was not investigated in the earlier 
experiments carried out on ‘ne production of alumin- 
ium single crystals [1-5]. Tne following were found 
to be necessary in developing a method of produc- 
ing aluminium single crysta!s: the presence of a 
temperature gradient, necking, which promotes the 
competitive growth of crystals, or the introduction 
of an oriented seed. 

In the present work on the production of single 
crystals a Czochralski crystal pulling laboratory 
apparatus was used. The rate of pulling could be 
adjusted from 0.5 to 15 mm ‘min, and the rate of 
rotation of the stick with the seed and the crucible 
with the melt, from 1 to 100 rev/min. Crucible, 
resistance heater and screen were made of high 
purity graphite. They were ail first soaked at 
1300-1400° for i.5-3 hr in a vacuum of 2 x 10°* mm Hg. 

The starting material used was aluminium types 
AV000 and AVU000. Portions cut from the alumin- 
ium pig were melted in an electric resistance fur- 
nace and the melt was stirred with a graphite 
stick in order to break up and eliminate the oxide 
films It was then cast into graphite moulds the 
same shape as the crucible used for the pulling. 
The castings were etched in a mixture of acids 
(HCl-9, HNO,;-3, HF-2 and H,0-5 by volume) for 
3-5 min in order to dissolve and remove the surface 
impurities, slags and some of the metal oxide. 
After washing they were dried in a vacuum. Before 
growing the crystal, the aluminium was dissolved 
and degassed at a temperature of up to 1000°. There 


* Fiz. metal. metalloved., 12, No. 5, 722-727, 1961. 
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FIG. 1. Diagram showing variations in power transmitted 
to heater against the following graphs: 

a — carrying out process at a constant rate of 
1.85 mm/min to produce single crystals of varying 
dia. (d, = 16, d, = 13 and d, = 12 mm); 

b — process carried out at varying rates (v, = 1.9, 
v, = 1.5 and v, = 1.0 mm/min) to produce single crys- 
tals of constant dia. (15 mm). 


is some possibility thatthe graphite may be wetted 
by the melt with the subsequent formation of Al,C,. 
The rate of this carbide formation becomes notice- 
able from a temperature of 1000°. During the course 
of the experiments the conditions of crystal growth 
were established and their influence on the para- 
meters and shape of the crystals were studied. In 
Fig. 1 the conditions of growth are plotted against 
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the power supplied to the heater. The various parts 
of the graph correspond to the various stages of the 
process: 

1) etching and beginning of crystal growth; 

2) necking; 

3) “withdrawal in diameter” and 

4) growth of the single crystal. 

The power supplied to the heater in the course of 
the growth of the single crystal had to be varied 
due to the increase in heat withdrawal through the 
crystallizing part, which was ever increasing in 
length and surface, and reduction in the heat 
absorption by the melt, the level of which decreases 
the whole time. 

More than 100 single crystals of aluminium were 
grown by this method. By varying the heating 
conditions different shaped monocrystals could be 
produced with completely smooth surfaces. They 
range from 100 to 200 mm in length, dia. 20 to 
5 mm and wt. 80 to 130 g. Orientation was deter- 
mined visually by a goniometer (morphologically) in 
the simpler cases and by X-ray structural analysis 
in polychromatic radiation using the Laue method *. 

Where polycrystalline specimens (Fig. 2) were 
used as seeds a neck dia. 1-3 mm and length 
7-10 mm was created. [n most cases in single 
crystals produced in this way the orientation was in 
crystallographic direction [111]. About 85 per cent 
of the converging orientations of this kind had 
deviations of y = 0-15° and 5 = 0-6° from the axis of 
the crystal. 

Where monocrystalline specimens were used as 
seeds the orientation of the seed was faithfully 
reproduced, with rare exceptions when this could not 
be achieved due to twinning or the spontaneous 
nucleation of a large number of crystals in the lower 
part,as a result of a pile-up of impurities and oxides 
towards the end of the process. 

Distribution of impurities during the growth of 
single crystals. Two variations were possible in 
the solution to this problem: theoretical assessment 
of the efficiency of the removal of all possible 
impurities from the nature of the corresponding two- 
component constitution diagrams for aluminium and 
the impurity, and experimental study of the behaviour 
of each of the impurities and of their features. 

Some theoretical prerequisites. The available 


* The orientation of the crystals was determined by 
G.V. Indenbaum. 


FIG. 2. Competitive crystal growth in the neck during 
the production of single crystal on a polycrystalline 
seed (x 2.5): 

a — seed; 
b — neck; 
c — single crystal. 


aluminium-impurity [6, 7] constitution diagrams 
could be divided into three groups: eutectic, 
monotectic and peritectic at the pure aluminium 
ordinate. Fig. 3 shows a classification of the 
metallic impurities in aluminium, which is the com- 
pletion of the work in [8]. This classification is 
set up on the basis of the periodic system. Ele- 
ments of the [Va to Vla groups will be concen- 
trated in the beginning part of the single crystal 
[9]. Some elements of the IIb to Vb (Cd, In, TI, 

Pb and Bi) will be forced towards the end of the 
single crystals, but with a number of peculiarities, 
due to lamination in the liquid state. The remaining 
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and greater part of the impurities will be concen- 
trated in the end part of the crystals, but with 
varying degrees of efficiency ranging from good 
(Hg, Ga, Sn) to poor (Mg, Zn, Cu, Si). This large 
group of impurities has been arbitrarily divided 


into sub-groups in our diagram. 


Interaction between the impurities does not appear 
to have any noticeably distorting influence on the 
pattern of distribution proposed as this will be very 
slight where concentrations are low. Some devia- 
tions may arise as a result of considerable varia- 
tions in the distribution coefficients in low concen- 
tration fields or some other secondary effects. 
These assumptions and classification of the dis- 
tribution of impurities may be of some assistance in 


the study of similar effects. 


Distribution of iron, copper and silicon impurities. 
The concentration of iron, copper and silicon im- 
purities along the length of the single crystals grown 
was determined by chemical analytical and spectral 


methods *. 


FIG. 3. Classification of metallic impurities in aluminium; distribution factors 
are shown under the elements, calculated, where possible, from the 
constitution diagram. 


* Chemical analysis was carried out under the direction 
of B.M. Lipshits. Spectral analysis was carried out by 


A.G. Dvotsan. 


As an example Fig. 4 shows the results of the 
determinations at a crystal growth rate of 1.0mm/min. 
The level of the initial concentration of impurities 
is shown in the same place, 0.008% Fe, 0.008% Cu 
and 0.002 % Si. The figures obtained were proces- 
sed by the method proposed in [10] and the effect- 
ive distribution factors were thus calculated. 
Tests were carried out at varying rates of growth, 
1.0, 1.5 and 2.0 mm/min, which provided aa opport- 
unity of using the hypot! ses put forward by 
Burton, Prim and Slichter (3] to determine the 
equilibrium distribution factor by extrapolation to 
zero for the rate of crystallization (v = C). This is 
shown in Fig. 5, where for iron Ky = 0.27, for 
copper K, = 0.20 and for silicon Ky = 0.15. The 
K, values obtained for copper and silicou are the 
same as those calculated from the equilibrium 
diagram. The figure obtained for iron is much 
greater however. This appears to be due to the 
negligible solubility of iron in fused aluminium, 
due to which finely dispersed FeAl, inclusions 
may be entrained by the growing single crystal, ashas 
been observed, for instance, in the distribution of 
silver andiron in germanium [11]. 

Using the method of residual electrical resist- 
ivity measurements at the temperature of liquid 
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FIG. 4. Semi-logarithmic graph of the distribution of 
iron, copper and silicon impurities along growing 
single crystals (chemical analysis data). 


hydrogen as an integral criterion of the impurity 
concentration in aluminium, data were obtained re- 
garding the distribution of the total amount of 
impurities along the single crystals *. Fig. 6 shows 
the results. They show that most of the initial part 
of the monocrystals have been refined and a small 
part of the end still contains impurities. Residual 
electrical resistivity (p> {2 cm) can be calculated 
for the total amount of impurities (C, wt. %) accord- 
ing to the formula p> = 6.5 x 10° C. The method 
proposed in [10] for the determination of effective 
distribution factors was used to process the mea- 
surements of residual electrical resistivity. In the 
process of growing aluminium single crystals it is 
thus possible to achieve a refining effect of from 
0.0009 to 0.0007 per cent or from 0.004 to 

0.001 per cent. In the first case K = 0.78 and in 
the second, 0.28. 

Displacement of impurities to the surface of 
single crystals. Spectral analysis was used to 
find the local concentration of impurities in the 
cross-sectional plane of aluminium single crystals. 
The surface concentration was found to be higher 
than in the centre of the section. 

As an example Fig. 7 shows the distribution of 


* Technique was developed for aluminium and the calcul- 
ations were made by V.B. Zernov (see also [12, 13]. 


25 
mm/min 
FIG. 5. Semi-logarithmic graph from which the equili- 


brium distribution factor can be found at zero 
crystallization rate. 


iron, copper and silicon impurities in different 
sections of the length of the single crystal. There 
is very considerable displacement of the distriba- 
tion curves obtained at different distances from the 
axis (Fig. 7). This can only be due to distortion of 
the crystallization front and the curvature of the 
crystallized part grown on the melt side. The crys- 
tallization front seems to be slightly above the top 
of the melt and, due to difficult conditions of dif- 
fusion in the course of growth, there is consider- 
able pile-up of impurities in the sectors of the melt 
adjacent to the periphery of the crystal. This 
causes the entrainment of a large number of im- 
purities by thé growing crystal. Average concentra- 
tion of the silicon impurity (indicated by dashed 
line in Fig. 7c) is 6.0025 per cent; in the centre 

it is 0.0011 per cent and at a distance of 4 mm 
from the centre, 0.0019 per cent, 6 mm from the 
centre — 0.0028 per cent (ringed in Fig. 7c). Thus 
the effective distribution factors are 0.5, 0.6 and 
0.9 respectively. When the diameter of the growing 
crystals is increased, considerably more impurities 
are forced towards the periphery. The centre of 

the crystal is refined to a high degree. This is 
illustrated in Fig. 7c. 


CONCLUSIONS 


A large number of aluminium single crystals 
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FIG. 6. Results of investigation of the course of alumin- FIG. 7. Semi-logarithmic graph showing distribution of 


ium refinement, using the residual electrical resistivity iron (a), copper (6) and silicon (c) impurities along 
method: aluminium single crystal at different distances from 
a — initial concentration of impurities Cy = 0.0009 %; its axis: 
6b — at Cp = 0.004%. 1—r=12.5 mm; 2—r=7.5 mm; 3 —r=0.)] mm, 


Dotted and dashed curves are for single crystals of 
smaller dia., r= 6 mm, r= 4mm andr= 01 mm 
respectively (spectral analysis data). 


length 100 to 200 mm,dia. 20 to 5 mmand wt.80 to bution factor of 0.3-0.8 in the total impurity con- 
130 g have been produced. Preferred orientation centration range of 0.0009 to 0.004 per cent. 


coincides with the axis of the single crystal along 
crystallographic direction [111]. The aluminium is 
refined of metallic impurities during the growth of 
the single crystal, with an average effective distri- 


Translated by V. Alford 


REFERENCES 


1. W.D. Lawson and S. Nilsen, Preparation of single 3. W.G. Pfann, Zonal melting (1960). 
crystals, Butterworth Scientific Publications, 
London (1958). 

2. V.D. Kuznetsov, Kristally i kristalloizatsiya 
(Crystals and crystallization), Gosteoretizdat, 5. F.P.Rybalko, M.A. Bainov and L.M. Katanov, 
Moscow (1954). Fiz. metal. metalloved., 9, 796 (1960). 


4. D.Ye. Ovseyenko and Ye.E. Sosmina, 
Fiz. metal. metalloved., 2, 280 (1956). 


92 
—logC 
| 
| | | | | 
| b | ! | 
jo! 
| | 
| | | | 
| | | | | VOI 
12 
025. 050 O15 100 
| m, mV 


Impurities in an aluminium crystal 


M. Hansen and K. Anderko, Constitution of binary 
alloys, McGraw-Hill Publications, New York - 
Toronto - London (1958). 

L. Mondolfo, Metallography of aluminium alloys, 
Inst. of Metals, London (1943). 


V.N. Vigdorovich, V.V. Krapukhin and I.F. 
Chernomordin, [zv. Akad. Nauk SSSR, Chern. metal- 
lurg., 4, 99 (1960). 

A.N. Krestovnikov and V.N. Vigdorovich, 

Zh. tekh. fiz., 23, 1, 78 (1959). 

V.N. Vigdorovich, Yu.P. Adler and V.V. Marychev, 
Izv. Vuzov, Tsvet. metallurg., 3, 79 (1961). 


. V.N. Vasilevskaya and Ye.G. Miselyuk, 
Voprosy metallurgii i fiziki poluprovodnikov 


(Problems of metallurgy and the physics of semi- 
conductors), 

Trud. tr-ego soveshchaniya po poluprovodn. mat. 
(Proc. 3rd conf. on semiconducting materials), 


Izd. Akad. Nauk SSSR, Moscow, 62 (1959). 


. V.B. Zernov, Chist. metal. i poluprovodniki 


(Pure metals and semiconductors), 

Trud. Pervoi mezuvuzovsk. konf. po chistyn met. 
soyed. i poluprovodnikovym mat. 

(Proc. Ist inter-Inst. conference on pure metals, 
metallic compounds and semiconducting materials), 
Metallurgizdat, Moscow, 158 (1959). 


. V.B. Zernov and Yu.A. Shavrin, 


Zh. eksp. teor. fiz., 36, 1038 (1959). 


93 
8. 
9. 
10. 
VOL. 
12 
1961 


RECRYSTALLIZATION AND POLYGONIZATION AS A RESULT OF THE 
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G.V. INDENBAUM, I.I. NOVIKOV and Yu.D. CHISTYAKOV 
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(Received 10 May 1961) 


The etch figure method has been used to investigate the structural changes taking place 
during the annealing of dendritic single crystals of pure aluminium (99.994 wt. %). 


Single crystals produced as a result of dendritic 
crystallization have an imperfect structure. The 


branches of the growing dendrites are very thin and 
can easily be deformed by bending or twisting, and 
as a result of this parts of the monocrystal are 
considerably disoriented with respect to one another. 
Besides this the concentration of soluble impurities 
is less in the axes than in the interaxial spaces of 
the dendrites, even in very pure aluminium [1]. 


It is known that lattice stresses and distortions, 
and concentration imperfections can be relieved by 
annealing. In the present work, using the method of 
microscopic observation of etch figures, the proces- 
sestakingplace during the annealing of dendritic 
single crystals of aluminium 99.994 wt. % purity 
have been investigated. 

Monocrystalline disks 65 x 10 x 4 mm in size were 
produced by the bending deformation method. This 
method has been described in [2]. A dendritic struc- 
ture was produced by superheating the single 
crystals to temperatures 2-3° higher than m.p. with 
subsequent cooling together with the furnace at a 
temperature gradient of not less than 1°C along the 
specimens. In the furnace the specimens were 
placed on supports and when the superheating above 
m.p. was only very slight their surface remained 
practically even after crystallization. 

Electrolytic polishing was carried out in a mix- 
ture of 1: 1.85 perchloric acid and acetic anhydride 
at 11°C (23 V and current density 0.8 A/dm?. No 
mechanical polishing was used. The etching 
medium proposed by Lacombe and Beaujard [3] was 
used to produce the figures: it consists of a freshly 


* Fiz. metal. metalloved., 12, No. 5, 728-731, 1961. 


prepared mixture of 47 per cent concentrated 
HNO, + 50 per cent concentrated HCl + 3 per cent 
HF at 10-12°C. 

When the specimens are etched after crystalliz- 
ation the axes of the dendrites remain free of 
etch figures andonly on a few of them are some 
very fine figures visible (Fig. 1). The distribution 
and size of etch figures on dendritic single crystals 
of aluminium have been studied in detail in [2], 
from the viewpoint of current ideas regarding the 
role of impurities in revealing dislocation by 
means of etchings. The few etch figures which 
can be seen in the axes of the dendrites are dif- 
ferent from the drawn out triangles covering the 
interaxial space (Fig. 1). This is the reason for 
the considerable difference in the crystallographic 
orientation of the axes and the interaxial spaces. 

A series of annealings ranging from 300 to 600°C 
were carried out on one of the specimens, to 
study the processes which take place in the den- 
dritic single crystal during heating. It is very 
interesting to note, that when a dendritic single 
crystal is annealed, not only is there even diffus- 
ion of the solute impurities, but a number of struc- 
tural changes also take place. 

It was revealed by etching, that after annealing 
at 300° for 22 hr, one sector of the axes of the 
dendrites remained completely unchanged, and the 
other, which hadpreviously been free of etch figures, 
had small figures which were characteristic for 
each specimen. At the transition points between 
the axis and the interaxial spaces all the inter- 
mediate shapes of etch figure were observed 
(Fig. 2, see ringed figures). After the same speci- 
men had been etched at 500° for 44 hr all the 
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FIG. 1. Etch figures in axes (a) and interaxial spaces (5) of a dendrite 
of aluminium after crystallization; x 46. 


FIG. 2. Etch figures in transition points from axis to interaxial spaces 
of aluminium dendrite after annealing at 300 for 22 hr; x 106. 


etch figures were of the shape which had previously 
belonged only to those on the dendritic axes (Fig.3). 
The variation in the shape of the etch figures cor- 
responds to the variation in lattice orientation in 
different sectors of the single crystal. This takes 
place at the same time as the equalizing diffusion 


and appears to be a process of recrystallization 

in situ. It can be represented as follows. Atoms or 
groups of atoms become intermingled in such a way 
that the lattice in the interaxial spaces will grad- 
ually assume the orientation of the dendrite axes. 
Some of the disorientation is preserved after this, 
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FIG. 3. Etch figures in transition points from axis to interaxial spaces 
in aluminium dendrite after annealing at 500° for 44 hr; x 46. 
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FIG. 4. Series of etch figures after polygonization of dendritic single 
crystal of aluminium. Annealing at 600° for 3 hr after annealing at 
500° for 44 hr; x 46. 


polygonization takes place in the same monocrystal 
as in Fig. 3. In this case the variations in the dis- 
location structure produce the following visible 
results. In some sectors of the specimen the dis- 
location walls, which are revealed as regular rows 


and the boundaries of the disoriented regions are 
concentrated groups of dislocations which repeat 
the previous “dendritic picture” (Fig. 3). 
Recrystallization does not cause full relief of 
internal stresses. After soaking for 3 hr at 600° 
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FIG. 5. Boundaries of polyhedral blocks in the same crystal as shown in Fig. 4; x 46. 


FIG. 6. Arrangement of series of etch figures and bound- 
aries of polyhedral blocks on surface of dendritic 
single crystal (dotted lines show axis of dendrite 

in initial state); x 1: 1. 


of etch figures, are arranged strictly parallel to one 
another (Fig. 4). In other sectors polyhedral blocks 
arise (Fig. 5), apparently of very high perfection as 
there are practically no dislocation etching figures 
inside them. A whole specimen is shown schematic- 
ally in Fig. 6. Polygonization can be seen on an- 
other monocrystal annealed at 500° for 3 hr, with a 
subsequent 2 hr anneal at 600°. It is interesting to 
note, however, that the equalizing diffusion is not 
completed in the course of 3 hr at 500° [2], while 

at 600° the rearrangement of dislocations into walls 
proceeds at a rate in excess of the rate of impurity 
diffusion. As a result, the impurity concentration 
will be less around the dislocations in the walls 
which are in the places of the former dendrite axes, 
while the etching figures in the rows will be of 
various sizes. They will be larger in the places 


were the interaxial spaces had previously been. 


Further soaking at 600° causes no further structural 
changes and the concentration equalization is 
completed throughout the whole crystal. 

In discussing the results it must be pointed out 
that the process which we have called recrystal- 
lization in situ, like the polygonization of dendritic 
single crystals, is due to a different kind of struc- 
tural imperfection which arises on dendritic 
crystallization. 

It must be noted that the polygonization of cast 


single crystals of exceedingly pure aluminium as 
a result of high temperature annealing at 645° has 


been observed by X-ray diffraction analysis by 
Guinier and Tennevin [4], so that the actual fact 
of polygonization is not new. It is the application 
of the metallographic method of etching figures to 
the case in question which is new. The use of 
this method makes it possible to study the whole 
pattern of variations throughout the single crystal 
and also the kinetics of the two simultaneous 
processes of equalizing diffusion and lattice re- 


arrangement. 
CONCLUSIONS 


1. Using the etching figures method it has been 
found that, besides equalizing diffusion, 
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processes of polygonization and equalizing diffus- 
ion can be assessed from the distribution and 
size of etch figures. 


recrystallization in situ also takes place when 
dendritic single crystals of aluminium 99.994 wt.% 
pure are annealed at 500°. 

2. Polygonization of the “recrystallized” dendritic 
single crystals occurs at 600°. 


3. The relative rates of the two simultaneous Translated by V. Alford 
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INVESTIGATION OF THE PROPAGATION OF CRACKS IN STEEL * 
V.M. FINKEL’ and 1.0. KATKIN 


Siberian Metallurgical Institue 
(Received 9 January 1961) 


A cinematographic method has been developed for the study of crack propagation in metals. A 
study has been made of the kinetics of crack growth in the course of dynamic fracture in steel and 
of the influence of various factors on this: applied load, height of drop, dimensions, shape of notch 


etc. 


The study of the kinetics of crack growth is a 
line of research which, to a greater degree than any 
other, assists the development of representations 
regarding the mechanism of fracture and the cons- 
truction ofa theory of this process. Althcugh it is 
so important, this method of investigation is attended 
by a considerable number of technical difficulties, 
due primarily to the high rate of propagation of the 
cracks. 

Rapid crack growth has been investigated in brit- 
tle materials such as glass, colophony, quartz, 

LiF crystals [1-10]. Rates as high as 1600-2100mm/ 
sec have been recorded, andin Sakurai’s work [9], 
which was devoted to the fracture of glass and 
perspex under explosive shock, it was as much as 
3300 mm/sec. The slow propagation of cracks in 
polymers and metals has been studied experiment- 
ally in [13-15]. 

The easiest way of studying cracks in transpar- 
ent materials is by means of high-speed cine 
photography. The light scattered by the crack is 
clearly visible and can be recorded at any speed. 
The problems of determining the rate of crack pro- 
pagation in non-transparent materials are immeasur- 
ably greater. Gilman [4], whi studied cracks in 
LiF, covered the surface of a crystal with fine 
parallel strips of aluminium or chromium, the 
authors of [10] deposited platinum filaments on 
glass. The electric pulses occurring on the fracture 
of the latter were recorded on an oscillograph. 
Hudson andGreenfield [11] used a similar method to 
determine the rate of crack propagation under 


tensile fracture in steel. This method has consider- 
able disadvantages when applied to metals. To 
insulate the conducting layer from the metal a base 
should be used which has the same properties as 
the base metal, which is not very easy. Besides 
this, considerable plastic deformation may take 
place before rupture occurs, sufficient to fracture 
the conducting layer and the base before the process 
of the actual fracture being studied. Kennedy [12] 
used magnetic transmitters for this purpose, with 
the subsequent conversion of the pulses to sparks 
which were recorded on a rotating drum. This 
method does not seem to be very sensitive and, at a 
fairly low spark rate, it is only suitable for slow 
cracks. These are probably the reasons for the 
exceedingly small number of works carried out on 
metal and for the extraordinary scatter of the 
results. Kennedy found the crack propagation rate 
to be around 45-123 m/sec, and Hudson and 
Greenfield — 1007 m/sec. 

In our investigations we developed a method, the 
results of which are presented, for studying crack 
propagation in a metal under dynamic rupture*. 


EXPERIMENTAL PROCEDURE 


As the electrical methods of studying crack 
propagation are subject to the disadvantages noted 
above and are unsuitable for mass application, we 
decided on the method of high-speed cinematography. 
The camera used, SKS-1, is simple in design and 
operation and can be used for speeds as high as 


* Fiz. metal. metalloved., 12, No. 5, 732-739, 1961. 


* The following students participated in the experiments, 
I. Voronov, V. Gurarii and A. Savel’eva. 


99 
VOL. 
12 
1961 


Investigation of the propagation of cracks in steel 


tx 105 sec 


| 
| 
| 
| 


180 
0 200300400. 105 sec 


FIG. 1. Time dependence of crack length and angle of 
plastic bending with different weights falling from a 
height of 2m: 


2— 25kg; 
3 — 33.5 kg. 


4800 frames/sec. This was found to be fully ade- 
quate for the recording of the initial stages of crack 
growth in any metal, including quenched steel, 
under impact load. 

Metal plates 250 x 100 x 7 mm in size were used 
for the investigations. Notches were made along 
the plates which made it possible in simple cir- 
cumstances to test even ductile materials such as 
mild steel for fracture. The notched specimen was 
laid on a T-shaped support. This was fitted onto 
a solid base. The impact face is at the end of the 
plate. The load, falling from various heights, 
delivers a blow to the face and a crack is propa- 
gated along the notch. Loads from 16 to 90 kg 
were used. The height was varied from 0.5 to 4 m*. 

The cinematograph camera was arranged horiz- 
ontally. Photography was carried out via a mirror 
which was inclined at an angle of 45°. Along the 
crack the specimen was illuminated by quite high 
power lamps, one of which threw a beam of light 
through the hollow in the impact face. The moment 


* One of the advantages of this method of testing is 
its complete safety as the splinters of the specimen are 
pressed into the support after fracture. 
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FIG. 2. Time dependence of crack length L and angle 
of plastic bending where the falling load is at const- 
ant kinetic energy: 

1 — 44.3 kg; 

2-— 1l6kg; 

3— 90kg. 


of impact, when the falling load strikes the face, 
was recorded by means of a flash from a pulsating 
lamp, which created a dark background on the 
frame. The camera was adjusted to operate 0.7 - 
0.8 sec before the moment of impact, in order to 
reach the necessary speed. 

To find out the narrowest crack which could be 
recorded by this method, tests were carried out 
with partial fracture, slowing down the propaga- 
tion of the crack. It was found that the cracks had 
to be as much as 0.05-0.10 mm across in order to 
be recorded in this way. A slight reduction in this 
figure can be achieved at the expense of the 
quality of the crack, for instance where the edges 
are ragged. However, even with special treatment 
of the fracture surface, no substantial increase in 
sensitivity is to be expected until about 0.025 mm 
is reached. This is because cracks on the surface 
of a metal are not easy to photograph. In glass the 
problem is simplified and a crack can be recorded 
at a depth commensurate with the wavelength of 
visible light, i.e. around 10-* cm. The fracture pro- 
cess takes 2-64 frames, depending on the treat- 
ment of the metal and the conditions of mechanical 
testing. 
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INFLUENCE OF LOAD, PREVIOUS 
DEFORMATION AND TEMPERATURE 


Specimens of steel 35KhG2 were studied, with 
round notches. The following problems were inves- 
tigated: 

1) the influence of the weight of the load; 

2) previous deformation; and 

3) temperature, on the kinetics of the process of 

fracture. 

Loads of 44.3, 25 and 33.5 kg were dropped from 
2m. The results of the cinematography are shown in 
Fig. 1. The instant of impact was taken as the 
moment for commencing the recording. Tue crack 
started to grow from the impact end a moment or so 
after the application of the impact load. This 
period, which we will call the period of fracture 
delay, is 320 x 10~* sec for loads of 25 and 
33.5 kg, and 190 x 10°* sec for 44.3 kg. In the first 
case the speed of photography was 4100 frames/sec, 
and in the second 4300 frames/sec. Determined 
from the intervals between the frames, the degree 
of error was found to be approximately 20 x 10°* sec. 
Crack growth can be observed on 7-8 frames, and at 
first it proceeds quite slowly. The final stage 
takes place at a considerable rate which is approxi- 
mately the same for all the different weights, 
reaching as much as 700 m/sec. Fracture is pre- 
ceded and accompanied by considerable plastic 
deformation, the intensity of which increases with 
increasing load. 

Variation of load and rate ofimpact, with const- 
ant kinetic energy, cause the following results 
(Fig. 2). At 16 and 43.3 kg (3.2 and 1.25 m) the 
fracture delay period was 380-395 x 10° sec, and 
a load of 90 kg brought a delay of 490 x 10°* sec. 
The maximum rate of crack propagation is 410, 

750 and 550 m/sec respectively. 

Fracture time delay can be adjusted in quite a 
wide range by subjecting the testpiece to preliminary 
degrees of plastic deformation. Fig. 3 shows kinetic 
curves for two specimens which were bent through 
160 and 120° before impact. In the second case the 
time delay is reduced by about two-thirds. There 
is a slight increase in the final speed. In both 
cases the crack grows irregularly, sometimes with 
complete stoppages. In this case the deformation 
of the impact end continues, causing jerking in the 
crack. The influence of previous deformation, which 
was also checked for thicker specimens, thus 
amounts to the exhausting of the ductile resources 


Ais, 
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FIG. 3. Time dependence of crack length L for two 
specimens which had previously been bent through 
angles of 160 (curve 2) and 120 (curve / ). 


of the metal, maintenance of the fracture delay 
time and reduction in the total fracture time, from 
the moment of impact to the moment when the crack 
has extended through the whole length of the 
specimen. 

The influence of temperature was also inves- 
tigated. Fracture was carried out at temperatures 
of + 70, + 20 and —60°C. Time delay increased 
with temperature. At + 70, + 20 and — 60° the rates 
were 660, 570 and 540 m/sec. Deformation of the 
impact end of the specimen began with some delay 
after the moment of impact, which was as much as 
140 x 10°* sec at + 70°. [f this has nothing to do 
with the rather low precision of measuring the 
bending angle (about 20’), then it must be similar 
to what is known as the incubation period which 
precedes the appearance of the first plastic de- 
formation — delayed slip [16, 17]. 

The following features were observed in the 
materials used: 

1) crack growth begins after a time delay; 

2) rate of growth increases quite slowly but not 

monotonically; 

3) propagation may cease from time to time; 

4) the final stages of rupture occur at rates around 

300-750 m/sec; 
5) the process of fracture, including the time 
delay, takes about 500-650 x 10°* sec. 
These features provide ample reason for using the 
type SKS-1 camera to investigate fracture, at any 
rate in thin quite long specimens. Besides this, 
the camera has to be used to establish the time 
delay and to create the conditions for a transfer 
to a high-speed camera with rates of some hundred 
thousands of frames per second. A disadvantage 
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FIG. 4. Time dependence of crack length L and angle 
of plastic bending y in specimens with different 
sized round notches: 

1 —r=2 mm; 
2—r=3 mn; 
3 —r=4mn; 
4—r=5 mm. 


in the use of the SKS-1 camera is the fairly long 
interval between frames. For this reason, to allow 
for the possibility of irregularity in the movement 
of the crack, the rates of growth were averaged for 
a time of around 20 x 10°* sec. 


EFFECT OF NOTCH SHAPE ON THE KINETICS 
OF CRACKS GROWTH 


We were interested in the rate of crack growth in 
conditions of developing and suppressed ductility. 
For investigation of the former, thin specimens 
0.85 mm, were used with the ordinary round notch. 
Impact was made with a weight of 25 kg from a 
height of 0.73 and 1.5 m. Enormous time delays were 
observed; 900 x 10°* and 620 x 1075 sec. While in 
most of the specimens, with a depth of more than 
2 mm, the crack grows from the impact end, in thin 
specimens it may appear anywhere. Depending on 
the amount of bending, the notch surface becomes 
very rough and a network of fine cracks appear. One 
of them will be the most suitable for the comence- 
ment of growth by joining up with the rest. This 
process appears particularly clearly in thin speci- 
mens, due to the very high plastic deformation 
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FIG. 5. Time dependence of crack length L and angle 
of plastic bending y in specimens with V notches 
of various dimensions 


1—A= 
2—Az= 6mm; 
3—Az= 7mm; 
4—A=10mm. 


preceding fracture. In this case the crack grows 
irregularly, jerks alternating with prolonged de- 
pression, which may be as much as 200 x 107° sec. 
The whole rupture process is very prolonged, 
around 1400 x 10°* sec. 

When the stressed state is approaching the 
triaxial, a notch is known to delay plastic deforma- 
tion, thus promoting fracture. It is to be expected 
that, as the shape of the notch becomes sharper, 
there will be intensification of fracture, i.e. in- 
crease in the rate of crack propagation and, appar- 
ently, less time delay. 

Specimens were studied with round (Fig. 4) and 
V- (Fig. 5) notches. The kinetic curves of crack 
propagation along the bottom of the round notch are 
typical of comparatively slow rates of growth and 
the maximum at the end of the piece is not more 
than 570 m/sec. Time delay becomes less as the 
notch becomes sharper, i.e. when the radius is 
halved. [n pieces with a V-notch the rate of crack 
propagation immediately becomes quite high. The 
maximum speed here recorded is 880 m/sec. Not 
more than 3-5 frames were used from the beginning 
of crack propagation to fracture. As with the round 
notch, increased acuteness of the V-shaped notch 
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TABLE 1. Dependence of rate of crack propagation on the shape and size of the 
notch and the weight of the falling load 


Shape of 
notch | min 


| Thickness | wt. of load Drop, m 
' kg 


Rate of crack 
pfopagation 
m/sec 


Round notch 


N 
Wk 
WN NNNNNNNNNNNN 


|| 


NOOO 


No 


is accompanied by a reduction in time delay. With 
a V-notch the beginning of fracture takes place 
with less deformation of the impact end than in the 
case with the round notch. 

Investigation of ruptured specimens with V 
notches showed that some of the irregularity in 
crack propagation was due to the cracks wandering 
over the bottom of the notch. 


DISCUSSION 


The maximum speeds noted with different varia- 
tions of load and impact are recorded in Table 1. 
They fluctuate mainly in the range 400-800 m/sec, 
which speeds are achieved at the end of the piece. 
There is no doubt that these are not the maximum 
speeds. Actually, due to the accelerating nature of 
crack propagation it is to be expected that the 
speeds will be higher with longer specimens. In 
tests carried out on pieces % m long with a 
V-shaped notch, a rate of 1500 m/sec was reached. 


A more effective increase in the rate of fracture 
can be achieved by increasing the depth of the 
metal. 

We do not take 1500 m/sec as the final figure 
for the rate of brittle fracture. We consider that 
rates close to the velocity of transverse waves can 
be achieved, i.e. around 3300 m/sec for steel. The 
stages of fracture which we observed must be 
regarded as the initial ones where the crack is 
getting up speed, in conditions of obvious instability 
of growth. The total dependence of rate on the 
tracture time should apparently have a shape 
similar to that described by Smekal [1]. As shown 
by the results of our investigation, the initial stage 
when the crack is getting up speed, is dependend 
on the conditions of impact and the geometry of the 
specimen. The tempo of growth can be varied in 
wide ranges, from complete stoppage to 1500 m/sec, 
by varying the power of the blow and the depth and 
notch on the specimen. By making the load condi- 
tions more severe by increasing the cross-section 
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of the metal and the weight of the hammer, this 
stage can in practice be compressed into a few 
microseconds, as a result of which the crack will 
immediately start up at a high speed. As for the 
final stage of fracture, which takes place at const- 
ant speed and which was not observed in our experi- 
ments, it is probably not dependent either on the 
nature of load or on the dimensions of the specimen, 
at any rate for static fracture, which is exclusively 
determined by the quality of the material and the 
magnitude of the elastic stresses. 

In all cases fracture was preceded by plastic 
deformation due to the propagation of plastic waves. 
The active phase of fracture began after a slight 
time delay, the length of which increased as the 
severity of the stressed state was reduced. This 
shows the necessity of plastic deformation as a 
preparatory stage for brittle fracture. This point of 
view [17, 18] is confirmed by the data from the 
theory of dislocations, according to which [19, 20] 
the formation of primary microcracks is due to inter- 
action betweea dislocations. 

One more aspect of this problem must be noted. 
This is the fundamental influence of the elastic 
energy reserve of the material on the nature of 
fracture [21, 23]. Plastic deformation, which raises 
the tensile strength of the metal, is accompanied by 
increased elastic potential, which, in its turn, is 
accompanied by the onset of brittle fracture. This 
proposition is very similar to that put forward by 
Oding [22] regarding the magnitude of elastic fields 
and stresses in surrounding dislocations and their 
influence on brittle fracture. In all the cases which 
we observed, plastic deformation caused the bottom 
of the notch to be covered with a network of thin 
cracks. The width of the plastically deformed zone 
with the cracks depends on the shape of the notch 
and it less with an acute notch. The resultant final 
crack increases by joining up a number of small 
ones. When this happens it wanders irregularly 
over the region of the notch which is covered with 
cracks. This is the reason for the softening of the 
notch and consequently, the increase in the plas- 
tically deformed zone, which causes the appear- 
ance of zigzag cracks with ragged edges. Instability 
of crack propagation can be understood oa the 
basis of the influence of plastic deformation on the 
discharge and recreation of elastic potential, and 
also on the fact of the existence of branched 
cobwebs of microcracks before the decisive stage 
of fracture. Besides this, dynamic testing promotes 
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instability of crack propagation, due to the re- 
peated reflection of elastic waves from the end of 
the piece. For this reason crack propagation takes 
place in an impulsively diminishing elastic field, 
which not only accelerates but also retards, the 
fracture. 

Everything put forward in this paper relates the 
observation of surface cracks. The process of 
fracture is not completed with the growth of the 
crack throughout the length of the specimen, but 
propagation inside the metal is also concerned. 
The problem of the kinetics of development of a 
brittle fracture front was not investigated here. 

We would like to express our gratitude to 
Professor Yu.V. Grdina for constant interest in 
this work. 


CONCLUSIONS 


High-speed cinematrography has been used to 
study crack propagation in dynamic bending of 
steel 35KhG2. It has been found to vary in a wide 
range, reaching as much as 1500 m/sec. Crack 
propagation takes place irregularly and stoppages 
are observed. Rupture is preceded by a time delay, 
in the course of which plastic deformation occurs 


in the specimen. 


Translated by V. Alford 
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GRAIN SHIFT AND BOUNDARY MIGRATION AS A RESULT OF HIGH TEMPERATURE 
DEFORMATION IN NICKEL ALLOYS * 
V.I. SYUTKINA and E.S. YAKOVLEVA 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 27 February 1961) 


The influence of alloying element concentration on shearing and grain migration have been 
studied in binary solid solutions of nickel with aluminium, copper and cobalt. 


Two processes take place on the grain boundaries 
of a metal deformed at high temperature; shear 
along boundaries and boundary migration. Shear 
causes relief on the surface and a change in the 
dimensions of the solid, migration is a recrystalliz- 
ation process. Both these effects occur on quite a 
large scale and are easy to observe with small 
magnification. Shear along boundaries is the result 
of the mutual displacement of grains or of sectors 
thereof. This may be of an independent nature or it 
may be the result of deformation of the grain itself. 
The reason for shear is that, with increasing tem- 
perature and diminishing rate of deformation, the 
resistance to external forces exhibited by the bound- 
ary transition layer of the metal, which has a dis- 
torted lattice, decreases more intensively than 
inside a grain with regular crystal structure. Bound- 
ary migrations under load are mainly due to differ- 
ences in the elastic energies of differently oriented 
grains, and are stimulated if a field of non-uniform 
stresses arises on the grain boundaries as a result 
of their interaction [10]. Like all recrystallization 
processes, boundary migration causes a reduction 
in lattice distortion. Boundary shear on the other 
hand, being a process of plastic deformation, leads 
to increase in distortion, i.e. a strengthening of the 
metal. Both processes should be highly sensitive 
to alloying and the method of distributing the alloy- 
ing element through the grain of the metal. 


MATERIALS AND EXPERIMENTAL PROCEDURE 


In the present work the influence of alloying 


* Fiz. metal. metalloved., 12, No. 5, 740-747, 1961. 


element concentration on shear and grain migration 
was studied in binary solid solutions of nickel 
with aluminium, copper and cobalt. 

Aluminium, copper and cobalt distort the nickel 
lattice to different degrees. The properties of 
aluminium differ much more widely from those of 
nickel, than copper and cobalt, and its solubility in 
nickel is limited. Copper and cobalt form continu- 
ous solid solutions with nickel but their influence 
on the effects under review may vary. Both the 
cobalt and copper atoms have radii which are very 
similar to those of nickel, and cobalt has the same 
valency. Besides this, like nickel it is a transition 
metal. 

The low concentration ranges were studied par- 
ticularly closely, as small impurities are known 
to have a particularly strong effect on the proper- 
ties of grain boundaries [1, 2]. The alloys inves- 
tigated were nickel with aluminium, 0.02-3% Al; 
nickel with copper, 0.1-60 % Cu; nickel with 
cobalt, 0.5-60% Co, and pure nickel. The alloys 
were produced by vacuum melting from 99.99 % pure 
metals. In all cases average grain size was 0.1] mm. 
The alloys were deformed in tension at 2 per cent/hr 
at a temperature of 700°C. To protect them from 
oxidation, the deformation was carried out in an 
atmosphere of purified nitrogen. Before deformation 
the surface was electrolytically polished. 

After a 2 per cent extension, shear along bound- 
aries and boundary migration were studied by means 
of a MII-1 interferometer with a magnification of 
320 and a EM-3 electron microscope with a magni- 
fication of 6500. The characteristic used as an 
indication of the extent of shear, was the height 
of the surface relief formed as a result of deformation 
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FIG. 1. Shape of grain boundaries in nickel alloy with 0.02% aluminium, 
under extension at 700°C at the rate of 2 per cent/hr: 
a — deformation 2 per cent x 220; 
b — the same with interference bands; 


c — the same, x 4500. 


on the boundary between adjacent grains. This was 
measured from the displacement of interference 
bands, with a precision of up to 0.1 u The extent of 
boundary displacement was assessed from the dis- 
tance between their positions before and after de- 
formation, measured along the specimen. This was 
measured with a precision of up to 1 y, by means of 
an ocular scale. No allowance was made for bound- 
ary displacement due to grain shift as this was 
quite small compared with that of the actual bound- 
ary migration (it did not exceed more than some 
tenths of a yz). The starting position of the bound- 


aries was revealed by the electropolishing. All 
subsequent positions were visible thanks to the 
shear which takes place along the boundary on 


deformation. 


RESULTS 


Shear along boundaries and boundary migration 
took place most intensively in pure nickel and very 
low alloys, in which they were studied in detail. 

Figs. 1-3 show the photographs of the typical 
pattern of the surface of an alloy containing 
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0.02 per cent aluminium after 2 per cent deformation. 
In Fig. 1a it can be seen that the initial small grain 
in the centre of the field of view has grown to con- 
siderable dimensions in the process of extension. 
From a regular polyhedral grain, typical of the re- 
crystallized state, it has been transformed into one 


with a shape which appears to correspond to the 
complex stressed state arising in the grains on de- 


formation. The boundaries have shifted not regularly, 


but in jerks. Motion has alternated with shears, 


causing the steps on the surface. It can be seen from 


Fig. 1, thet the grain boundary has not only moved, 
but that there has also been considerable displace- 
ment among the grains (interference lines displaced 
on boundaries). This means that the surface has 
become stepped. The size of the steps are the 
original surface together with the new surface which 
has been revealed as a results of mutual grain dis- 
placement. The height of the relief resulting from 
deformation, i.e. the mutual shear of the grains, is 
found by measuring the total band fault on bound- 
aries. There is absolutely no regularity in the alter- 
nation of shear with boundary migration. The only 
thing that can be said is that boundaries adjacent 
to different grains do not move uniformly; one may 
have frequent halts and the other very few. Very 
rarely are the boundaries parallel to one another 
during movement. The extent of the shear varies on 
different sectors of the boundary. 

To be able to follow the structure of the moving 
boundaries in detail, electron microscope analysis 
was undertaken. To this end a carbon replica was 
made of the sector of the specimen indicated by the 
rectangle and »rrow in Fig. 1a. It was shadowed with 
chromium and a number of electron photographs 
were made, from which a panoramic photograph of 
the sector was constructed (Fig. 1c). From this it 
can be seen that there are no peculiarities of struc- 
ture due to the deformation process on the initial 
~ grain boundaries obtained as a result of etching 
(indicated by Figs. 1-4). The complex structure of 
boundary 1 is due to the fact that the shadowing 
has reveaied surface relief due to etching of the 
lower grain. The white wedge at boundary 2 is a 
tear in the replica. The black bands with ragged 
edges which can be seen on the same boundary re- 
present a sector of the replica where the depth is 
double due to the sticking of a piece of a previous 
replica. The black bands in Fig. 1a, which show 
the new positions of the moving boundaries, are 
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resolved in the electron photograph into bundles of 
thin lines or bands, at a distance of several 
hundred Angstroms from one another. Boundary 
migration must therefore take place within these 
black bands, but it is not very great and is quickly 
replaced by shear. The presence of wide continu- 
ous bands within the bounds of the one macro- 
grain must either mean that the alternation of shear 
and boundary migration takes place when it moves 


through a distance within the resolving range of the’ 


microscope, or that these two processes occur at 
the same time. The absence of shear in the initial 
boundaries revealed by etching, means that in the 
process of loading the movement of boundaries 
takes place first, and shear only starts up as a 
result of further increase of load. Each of these 
processes causes stress redistribution on the grain 
boundaries. 

The nature and distribution of the stresses 


arising on the boundary will determine which process 


occurs. Boundary migration and shear along bound- 
aries should be to a considerable extent depend- 
ent on the state of the inside of the grain. In our 
case, the inside of the grain has participated in 
deformation. This can be seen from the appearance 
of slip traces in the grains and the change in the 
shape of the Laue reflections. A Laue spot was 
pulled and split, indicating the splitting of grains 
into large and small fragments. Due to interaction 
between the grains interior deformation takes place 
extremely unevenly, causing boundary migration 
and shear along boundaries to occur under very 
difficult circumstances. 

It follows from the microscopic and electron 
microscope analysis data obtained that both shear 
and boundary migration take place in these cir- 
cumstances of deformation in the alloys under 
investigation. First there was boundary movement, 
after which shear began along them, then the 
process is alternated, occurring at different and 
variable rates. Shear along grain boundaries 
appeared to be the result of the rotation, not of 
whole grains, but of some of their fragments, 
around one another. Different sectors of a grain 
have suffered displacements of different extent 
and direction. This is very likely also due to the 
existence of non-uniform stresses in the grains of 
a deformed polycrystal. The effect is complicated 
by the fact that the interior of the grain also takes 
part in deformation. 


Deformation in nickel alloys 


The influence of the degree of alloying on migra- 
tion and shear along boundaries was studied by the 
averaging method. Measurement of boundary shear 
and displacement was made on 30 grains arranged 
one after another along the specimen, then the 
resultant figure was averaged. Experiments showed 
that there was no point in averaging through a very 
large number of figures as the results remained 
approximately the same as averaging through 30. 

The dependence of extent of shear and boundary 
migration on concentration obtained for the three 
systems investigated, are shown in Fig. 2. From 
this it can be seen that the dependence is not of the 
same nature in all three systems. Shear and migra- 
tion diminish with increase in the alloying element. 
The reduction occurs non-linearly with concentration. 
The curves show a minimum in the region of low 
alloying element concentrations. This is lowest for 
the nickel-aluminium alloys. [t must be noted that 
the minima on the shear and boundary displacement 
curves lie in the same range of concentrations: 
in nickel-aluminium alloys, at 0.2% Al, in 
nickel-copper alloys, at 1.2% copper, and in nickel 
and cobalt, at 3% cobalt. It follows from this that 
the height of the minimum on the curves increases 
as the affinity of the properties (radius and valency) 
of the alloying element approach those of the parent 
atom more closely. The position of the minimum is 
obviously related to the extent of the distortions 
introduced by the impurity atoms to the parent 
lattice. 

The general course of the dependence of the 
extent of shear on concentration of alloying elements 
and the presence of the minimum on the curves can 
be understood if it is assumed that the impurities 
are not distributed uniformly throughout the grain 
of the alloy. Due to the considerable lattice dis- 
tortions in the transition intergranular layers the 
alloying element is adsorbed on the noundaries [4] 
and they become more strengthened than the interior 
of the grains. In the conditions of our present 
experiments, deformation not only takes place along 
the grains, but also through them. The strengthening 
of the boundaries due to alloying causes a consider- 
able amount of the interior of the grain to be involved 
in the process of deformation. This reduces deforma- 
localization on grain boundaries and may increase 
the ductility of the alloy. 

Measurements of elongation on fracture showed 
that if nickel is alloyed with aluminium, copper 
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FIG. 2. Dependence of shear on grain boundaries and 
boundary migration on the concentration of the alloying 
element in nickel: 
a — grain boundary migration; 
& — shear along boundaries. 
The figures on the curve indicate the uniform elongation 
on fracture (per cent). 


or cobalt to an amount not in excess of the minimum 
on the shear-concentration curves, this will in- 
crease the ductility of the alloy. For example, 
while the average elongation of nickel on fracture 
is 4 per cent in an alloy with 0.24% aluminium, it 
is 10 per cent, and in one with 1,2 % copper it is 

6 per cent. The nickel-cobalt alloy containing 3% 
cobalt had 5 per cent elongation. Alloying nickel 


b,p 
10 
| 
a6; 
\ 
| 
—6 
ath f 2%, 
he 
VOL. bp 20 30 40 
1961 
i 
i 


Deformation in nickel alloys 


in this range of low concentrations thus has a 
beneficial effect on its high temperature ductility. 
After saturating the boundary, the alloying element 
enriches and strengthens the interior of the grain. 
As a result the properties of the interior and bound- 
aries converge and there is a slight increase in the 
deformation taking place aiong the boundaries. On 
further increase in the alloying element the shear 
on boundaries again starts to decrease slowly 
although it is prolonged by the slightly preferred 
enrichment of the boundaries. 

The non-monotone course of the dependence of 
boundary migration on concentration is rather more 
difficult to explain. The rapid reduction in bound- 
ary movement with alloying in low concentration 
fields and the much weaker reduction with increased 
concentrations could easily be attributed to internal 
adsorption. However, this cannot be the reason for 
the increased migration observed in some ranges 
of composition. Why should the appearance of a 
small quantity of the alloying element inside the 
grain whose boundary is enriched with the impurity, 
cause its movement to be accelerated ? No satis- 
factory answer to this problem has been found. It is 
very probable that it is of the same nature with a 
number of anomalies, as observed in the properties 
of alloys of dilute solid solutions of transition 
metals. An attempt to explain this was made in [5], 
where it was found that the appearance of impurity 
atoms in the matrix causes strengthened fields 
several co-ordination spheres in size. This makes 
the solid solution heterogeneous in structure and 
properties. It is known from microscope analysis 
that non-homogeneity is a barrier to boundary move- 
meat [6]. It is highly probably that submicroscopic 
imperfections also hold up moving boundaries. 
Boundary migration becomes more difficult as the 
strengthened regions in the matrix become bigger. 
This will be the effect of an impurity so long as the 
amount of strenghened regions is not so great that 
they join one another and the impurity atoms start 
interacting. In this moment the heterogeneity of the 
structure disappears and the boundary will once 
again move to a considerable distance. 

On the curves for the dependence of the extent 
of migration on concentration in high alloying ele- 
ment concentration regions, there is a second 
minimum, which is lowest of all in the nickel-copper 
alloys. In the alloy with 40 % copper the boundaries 
are completely immobile. Nickel-aluminium alloys 
have a low minimum at 1.5% aluminium concentration. 


FIG. 3. Jagged shape of boundaries in alloy with 1.5% 
aluminium after high temperature deformation; x 220. 


In nickel-cobalt alloys a not very low minimum is 
observed at 40 % cobalt. 

The dependence of shear on grain boundaries on 
the concentration of the alloying element is not 
very strongly expressed in high concentration 
ranges. In this range it is monotone and decreases 
slightly with increase in the concentration of the 
second component. This kind of influence of con- 
centration on boundary movement and on shear 
along boundaries, indicates the presence of consi- 
derable localization of deformation along grain 
boundaries in the alloys which have the greatest 
mobility. Localized deformation on grain bound- 
aries is dangerous, as it may cause a reduction in 
ductility and premature fracture of the metal. This 
does actually occur in the aickel-copper alloys. 
At a copper content of 40 per cent the alloy under- 
goes brittle fracture along grain boundaries at 
stresses only slightly in excess of yield point. 
Under the same testing conditions alloys of 
similar composition give 2-4 per cent elongation. 
In two other systems investigated, in alloys with 
only slightly mobile grain boundaries, no drop in 
plasticity was revealed. All the nickel-cobalt 
alloys had 4-6 per cent elongation before fracture. 
An alloy containing 1.5% aluminium and having 
minimum grain mobility was more plastic than the 
nickel-aluminium alloys with high mobility. This 
alloy had 18 per cent elongation before fracture. 
After this, the alloy with 3% aluminium was the 
most ductile. Its uniform elongation before 
fracture was 25 per cent. Both these alloys had 
0.5-1 per cent necking from the original length of 
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the specimen. Fracture also took place along grain 
boundaries, as in all the alloys investigated in 


this work. 

To find out the reason for the unexpectedly high 
ductility of the alloys rich in aluminium their 
grain boundaries were investigated very carefully 
after deformation. To this end, the surface relief 
which had arisen as a result of extension was des- 
troyed by electrolytic polishing, and the boundaries 
were then etched and studied under a microscope 
with a magnification of 320. In the alloy containing 
1.5 and 3 per cent aluminium, it was found that the 


grain boundaries were not only displaced in the 
process of testing but also suffered a considerable 


change in shape. From strictly linear boundaries 
typical of an equilibrium annealed grain, they had 
changed into ragged ones. (Fig. 3). [t would be very 
difficult for fracture to develop along this kind of 
boundary. This is easy to see from a study of the 
boundaries in the necking zone, where there are a 
considerable number of microcracks. It can be seen 
from a microscope analysis of these boundaries that 
microcracks arise on all sides of the ragged edges, 
and that they are oriented perpendicular to the ex- 
ternal tensile stress. There is no network of cracks 
beside edges parallel to the tensile axis. This is 
because the normal component of stress which could 
cause fracture along boundaries is equal to zero in 
the sectors where the ragged edges are parallel to 
the axis of the specimen. When these kinds of bound- 
ary sectors are present it is difficult for micro- 
cracks to merge into fracture, propagating macro- 
cracks. The high ductility of alloys with ragged 
boundaries is probably due to this fact. In an alloy 
with 3 % aluminium, besides the ragged shape of 

the boundary, it was found to have considerable 
mobility. As a result of this, its ductility was 
greater than in the alloy with 1.5% aluminium. 
Elongation was as much as 25 per centon fracture. 
No ragged boundaries could be revealed in any 
alloys of nickel and aluminium with other concentra- 
tions, nor in the alloys with copper or cobalt. True, 
after deformation the grain boundaries were found to 
be slightly wavy, but only in one or two places 

were there projections of any note. This kind of 
variation in the shape of the boundaries probably 
has no particular influence on the development of 
rupture cracks. The influence may nevertheless be 
sufficient to make the ductility of nickel-cobalt 
alloys insensitive to small reductions in the 
mobility of the boundaries in this system with 40 % 


cobalt. 

From what has been said above it follows that 
the change in mobility and shape of the boundaries 
caused by alloying have different effects on ducti- 
lity. Reduced mobility causes embrittlement and 
the jagged type of boundary causes increased 
plasticity. The second factor, the raggedness of 
the boundary, is very strong indeed. Not only does 
it eliminate the harmful effect of the former, it also 
makes the alloy several times more ductile than 
those of any other concentration. From published 
sources it is known that alloys which have a 
peculiar kind of fine grain structure with jagged 
boundaries, have high long-time strength [6, 7] and 
reduced tendency to brittle fracture [8]. This kind 
cf grain structure can be created in these alloys 
by special heat and mechanical treatment. In our 
case, this structure arose spontaneously in the 
process of high temperature extension, when the 
aluminium concentration in the alloy was as much 
as 1.5 per cent. Therefore a fine structure with 
jagged grain boundary shapes can be created in an 
alloy under given conditions of deformation, by 
varying the concentration. 

The reason for the appearance of the jagged 
grain boundary is at the moment not quite clear. 
Most probably the change in the shape of the bound- 
aries is due to a process of grain fragmentation 
which takes place under high temperature deforma- 
tion and which, in its turn, must be dependent on 
the quantity and nature of the impurity in the grain 
of the alloy being deformed. 


CONCLUSIONS 


Two regions exist in nickel binary a- solid 
solutions, in which the concentration of the alloy 
has a very strong influence on its creep-resistant 
properties. The first region is in the range of dilute 
solid solutions. This region becomes narrower as 
the difference between the atom of the alloying 
element and that of the matrix becomes greater in 
respect of radius, valency and filling of the inner 
electron shells. The addition of alloying elements 
to nickel within the limits of these concentrations 
will cause intensive grain boundary strengthening, 
which will increase its ductility andlife under load 
during high temperature tests. The second concen- 
tration range is in the region of half the maximum 
solubility of the alloying element in the nickel. At 
these concentrations there is a reduction in boundary 
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mobility and their shape becomes more complicated. | causes a considerable increase in plasticity and 


These factors have opposite effects on the nuclea- long-time strength. A jagged shaped boundary can be 
tion and development of rupture-forming cracks along created in the course of high temperature deforma- 
grain boundaries. The shape of the boundary is a tion by selecting suitable degrees of alloying. 
very influential factor. It suppresses the undesir- 
able effect of a reduction in boundary mobility and Translated by V. Alford 
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MECHANISM OF PLASTIC DEFORMATION DURING CREEP IN ALLOYS OF 
ALUMINIUM WITH MAGNESIUM * 
V.A. PAVLOV, M.G. GAIDUKOV and V.V. MEL’NIKOVA 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 27 March 1961) 


Creep and stress relaxation have been studied in Al-Mg alloys for deformation rates ranging 
from 10°‘ to 10°*° sec”*. With rising temperature and diminishing rate of deformation shear deform- 


ation is replaced by diffusion ductility. 


Creep and stress relaxation are a result of the 
complex interaction of shear deformation and dif- 
fusion processes. The proportional participation of 
shear deformation and diffusion processes in creep 
varies in varying conditions of deformation. For a 
satisfactory generalization of all the experimental 
data, it is convenient to divide the many different 
conditions of deformation into three ranges in each 
of which the mechanism of plastic deformation can 
be described in a certain way. 

1. In the range of relatively low temperatures and 


high deformation stresses, the rate of plastic deform- 


ation is subject to an equation of the type 


= s,eXxp (-=*), (1) 


which was established in the investigations carried 
out by Zhurkov [2-8]. Here Q is activation energy 
of creep; o is stress, €) are constants. The high 
value of activation energy and the accuracy of 
equation (1) at low temperatures and high deforma- 
tion stresses indicate that in these conditions of 


stress it is the shear mechanism of plastic deforma- 


tion which predominates. 

2. The region of high temperatures and low de- 
formation stresses is characterized by the diffusion 
mechanism of plastic deformation. The activation 
energy of creep increases as stresses diminish, 
approaching that of self-diffusion or diffusion of 
the alloying element. In this case the dependence 
of deformation rate on stress can be expressed by 


* Fiz. metal. metalloved., 12, No. 5, 748-755, 1961. 


the well-known equation for diffusion plastic de- 
formation [9, 10] 
» — Daa (2) 


‘RT 


where D is diffusion coefficient; o is stress; ais 
the lattice parameter; / is the linear dimension of 
the grain. In this range the strength of the alloys 
diminishes noticeably and may be close to that of 
the pure metal. 

3. In the intermediate range of temperatures and 
stresses shear plastic deformation is combined 
with diffusion processes of recovery. The tempera- 
ture and stress dependence of rate of deformation 
can be described by Weertman’s equation [11] 


(3) 


where a is the deforming stress, Q is the activa- 
tion energy of self-diffusion, ais a constant of the 
order of 3-4 

This work was carried out with the aim of study- 
ing the mechanism of plastic deformation in alloys 
of aluminium with magnesium in a wide range of 
deformation conditions. 


MATERIALS AND EXPERIMENTAL 
PROCEDURE 


Aluminium-magnesium alloys are highly suitable 
for investigating the influence of static lattice 
distortions caused by the magnesium atoms, on 
shear and diffusion plastic deformation. The 
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FIG. 1. Dependence of creep rate on concentration of 
alloys of aluminium with magnesium; 
o = 2 kg/mm’. 


modulus of elasticity and characteristic temperature 
for these alloys do not depend on the composition 
of the solid solution, as can be seen from the cons- 
tancy of the atomic binding forces [12, 13]. At the 
same time, static distortions increase considerably 
with rising concentration of the alloy and reach 
0.1 A when there is 1 per cent magnesium in the 
solid solution {12, 16]. Under ordinary conditions of 
deformation the alloying of aluminium with magnes- 
ium is accompanied by considerable strengthening. 
Yield point increases with rising magnsium con- 
centration almost proportionally to the value of the 
static crystal lattice distortions due to the mag- 
nesium atoms [15]. 

The objects of our investigation were pure alum- 
inium type AV000 and alloys of aluminium with 
0.1 and 2 per cent magnesium. The alloys were 
produced in HF furnace under a flux *. Bars 18 mm 
in dia. were forged, and from these creep test spe- 
cimens were made 50 mm in length and 8 mm in dia. 
and relaxation stress specimens 100 mm in length 
and 8 mm in dia. The specimens were annealed at 


* The alloys were produced by the precision alloy 
group of the Institute of Metal Physics, Academy of 
Sciences U.S.S.R. 
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FIG. 2. Dependence of creep rate on concentration of 
alloys of aluminium with magnseium; 
o = 0.3 kg/mm?. 


420-440°. The annealing temperature was selected 
for each alloy in such a way that the linear dim- 
ension of the grain would be around 0.1 mm. The 
rate of plastic deformation was varied from 10°‘ 
to 107*° Rates below sec”! were 
obtained in stress relaxation and above, in creep. 
As in previous investigations, the mechanism of 
plastic deformation was assessed from the depend- 
ence of the rate of deformation on concentration 
of the solid solution, level of activation enegy and 
its dependence on stresses, and also from the 
variations in the rate of deformation with stresses. 


RESULTS 


1. Dependence of creep rate on composition of 
the alloy and conditions of deformation. Figs. 1 
and 2 show curves for the dependence of creep 
rate (steady state) on concentration of the alloy 
for different temperatures and stresses of 2 and 
0.3 kg/mm?. The nature of this dependence varies 
considerably in dependence on the conditions of 
deformation. At a stress of 2 kg/mm? creep rate is 
considerably reduced with rising solid solution 
concentration. At 200°, for example, in aluminium 
with 2 per cent magnesium creep rate is nearly 


114 
350° 
; 9500° 
| | 
w -8 4 
a0 
~7 | Al 0 300° 
“10 
lz 
19€ 


Creep in al uminium magnesium alloys 


of creep (3.5 x 10°! sec”! 


Strain causing same rate 
in alloys at 150 


Yield point of alloys at 
20°, kg/mm? 


FIG. 3. Dependence of stresses required to promote the 
same creep rate on yield point of the alloy of aluminium 
with magnesium at 150. 


of creep rate in aluminium-magnesium alloys on the 
conditions of deformation, is similar to the behav- 
iour of cupro-nickel alloys [1]. 

It is not difficult to show that it will be the 
shear mechanism of plastic deformation which pre- 
dominates under high deforming stresses. With this 
aim let us foreach alloy determine the magnitude 
of the stresses at which a uniform rate of deforma- 
tion is achieved in conditions of steady state flow. 

It can be seen from Fig. 3 that the level of 
these stresses will be proportional to yield point as 
determined in a tensile test. Of course, the very 
existence of this relationship indicates that it is 
the same mechanism of plastic deformation both in 
creep and in ordinary extension. The relative re- 
duction in the strength of the alloys at high temper- 
atures andlow deforming stresses is due to the 
increased role of diffusion processes. 


~ 
3 
S 
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FIG. 4. Dependence of activation energy on stress for pure aluminium. 


four times less than in pure aluminium. However, 
this difference is considerably reduced with rising 
temperature. If the deforming stresses are reduced 
to 0.3 kg/mm? there will be a considerable change 
in the relative strength of the alloys; it becomes 
almost the same in all and differs very little from 
that ofpure aluminium. This difference between the 
rates of deformation in the alloys and in pure alum- 
inium becomes less with rising deformation temper- 
ature. 

A change in the nature of the dependence of rate 
of deformation on concentration of the solid solu- 
tion is thus observed under variations in tempera- 
ture and deforming stresses. In relatively low 
temperature and high deforming stress ranges the 
strength of the alloys increases considerably with 
rising magnesium concentration. At high tempera- 
tures and low deforming stresses the strength of the 
alloys diminishes, approaching that of pure alum- 
inium. The nature of this change in the dependence 


2. Dependence of activation energy of the de- 
formation process on stress. The level of activa- 
tion energy andits dependence on deforming 
stresses is one of the criteria of the mechanism of 
of plastic deformation. 

Activation energy was measured in the tempera- 
ture range from 100 to 300° with stresses varying 
from 3.25 to 0.09 kg/mm?. The rate of deformation 
was varied from 10°‘ to 10°*° sec” ?. Figs. 4.and 5 
show the dependence of activation energy on stress 
for pure aluminium and an alloy of aluminium with 
0.1 per cent magnesium. In both cases, at high 
deforming stresses, activation energy increases 
linearly with diminishing stresses. Extrapolation 
to zero stress gives an activation energy value of 
around 55, 000 cal/mole, which is considerably 
more than the figures known for the activation 
energy of self-diffusion and diffusion in aluminiam 
and aluminium-magnesium alloys. Our data are in 
very good agreement with the results of researches 


115 
YoMg 
+0.12 
Al, 99,99 %o 
40 
| | 
1961 
! 


| 


Q kcal/mole 


o kg/mm? 


FIG. 5. Dependence of activation energy on stress for 
aluminium alloy with 0.1 per cent magnesium. 
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FIG. 6. Dependence of activation energy on stress on 
pure aluminium and alloys of aluminium with 
magnesium at low stresses. 


by Zhurkov and Sanfirova [6]. Data are plotted in 
Fig. 4 (+) from this work. [t can be seen from the 
illustration, that the data of Zhurkov and Sanfirova 
plot into the same straight line as those from the 
present work. 

As shown by Zhurkov and Sanfirova, the regularity 
of plastic deformation under these circumstances 
can be satisfactorily defined by equation (1), and 
corresponds to the shear mechanism of plastic de- 
formation. At temperatures of 400 and 500° and 
stresses below 0.5 kg/mm? however, in ranges of 
deformation rates below 107? sec™', there is syste- 
matic deviation from this dependence. In our re- 
search thiskind of deviation was found in this 
range of stresses at temperatures around 100-150° 
and deformation rates of around 10° °-10-*° 
There is quite a sharp reduction in activation 
energy (Fig. 4) at stresses below 0.5 kg/mm’. It is 
around 30,000 cal /mole. 
Our investigations show that, in low stress 
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FIG. 7. Dependence of logé on 1/7 for aluminium with 
1 per cent magnesium. 


ranges, it is the diffusion mechanism of plastic 
deformation which prevails. Fig. 6 shows the de- 
pendence of activation energy on stress for pure 
aluminium and alloys of aluminium with | and 
2 per cent magnesium. The activation energy for 
aluminium and for the alloys of aluminium with 
1 per cent magnesium increases linearly wiih re- 
ducing stress and tends approximately to 32,000 
cal/mole at zero stress. In the alloy with 2 per 
cent magnesium, activation energy at first rises 
rapidly and reaches 30,000 cal/mole at stresses 
of around 200 g/mm’. After this it rises more 
slowly, tending towards the same activation energy 
value asin pure aluminium and the alloy with 
1 per cent magnesium. This figure lies within the 
limits which are usually observed for the activation 
energy of diffusion in aluminium-magnesium alloys 
[14]. It must be noted that the dependence of 
activation energy on stress is considerably weaker 
in aluminium than in the alloys. 

The activation energy of deformation was cal- 
culated from stress relaxation curves. For this 
purpose the log¢ and 1/T dependence was plotted 
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TABLE 1 


Temper Stress 
ature °C kg/mm? grain 


Dia. of Diffusion 
coefficient 


| em Cm*/sec 


Rate of deformation 


sec™* 


Experi- Calculated 
mental =| 


250 | 10-2 


‘1,69 x 


| 


7.55x 107! 2.34% 10719 
4.95 107!" 11.87x 107!° 
2.54x 


0.210 | 1074 
| 0.180 
0,150 
0.06u 
9.030 


1072 
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1.69% 


2.7x 107!2 
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FIG. 8 Dependence of rate of deformation on stress for 
alloys of aluminium with magnesium. 


for different stresses, where ¢ is the period of time 
during which stress diminishes to the value in 
question. An example of this dependenceis given 
in Fig. 7 for the alloy with 1 per cent magnesium. 
The linear dependence of logt on 1/Tis satisfied 
very well and activation energy can be determined 
quite satisfactorily. 

3. The dependence of rate of deformation on 
temperature and stress. It has already been indic- 
ated above that in high stress regions the depend- 


20 


FIG: 9. Dependence of logt on 1/T for alloys of alumin- 
ium with 0.1 per cent magnesium. 


ence of rate of deformation on temperature and 
deforming stresses can be very satisfactorily des- 
cribed by Zhurkov’s formula [1]. 

2. In the diffusion mechanism of plastic deforma- 
tion, according to the theoretical studies of 
Nabarro [9] and Herring [10], a linear dependence 
is to be expected between the rate of deformation 
and the magnitude of the active stresses (see 
equation (2)). In the paper by Pines and Sidorenko 
[17] it was shown that the linear dependence of 
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FIG. 10. Comparison between experimental] data and 
Weertman’s equation for pure aluminium. 


creep rate on stress is satisfied in well-annealed 
materials at low deformation stresses. 

Typical curves for the dependence of deformation 
rate on stress in alloys of aluminium with 1 and 
2 per cent magnesium are given in Fig. 8. In shape 
they are very similar to those obtained in other 
investigations [18] for pure metals. From the general 
non-linear character of the dependence of rate of 
deformation on stress they may be satisfactorily 
represented by the linear dependence ¢ /a at 
low values for the latter. In stress ranges below 
200-100 g/mm2, the rates of deformation obtained 
experimentally and calculated from equation (2) are 
of the same order of magnitude (see Table 1). 
Better agreement couldhardly be expected, when 
one remembers the approximate nature of the theory. 

3. In the intermediate range of temperatures and 
stresses linear logt and 1/t dependence (Fig. 9) 
is not satisfied, and for this reason it is not pos- 
sible to find the activation energy figure. Assuming 
from experimental data that activation energy of 
diffusion is equal to 32.000 cal /mole, let us plot 
the dependence of log «7 . exp (Q/RT) on logo 
to find the range of deformation conditions in which 
Weertman’s equation (3) is satisfied. Figs. 10 and 
11 show these curves for pure aluminium and the 
alloy with 0.1 per cent magnesium. 

In high stress ranges in pure aluminium coefficient 
ais too high, and at low stresses it rapidly ap- 
proaches unity. From these data, and bearing in 
mind the nature of the variation in activation energy 
with stress, the conclusion can be drawn that in 
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FIG. 11. Comparison between experimental data and 
Weertman’s equation for alloy with 0,1 per cent 
magnesium. 


stress relaxation in pure aluminium it is only a 
very small stress field where Weertman’s equation 
is satisfied. For alloys of aluminium with 0.1 per 
cent magnesium the stress field extends and 
Weertman’s equation (with coefficient a= 4) is 
satisfied, and the region of predominantly shear 
deformation is considerably reduced. 

As can be seen from our data, in aluminium 
alloys with 1 and 2 per cent magnesium it is the 
diffusion mechanism of plastic deformation which 
predomi nates in all stress ranges. As the magnesium 
concentration increases the stress fieldin which 
diffusion processes play an important part, will 
also increase. 


CONCLUSIONS 


These results indicate that, asin alloys of 
nickel with copper, in aluminium-magnesium alloys 
the mechanism of plastic deformation in the condi- 
tions of creep and stress relaxation is subject to a 
change when the conditions of deformation are 
varied. As the temperature increases and the de- 
forming stresses are reduced, diffusion processes 
begin to play an ever increasing role. 

At relatively low temperatures and high deform- 
ing stresses it is the shear mechanism which is in 
operation. 

In high temperature regions andlow stresses the 
diffusion mechanism prevails. 

In the intermediate range of temperatures and 
stresses shear plastic deformation is combined 
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with relaxation processes. and the greater reduction in activation energy with 
The alloying of aluminium with magnesium causes increasing stress in the alloys under the diffusion 

extension of the stress region where diffusion pro- mechanism of plastic deformation. 

cesses play an important part in plastic deformation. 

Expansion of the region of diffusion plastic deform- 

ation, takes place as a result of the increase in 

resistance to the development of shear deformation, Translated by V. Alford 
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SHORT REPORTS AND LETTERS TO THE EDITOR 
INFLUENCE OF PLASTIC DEFORMATION ON PHASE TRANSFORMATIONS 
IN THE ALLOY Cvu-Ti* 

Ye.G. NESTERENKO and K.V. CHUISTOV 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 

(Received 20 March 1961) 


Very little attention has been paid at the present Specimens of the alloy heat treated in this manner 


time - the problem of the influence of plastic de- underwent cold plastic deformation in compression. 
formation on the stability of the mpnaiien -febagpee- Table 1 shows the conditions of heat treatment and 
ated in the process of the decomposition of super- the degree of plastic deformation. The specimens 


saturated solid solutions. Only a few electron micro- 
scope analyses have been reported [1, 2], in which a 
it was found that plastic deformation can cause con- 
siderable changes. The present work sets out the 
results of X-ray diffraction analysis of the influence 
of plastic deformation on the structure of crystals TABLE 1 
of the alloy copper-titanium (4.5 % Ti) after pre- 
vious disintegration at 400 and 500° in the course of 
150 and 60 min respectively. 

In [3-5] we showed that after the alloy Cu-Ti had 


Vol 
1: 
19¢ 


Heat of mechanical treatment 


; % deformation after disintegration 


been aged at 400° for 6-300 min, satellites could be ce ] 

observed on the X-ray patterns, indicating the form- 150 min -at 500°—60 min 

ation of titanium-enriched and denuded regions. When ; 

the ageing time was extended to 480 min, this 9.8 4.3 

caused the satellites to disappear and reflections. 32.5 ! 3° 


from an intermediate a’- phase appear. Ageing at 

400° for 1440 min produced no reflections from the 
stable 8- phase (Cu,Ti). It was shown in these works, 
that after Cu-Ti had been aged at 500° for 15-1800 min 


only the reflections from the matrix and the crystals 
plastic deformation of specimens which had been 


of the intermediate phase could be seen on the 
patterns. When the decomposition period was ex- aged at 400° for 150 min no satellites could be 
tended to 2100 min the interferences from the seen on the X-ray patterns, only lines which, in 
a’-phase disappeared and reflections appeared from position and intensity, corresponded to the reflec- 
the crystals of the stable 8 - phase. tions of the stable 8-phase, and these were inde- 
pendent of the degree of deformation (10-55 per cent). 
tion of the conditions of heat treatment for the Cu- It could be assumed that the satellites on the 
Ti alloy. To vary this structural state it would be X-ray pattems of the deformed specimens had not 
necessary to carry out further heat treatment at disappeared, but could simply not be separated 
"quite high temperatures. The structures obtained from the base reflection as a result of the consider- 
after ageing at 400° for 150 min and 500° for 60 min able broadening of the reflections of the matrix. 
were relatively stable. Therefore, after ageing at 400° and 10-55 per cent 
deformation, all the specimens were annealed for 


t Photographs were made in Cu radiation using a 
* Fiz. metal. metalloved., 12, No. 5, 756-758, 1961. URS-50I apparatus. 
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TABLE 2. Heat treatment of specimens and composition of precipitated phase 


Treatment 


Composition of 
electrolytically 
precipitated 
phase 


min 


1 A( 0°—60 min + deformation at 50.3% 
- 400°—60 min + deformation at 49.7 % + 400° — 


60 min 
500°—60 min 


500°—60 min + deformation at 34% 
| 5UU°—60 min + deformation at 37.3% + 400° — 


60 min 


60 min at 400°. Due to the annealing, the matrix 
reflections became narrower, but no other change 
was made in the overall interference pattern, i.e. 
satellites remained on the X-ray photographs of 


these specimens. 
Similar investigations were carried out on speci- 


mens aged at 500° for 60 min and deformed 4.3- 

58 per cent (see Table 1). It was found that deform- 
ations of up to 16.2 per cent on specimens aged at 
500° for 60 min caused no further reflections to 
appear, while after 33 per cent deformation or more, 


interferences could be seen from the stable 8 - phase. 


Further annealing at 400° for 60 min did not alter 
the overall interference pattern. 

It thus follows from these results that cold plas- 
tic deformation of specimens of Cu-Ti previously 
aged at 400° for 150 min or 500° for 60 min, causes 
the following phase variations: 

* 1) 400° 150 min + deformation above 9.8 per cent 


a--a(Ti)*—>2+ 6: 


2) 500° 60 min + deformation by 33 per cent 
or above 


a+a’—>a2+68. 


for a more detailed analysis of the effect of cold 
plastic deformation on the structural state of the 
Cu-Ti alloy after ageing at 400 and 500° we made 
en X-ray diffraction analysis of electrolytically 
precipitated particles from specimens which had 
undergone various different kinds of treatmentt 


« a (Ti)—‘he titanium rich region of matrix causes the ap- 
pearance of satellites on the X-ray patterns. 


The methods of treatment and the results of the 
analysis of phase composition are set out in 
Table 2. The results from the electrolytically 
precipitated powders and the massive specimens 
are in very good agreement. X-ray diffraction 
analysis of the specimens repeats the system of 
phase variations set out above for the previously 
aged Cu-Ti alloy in plastic deformation. The 
reason why we failed to find any a’- phase in the 
massive specimens after plastic deformation must 
that this a’- phase has a tetragonal face-centred 
lattice with parameters which differ very little 
from those of the matrix lattice. 

The results of the present work are in very good 
agreement with the results of paper [6], in which 
it was shown that when the alloy Cu-Ti-Be (2.5 
at. % Ti and 4 at. % Be) disintegrates, no sign of 
satellites can be seen on the X-ray photographs in 
the process of disintegration, nor any intermediate 
a’-phase. In this alloy, only the formation of a 
stable 8- phase is observed in the process of 
disintegration, and this was attributed to deformation 
of the matrix on precipitation of the beryllium from 
the solid solution in the process of ageing. 

From the experimental data obtained in the 
present work the conclusion can be drawn that the 
composition of the enriched sectors in the alloy 
Cu-Ti, the presence of which causes the appear- 
ance of satellites on the X-ray patterns, together 
with that of the intermediate a’- phase, must be 
very close to that of the stable phase, and that the 


+The powder was exposed in a cylindrical camera 57.3 mm 
in diameter with cobalt radiation. 
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process of the formation of crystals of an inter- 
mediate and stable phase from the enriched sectors, 
is diffusionless and polymorphous in type, not 
requiring the nucleation of new centres of co- 
ordination. This conclusion is based on the fact 
that a low degree of plastic deformation (9.8 per 
cent) will cause considerable structural changes 


where there is a highly unstable structural state, 
and that as the structure approaches a more stable 


state, more considerable deformations will be 
required for any noticeable changes in the structure 
of the crystals of the aged alloy to occur. 


Translated by V. Alford 
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THE NATURE OF THE YIELD PLATEAU * 
Ye.A. TROYANSKII and Yu.P. SOLOV’YEVA 
Moscow Institute of Energetics 
(Received 4 February 1961) 


FIG. 1. Structure of steel 12Kh1MF and scratch on the surface of the 
microsection (x 400). 


For a long time the existence of the yield plateau 
on stress-strain diagrams of metal specimens has, 
in agreement with Koster’s hypothesis, been regarded 
as the result of the fracture of the rigid film surround- 
ing the grain of the metal. In a ferrite steel it is cons- 
idered that this film must consist of tertiary cement- 
ite. That this point of view is untenable has been 
shown by Oding [1]. 

Considerable attention has been paid to the 
problem of the yield plateau in recent years. Some 
investigators [2-5] consider that it is due to dis- 
placement and rotation of certain grains with res- 
pect to others. Such a conclusion is based on the 


* Fiz. metal. metalloved., 12, No. 5, 758-759, 1961. 


results of work [2], in which the microhardness 
method failed to show that the centre of the grain 
was strengthened any more than the periphery, in 
steel which had been previously deformed to a 
stress corresponding to the yield plateau. Besides 
this no slip lines could be found in the grains 
after deformation. 

Evidence of the existence of intergranular slip 
[3] is considered to be the disappearance of the 
plateau when the grain size increases above 
0.30-0.35 mm. 

There are, however, serious objections to these 
views on the nature of the yield plateau. Sidorov 
[6] denies the presence of intergranular slip on the 
plateau, asserting that it is due to the fracture of 
brittle interlayers between the grains and the 
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intensive shear deformation of the regtons adjacent 
to the grain boundaries. Gryaznov [7] observed the 
emergence of slip lines in some grains of armco- 
iron on deformation within the yield plateau range. 
He considers this deformation to be the result both 
of intergranular slip and of shear processes in the 
body of the grain. 

To attribute the nature of the yield plateau to the 
intergranular character of deformation or to the 
fracture of brittle sub-layers between the grains is 
obiously in contradiction with the fact of the appear- 
ance of the plateau in monocrystals of iron, zinc, 
cadmium and B- brass [8] where there are neither 
brittle sub-layers, nor boundaries. Relative dis- 
placement of grains is only observed in the process 
of creep atlow speeds. For instance, if aluminium 
is extended by 1 per cent at 140° there will be 
considerable intergranular displacement [9], which 
will increase with rising temperature. If the mechan- 
ism of deformation on the yield plateau is attributed 
to the relative displacement of grains, then with 
rising temperature the length of the plateau should 
increase, while in fact experiments have revealed 


the opposite. 
To test the existence of the relative displacement 


of grains on deformation of a metal within the range 
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DISTRIBUTION OF ETCHING FIGURES IN SINGLE CRYSTALS OF 
PURE ALUMINIUM (99.994 wt. %) AFTER FUSION* 
G.V. INDENBAUM, V.I. TIRASPOL’SKII and Yu.S. CHISTYAKOV 
Krasnoyarsk Institute of Non-Ferrous Metals 
(Received 20 February 1961) 


Geometrically regular corrosion pits (etch 
figures) are known to appear on the surface of 
metal crystals due to the localization of impurities 
along dislocation lines. They can be revealed, if 
special etching agents are used, at the points of 
intersection of dislocations on the surface (see [1] 
for instance). [t has been established for aluminium 
crystals in particular, that the decisive role in the 
formation of etch figures is played by the iron impurities 
(2, 3]. It has been found that high purity specimens 
of aluminium can be classified according to their 
iron content (from 2 x 107‘ to 2 x 10°? wt % Fe) 
from the density and distribution of the figures [2]. 
Not only the density, but also the size of the etch 
figures vary with variation in the purity of the al- 
uminium. [t becomes easier to reveal the block 
boundaries of the substructure when the iron con- 
centration increases, and at a certain stage of 
purity, it is quite impossible to etch the block 
boundaries at all [3]. 

The present work produced an interesting example 
of the fact that dislocation in pure aluminium can 
be revealed by means of etching only if surrounding 
by condensed impurity atmospheres. Thus, with the 
dendritic crystallization of even very pure slumin- 
ium, it is possible to produce a considerable dif- 
ference in impurity content in different sectors of 
the one crystal, in the axes andin the interaxial 
spaces of the dendrites. The appearance of a dif- 
ferent type of defect, dislocations and substructure, 
is unavoidable in the process of growing this kind 
of monocrystal. Its “etchability’4, however, in the 
different sectors, depends on the impurity concentra- 
tion. 

Aluminium type AV000 (99.994 wt. % aluminium) 


was used in this work, the impurity content was as 


* Fiz. metal. metalloved., 12, No. 5, 759-761, 1961. 


follows: Fe not more than 1.7 x 10°. Si not more 
than 1.1 x 107°, Cu not more than 0.6 x 107° wt.%, 
Single crystals in the form of plates 4 x 10 x 65 mm 
were produced by the method of deformation and 
annealing [4]. The single crystals were fused 
during isothermal annealing with temperature 
fluctuations of 660 + 3°. The annealing was carried 
out in an electric muffle furnace. As the specimens 
were placed in a massive copper block heat in- 
sulated by a layer of asbestos, and cooling was 
carried out slowly in the furnace, the conditions 
were created in the crystallizing fluid, which 
assured that the temperature gradient woul be 
negligible. In these circumstances there is no 
reason, during crystallization, for the growth of 
any region to cease as a result of its projecting 
into the supercooled liquid. The conditions neces- 
sary for deadritic growth exist here [5]. After 
solidification the surface of the specimens remained 
practically flat in all cases where superheating 
above m.p. had been only very slight. 

After this the specimens were electrolytically 
polished in a mixture of 1: 1.85 perchloric acid 
(d = 1.55) and acetic anhydride [6]. Current density 
was 0.5-0.8 A/mm?, voltage 25 V, temperature + 
11°C. The etching was carried out for 30 sec at 
10° in freshly prepared etcking medium: HNO, 

(d = 1.4) 47 parts, HCl (d = 1.19) 50 parts, and 
HF (40 per cent) 3 parts by volume [7]. 

The etching fairly revealed the dendritic struc- 
ture of the single crystal (Fig. 1). The dark 
regions are the axes of the dendrites and the light 
ones are the interaxial spaces. Photographs were 
made in oblique lighting, and the etch figures 
can be found in the glossiest parts. Sig. 2 shows 
the distribution of etch figures over a micro- 
sector of one of the specimens. The axes of the 
dendrites arein general free of the figures, but the 
interaxial spaces are covered with regular etch 
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pits, the shape of which depends on the crystallo- 
graphic orientation of the etch surface. Macromosaic 
contours can also be seen. 

There is no doubt that all the impurities which 
are soluble in aluminium are subject to dendritic 
segregation in various degrees. Analysis of the 
equilibrium diagram of aluminium with the basic 
impurities, however, shows that the considerable 
concentration inhomogeneity of our single crystals 
can only be attributed to the peculiarities of the 
Al-Fe system in the low iron concentration range 
[8]. The maximum solubility of iron in the aluminium 
solid solution is very low, of the order of 0.052wt % 
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FIG. 1. Dendritic structure of single crystals after 
fusion: x 1, etching medium [ 7]. 


FIG. 2. Distribution of etching figures on a microsection of one of the 
fused single crystals; x 46, etching medium [7]. 


at 655°C. This also explains the possibility of 
observing quenching and ageing effects even in very 
pure aluminium [2, 9]. Despite the fact that the 
range of crystallization for the aluminium which we 
used does not exceed about 0.2°C, the coefficient 
of iron distribution between the liquid and solid 
phases is very high (the liquidus line of the system 
is almost horizontal to the m.p. of pure aluminium). 
As a result of this there is considerable dendritic 
segregation. The redistribution of iron impurities 

in the single crystals on crystallization causes 
considerable difference in the density of etch 
figures on the axes and in the interaxial spaces of 
the dendrites. This is a further indication of the 
fact that it is the iron which, in very pure aluminium, 
is responsible for the disclosure of dislocations by 
means of etching. Judging from the figures in (2, 9], 


the regions devoid of etch figures in our speci- 
mens must correspond to ar iron concentration of 
up to 2 x 10°* wt. %. 

It must be noted that transcrystalline segregation 
in high purity aluminium (99.998 wt. %) has already 
been observed [10, 11] using the autoradiograph 
method. Polycrystalline specimens were either 
irradiated with neutrons in an atomic reactor, or 
radioactive isotopes were injected into them. The 
writers of [11] also used etching in aqua regia to 
investigate the distribution ofimpurities. The 
results are very similar to ours, but aqua regia 
causes too much of the surface to be etched away. 
The best way of observing dislocation etching 
pits in aluminium is by the use of an etching 
medium [7]. 

Besides this, after studying the kinetics of 
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FIG. 3. Sector of one of the fused single crystals after annealing at 500° 
for 3 hr; x 46, etching medium [7]. 


homogenization, some idea can be obtained regard- 


ing the rate and nature of impurity diffusion in ex- 
ceedingly dilute solid solutions of aiuminium. This 


kind of problem was not tackled in our work, although 


some tests were carried out with homogenizing 
treatment. After annealing at 300° for 22 hr some 
regions had altered completely, but in the parts 
which had previously been free of etch figures, 
dendritic axes appeared to be smaller than the 
figures. The most typical picture is obtained after 
annealing for 3 hr at 500° (Fig. 3). In this case 
etch figures appear on the dendritic axes, with 

the same density but smaller in size, and it is pos- 
sible to observe all the intermediate sizes. This is 
evidence of equalizing diffusion andis not in con- 
tradiction with the remarks made above regarding the 
role ofimpurities in the formation of etch figures. 
Nevertheless, photographs made by French writers 
[2, 3] clearly indicate that the density of the etch 
figures reduces and their size increases with 

the purity of the aluminium. The usual explanation 
put forward for this is based on the fact that, 
although they promote the appearance of disloca- 
tions, impurities at the same time weaken the stress 
field around the dislocations caused by theim, and 
cause a reduction in the size of the etching pits 
[12]. We do not feel that this kind of explanation 

is universal or that the problem of the interaction 
of dislocations and impurities in pure aluminium 


is fully explained. 

In conclusion the writers wish to express their 
gratitude to I.I. Novikov for his valuable advice 
in discussing the results obtained. 


Translated by V. Alford 
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PROBLEM OF THE HIGH TEMPERATURE OXIDATION OF NIOBIUM* 
V.I. ARKHAROV, A.F. GERASIMOV and T.V. USHKOVA 
Urals State University 
(Received 17 July 1961) 


Brauer [1], who investigated synthetically prepared 


niobium oxides, came to the conclusion that three 
modifications exist in the oxide Nb,O;; a low tem- 
perature one stable up to 900°C, a medium one 
stable in the range 1000-1100°, and a high temper- 
ature one stable above 1100*. These are designated 
L, M and H respectively. In earlier works however 
(2, 3] only two Nb,O; modifications were found; 

an a-modification stable below 900° and a 8 -mod- 
ification stable above 900°. The a and 8 Nb,O; 
modification found by Goldschmidt [3] were related 
by him to the L and H types of Brauer. Klopp, Sims 
and Jaffee [4] indicate that Brauer’s M modification 
is formed at 1000°, but they do not put forward any 
concrete X-ray diffraction analysis data in their 
article and for this reason their conclusions must be 
approached with care. In the same work an abnorm- 
ally high oxidation rate was found for niobium in air 
at 800°. 

We undertook the investigation of the oxidation 
of metallic niobium in air between 700 and 1200°C. 
Kinetic measurements were made by the continuous 
weighing method, the phase composition of the 
products of oxidation was determined by X-ray dif- 
fraction analysis using Fe-Kg radiation and the 
Debye method with cylindrical and flat specimens. 
Kinetic measurements confirmed the earlier results 
[4] which showed there was a linear law of size 
growth and abnormal oxidation rates at 800° (see 
Fig. 1). 

Klopp, Sims and Jaffee [4] have indicated three 
possible reasons for this abnormality: 

a) influence of the geometry of the specimen; 

b) variations in the humidity of the air from test 

to test; 

c) sintering of the scale at high temperatures. 

We studied the kinetics of oxidation on specimens 
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FIG. 1. Dependence of weight increment (g/cm’*) 
on oxidation time. 


of various shapes and varying humidities of the 
room air. These factors were found to have no 
noticeable influence on the nature and arrangement 
of the kinetic curves. In all cases there was con- 
siderable increase in weight at 800° which was 
greater than at 1000 and 1100°. As for proposition 
c), in our opinion there is not sufficient basis for 
it. The m.p. of the scale is above 1200° and in the 
process of the experiment it is not subject to 
forces which might cause it to be sintered at 900° 
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or below. Thus the reason for the anomaly must be 
sought elsewhere. 

After 3 hr oxidation at 700, 800, 900, 1000, 1100 
and 1200° the shape of the specimens was reminiscent 
of a Maltese cross, andin all cases there was a very 
thin, dark sub-layer between the metal and the 
porous light-coloured thick layer of scale, and this 
was firmly attached to the metal. Phase analysis 
showed that the phase Nb,O; was present in the 
thick layer and in the thin sub-layer (there was 
texture in the sub-layer). This is in agreement with 
the results of other authors [3, 4]. No other oxides 
of niobium were found. 

From an interpretation of the X-ray patterns the 
conclusion was drawn that two Nb,O, modifications 
exist, which fit in very well with the a- and 8 - 
modifications proposed by Goldschmidt. At 800° 
the a- modification is present in the dark sub-layer 
and the thick layer, and at higher temperatures only 
the B-modification is present everywhere. 

Certain differences were noticed on X-ray patterns 
of specimens oxidized between 900 and 1200°. With 
rising temperature the position of the available 
lines is maintained, but part of the broadened lines 
divide into clearly defined “doublets”. These 
changes in the X-ray patterns can perhaps be attri- 
buted to some redistribution of the niobium atoms 
in this complex lattice without change, or without 
significant change, in its symmetry. This possibility 
has already been indicated [3]. Further investigatioas 
would be necessary to explain the nature of this 
redistribution. 

We note that the disagreements in approaching the 
polymorphism of Nb,Os are, in all probability, re- 
lated to this possibility of the redistribution of 
atoms in the lattice, which possibility is very 
sensitive to the conditions of the experiment and 
which will cause some changes in the X-ray diffrac- 
tion pattern. 


In the light of this, Brauer’s M type cannot be 
regarded as a separate modification, as its X-ray 
diffraction pattern differs very little from that of 
the H form. 

To find the reason for the abnormal oxidation 
course at 800° certain tests were undertaken with 
niobium being oxidized in oxygen at a pressure of 
160 mm Hg. The niobium specimens were oxidized 
at 800 and 1000° and then the weight increment was 
determined. it turned out that the rate of oxidation 
was higher at 800° than at 1000°. This is in con- 
tradiction to the results of paper [4]. [t is difficult 
to express any definite opinion regarding the reason 
for this divergence, the more so as, in the work 
cited, the investigation of the rate of oxidation of 
niobium ia oxygen was carried out by one method 
and oxidation in air by another. 

As the a-8-modification transformation takes 
place at 800° it is natural to relate the slow 
niobium oxidation in air and oxygen above 800° to 
this polymorphous transformation. The a-modifica- 
tion is metastable and around the temperature of 
the transformation, which is between 800 and 900°, 
its lattice is distorted, making diffusion through it 
easier. Diffusion takes place slowly through the 
lattice of the stable 8- modification. For this 
reason considerable lowering of the rate of oxida- 
tion is observed at 900°, as compared with that 
at 800°. 


Translated by V. Alford 
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MAGNETIC SUSCEPTIBILITY OF LIQUID METAL ALLOYS* 
E.L. DUBININ, 0.A. YESIN and N.A. VATOLIN 
Institute of Metallurgy, Uzbek Filial of the Academy of Sciences U.S.S.R. 
(Received 5 March 1961) 


At the present time only a smal! number of works 
have been published on the determination of magnetic 
susceptibility ‘X) of metallic fusions at high temper- 
atures [1-7]. But even the amount of experimental 
material available permits a number of interesting 
conclusions regarding the structure of binary fus- 
ions. The fact is, that in para- and diamagnetic 
materials the X value is determined by the amount 
of free electrons causing the magnetism. Variation 
in this quantity, which is possible where there is 
considerable interaction between neighbouring 
atoms, may influence magnetic moment and through 
it, the X value. 

In this work the magnetic susceptibility isotherms 
of Fe-Mn, Fe-P and Nin-Si fusions were studied. 
Faraday’s method was used for the \ measurements 
and the experimental set-up was similar to that 
used in the work carried out by Vertman and 
Samarin [2]. Graphite tube in bifilar form was used 
as a heater. This excluded the influence of its own 
magnetic field. The alloy was put into quartz amp- 
oules which had small openings of 0.5- 1.0 mm at 
the end. The magnetic susceptibility of pure iron 
and manganese was determined in substances 
placed in alundum crucibles. The ampoule was 
weighed on an analytica! balance type ADV-200, 
using a combined chain consisting of quartz and 
tungsten links. The optimum position and length 
of the chain was found by repeated measurements 
with weighed portions of Mohr’s salt. These corres- 
ponded to the maximum retractive force. All the 
measurements were carried out in an argon atmos- 
phere which had been carefully purified of oxygen 
(0.009 per ceat O,) and at positive pressure. This 
reduced the penetration of air from outside and 
oxidation of the alloy as a result. The alloys 
themselves were also prepared in an argon atmos- 
phere. Temperature was maintained at 1400 + 10°C 
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FIG. 1. Magnetic susceptibility isotherms of liquid 
alloys: 
Fe-P (curve 1 ); 
Fe-Mn (curve 2); 
Mn-Si (curve 3 ). 


and was measured by aplatinum/platino-rhodium 
thermocouple protected from the furnace atmosphere 
by an alundum casing. The thermocouple was 
placed under the ampoule and was below the work- 
ing zone of the furnace. It therefore had first of all 
to be graduated according to a thermocouple which 
had been placed in the heating zone. The electro- 
magnet was supplied with d.c. Flux density for 
each kind of alloy was maintained constant within 
the range 4000-7000 oersted. The ampoule was 
weighed at the experimental temperature both in the 
presence of field and without it. The retractive 
force was determined from the weight difference 
and magnetic susceptibility X was found from this. 
For the study of Mn-Si alloys, the starting 
materials used were electrolytic manganese (99.99 
per cent) and crystalline silicon (99.99 per cent). 
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The weighed portions of the alloy were around 15g. 
Flux density was 6900 oersted. The alloys inves- 
tigated contained from 0 to 50 per cent silicon. 
They were all paramagnetic at the test temperature. 

It can be seen from Fig. 1 that the curve for the 
dependence of magnetic susceptibility on concentra- 
tion has a small salient point at 34% Si, which 
corresponds to the composition of the chemical 
compound MnSi. Similar salient points were also 
obtained in studying e.m.f. in the system Mn-C-Si 

The charge materials for the Fe-Mn alloys were 
carbonyl, particularly pure iron and electrolytic 
manganese. The weighed portions were 15 g. Flux 
density was 5300 oersted. All the alloys were 
paramagnetic at test temperature. Magnetic sus- 
ceptibility in this case increased almost linearly 
with the iron concentration of the alloy. This ap- 
pears to be due to the absence of chemical com- 
pounds between Fe and Mn. 

To produce Fe-P alloys of the required composi- 
tion ferrophosphorus (25% P) was added to the 
carbonyl iron. The weighed portions were 6 g. Flux 
density 4200 oersted. All the alloys were para- 
magnetic at-test temperature. The dependence of the 
magnetic susceptibility of these fusions on the 
concentration of phosphorus is reflected by a curve 
which has a salient point of 22 per cent. It corres- 
ponds to the chemical compound Fe,P. The presence 
of this salient point is in agreement with the data 
obtained from e.m.f. measurements [6]. 

It follows from these data that at 1400°C iron is 
more strongly paramagnetic than manganese. The 
magnetic susceptibility figures which we found for 
pure iron at 1400° are in very good agreement with 
those produced by Vertman and Samarin [2]. The 


salient points on the curves X- composition in the 
alloys Mn-Si and Fe-P are probably due to the 
abrupt increase in the rate of growth of the number 
of covalent bonds. Until the composition corres- 
ponding to the chemical compounds is reached, only 
a small number of electrons pair up and the com- 
pounds MnSi and Fe,P have paramagnetism compar- 
able with that of pure Fe and Mn., This is in agree- 
ment with the results obtained on solid MnSi [10, 
11] and Fe,P [12]. 

After the formation of a chemical compound the 
number of paired electrons begins to increase 
rapidly and the paramagnetism of the alloys falls. 
The well-known confirmation of this fact is that 
solid MnSi, is diamagnetic [10] 1nd FeP has longer 
paramagnetism than Fe,P [12]. Thus the curves 
for the dependence of magnetic susceptibility on 
concentration in the liquid alloys Mn-Si and Fe-P 
give further evidence of the existence of atomic 
groupings in the fusions, which are relevant to 
the compounds MnSi and Fe,P. 

Similar results have been obtained in other 
investigations. Thus Vertman and Samarin [1, 6] 
found that the abrupt change in the value in certain 
compositions of the liquid alloys Fe-Si and Ni-Si 
indicate the presence of chemical compounds in 
them. A similar picture is observed for diamagnetic 
materials also. According to [4], there is a mini- 
mum on the isotherm for the magnetic susceptibility 
of arseno-palladium melts, which corresponds to 


a chemical compound. 


Translated by V. Alford 
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CHANGES IN PLASTICITY DUE TO THE TEMPERING OF COLD-DRAWN 
WIRE IN THE RANGE 300- 600°* 


K.F. STARODUBOV, V.K. BABICH, A.F. SIUKHIN and L.I. GASI’L 
Dnepropetrovsk Metallurgical Institute 


(Received 29 January 1961) 
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When cold-deformed steel is tempered in the 
range 300-600° there is a deviation in the monotonic 
change of mechanical properties [1]. The purpose 
of the present work was to make a detailed study 
of the variation as regards length and percentage 
reduction of area due to the tempering of wire-drawn 
lead patented steel type 50. Lead patented steel 
can undergo considerable total reduction without the 
continuity of the metal being destroyed. The linear 
dimensions of the diameter of the specimen and of the 
neck at the point of rupture were measured on a 
[ZA-2 comparator at a precision of up to 0.001 mm. 
Percentage elongation was determined on a gauge 
length of 70 mm. To avoid oxidation and decarburiz- 
ation the specimens were tempered in a vacuum. 
Tempering times were 1, 5, 10, 15, 30 and 60 min. 
The tests were carried on at intervals of 25° 


FIG. 1. Dependence of elongation on temperature and tempering time for steel 
50 deformed 61.6 per cent. 
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between 300 and 600°C. X-ray photographs were 
made in iron radiation in rotation cameras with a 
drum 149 mm in dia. [nterfereaces from planes (110) 


and (220) were studied. The line broadening 
effects due to the smal! size of the blocks and to 


II type lattice distortions were distinguished from 
one another by the method suggested by Kurdyumov 
and Lysak [2, 3]. The degree of deformation was 
61.6 and 87.5 per cent. 

When the tempering temperature rose to above 
200° elongation increased, reaching 6-7 per cent 
at 300-350°. Further increases of temperature to 
500-550° (Figs. 1 aad 2) had practically no effect 
on this value. The square points in Figs. 1 and 4 
on the co-ordinate axis show the initial value of 
relative elongation and reduction. The variations 
in percentage elongation observed in the course 
of 1 hr soaking time are ringed in Figs. 1 and 2. 
As can be seen from Fig. 2, percentage elongation 
only varies with time at quite low temperatures 
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FIG. 2. Dependence of elongation on temperature and 
tempering time for steel 50 deformed 87.5 per cent. 


(up to 350°) and quite high ones (550° or above). 
Between 350 and 550° neither tempering temperature 
nor time, in the range of 1-60 min which we studied, 
caused any particular change in elongation. The 
various points on Figs. | and 2 are for different 
soaking times. 

investigation of the variation of percentage 
elongation with degree of deformation shows 
that when deformation increases from 61.6 to 
87.5 per cent the increase in percentage 
elongation becomes less, throughout almost the 
entire range of tempering temperatures studied, 
although in the initial state, here and in other cases, 
the value is roughly the same. Only at 600° is per- 
centage elongation roughly the same in both cases. 
While the delay in the increase of percentage 
elongation with rising temperature is observed in 
the steel deformed 87.5 per cent between 350 and 
550°, in the 61.6 per cent deformed one, this takes 
place at higher temperatures. 

In the temperature range in which there is a 
delay in the increase of percentage elongation, 
the percentage reduction of area is also less 
(Figs. 3 and 4). These figures show curves for 
soaking times of 1, 15 and 69 min. As for the 
curves for soaking times of 5, 10 and 30 min, 
they fall in the interval between the first and are 
not given in this illustration. The extent to which 
percentage reduction of area is diminished is con- 
siderably dependent on the degree of deformation. 


Reduction of area p.% 
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FIG. 3. Dependence of reduction of area on temperature 
and tempering time for steel 50 deformed 61.6 per cent. 
1-—60min; min; 3 —1 min. 


The higher the deformation, the higher will be the 
drop in percentage reduction of area. When the 
soaking time is varied the minimum on the per- 
centage reduction of area curves moves along the 
temperature scale. Thus increase of soaking time 
from 1 to 60 min will cause the minimum to shift 
50-75° lower; at 300-450° the reduction of area 
occurring as a result of increased soaking time is 
reduced, and between 500 and 600° on the other 
hand, it is increased, although the absolute value 
of percentage reduction of area is very little dif- 
ferent at these minimum points. The variation in 
percentage reduction of area can thus be attributed 
to diffusion processes which take place at temper- 
atures above 300°. At 300° and above diffusion 
displacemerts of iron atoms are possible. These 
will cause a reduction in the distortions of the 
crystal lattice and reduce strength. Strength does 
in fact fall sharply starting from a temperature of 
300-350°. 

The reduction in crystal lattice distortions can 
be judged from the considerable weakening of the 
diffusion background on the X-ray patterns. At 
quite low tempering temperatures (300- 450°), when 
the diffusion of iron atoms to a considerable dis- 
tance is difficult, dislocations appear to withdraw 
cowards grain and block boundaries. At the same 
time they are redistributed. In certain parts of the 
sub-grains dislocation concentrations cause the 
creation of further interfaces between the blocks 
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FIG. 5. Variation in block size of a- phase in dependence 
on temperature and tempering time for stec] 
50 deformed by 87.5 per cent. 
1 — 60 min; 


2—15min; 3 —1 min. 


(polygonization), which should be accompanied by 
block fragnientation. Investigation of the change in 
block sizes (Fig. 5) shows that in the temperature 
range in which there is a reduction in percentage 
reduction of area, the blocks do break up to a 
considerabie degree. This kind of dislocation redis- 
tribution appears to explain the nature of the 
change in percentage reduction of area. Increased 
looseness of the grain and block boundaries, due to 
the withdrawal of dislocations to them, and also 
the non-uniform distribution of dislocations through 
the sub-gruins (polygonization) will cause a reduc- 


FiG. 4. Dependence of reduction of area on temperature and tempering time for steel 
50 deformed 87.5 per cent. 
2 — 15 min; 


ISO 600 °C 


3 — 1 min. 


tion in the plasticity of steel on tempering. 
This proposed mechanism for the change in 
percentage reduction of area and in elongation 
provides a very good explanation of the facts 
observed experimentally. These are the displace- 
ment of the temperature range in which the drop in 
percentage reduction of area is observed, change 
in the temperature range in which there is a delay 
in the increase in percentage elongation in depend- 
ence on degree of deformation, increased drop in 
plasticity with increased degree of deformation, 
influeace of tempering time on temperature at which 
minimum reduction of area is observed, change in 
percentage reduction with time and also the varia- 
tion in the absolute value of this minimum. Sub- 
sequent increase in the ductility of the steel can be 
attributed to the process of recrystallization 
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DAMFING CAPACITY AND ELECTRICAL RESISTIVITY OF IRON-CHROMIUM ALLOYS* 
M.A. KRISHTAL and V.I. BARANOVA 
Tula Institute of Mechanics 
(Received 20 March 1961) 


Iron-chromium alloys are of considerable technical 
and scientific interest. {n steel, chromium easily 
forms carbides and being in solid solution with the 
iron, it may have a considerable influence on the 
nature of the distribution of carbon atoms which can 
influence their mobility and the properties of the 
steel to a considerable degree. In the present work 
the damping capacity and electrical resistivity 
methods were used to investigate the kinetics of 
carbide dissolution on heating before quenching, 
and also the features of carbon distribution in a 
solid solution containing chromium. 

Wire specimens 0.7 mm in dia. and 160 mm long 
were used. They first underwent a full anneal in a 
vacuum at 1050°C for 2-3 hr, to standardize the 
structure. Grain size was practically the same, 
70-100 yp, in specimens with differing concentrations 
of chromium. The specimens were quenched in 
water from 720-1200°C. Heating and soaking before 
quenching was carried out in quite a high vacuum. 
Soaking time before quenching was 10-40 min, de- 
pending on chromium concentration. Damping 
capacity was measured by the torsional! method in a 
vacuum relaxation oscillator type RKF-MIS-3, and 
resistivity, on a JOD-49 apparatus. Damping capa- 
city and electrical resistivity are known to be highly 
sensitive to phase and concentration transformations 
in alloys. 

Annealed alloys which contain chromium carbides 
do not have a damping capacity maximum on their 
temperature curves. This is due to the low carbon 
concentration of the ferrite and the preferred dis- 
tribution of its atoms around the chromium cones. 
Quenching from 800° caused peaks to appear on the 
damping capacity curves around temperatures of 
30-40° and 170°C (Figs. 1 and 2). As the tempera- 
ture rose the height of the 40° peak increased, 
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reaching a maximum at 1050° and after this it 
diminished. 

The second damping peak behaves in rather a 
different manner. As the quenching temperature is 
raised it increases in value (Fi-. 3). The height of 
both the peaks is a function of -iromium conceatra- 
tion. 

The damping capacity effects found in ferro- 
chromium alloys are due to the processes of dis- 
solution of chromium carbides during heating in the 
y-range and redistribution of carbon atoms in the 
solid solution. Due to thermal motion, at high 
temperatures some of the carbon atoms in the solid 
solution pass from positions “around the chromium 
atoms”, where they are mainly to be found at low 
temperatures after annealing, to the neighbourhood 
of the iron atoms. This rearranged state of the 
alloy is anchored by quenching. When damping 
capacity changes, the carbon atoms which had 
occupied the interstitial sites of the body-centred 
lattice, migrate to the stress field around the iron 
atoms, causing a peak on the damping capacity 
curve at 40°C. According to [1, 2], the magnitude 
of the 40° peak is proportional to the carbon con- 
centration. 

As quenching temperature rises, the solubility 
of the carbides increases and a greater proportion 
of the carbon passes into solution, causing con- 
siderable tetragonal lattice distortion. This is the 
reason for the rise in the 40° peak. 

Calculation showed that the activation energy 
of carbon atom migration to the neighbourhood of 
iron atoms is around 20,000 cal/g at. which is in 
good agreement with published data for iron not 
containing chromium. 

The reduced height of the 40° peak on quenching 
from 1100° or higher is due to the formation of 
vacancies [2, 3]. Carbon atoms which have been 
dissolved in the y-iron on the interstitial principle, 
encounter vacancies at high temperature and spread 
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FIG. 1. Damping capacity of alloy containing 1 at. % chromium after quenching 
from various temperatures. 


into them. Carbon atoms which occupy vacancies 
do not create tetragonal lattice distortions and, 
consequently, they have no influence on the level 
of the 40° damping peak. As a result of quenching 
at high temperatures the carbon content of the 
interstitial positions is reduced, causing a reduc- 
tion in the height of the 40° peak on the damping 
curve. The measurements carried out showed that 
the 40° peak also falls with rising chromium con- 
centration. This may to some degree be connected 
with the reduced solubility of carbon in ferrite in 


alloys with a high chromium content. 

The high temperature peak on damping curves 
appears to be due to the migration of carbon atoms 
around chromium atoms in a stress field. This may 
be accompanied by their transition to positions 
around iron atoms, and also by interaction with 
dislocations. The activation energy of the relaxa- 
tion process corresponding to the high temperature 
peak is around 30,000 cal/g at. which may provide 
a basis for the above proposition *. The height of 

(see footnote on the next page) 
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FIG. 2. Damping capacity of alloy containing 2 at. % chromium after quenching 
from various temperatures. 
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FIG. 3. Dependence of high temperature peak on quench- 
ing temperatures; 
1 — Cr = 2 at.%; 
2—Cr=1 at. %. 
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FIG. 4. Electrical volume resistivity of alloys after 
quenching from various temperatures: 
1 —Cr=2 at. % 
2—Cr=lat.% 


* (footnote from previous page) 
In [5], on the basis of our own and published data, it 
was shown that the activation energy of atom migration 


to dislocation fields is also around 30,000 cal/g at. 
This mechanism may also occur in the present case, as 
the alloys have undergone quenching. 
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the high temperature peak increases with the quench- 
ing temperature. This is due to increased solubility 
of the chromium carbides. Rising chromium concen- 
tracion in the solid solution leads to an increase in 
the probability and number of carbon positions 
(around chromium atoms) and in the binding force in 
the crystal lattice. Electrical resistivity measure- 
ments of the quenched alloys were also made. 
Volume resistivity decreases with rising quenching 
temperature, reaching a maximum at 1050°. Quench- 
ing from 1100° or above causes an increase in volume 
resistivity (Fig. 4). The diminished volume resisti- 
vity with increased temperature is due to the dis- 
solution of chromium carbides and the subsequent 
homogenization of the alloy. If the alloys are heated 
to a temperature above 1050° vacancies will be 
formed, which will behave like impurity atoms, in- 
creasing electrical resistivity. 

On the basis of these experimental data the follow- 


ing conclusioas are drawn: 
1) With rising quenching temperature there is an 


increase in the carbon concentration of the solid 


solution due to the increased solubility of the 
chromium carbides. 

2) The carbon concentration in interstitial posi- 
tions in the solid solution increases on heating to 
1050°, while the heating of ferro-chromium alloys 
investigated to above 1050° causes vacancies to 
be formed, which are then occupied by carbon, and 
thus the concentration in the interstitial positions 


is reduced: 
3) Accelerated chromium carbide dissolution 


begins with heating to above 800°. 

4) The 40° damping peak in iron-chromium-carbon 
alloys is due to the migration of carbon to the stress 
field around the iron atoms; 

5) The high temperature maximum (170°) seems to 
be due to the migration of carbon atoms in the solid 
solution around the chromium atoms, and possibly 
to their transition from positions around iron atoms. 


Translated by VY. Alford 
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PROBLEMS OF THE STRUCTURE OF CHROMIUM AT TEMPERATURES OF 700-1700°C* 
B.M. VASYUTINSKII, G.N. KARTMAZOV and V.A. FINKEL 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 19 April 1961) 


A large number of works have been devoted to 
the study of the crystal structure of chromium and 
its alloys at high temperatures. In [1-3], X-ray struc- 
tural analysis methods were used on quenched spe- 
cimens together with *'=ctrical conductivity mea- 
surements at high temperatures, to show that chrom- 
ium is present in the cubic face-centred § - phase 
which exists between ter>eratures of 1840 to 
1930°C. These results were produced on Ni-Cr alloys 
with varying concentrations and were extrapolated 
for pure metal. The possibility of the existence of 
B-phase is indicated in [4], in which Ni-Cr alloys 
of varying concentrations were studied. In [5-10] 
it was found that chromium has five allotropic forms. 
The investigations were conducted on quenched 
specimens of chromium with Ta, Mo, Fe, W, Co, Ni 
and Nb. Dilatometric studies of pure chromium right 
up to m.p., on the other hand, revealed none of the 
irregularities characteristic of phase transformations, 
and for this reason the proposition was made that 
there is no high temperature polymorphous trans- 
formation in chromium [i], 12]. 

The present paper puts forward the results of 
investigation of the structure of chromium between 
700 and 1700°C. Photographs were made in a high 
temperature X-ray camera [13]. The flat specimen 
was fixed between two water-cooled holder elec- 
trodes and placed in a chamber which could be 
evacuated. After evacuation to 10°* mm Hg the 
chamber was filled with argon up to a pressure of 
300 mm Hg. The specimen was heated by electric 
current. The heating system included an electron 
voltage stabilizer and a system of current trans- 
formers which produced an output current of up to 
600 A. A beryllium window was provided to admit 
the beam and let out the reflected rays. The 
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chamber could be tilted in the plane perpendicular 
to the beam in the course of the photography, which 
provided for line continuity even with coarse gran- 
ular samples. X-rays were provided by a focusing 
tube [14]. The distance between it and the speci- 
men could be varied evenly by means of a fine ad- 
justment screw. The reverse photography magazine 
was attached to the cathode part of the tube. 

The tests were carried out on specimens of 
99.94 per cent pure rolled chromium, which were 
80 x 10 x 2 mm in size. The photographs were made 
in chromium anticathode radiation. The distance 
between the specimen and the film was 60 mm, 
which provided good resolution of the a- doublet 
and reasonably high accuracy in determining the 
lattice parameter (not less than 0.0005.kX). The 
geometry of the arrangement provided for the 
photographing of reflections from the (211) plane 
of body-centred chromium in the whole range of 
temperatures. For reference purposes photographs 
were also made at room temperature. The lattice 


parameters of the chromium were tabulated. 
Fig. 1 shows the dependence of lattice parameter 
on temperature. The experimental points plot inte 


a reasonably monotonic curve which, of course, 
indicates the absence of polymorphous transforma- 
tions in pure chromium in the temperature range 
investigated. The temperature dependence of the 
coefficient of linear expansion calculated from 
these lattice parameters, is shown in Fig. 2. 


Translated by VY. Alford 
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PROBLEM OF THE INTERMEDIATE PHASE ON THE MARTENSITIC 
TRANSFORMATION OF AUSTENITE * 
N.F. LASHKO 
(Received 1] April 1961) 


The martensitic transformaiion in carbon steels 
is usually assumed to take place by means of the 
direct transformation of the cubic face-centred 
crystal lattice to a body-centred one (cubic or 
tetragonal) in a definite temperature ranze Mp. 
At a certain temperature, 1/3, plastic deformation 
may also cause martensitic transformation. In a 
number of iron alloys and alloyed steels martensitic 
transformation has been found with the formation of 
an intermediate ¢-phase with a hexagonal crystal 
structure on the system: y + € + a@,. The stability of 
the €-phase depends on the alloying of the steel 
and the deyree of plastic deformation [1-10]. This 
phase was discovered a long time ago, but it was at 
first assumed to be a carbide in the system Fe-\n- 
C (1). 

The juestion naturally arises, is not the formation 
of the intermediate e-phase a necessary stage in every 
martensitic transformation in steels and iron alloys, 
but which has not been discovered due to its short 
existence in a narrow temperature rane ? 

Of course, a considerable amount of facts must be 
accumulated if this problem is to be resolved. 

In alloys on the Fe-Ni system (13-20% Mn) and 
certain steels of the Fe-\in-C system, martensitic 
transformation is known to occur with the formation 
of an intermediate and relatively stable ¢- phase. 
For some time the ¢-phase was considered to be in 
equilibrium in the system Fe-Mn. [ts non-equilibrium 
state was revealed in [2, 3]. Practically no e- phase 
was found on martensitic transformation in Fe-Ni 
alloys. If part of the manganese content in certain 
Fe-Mn alloys is replaced by nickel or chromium, 
this does not suppress the formation of the inter- 
mediate ¢-phase. Substitution of part of the man- 
ganese by cobalt however, does suppress the forma- 
tion of the ¢-phase, or at any rate make it difficult 
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to reveal by the methods available. 

An intermediate ¢-phase has also been found in 
certain alloys on the system Fe-Ni-Cr where they 
contain 18% Cr and 8% Ni (5, 6, 7, 9, 10], and 
also in steels of the transition class type 17:7 
(17% Cr, 7% Ni) [8]. In these steels the intermediate 
€-phase was only found as a result of plastic 
deformation. 

We succeeded in finding a €-type phase in steels 
type 17: 7 containing additions of ferrite-formers. 

In particular, it was found in steel containing 
0.09% C, 16.05% Cr, 6.88% Ni, 1.05% Al, 

0.58% Sin and 0.54% Si. This steel has three phases 
in the e qilibrium state: austenite, a small amount 
of 6- ferrite and carbide (Cr, Fe, Ni),,;C, After the 
steel had been cooled from a temperature above 
1000° in air or water, four phases were found: 
austenite (a = 3.58 A); 5 - ferrite (a = 2.87 A), 
carbide Me,,C, (a = 10.60 A) and the e-phase with 

a hexagonal crystalline structure and unit cell 
parameters of c = 4.95 A, @= 3.10 Aand c/a = 1.60. 
The e-phase was isolated by the method of anode 
phase division in an electrolyte, containing 300 g 
of KCl, 50 g ammonium citrate, 50 ml. hydrocloric 
acid per litre of water. Current density was 1 A/cm?. 

Table 1 sets out the calculations made from 
X-ray photographs of precipitation particles from a 
specimen quenched at 1050°, which were made in 
copper K,, - radiation. 

After the quenched steel had been heated at 
760° for 1.5 hr new nuclei of a carbide phase, 
Me,,C,, were found. As a result cf having been 
denuded of carbon, the austenitic phase (y) became 
increasingly unstable and a considerable portion 
of it was transformed into martensite. The martensite 
precipitations in the austenite are clearly visible 
in the microstructure of the aged steel. In the 
anode particles precipitated from the aged steel 
only the Me,,C, phase found as the martensite of 
this kind of steel dissolves together with the 
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TABLE 1 


Intensity Akl 


austenite in the electrolyte in question. In this 
steel the martensite seems to differ very little from 
austenite in electrode potential, while the e- phase 
and the austenite are very different. 

On the basis of these facts, it can be said that 
the e-phase which is formed in this steel after 

_cooling from 1050°, is an intermediate product of the 
disintegration of austenite to martensite. 

In the process of quenching, in some parts of the 
austenite diffusionless rearrangement of a close- 
packed structure of the face-centred type into a 
close-packed structure of the hexagonal type appears 
to take place. The subsequent process of disinte- 
gration takes place in these sectors with the forma- 
tion of the tetragonal structure of martensite. 

It is interesting to compare the changes in the 
metastable phases formed on quenching in a number 
of the steels aud alloys studied above, with certain 
titanium alloys. When iron alloys containing a 
small concentration of the alloying element are 
quenched, cubic martensite is formed. In alloys with 
higher concentrations of alloying elements it is 
tetragonal martensite. When the austenite-forming 
elements are increased it is mainly metastable 
austenite, together with the e-phase, which is formed 
on quenching. With an even greater increase of 
austenite-forming elements, only austenite will be 
formed on quenching (metatable or stable). In a 
number of alloys of titanium with the transition 
metals, the variation in metastable phases on 

quenching occurs as follows. {n alloys containing 
small concentrations of the alloying element, an 

a’ martensitic phase is formed on quenching, 

which differs very little in structure from the parent 


phase (hexagonal crystal lattice). In alloys con- 
taining a higher concentration of the alloying 
elementana*-phase is formed, with a rhombic 


crystal lattice. As the concentration of the elements 
stabilizing the high temperature 8 - phase increases, 


a metastable 8 - phase will be formed together with 
the other metastable w- phase (with a hexagonal 
structure which differs from the stable a-phase in 
its lattice parameters). When the concentration of 
the 8-stabilizing elements is even higher, only 
the metastable or stable 8- phase will be formed. 

The same factors seem to lie behind the analog- 
ous structural changes which take place during 
the quenching of iron and titanium alloys. Accord- 
ing to [11], the change in the metastable trans- 
formations in titanium alloys can be determined 
approximately from the electron structure of the d 
shell. Due to insufficient data regarding the quan- 
titative dependences of the electron structure of 
iron alloys and their metastable transitions, it is 
not possible to make any definite conclusions on 
this aspect. 


Translated by V. Alford 
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INTERACTION BETWEEN METALLIC URANIUM AND CARBON DIOXIDE * 
A.F. BESSONOV and V.G. VLASOV 
Urals Polytechnic Institute 
(Received 12 May 1961) 


210°) mg/cm? 


a|% 


a 
a 
— 


10 20 30 40 50 60 70 80 


90 100 110 


Time, min 


FIG. 1. Isotherms for the oxidation of uranium in carbon dioxide gas. 


In current designs for high temperature reactors it 
is usually gas cooling which is used. For various 
reasons due to the high temperature range, water 
cannot be used in this type of reactor [1]. For this 
reason the process of uranium oxidation by carbon 
dioxide is of considerable theoretical and practical 
interest. 

This work presents the results of a study of the 
kinetics of interaction between metallic uranium and 
carbon dioxide. The kinetics of this process were 
studied on a high vacuum apparatus of the circula- 
tion type: 

1) in a temperature range of 500-900°C with 
carbon dioxide pressure of 420 mm Hg (see Fig. 1); 

2) in a pressure range of 20-700 mm Hg ata 
temperature of 750°C; 

3) with and without the circulation of carbon 
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dioxide in the reaction space at different 
temperatures and pressures. The characteristics of 
metallic uranium, together with the preparation and 
processing of specimens, have already been des- 
cribed by us in paper [2]. In the initial stages of 
the process oxidation is subject to an approximately 
parabolic time law which changes into a linear one 
after a certain period of time. In the carbon dioxide 
pressure range investigated, the rate of the process 
is proportional to the square root of the pressure 
(see Table 1) and is not dependent on the circula- 
of gas in the reaction space. 

The apparent activation energies of the process 
of interaction of metallic uranium with carbon 
dioxide are, about 17 kcal/mole at ¢ < 780°, and 
about 26 kcal/mole at t > 780°. By means of 
X-ray diffraction analysis [2], it has been estab- 
lished that the oxidation of metallic uranium by 
means of carbon dioxide at 900° only goes as far 
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TABLE 1. Rate of oxidation of metallic uranium by 
carbon dioxide at 750°C and varying pressures 


| 
720 | 420 | 100 


| 


as a-UO,. When the products of the reaction were 
studied under a microscope it was found that the 
scale on the uranium consists of two layers of 
uranium dioxide. The inner layer is continuous and 
dense and the outer is porous and liable to spalling 
(Fig. 2). 

To find out the extent to which the components 
participate in the total process of diffusion through 
the forming scale, experiments were carried out 
using platinum wire and mechanical damage as inert 
markers. The oxidation was carried in an atmos- 
phere of carbon dioxide (p = 500 mm Hg) at 660°. In 
all cases it was found that the marks remained on 
the surface of the scale formed in the process of 


oxidation. When specimens in the shape of rectang- 
ular parallelepipeds were oxidized, the “oxidation 


body” has the characteristic cruciform. 


To find out whether uranium monoxide was formed 
during high temperature oxidation, we carried out 


the following tests. A uranium compact specimen 
which had been newly oxidized at room temperature 
after etching in cold concentrated nitric acid and 
repeated washing in ethy! alcohol, was placed in 
the crucible of a reaction high vacuum tubular 
furnace, and after a vacuum of 10°* mm Hg had 


been reached, it was heated to 700, 800 and 900° 

(a different specimen was used for each temperature) 
and soaked for 2 hr. Then the specimen was cooled 
to room temperature, still remaining in the same 
vacuum. It was found that the surface colour of 
specimens soaked at 800 and 900° changed from 
golden yellow to grey. That of the specimen soaked 
at 700° remained unchanged. X-ray patterns from 

the surface of the grey specimens indicated the 


FIG. 2. Surface of uranium specimens oxidized in 
carbon dioxide gas at 600°C. 


presence of some new lines which did not appear 
on those of the golden yellow ones. Published 
sources [3] indicate that uranium monoxide is of a 
grey colour. 

It is known to be thermodynamically impossible 
to oxidize uranium dioxide to the higher oxide by 
means of carbon dioxide. We have confirmed this 
experimentally [4]. In air the surface of uranium at 
room temperature becomes rapidly covered with a 
fine dense layer of uranium dioxide, and as a 
result of this the silvery-white colour of the etched 
specimens changes into golden yellow. 

The parabolic time law which describes the 
oxidation process in its initial stage, permits the 
assumption that at this stage of the development of 
the process, it is mainly the dense layer immediately 
adjacent to the surface of the unoxidized metal 
which is growing. However, the depth of the dense 
layer can only increase up to a certain limit. As 
the specific volume of the forming uranium dioxide 
is higher than that of the metal, considerable 
internal stresses will arise in the developing 
layer. These will lead to spalling and the formation 
of a large number of pores. Besides this there will 
be considerable grain growth of the dioxide as a 
result of recrystallization. The scale will thus 
consist of two layers of the uranium dioxide: an 
inner, dense one and an outer, porous one (the 
second layer is formed on the first in the process 
of oxidation). As the depth of the dense layer 
increases the diffusion of the reacting component 
through it will be retarded and the rate of growth 
of the first layer will become equal to that of 
the second. From this moment onwards the depth 
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of the dense layer remains constant, and as the 
diffusion of components through the dense oxide 
iayer will be limited, the total rate of oxidation will 
also become constant, i.e. the linear time law will 
prevail. 

A cruciform “oxidation body” is typical where there 
is predominant diffusion of the oxidizer. This, together 
with the absence of porosity in the zone adjacent 
to the scale-metal interface, and the results of the 
tests with inert marks, indicate the preferred diffus- 
ion of the oxidizer. Comparison of the activation 
energies of volume self-diffusion of uranium (90- 
125 kcal/mole) and of oxygen (29.7 kcal/mole) in 
uranium dioxide [5], support this conclusion. If 
these figures are compared with the activation 
energy (17 kcal/mole) found in this work, it can be 
seen that, besides the diffusion of oxygen through 
the interstitial sites of the crystal lattice, a not 
unimportant part is also played by diffusion along 
grain boundaries. As the oxygen dissolved in the 
UO, and U,0, is in the atomic state in the oxide 
lattice interstitial sites [6-8], it must be assumed 
that it is mainly in the atomic state when it is dif- 
fused through the scale. Atomic oxygen is formed 
on the dissociation of the carbon dioxide adsorbed 
on the surface of the scale. Uranium dioxide appears 
to be the catalyst for this reaction. 

The irregular variation in the apparent activation 
energy of the process at temperatures above 780° 
cap be explained as follows. When Ug changes into 


U,, (traneformation point 772°) there is a reduction of 
0.7 per cent in the volume of the metal [9]. This 
makes the difference between the specific volumes 
of the uranium and uranium dioxide even greater. 

As a result there will be an increase in internal 
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Novosibirsk Electro-Technical Institute 
(Received 13 March 1961) 


Iron-aluminium ordering alloys containing up to 
30 per cent aluminium have high binding energy. At 
the order-disorder transformation points however, 
there is the possibility of "weakening” defects 
being created which cause peak variations in the 
diffusion constants analogous to the variations in 
elastic constants. There may be some connexion 
between these two phenomena. 

In the present investigation tests were carried out 
on the corrosion resistance of a series of cast 
ferro-aluminium alloys containing from 2.49 to 
29.36 per cent aluminium and small additions of 
carbon, silicon, manganese, sulphur and phosphorus, 
not exceeding a total of 0.5-0.8 per cent in fused 
tin type 0-1. The starting alloys were in the an- 
nealed state. The specimens were placed in molten 
tin at temperatures ranging from 500 to 1100°C, for 
2 hr. After this they were removed. The iron content 
of the tin was determined, and from this increase 
the weight loss of the alloy was calculated 
(q, mg/cm? hr). 

Fig. 1 shows the dependence of the weight losses 
of the alloy on the temperature of the molten tin. 
The g = f (t®, % Al) lines reveal the abnormal in- 
crease in weight losses in the temperature range 
around 500-600°C. The variation in the corresion 
resistance in dependence on temperature is in 
accordance with this type of experiment. Between 
1000 and 1100°C most of the alloys suffer an abrupt 
reduction in corrosion resistance. 

The absolute level of the solubility of all these 
alloys is very little dependent on the aluminium 
concentration of the alloy, and is only quite small 
for alloys Nos. 3 to 6 (see Fig. 1). Alloy steels 
1Kh13, 1Kh18N9 and 1LKh18N9T, titanium and nickel 
tested by the same method and at the same temper- 
atures, have lower resistance than that shown by 
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the two ferro-aluminium alloys. The nickel is 
completely dissolved in the tin at 500°C. 

The ferro-aluminium alloys investigated belong 
to the ordering class. According to Bradley and 
Jay [1], in binary ferro-aluminium alloys containing 


more than 10 per cent aluminium, slow cooling will 
create the conditions for superstructural transition, 


the temperature range of which was found in the 
paper by Sykes and Evans [2]. In an equilibrium 
cooled alloy the beginning of the transition from 
the disordered to the ordered state lies in a tem- 
perature range 550-580°C, depending on the alum- 
inium concentration. Subsequent investigations of 
iron-aluminium systems produced no variations on 
these temperature and concentration boundaries 
for the superstructure transitions [3, 4]. 

Ordering ferro-aluminium alloys are character- 
ized by increased interatomic binding energy, 
which is indirectly related to the abrupt increase 
in hardness, reduction in plasticity, and increase 
in creep resistance in these alloys with rising 
aluminium concentration in the optimum concentra- 
tion range. The magnitude of the bond in the 
crystal lattice of ordering ferro-aluminium alloys 
increases, approaching its maximum in alloys of 
the composition Fe,Al. The figures given in [5] 
for instance, for diffusion coefficients and activa- 
tion energy of self-diffusion of iron in alloys with 
aluminium show that, around the Fe,Al composi- 
tion, the self-diffusion ofiron is at a minimum. 
For this reason it is to be expected that these 
alloys will show high corrosion resistance in a 
liquid melt, especially where the corrosion is due 
to the simple removal of iron and aluminium atoms 
to the liquid medium, without being complicated 
by the formation of chemical compounds or 
eutectics etc. on the interface between the alloy 
and the reagent. 

The presence of phase transformations in the 
structure of an alloy is known to reduce its 
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resistance to gas or any other kind of high tempera- 
ture corrosion. It is also known that the processes 
of disordering, which are related to the disappear- 
ance of superstructure domains, are accompanied 
the appearance of stresses in the lattice. Similar 
effects occur during the reverse process of ordering 
[6]. In particular, creep resistance increases on 
ordering, and yield point is raised. On this basis it 
can be proposed that the anomalous drop in corrosion 
resistance in the temperature range of the order- 
disorder transformation is due to the following: 

a) The disappearance of domain structure which 
accompanies a rise of temperature in the ordered 
alloy, causs irregular variation in the elastic pro- 
perties of the lattice, due both to the appearance of 
new interatomic neighbours and the formation of 
aon-relaxed defects on interdomain boundaries. 
These reduce the binding energy and activation 
energy of self-diffusion of the components, and 
thus assist corrosion. 

b) The formation of lattice defects and the diffus- 
ion of these defects in the crystal may possibly 
change the general character of the interaction of 
the alloy with the environment, as the Cottrell 
atmosphere created around the dislocation-type 
defects will drive some of the aluminium out of the 
solid solution of aluminium with iron, reducing the 
corrosion resistance of the alloy. (The reason why 
it is predominantly aluminium that will pass into 
the atmosphere is that its ionic radius is less than 
that of iron.) 

Thus, the ordering process which takes place 
when ferro-aluminium alloys are heated, is accom- 
panied by a drop in corrosion resistance in molten 
tin in the temperature range of the superstructure 
transition. The disordered alloy is again resistant 
in molten tin. The most probable explanation for 
this kind of anomaly is the appearance, in the 
moment of ordering, of defects which weaken the 
interatomic bond, on the assumption of a simple 
mechanism of corrosion fracture by the removal of 
iron atoms from the surface of the specimen into 
the molten tin. 


Translated by VY. Alford 
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FIG. 1. Solubility of ferro-aluminium alloys in molten 
tin at different temperatures: 
1- 7% Al; 2— 9.17% Al; 
3 — 16.11% Al; 4 — 18.44% Al; 
5 — 21.62 % Al; 6 — 25.76% Al. 
Dashed line — presumed course of the dependence 
{not tested). 
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INFLUENCE OF CONDITIONS OF FREEZING AND OF CERTAIN IMPURITIES 
ON THE CAST STRUCTURE AND PURITY OF CHROMIUM* 
D.Ye. OVSIENKO and G.A. ALFINTSEV 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
(Received 25 February 1961); 


It seems from an analysis of published data [1-8], 
that the ductility of chromium can be effectively 
increased by refining and subsequent heat and 
mechanical treatment. However, there are probably 
other methods of reducing the brittleness of chrom- 
ium. In particular, very little attention has been 
paid to the problem of the effect of grain size on the 
properties of cast chromium. {n the present work 
an attempt was made to carry out investigations 
along these lines. 

Variations of the grain size of an ingot can be 
made by varying the conditions of freezing and by 
4introducing additions of boron, tantalum and beryl- 
lium which form the refractory chemical compounds 
CrB,, Cr,Ta, and CrBe with chromium, as also 
nitrides and carbides which may promote the forma- 
tion of crystallization centres and, consequently, 
affect the structure. 

Experimental procedure. Starting material was 
refined electrolytic chromium containing 0.003% O, 
0.006 % N, 0.08% Fe and 0.05 % Si. The chromium 
was melted in a h.f. furnace in aluminium or 
beryllium oxide crucibles and was bottom-poured 
into a copper mould. The dia. of the teeming hole, 
5.5 mm, the distance from the crucible to the mould, 
150 mm, and the size of the mould, 20 mm internal 
dia., 80 mm height, remained the same in all ex- 
periments. 150-200 ¢ compacts were made in the 
crucible and then the working space was evacuated 
to 10°*- 10°75 mm Hg. The chromium was heated to 
1000-1200°C and degassed in a vacuum in the 
course of 2-3 hr. Then the apparatus was filled with 
purified argon andheated to the m.p. of the metal. 
After the chromium had been melted for 15-20 min and 
poured into the mould, the system was cooled to 
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room temperature. Then the inzot was removed. All 
the alloying additions were injected under the 
same conditions in the form of chromium hardeners 
with 3 per cent alloving elements, representing 
single-phase solid solutions. For the boron- 
chromium allo., they contained the eutectic of the 
solid solution and chemical compound CrB,. The 
cast ingots weighed about 150 g and had an alloy- 


ing element concentration of 0-0.2 wt. %. 

To reveal the microstructure the ingots, which 
were 20 mm in dia. and 40-50 mm high, were slit 
through the axial plane, polished, and then etched 


in a mixture of hydrochloric acid (59 ml) and 

ethyl alcohol (100 ml) at 60°C. Specimens 2 x 4 x 
26 mm were cut parallel to the axis in order to 
carry out bend tests with the aim of finding the 
transformation temperature from the brittle to the 
ductile state. To relieve the stresses arising in the 
course of solidification and mechanical treatment, 
tue specimens underwent at 2-3 hr anneal at 

1100° in a vacuum of - 10-5 mm Hg before 
testinz. Then, to remove the rouch surface layer, 
they were electrolytically polished in a mixture of 
65 per cent orthophosphoric and 2] per cent sul- 
phuric acids with 14 per cent water, at a current 
density of 3 A/cm?. They were placed on two 
supports 20 mm apart in the furnace. An indenta- 
tion with a radius of 1] mm was made in the centre. 
Bending was carried out at the rate of 25 mm/min. 
The temperature at which the bending angle reached 
90° was taken to be that for the transiormation 

from the brittle to the solid state. 

Results. Keeping temperature constant and all 
the other conditions the same, the rate of cooling 
of the metal teemed into the mould was varied 
either by varying the mass of the mould or the 
amount of metal teemed. As these latter were 
reduced, and consequently the rate of cooling in- 
creased, grain size was reduced and the 
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FIG. 1. Macrostructure of ingots: 
a — pure chromium, 160 g; 
b — pure chromium, 90 g; 
c — chromirm alloyed with 0.05 % B. 


Alloying element content wt. % 


FIG. 3. Dependence of nominal transformation 
temperature on alloying element 
concentration. 


crystallization zone ratios varied. For example, 
when the weight of the ingot was reduced from 190 
to 90 g, average grain size diminished from 0.8 to 
0.25 mm (see Fig. 1 a-b). The columnar crystal 
zone, which occupied most of the volume in the 
more granular ingot (Fig. 1 a) was almost completely 
displaced by the zone of fine equiaxed crystals 
(Fig. 1 5). 

Tantalum and beryllium have very little effect on 
the cast structure of chromium. At all concentra- 
tions the crystallization zone ratio and grain size 
remain roughly the same as in the case of pure 
chromium. At 0.007% Be and 0.08-0.1% Ta there is 


Grain size, mm 


FIG. 2. Dependence of nominal transformation 
for pure chromium on grain size. 


a certain amount of grain growth with a very 
clearly defined columnar zone. 

The greatest modifying effect is displayed by 
boron of which additions as low as 0.02 per cent 
caused considerable grain refinement and almost 
completely eliminated the zone of columnar 
crystals (Fig. 1c). The extent of grain refinement 
increases with boron concentration. The effect is 
particularly strong at low boron concentrations of up 
to 0.1 per cent. It is possible that the structural 
refinement of the ingot takes place as a result of 
the formation of crystallization centreson the re- 
fractory particles of the chemical compound of 
boron with chromium, which cculd not be dissolved 
during the course of the melt, or perhaps on other 
impurities such as carbides or nitrides of boron. 

The results of the bending tests on pure and 
alloyed chromium are shown in Figs. 2 and 3 
where each point represents the middle of a tem- 
perature range of about 15-20° in which the brittle 
to ductile transformation takes place. The figures 
in Fig. 2 show that in pure chromium the tempera- 
ture of the brittle to ductile transformation falls 
as the grain size of the ingot is reduced. The 
elements introduced, as can be seen from Fig. 3, 
have various effects on the brittleness 
of chromium. Boron additions cause quite a consi- 
derable increase in the transformation temperature, 
which continues to rise with increasing boron 
concentration. Up to 0.1 wt. % additions of tanta- 
lum lower the embrittlement threshold while higher 
concentrations raise it. A similar pattern is 
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observed with additions of beryllium. In this case 
there are only certain quantitative differences: the 
minimum transformation temperature is lower and 

the corresponding beryllium concentration, 0.007 per 
cent, is about ten times less than in the case of 
tantalum. [n some way this appears to be due to 

the fact that in the tests with beryllium additions 
the chromium used was purer and had a lower trans- 
formation temperature (Fig. 3). As for the reasons 
for the general rise in the ductility of chromium 
under small concentrations of beryllium and tantalum, 
the only possibility seems to be that the elements 
introduced are bonded with free nitrogen present in 
the chromium, and thus reduce the brittleness. It 
seems that, at higher concentrations, each of these 
will have its own particular influence on ductility. 
This proposition, however, requires further experi- 
mental verification. 

A comparison of the results shows that ductility 
increases in pure chromium as grain refinement is 
more advanced, but in chromium alloyed with boron 
on the other hand, it is reduced. Where the alloying 


element is beryllium or tantalum, even very 
granular specimens have higher ductility than do 
fine-grained specimens of pure chromium. This 
provides a basis for the proposition that it is not 
structural factors which predominate in changes 
in ductility of alloyed chromium, but something 
else, possibly the interaction between these 
elements and other impurities, their distribution 
and their effect on the properties of grains and 
boundaries etc. However, this does not mean that 
variation in the cast alloyed structure will not 
generally play any part. On the contrary, the 
figures obtained for pure chromium show quite 
convincingly that at these concentrations of alloy- 
ing additions structural variations must have a 
considerable effect on ductility. 


Translated by V. Alford 
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The mechanism of the bond between the metal 
in a coating (M.) and that in the base (M;) is ex- 
plained differently in textbooks, according to 
whether the processes are thermal or electrolytic. 
With hot coating, an intermediate compound layer 
arises on the M. -M, interface [1] which is usually 
regarded as the binding layer which assures the 
strength of the coating. In the case of electrolytic 
coatings, in some works [2, 9, 11], the existence of 
the intermediate layer is assumed, while in others 
it is taken that adhesion is provided as a result of 
the emergence of electrostatic adhesion forces 
different types of atoms [3]. On this basis it could 
be proposed that the strength of the bond between 
M, and M, can be provided without any intermediate 
layer. 

The strength of electrolytic precipitates varies. 
With all other conditions equel, the strength of tin 
and zinc precipitates on iron is quite high and that 
of lead on iron or tin on chromium is quite low. 

We carried out electron diffraction and electron 
microscope analyses with the aim of stydying the 
two solid metallic phases, which appear on the 
interface, and cf finding out the binding mechanism 
between the metals of the base and the electrolytic- 
ally precipitated layer. The temperature factor, 
which might affect the emergence and development 
of diffusion processes, was excluded. All precau- 
tions were also observed so as to prevent the 
oxidation of the base metal which could have a 
considerable influence on the interaction between 
the contacting surfaces [4]. 

The investigations were carried out as follows. 
Tin or zinc were electrolytically deposited on to the 
surface of specimens of rimming sieel 0.8 KP; zinc 
was deposited on to the surface of copper plates 
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TABLE 1. Interplanar distances (d) of boundary 
layers (A) 


| Fe—Zn | Cu—Zn- 


Intens- Intens- 
| @ 
ty} ity 


whe 


and tin on to the chromium-plated surface of steel 
specimens. Before the electrolysis the specimens 
were electrolytically polished and rinsed in distil- 
led water after which hydrogen was passed over 
them. Then, without completing drying them, they 
were transferred toa cell for the deposition of 
the coating. Electrolysis was carried out under 
the usual conditions for stationary tanks using 
standard electrolytes at 20°C. After layers 5-10 p 
thick had been deposited the coatings were 
gradually stripped off in layers by electrochemical 
etching in a 10 per cent solution of HCl or by 
chemical treatment in a solution of metanitro- 
benzoic acid and the zinc coating was removed in a 
5 per cent solution of sulphuric acid and so on. 

«This kind of treatment requires considerable 
experinence on behalf of the investigator. 

Success depends on whether it is possible to 
catch the moment between the final dissolution 
of the coating and beginning of dissolution of the 
base. The whole cycle of operations from deposi- 
tion of the coating to placing the specimen in the 
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FIG. 1. Electron diffraction pattern from intermediate 
Fe-Sn layer. 


FIG. 2. Electron microstructure of intermediate 


Fe-Sn layer, x 6000. 


FIG. 3. Electron diffraction patterns of intermediate layers: 


a— Fe — Zn; 


electron diffraction apparatus (EM-4) took 5-10 min. 
After being studied on the electron diffraction ap- 
paratus the specimens were examined under an 
electron microscope by the carbon replica method 
[5]. A considerable number of electron diffraction 
patterns and photomicrographs were obtained as a 
result of the investigation of the surface on the 
base-coating interface. Some of them are shown 
below, together with the results of the calculations. 
Tin coating on steel base (O8KP). The inter- 
metallic compound yFe, ,,Sn was found on the 
base-coating interface. This has a hexagonal lat- 
tice, a = 4,22 4 ¢ = 5,20 A, c/a = 1.23. The 
lattice parameters calculated from the electron 


diffraction data (Fig. 1) are in very good agreement 
with published figures [6]. The depth of the inter- 


mediate layer film is of about the same order as that 


5 — Cu — Zn. 


of the thin oxide films on metals. The compound 


yFe, .,Sn was oriented in respect of the steel 

base in such a way that its crystal lattice plane, 
(201) in one group of crystallites and (212) in the 
other, was parallei to the plane of the base which 


was a sheet meta! texturized as a result of roll- 
ing. No texture is present in the base metal on the 
electron diffraction patterns, and no texture maxi- 
ma were found. On the electron photomicrographs 
in Fig. 2 it can be seen that the transition zone 
consists of fine particles (100-200 A) distributed 
over the whole surface of the specimen, and quite 
coarse ones (400-500A) concentrated along block 
boundaries which form a peculiar kind of network. 
Further heating causes the formation of the com- 
pound FeSn, together with the yFe, ,,Sn com- 
pound in the intermediate layer. This is known to 


2 
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be the main phase in the diffusion layer in hot-dipped 
tin plate [1]. 

Zinc coating on steel and copper bases. An inter- 
metallic compound was found on the iron-zinc in- 
terface. According to the information in Fig. 3a and 
Table 1 the intermetallic distances obtained do not 
completely agree with any known compounds. An 
intermetallic compound was also found on the 
copper-zinc interface (see Fig. 36 and Table 1). 

Tin coating on chromium. No compounds consist- 
ing ofthe two elements could be found when study- 
ing the interface between tin and chromium. Certain 
tentative conclusions can be drawn from the results 
of this investigation. Compounds of the My, -M, type 
must arise, even at room temperature, during the 
electrolysis, due to cation discharge on the surface 
of the cathode. These compounds are of course not 
the result of a diffusion process, but of reaction 
processes on the surface of the base metal. There is 
every reason to suppose that when potential strong 
enough to overcome the ion bond between the M, 
and the medium (electrolyte) is applied, M, -M, 
compounds will be formed [7]. These compounds will 
primarily arise in the sectors with the highest 
concentration of lattice imperfections in the metal 
of the base, where the possibility of interaction with 
the medium is greater than in the rest of the surface. 

The degree of affinity between the two metals 
and the level of the adhesive forces of their atoms 
(ions) may under well-known conditions cause new 
intermediate formations. The new formations are thus 
physical and chemical expressions of the binding 
forces of the different types of atoms (or ions). This 
type of bond exists in dependence on the abilities of 
the metals to form different compounds or solid sol- 
utions between them and, consequently, it can be 
studied from the constitution diagram M.-M,. For 
instance, from the Fe-Sn, Fe-Zn, Cu-Zn etc. 
constitution diagrams it follows that these metals 
form metallic compounds or solid solutions. The 
Cr-Sn or Pb-Fe constitution diagrams on the other 
hand, completely exclude any form of bond between 
these metals. Thus the bond which arises between 
iron and electrolytically deposited tin will cause 
the formation of a new intermediate phase which 
will strengthen the coating. No bond arises between 
chromium and electrolytically deposited tin and the 
the tin coating can easily be removed mechanically 
from the surface. The nature and structure of the 
compounds formed depends on the thermodynamic 
conditions of their formation. It is suggested that 


with electrolytic deposition at room temperature 
(20°C) there is first the energetically favourable 
formation of non-equilibrium metastable phases 
which then, with further heating transform into 
stable ones [8, 12]. 

In the light of these facts it is interesting to 
recall the well-known dependence between the 
wettability of the solid surface of a base by a 
molten metal coating and the constitution diagrams 
of the interacting metals [10]. 

The state of present researches does not permit 
the assertion that the strength of a metal coating 
on a metal base is in all cases due to the emergence 
of a new intermediate phase. Wider and more pre- 
cise generalizations should be possible as a 
result of further researches along the lines com- 


menced. 


Translated by V. Alford 


REFERENCES 


. A.I. Vitkin, G.P. Plotnikova and G.A. Kokorin, 
Dokl. Akad. Nauk. SSSR, 119, 2, 268 (1958). 


. Z.H. Billiter, Osnovy gal’vanostegii 
(Principles of electro-plating), 
ONTI (1937). 


. V.I. Leiner and N.T. Kudryavtsev, Osnovy 
gal’vanostegii (Principles of electro-plating } 
Metallurgizdat (1953). 


. N.I. Kadaner and A.Kh. Masik, Trud. chetvertogo 


soveshch. po elektrokhim. ( Proc. 4th conf. on 
electrochemistry} Akad. Nauk SSSR, 
512 (1959). 


. A.V. Smirnova and G.A. Kokorin, Zav. lab., 
12, 1446 (1957). 


G.B. Bokii, Vved. v. kristallokhimiya 
(Introduction to crystallochemistry), Izd. MCU, 
313 (1954). 

. D.P. Zasimovich and N.Ye. Nechayeva, 
Trud. chetvertogo soveshch. po elektrokhim. 
(Proc. 4th conf. on electrochemistry), Akad. Nauk 
SSSR, 541 (1959). 


M. Volmer, Kinetik der Fasenbildung, Dresden 
(1939). 


. LI. Kornilov, Nikel’i ego splavy (Nickel and its 
alloys), Izd. Akad. Nauk. SSSR. (1958). 


. V.V. Frolov, Yavleniya smachivayemosti metallkh. 
poverkhnostei rasplavlenn. metallami 
(Wettability of metals surfaces by molten metals), 
Symposium: Trud. MVTU, 24 (1953). 


Short reports and letters to the Editor 


1l. K.L. Gorbunova and P.D. Dankov, 0.S. Popova, Yu.M. Polukarov and A.A. Sutyagina, 
Zh. fiz. khim., 27, 11, 1725 (1953). Fiz. metal. metalloved., 


12. K.L. Gorbunova, V.V. Bondar’, V.P. Moiseyev, 9, 1, 73 (1960). 


157 
VOL. 
12 
1961 


VOL 
12 
19€ 


c 


OPTICAL PROPERTIES OF A GYROELECTRIC MEDIUM. 
lil. THE PROBLEM OF REFLECTION FOR A GYROELECTRIC MEDIUM* 
G.A. BOLOTIN and A.V. SOKOLOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 2 March 1961) 


The solution to the boundary problem of light reflection can be found by using the 
equations for the eigenvectors of the electric field strength of light waves propagated in a 
gryroelectric medium [1, 2]. Formulae have been derived which define the dependence of the 
reflective power of the specimen and Kerr effect characteristics on the orientation of the 
gyrotropy axis. The results can be used when considering the problems of studying domain 
structure of ferromagnetics by means of the magneto- optic Kerr effect. 


To find the relations connecting the field vectors of reflected and incident waves we will, as is usual, 
expand the vector of electric field strength in each of the waves into the components which are perpend- 


icular and parallel to the plane of incidence of the light wave (s and p components ) 


A,{us|; H =A, (ms]— 4,ms. 


R,{u‘'s|; H  R,{m's}—R, ms 


Here E and H are the field vectors of the incident wave; u is the refraction unit vector of wave m, so that 
m= mu, where m is the refractive index of the external medium; E’, H’ and wu’ are analogous values for the 
reflected wave; S is the vector perpendicular to the plane of incidence gnd equal to s = [mq], where q is the 
unit vector of the normal to the interface. 

If the electrical properties are anisotropic the optical properties of a medium will be very different 
from those in an isotropic case. A gyroelectric medium is bi-refringent, and the field strength vectors of 
the light wave, as has been shown in [2], will, in each of the refracted waves, have a strictly determined 


orientation with regard to the refraction vector of the wave in question and the axis of gyrotropy. With 


precision up to that of the scalar factor t)=+e vectors are defined by the formulae 


e. = (2'— m_) (m.b)m, — z’ [2’ (1 -- — mi]b + 


t 


(2) 
i-’Qim b){m_ bj 


where 1 ~- = mM; ~ m,(m, 8) / is the square of the complex refractive index for the two waves propagated 
in the medium; m3 = €) is the same value in the absence of gyrotropy; b is the unit vector in the direction 
of the gyrotropy axis. 

In this case the most important feature of the field of the light wave is that the conditions of trans- 
versality have been broken. This can be seen by the presence of a component in e,, which is parallel to 
the refraction vector. Therefore, to solve the boundary problem for a gyroelectric medium there is no point 
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in expanding the refracted waves into the s and p components. In the first place, the very possibility of 
such an expansion depends on the law of field transversality, and secondly, where there are two refracted 
waves this type of expansion would lead to a very much larger number of unknowns than in the numerical 
equation for their determination. On the basis of these considerations we will take the waves in the medium 


in the form: 


= H, = A,[m 


=A_e_, H_=A_[m_e_]. 


Expansion (1) and equations (3) must be inserted in the system of boundary conditions for the field 
amplitude [3]: 


E+E’ —E,—E_=kgq:; 
H +H’ —H, —H_ =0. 


where k is a certain constant. This leads to the following expressions 


A,s + A, [us] + R,s + R,[u’s] — — A_e_ 


A,{ms] — A,ms + R,[m‘s] — R,ms — A, [m.e,] —A-[m_e_] = 0. (5) 


After scaiar multiplication of each of the (5) equations by the vectors s and p = [qs], we get a system of 
four equations for determination of amplitudes R,, R, and A, from the known amplitudes of the incident 
wave A, and A,: 


A,S? + R,s* — A, (sey) — A- (se_) = 0; 


—A, (pe,) —A_ (pe_) = 0; 


A,ms* + R,ms* + + A_s(m_e_] = 0; 
—R,s?4—A4 (sey) — (se-) = 0. 


In deriving system (6) use was made of the fact that the refraction vector m; can be represented in the form 


m, =p + where mi. 


for any wave. 
Infringement of the condition of field transversality means that the boundary conditions are not 
separately satisfied for the s and p components, as occurs in the case of reflection from an isotropic 
medium. In the presence of gyrotropy therefore, the two-dimensional vectors (R,, Ry) and (4,, Ay), 
which are related to the reflection matrix, will have both diagonal and non- diagonal elements 


(7) 
R, Tes A, 

The r,,, "sp? "ps and Tpp» values obtained from solution of system (6) can be represented in a symmetrical 
and compact form if the vectors Z,,, and Z‘,,, are introduced, which are related to the eigenvectors of field 
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strength e, by the relations [3] 
Zi.2 = (m? + m* mi)es; = (m*+m‘* mz)es. 
Then the reflection matrix elements will have the form: 


(8Z,) (PZ) — 
— (sZ5) 
m (SZ) —(8Z3) 
%  (sZ})(pZ5) — (825) (p21) 

(8Z,)(PZ3) — (PZ)) 
m (p25) (sZ5) 
(pZ,) (SZ5) — (PZs) (SZ;) 
(s2{) (925) — (523) 


Besides this, for the refracted waves we shall have: 


2s* 43 (pZ5) As — 2s*m » (sZ5) A, 


VOL. 


(sZ;) (pZ5) — (sZ5) 
12 I 2 2 1) 


2s* 4? (pZ;) A, + 2s*m (sZ}) Ap 
(sZ;) (pZ5) — (8Z5) (pZ}) 


A_ = 


SZ1,2 = 1 — n+) (ses): 

= n( + (sex); 
pZ1,2 = (m?— (pez) + (Ges); 
pZi,2 = (m + 77) (pes) (ges). 


In a certain state of incident wave polarization, one of the refracted waves will disappear. Assuming for 
instance, that A_ = 0, we shall find that this action takes place where 


In this case we shall have: 


3 
where 
Ap 
As m (12) 
— 4); (13) 
pZ, 
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It must be soted that the usual Fresnel formulae do not hold for R, and A, even where there is no bi- 
refringence. This is because the conditions of transversality are not satisfied (the transversality condition 


is satisfied for the s component). Similarly, for A, = 0 we shall have 


z. 
(14) 
m 


Ap 
As 


Taking account of (2), relations (7) to (9) provide a full and general solution to the problem of 
reflection and refraction. In low. gyrotropy fields an expansion of the relevant equations can be obtained to 


powers of the first magneto- optic parameter (. Keeping to terms of the first order of smallness, we find: 


No 


my, (m yb) Q 


my,m> Q 


Ps 


9 
2 2 
(sb) Q 


- 


pp (x + To) (s* 4 


Defining tire orientation of unit vector b in respect of the three vectors gq, p, 8 by means of angles a, f, y, 


i.e. assuming that 


qb = cosa;- pb = scos%; sb = scos 


(where s = m sin 5; ¢ is the angle of incidence) and representing the m), b and my b values in the form: 


m,b = (pb) +- 1, (qb) = s cos 3 + 2, 


m, b = (pb) — (qb) = scos 3 — cos z, 


it can be shown that the non- diagonal elements of the reflection matrix, which in ithe case of a gyroclectric 
medium can be described as Kerrian, will be linear in respect to the direction cosines of the gyrotropy axis 


around the triplet q, p, 8. The reflection matrix elements can therefore be represented in the form: 


= ir, cos 2 + ir, cos 3: 
lps = 17, COSA — tr, COS 3; 
lop = COS 7, 
where ir,, ir,, ir, are the Kerrian elements of the reflection matrix, which arise on polar (cos a= 1), 


meridional (cos 8 = 1) and equatorial (cos y = 1) magnetization. 
If the angles of incidence and refraction are inserted in (15), using the relations. 


R= MCOS; = Mycosy 


(w is the angle of refraction in the absence of gyrotropy), and also a relative refractive index is introduced 


4 
= 
| (15) 
+ %o)* {s? + 
Vol 
ki 
19¢ 
ro 
: 
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for the medium n = mo. /m, then the following expressions can be derived from r,, 7, rs: * 


ncoszY 


ry = ; 
icos + ncos)(n cos + cos 


cos psing Q 


= 
cos (cos + (mcos + cos 
2cos sine Q 


(n ccs ¢ + cosu)* 


The values r, and rp are determined by the usual formulae: 


cos ?—Acos 


cos¢ + ncosy 
ncos¢ — cosy (18) 


ncos + cos 


Equation (2) loses its meaning for the case of equatorial magnetization, where (m,b) = 0 . Calculation 
shows that if the eigenvectors €, corresponding to this case [2] are used, then for the components of the 


reflection matrix we shall get the following precise formulae: 


7+ To 
(n — (s* — + im?Q (bs) 


12 


(r + n_) (s? — — im2Q (bs) 


= =2(1 —Q%—s*, (bs)= = I. 


It is interesting to note that ‘pp assumes various different values depending on whether the orientation 
of the gyrotropy axis is parallel or antiparallel to vector 8. In low gyrotropy fields (19) is transformed into 


(17). 


Knowing the reflection matrix elements it is easy to calculate the reflection coefficient of a magnetized 


mirror 


Rex 


The formula for R, which is found by calculating (16), has the form 


R =R,+ Ry cosa + cos 3 + Rscos 5, (21) 


where Ry is, the reflection coefficient in the absence of gyrotropy and R,, R, and R, are additions to it 
which are small in the case of low gyrotropy, and which arise in polar, meridional and equatorial magnetiza- 
tion respectively. These additional terms depend on the state of polarization of the incid nt wave and are 


found from the formulae: 


* The formula for r, is somewhat differeat from an analogous expression which was derived in [4], as we were not 
able to allow for the dependence of the cos ¥ + value on the parameter Q in the presence of gyrotropy. However, for 
good metals this difference must be fairly insignificant as cos Y™ 1. 


5 
= a 
1961 
where 
| | 
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2Re tiryr* Ay) + 2Re AsA}) 
+ !A,'* 
2Re (irer? AY Ap) — 2Re (irer, 
+ 
* *. 
2Re (irsr 


1A. \2 
Ag? + 


R, = 


R,= 


Ry= 


and here 


+ IrpAp!* 
+ 


If the incident wave is polarized linearly and A, = 0, the influence of the gyrotropy of the mirror on the 
reflection coefficient will in this approximation, disappear. In all other cases the reflection coefficient will 
vary where there is gyrotropy. In this case the corrections /,, R, and 2, may have the effect either of 
increasing the reflection coefficient or reducing it, depending on the orientation of the gyrotropy axis. 

Let us now consider the question of the state of polarization of the reflected wave. The appearance of 
non - diagonal (Kerrian) elements r,,, and Tps in the reflection matrix leads to a characteristic variation in 
the polarized state of the wave reflected from the surface of the gyrotropic medium. In the case of reflection 
from a gyroelectric medium this is known as Kerr effect. Actually, we will define the state of wave polariz- 
ation by means of the complex angle 0’, which can be found from the relation 


R 
tan§’ — —2., 
R (23) 


s 


Because of the non-diagonal elements in the reflection matrix tan 0’ is related to a similar quantity for the 


incident wave tan 6 = -—? by a relation whica is not linear, as in the case of an isotropic medium, 


but fractional 


(24) 


Therefor, even in the case of linear wave polarization, when tan 0 = 0, the reflected wave will be polarized 
elliptically, because 


‘ss 


The state of polarization is characterized by the real and imaginary parts of the complex angle 0’. Thus the 
angle y’= Re0’ is the angle of rotation of the polarization plane; its ellipticity (b/a), is determined by the 


absolute value tanh Im 6”. 
To find the angle @’ we will introduce the am; litude R 4, determined by the relations 


6 
- 
|| (22) 
VOL 
12 
19€ 
A 
re 
tan 6’ — "ps + pptant 
2 
R-=R, ° (25) 
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Thus the angle of rotation of the polarization plane will be equal to half the difference in the phases 
5, and 


x = = (85 —é_). 


Ellipticity is determined by the expression 


=) = {tanh Im 6’ (30) 


+ 


In the case under review, with a precision of up to terms of the first order with regard to the magneto- optic 


parameter (), the angle 0’ can be determined by the sum of the three terms 


6’ = 6, + 9, cosa + 8,cos 3 + 8 cos 7, (31) 


rsAs irpAp 


is the usual variation in the state of polarization on the reflection of light, and the angles 6,, 0,, 9, 
describe the variations on polar, meridional and equatorial magnetization respectively. These angles are 
determined from the following formulae: 


9 


rpA 


P 


2 42 242° 
a, + 6,4, 


rsdsAp 


r, 4, 


6, = irs — 


On the basis of (31) it is not difficult to find the rotation of the polarization plane (y’— x), and also the 
variation in ellipticity (b/a). For example, with linear polarization of the incident light (4, = 0), & =0 
and rotation of the polarization plane will be found from the formula 


7 
Then 
R 
(26) 
If the amplitude moduli and phases Ry are divided, i.e. if it is assumed that: | 
R, =o e+, R_=o_e'’-, (27) 
then 
(29) 
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~COSa-+ 
~ncesl)incoss cos) 


cos sing Q 


cos (cos — ncos (ncos + cos 4) 


The rotation of the plane of polarization is to a considerable degree dependent on the orientation of the 
gyrotropy axis. It is this, and not the slight variation in the reflection coefficient of the mirror (see (21)), 
which makes visual observation of the domain structure of ferromagnetics possible. When sectors of a 


certain sign of rotation are darkened by means of the analyser, contrast images of the sectors with other 
kind of rotation can be obtained. We intend to make a detailed study of the application of these results in 
interpreting photographs of domain structure. 


Translated by V. Alford 
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TEXTURE THERMAL STRESSES* 


V.A. LIKHACHEV 
Physico-Technical Institute, Academy of Sciences USSR 


(Keceived 7 january 1961) 


The thermal expansion of textured polycrystalline materials with a non-cubic space lattice 
must as a whole be described by a tensor of the second, and not the first, rank. This is due to 


the appearance of thermal shears as well as the ordinary anisotropic expansion when this kind of 
solid is heated, Equations have been derived which permit the determination of stresses in textured 
materials, such as arise when the degree of preferred orientation is an arbitrary function of the 
co-ordinates of the solid. As an example, a solution is given for an axisymmetrical infinite 


cylinder. 


In polycrystals with non-cubic symmetry the 
mean coefficient of linear thermal expansion is 
known to be determined by the nature and strength 
of the texture, and it will in a general case have 
anisotropy as a result. If the preferred orientation 
of the crystals is the same throughout the solid, 
then, although the latter will expand anisotropically 
on heating, no first-order thermal stresses will 
arise due to the presence of texture. Frequently, 
however, the degree of preferred orientation does 
not remain the same throughout the specimen. This 
is equivalent to non-constancy of the coefficient of 
thermal expansion, which becomes a function of the 
position of the point of observation, and consequent- 
ly permits temperature stress effects. 

The problem is complicated by the fact that the 
-hermal expansion of a textured material cannot as 
a whole be accurately described if the coefficient 
of thermal expansion is regarded as a tensor of the 
first rank. Experiment shows that when the temper- 
ature of this kind of solid is varied, besides the 
ordinary expansions it will also be subject to 
thermal shears, due to mutual bonding of the grains 
along the boundaries. In one of our experiments 
with cadmium*, for instance, a hollow cylindrical 
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t We will not discuss these experiments in this article 
as they will be the subject of a separate report. We 
will only note that thermal shear is usually of the 
same order as thermal expansion. 


specimen had a coefficient of thermal expansion of 
about 3.05 x 1075 per deg along the axis, and, 
besides this, it was twisted with a coefficient of 
thermal shear of 2.5 x 107% radians/deg. This 
result is not in agreement with the generally 
accepted and modern ideas, which means that these 
must require some modification. And indeed, it must 
be remembered that in non-cubic polycrystals with 
clearly defined arbitrary structure, the mean 
coefficients of thermal expansion will in a general 
case form a symmetrical tensor of the second 
a;, (i, k= 1, 2, 3), and not the first rank. Unlike 
ordinary thermal expansion, which has meaning for 
fields with dimensions only a few orders higher 
than interatomic distances, tensor a;; is a 
characteristic, averaged for volume, which is high 
in comparison with the volume of a grain. The 
purpose of the present note is to find methods of 
calculating this type of stress. 

Let the thermal expansion be described by a 
tensor of the second rank, and the coefficients be 
regarded as functions of the position of the points 


= (KX) (i, R= 1, 2, 3). (1) 


Here x is the combination of co-ordinates. 
Substituting the tensor of thermal expansion 


a;, by three vectors: 


Texture thermal stresses 


Be = In, + 298k. 
= 7g, 1 + + 


where i, j, k are unit vectors which can easily be 
made into equilibrium equations for the thermo- 
elasticity in displacements and the generalized 
Hook’s law in the following form 


2(1 grad divu — 


(1—2u) rot rotu = 2ugrad(a,7)+ (3) 
—2u) Div (@T); 


= —2G + 
(T — T 9) + + (4)* 
+26 in) 2, 3) 


| 
2,0 
Qu ik} 


The following symbols are used here: u — displace- 
ment vector; 0;, — stress tensor; €;, — deformation 
tensor; oi — unit tensor; €;; — trace of deformation 
tensor; a;; — trace of tensor of coefficient of 
thermal expansion; 7 — temperature; 7, — tempera- 
ture at which thermal strain is regarded as equal to 
zero; G — modulus of elasticity in shear; k — volu- 
metric modulus of compression; » — Poisson’s 
ratio, while Div (a7) is the vector 


da7 da, 7 
Ox, OX, OX; 


Div (x T) = 


[1]. All the remaining relations in the theory of 
elasticity remain unchanged. 


As an example of a solution to equations (3) - 
(4), we will derive final formulae for stress in an 
evenly heated infinite axisymmetrical cylinder, 
assuming for simplicity. that the non - diagonal 
elements of tensor a;, are equal to zero and that 
a,, = a4, while a_, is a linear function of the 
radial co-ordinate 


(0) 
=a!? + 2; 


(R is the radius of the cylinder). In these approxi- 
mations, which agree quite well with experimental 
data, the stresses sought will be found to be: 


af!) 

22 1 —2u 
aT(i—=); 
(ly 


= 


— 2u 
G- = AT 


vo = 3::;=0 


Here account is taken of the fact that tensor 
a), is equal to 1/3 of the coefficient of volumetric 
thermal expansion of the polycrystal and is not 
dependent on the position of the observation point. 

For strongly anisotropic materials, such as 
uranium, zinc, cadmium etc., experiment produces 
a() values close to 10-$ per deg [2], and sometimes 
higher (for uranium). Therefore, according to (5), 
the variation of 1° in temperature will be due to a 
stress of the order of 0. 1 kg/mm’, which is a 


value too high to be disregarded. 
Translated by V. Alford 
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HIGH FREQUENCY MAGNETIC SUSCEPTIBILITY OF TETRAGONAL AND 
RHOMBOHEDRAL WEAK FERROMAGNETICS* 
N.G. GUSEINOV 
Institute of Physics, Academy of Sciences Azerbaidjan S.S.R. 
(Received 3 June 1961) 


Resonance frequencies and the tensor of high frequency magnetic susceptibility have been 
calculated for a tetragonal weak ferromagnetic of the NiF, type, taking account of anisotropy 
in the basal plane. The form of high frequency susceptibility is determined for a rhombohedral 
weak ferromagnetic of the a- FeO, and MnCOQ, types. A formula has been derived for the depend- 
ence of the width of a resonance line on the direction of external permanent magnetic field, 
which is in qualitative agreement with experiment. 


1. The resonance magnetic properties of weak ferromagnetics depend on the class of crystal symmetry. 
Rhombohedral [1, 2], rhombic [3] and also tetragonal [4] crystals have already been studied. In [4] the 
resonance frequencies were calculated without allowance for anisotropy in the basal plane’. 

The following are of interest: 1) resonance frequencies and high frequency susceptibility tensor for a 
tetragonal crystal with allowance for anisotropy in the basal plane and 2) high frequency susceptibility 
tensor for rhombohedral crystals. If the high frequency susceptibility tensor is known for these crystals, it 
is possible to calculate anisotropy of the resonance line width, which has been found experimentally in 


MnCO, in works by Date [5] and Borovik - Romanov [13]. 
2. Let us consider a tetragonal crystal with a type NiF, structure, the thermodynamic potential of 


which has been described by Dzyloshinskii [6] in the form 
(1) 


Here the tetragonal axis is chosen as axis z, and the x axis is in the direction of one of the second - order 


axes in plane (001); 
m =(M,+M,) 2M,, (M,—-M,) 2M,,. 
M, and M, are the magnetizations of the sub- lattices, for which we shall find that 


M; = MS = const, 


neglecting g factor anisotropy [4], which is quite possible in this case. Instead of (2) the following 
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' In this case the anisotropy in plane (001) is determined from the Dzyloshinskii term and the terms of the fourth - 
order in the expansion of the thermodynamic potential to the powers of magnetization. 
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relation can be written 


(Im) = 0. (2’) 


The exchange interaction parameter & > 0 leads to an antiferromagnetic arrangement of the magnetization 


2 
of the sub- lattice, a is the anisotropy constant of the second order i ~ (=) } g’ and q are 


, 4 
anisotropy constants of the fourth order 3 _- i parameter d determines the interruption of 


strict antiperallelity in vectors M, and M,, as a result of which a weak spontaneous transverse magnetic 
moment m | 1. appears. Finally, the last term in (1) represents the energy of the magnetic material in an 
external field H = h/2M,. In (1),terms of a higher order through / and m and constant terms, which do not 
play any part in determination of the base state and the spectra of the free oscillations of the system, 


have been neglected. 
First of all let us find the conditions for the equilibrium states at h = 0. With this aim we will rewrite 


(1) in the form 
B b a 9 i 
> + cos?4 —d(m, sin m,cos 9) sin§ + 


4- L cost6 + sin? 22 sin*§, 


where @ and ¢ are the polar and azimuthal angles of vector 1. Here the weakness of the ferromagnetism has 


also been taken into account: m?« 1, P31. 
Reducing ®) to a minimum through m, 0 and ¢, and allowing for conditions (2’), we find the following 


solutions*: 


m, =m, =m, =0; 


B) Mm == My, = - 
Thus we have obtained two weakly ferromagnetic (Ila, IIc) and two purely antiferromagaetic states 
(I, Ib). It has been found experimentaliv [7], that for NiF, solution IIc is appropriate’. From the requirement 
that this is the solution which should correspond to maximum energy, we shall find the conditions for its 
realization: a> 0, g’ > — 4d?/B. 
3. Let field H, lying in plane (001), be at an angle ¢ to axis y. Then from the minimum condition for 
the full Hamiltonian (1) in the region of fields h* < h < B we find: 


* As in[4], the angular dependence of spontaneous magnetic moment m = d/B cos 2¢ obtained here is not the result 
of only one of the properties of the crystal. A considerable part was played by the model representation [2]. It is 
characteristic that in Dzyloshinskii’s thermodynamic theory [6], in which no conditions are added to spin, 
spoutaneous moment in the approximation under review is isotropic. Here it will be transverse if vector 1 is lying 
in the direction of the basal square and longitudinal if vector 1 is in the direction of the diagonal of the square. 


t In all subsequent calculations we shall proceed from this proposition. 
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My —2SiN 2, Myy=ICOSS, Mg, =9, Wy, SCOS9, 
+dcos29 (5) 


lysing, 4,=9, mH z= 


Field 4* = H*2M, is the effective field of magnetic anisotropy in the basal plane. At fields 1 > H* there 
will be saturation in the sense that m, || H. The magnitude of this field depends on the direction of H 


H* = (4H2 + H-H'?), 


Considering further, the small uniform oscillations of m and 1 around the m and 1, values, we shall 
find in the ordinary way [8, 9], the free frequencies of these oscillations: 


01 (2) = cos40 +(H +H, cos 2¢\(H + 4H, cos 


(9) = + H, cos 22|(H + H4'cos — 


—2H,H';’ sin?e cos? 


(7) 


4. Let us now assume that H lies in plane yz and is at an angle @ to axis z. In this case the 
equilibrium m and 1 values will be given by the formulae 


_ d+hsin4 


B oz— B+b 
Knowing the equilibrium vectors m and 1, it is once again possible to calculate the oscillation 


frequencies close to this equilibrium state: 


w, (9) = + (H sin’ + H,) (4H, + Asin)", 


w, (9) = 7 + Hg (Hg +H sin + H?c05?4]°. 


As can be seen from (7) and (10), anisotropy of the fourth order H‘‘) is virtually independent of the 
second resonance frequency as the term //,-H'*) in the expression for frequencies is always low in 
comparison with term H_-H‘?). For the first frequency w, on the other hand, anisotropy of the fourth 


order is quite substantial. 
For comparison with formulae (6), (7), (9) and (10) for a tetragonal crystal, now we will derive similar 
formulae for a rhombohedral crystal [2], which will be necessary to us subsequently: 
(9) = (H + Hp) — A?cos 6;}*, (11) 


09 (9) = + Ho (H + Hp) + + 6H cos 69)", (12) 


where 
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w; (6) = sin6(Hp + H sin 6) + (13) 


(6) = + Hp (Hp + Hsin 6) + H*cos?6 + 


+ 9H + 6H (14) 


A 
here A?= He is “exchange” field, and Hp are the ith- order anisotropy 
A 


field and the Uzyloshinskii field for a rhombohedral crystal. 

The formulae for w, () and w, (6) differ from those for w/(¢) and w, (6) for the rhombohedral crystal, 
first of all in that there is a gap in the first, due to the d terms at h = 0. This will happen even if one 
assumes the usual anisotropy in the basal plane equal to zero, i.e. that g’= 0. Secondly, it can be seen 
from (4), (6) and (7), that in tetragonal crystals, both in the ratios of the static and of the dynamic magnetic 
properties, the Dzyloshinskii term in the basal plane will behave anisotropically, while in the rhombohedral 
crystals (11), (12), it is isotropic in this plane. Thirdly, in tetragonal crystals the role of anisotropy in the 
basal plane is played by the Dzyloshinskii term and anisotropy terms of the fourth order, while in the 
rhombohedral crystals this anisotropy is due to sixth - order terms. 

5. Now we will calculate the h.f. susceptibility tensor with allowance for attenuation processes. We 
will assume that the external field consists of a permanent field // = //, and a variable high frequency field 
h,, with amplitude lower than that of //,. Proceeding from the equation of motion for the magnetic sub- 


lattices M, and M, [10] 


the formula can be found for the tensor of high frequency susceptibility. Here | = = is the magneto- 
mechanical ratio; A is the decay parameter which is found from the line width; a; is effective field acting 

OM; 

In the case of monochromatic waves this equation is solved in a linear approximation with regard to 


on magnetization Ml; and found by the formula Hi = — 


magnetic moment: 


Ms = (Mie + M2.)/2My = Aes , (16) 
(a, B =x, y, 2) 
0 xy, 0 
Xex 


) VH(H + Hg i* 
H wif? — — (He + 


= ( 


w5 f? — Hy 
5 f? — — H®)) 


wy — iwhy Hye 
ft — (Hp + HY) 


Laz = Xo 
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z w? ft — — (Hp + HM) 


and m H, Hp (l 


while w, and w, are given from formulae (6) and (7) for ¢ = 0 or from formulae (9) and (10) for 6 = +: 

Proceeding from the thermodynamic potential for rhombohedral weakly ferromagnetic crystals [6], it 
can be shown that the tensor of high frequency susceptibility in the latter has the same shape as in 
tetragonal crystals (16), while formulae (17) are applicable to rhombohedral crystals if w, and w, are 
replaced by the expressions (11) and (12) for ¢ = + or by (13) and (14) for 0 = 4. From (17), assuming 
fas = yes and taking account of the fect that sx (w = 7" (w), we can find resonance 
line width {2] Aw, which is described by one formula for both types of crystal 


Aw (ME = (18) 


Thus once more we come to the same conclusion as before [2], that as in antiferromagnetics [11, 12], 
so also in weak ferromagnetics, Aw is related to the dimensionless decay parameter in the equation of 
motion of the Landau-Lifshits type, and also to exchange frequencies w;. 

Generalizing the calculations above for an arbitrary direction of permanent magnetic field H | h,,, it 
can be shown that line width Aw will, in a general case, also be determined by the (18) ratio. This means 
that in the first approximation Aw is not dependent on the direction of the permanent magnetic field H. At 
the same time, the magnitude of the resonance field H,,,, as can be seen from (6), (9), (11) and (13), must 
be substantially dependent on direction at given frequency w. For this reason line width 


w 


AH= a will also depend on the direction of H, which has been observed in [5, 13]. 


OH 
6. Using formulae (6), (9), (11) and (13), the resonance line width AH can be found in dependence on 


the direction of permanent magnetic field.. 
a) Let the field H lying in the basal plane be at an angle ¢ to axis y. In this case AH/ is determined 


by the relations: 


(9) 


1(2H + Hp) 


for rhombohedral and 


H (9) 


for a tetragonal crystal, where w, (¢) and w, (¢) are given by formulae (11) and (6) respectively. 
b) If H lies in plane yz and is at an angle of 6 to the axis of the crystal, AH will be expressed by the 


formulae 


(8) 
+H,)sin6 


1S 
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for rhombohedral and 
w, (6) 


AH 
1(2H , +5Hp)sin® 


for tetragonal crystals, where H | = #] sin9, w, (0) and w, (0) are given by formulae (13) and (9) 
respectively. 

Formula (21) is in qualitative agreement with experiments [5, 13] with one parameter A. It must be 
noted that the AH value according to Borovik - Romanov [13](A % 60 oersted) is one order lower than that 
according to Date’s measurements [5] (\// ® 1000 oersted). This is because the measurements in [13] were 
carried out on a specimen of greater purity than in [5]. 

To explain the features enumerated above in the magnetic properties of tetragonal crystals, resonance 
and static measurements would have to be made on NiF, monocrystals (investigations of the angular 
dependence of H,,, and AH in the basal plane). For a more detailed comparison between theory and 
experiment it would be a good thing if resonance and static measurements could be made on the same 
specimens of both types of crystals. 

In conclusion I should like to express my gratitude to Ye.A. Turov for his valuable advice and 
constant interest in the work and also to V.Ye. Naish for discussing the results. 


Translated by V. Alford 
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INFLUENCE OF THERMAL OSCILLATIONS IN SOLID SOLUTIONS 
ON THE INTENSITY OF REGULAR REFLECTIONS OF X-RAYS AND NEUTRONS 
AND THE INTENSITY OF MOSSBAUER LINES* 
M.A. KRIVOGLAZ and Ye.A. TIKHONOVA 
Institute of Metal Physics, Academy of Sciences Ukr. SSR 
(Received 11 April 1961) 


Using the method of perturbations, the Debye factor has been calculated with a precision 
up to linear terms with regard to the difference in force constant and quadratic terms with 
regard to the difference in atomic mass respectively. Fluctuations in the concentration 
homogeneity has been explicitly allowed for and it has been found that they play a substantial 
part. Particular cases are considered, of ideal solutions, ordered solutions and unordered non - 
ideal solutions. The temperature variation of Mossbauer line intensity has been investigated in 
solid solutions. The cases of low concentration of radiating atoms are discussed in more detail. 


1. INTRODUCTION 


It has been found experimentally in a number of works (see e.g. [1-5]), that composition and order in 
the arrangement of atoms in solid solutions have a considerable influence on the Debye factor of the 
X-ray extinction. This effect is related with change in frequencies and amplitudes of normal vibrations 
with increased concentration of one of the components and redistribution of atoms through the lattice 
sites. Variation in the vibration spectrum is due to a difference in atomic masses and the force constants 
of atomic interaction [6]. Frequencies and normal oscillations can be calculated either for the case of low 
concentrations of impurity atoms or for low mass and force constant differences. In the latter case 
perturbation theory can be used, in which these differences are treated as small parameters. Calculation 
of the Debye factor by means of perturbation theory is made below for solutions of arbitrary composition. 
It will be calculated as the variation of a certain operator, by which means it is possible to avoid 
complicated calculations of frequency and amplitude of normal oscillations in a non- ideal crystal. 

The mean square thermal displacement and maximum frequency of a vibration spectrum have already 
been determined in [7] and [8] respectively, using an approximation in which a non-ideal crystal was 
completely replaced by an ideal ordered one with masses equal to the mean masses of each sub- lattice. 
This did not take account of random concentration inhomogeneities which occur in solid solutions. As 
shown in [8], this apprcximation defines vibration frequencies with precision up to the linear terms with 
regard to atomic mass and force constant differences respectively. [t will therefore be used to calculate 
the dependence of mean square displacements on the composition, and also their dependence on order for 
the case of equal masses and different constants (these effects are linear with respect to the differences 
under review). However, where the constant for interaction between different pairs of atoms and different 
masses are equal, the dependence of mean square thermal displacements on order will be determined by 
terms which are quadratic with respect to the difference in atomic masses. Here the random concentration 
non - homogeneities not allowed for in partially ordered alloys are assumed to play the same part in the 
dependence of mean square displacements on order as do the terms obtained in the approximation indicated. 
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ttandom non -homogeneities will therefore be allowed for, and the Debye factor will be calculated with a 
precision up to and including the second approximation in the perturbation theory. By taking account of 
concentration non -homogeneities allowance is also made for the dependence of thermal displacements of 
atoms of the solution on the configuration of neighbouring atoms. This causes non - quadratic dependence of 
the exponent of the Debye factor on the diffraction vector [9]. Allowance will also be made for the difference 
in Debye factors for different kinds of atoms and different kinds of sites. 

The intensity of the Mossbauer line can also be found from the Debye factor. This question is also 


discussed below. 


2. GENERAL FORMULA FOR DEBYE FACTOR 


Let us first consider the non- ordered solid solution A- B, whose unit cell contains one atom. We will 
indicate the arrangement of A and B atoms in lattice sites by giving c, numbers equal to 1 or 0, according 
to whether there are A or B atoms in an s site. The formula for the structural amplitude of X-ray scattering 


will be found from the following formula 


(1) 


Here c is the concentration of A atoms; f, and fp are the atomic scattering factors of atoms A and B; 
f is the mean atomic scattering factor which is equal to f= cf, + (1 — c) fp; exp [ — ] is the Debye factor VO 


of the intensity extinction of the regular reflections under review; exp ew I and exp| 


are the Debye extinction factors of scattering amplitude for atoms A and B; q is the difference between the 
wave vectors of a scattered and incident wave; U. is the displacement vector of an s atom from a lattice 
site; <....> indicates averaging through thermal vibrations and different atomic configurations of sites. 
The displacement of an atomic U, is the sum of the static displacement u$T and thermal displacement u™ . 
Expansion of M, to q contains terms of the <(qus’)?>, <(qu:)*>-, <(qu;s )*>> (qu;)*>, 
<(qu;')? (qu;)*> type and so on. 

We will assume that either the static or the thermal displacements are not very great, and that terms 
of the <(qu;')® (qu,)*> type can be neglected. Then averaging can be carried out independently for 
static or thermal displacements, and the expression for My, can be represented in the form of the sum of the 


two terms for static and thermal displacements. Below we will assume that the attenuation factors 


MS Mf } 
exp — _ and exp ie a4 have already been included in the atomic scattering factors f, 


and fp. Then in (1) exp | — i will only be determined by thermal displacements and wu, will be the 


vector of the thermal displacement of an s atom. 
It follows from (1) that the Debye attenuation factors are defined by the formulae: 


M 


Ma 


=— < 94s >=< ei Ws +—<(¢, > 


The average values in (2) can be found from the following 


18 
fe ?mecfye * = >. = 
My 1 
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pidus Spfe7 4" 


Sp 


Sp e 


Here Sp indicates the value calculated for any total system of wave functions for lattice vibrations at 
given configuration of different kinds of atoms on lattice sites, with subsequent averaging through all 


possible configurations; =x as (k is Boltzmann’s constant; 7 is temperature); H is the vibration 


Hamiltonian. 

We will calculate the values in (3) and (4) using perturbation theory on the assumption that the 
deviation from the non- ideal state is not very great. As a zero approximation - will consider a crystal 
with mean force constants and mean inverse mass m—! + (l— ec) my 

The vibration Hamiltonian of a non-ideal crystal in second quantization representation can be written 


in the following form: 


H, = Vic jk’ j ay ’ +5 (Vi + 9.C.). 
k j, k’j’ 


Here wk, is the vibration frequency with wave vector k of a j branch in an ideal crystal, according to the 
zero eppeonimetion; a," and ay; are the operators for the generation and annihilation of phonons, which 


satisfy the commutation 7 |= 
The values V and V’’ are linear functions of atomic mass difference, the difference in the atomic inter- 
action constants for pairs of atoms of different kinds and of static distortions. Where the relative difference 
in atomic mass is not greater than the two other differences, which can be neglected, the expressions for 


V and ’’ will have the following form: 


Vi ike? = SV m 7) k +k’: 


mam 


Here m= e,; is the polarization unit vector of normal oscillations kj. %& is 
m 


determined from the formula 


cy ef KR. 


where R, is the radius vector of an s site; V is the number of sites. 
The value u, is expressed through a,* j and a; ; as follows: 


19 
(3) 
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(8) 


As is well-known [10], the expansion of the exponential operator exp [— A (Hp + H,)} into a series to the 


degree of H, can be represented in the form 


1 
— He — 0, ) Mes, 


Wy) He (9) 


| 
<x H,e~ He \ udu, | du,e~ 
a 


Us) HoH e Ho 


Substituting (5), (6), (8) and (9) in (3) and (4), and calculating the values in the total system of wave 
functions of zero approximation, with precision up to and including the second approximation of the 


perturbation theory we get; 


| Mp 
k.k 
v 2. | (10) 
ms ms ki ke kk | 
4 


(k, —ky+k, —ky=2eK,,) 


mamp 
k,k’ 
2 
(mn mp) v F (k, k’, k’) Ck + 
my mp 
k,k’,k 
+ (ky, ka, Kg, k,) <(c, —c) — 

k ska ks,ky 


Here K, is the inverse vector lattice 


o£” A * 


(13) 
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h2 * * 
D (ky, Ky, ks, ky) = — (Gey j,) j,) 


64m2N2 


+P, ky ksi, + Dp, Kis) (— i (ki— ‘ke ; 


* j ‘ 


fh ko 
g mN 


D, 


+x’) 


In deducing formulae (10) and (11) allowance was made for the fact that < c, >= 0, < cy, c,’>=0 where 
k —k’. 

Formulae (10) and (11), and similar formulae for an ordered alloy, hold with a precision up to and 
including linear terms with regard to the force constant differences and quadratic terms with respect to mass 
differences. This kind of approximation is successive for a number of alloys, as the usual relative atomic 


mass differences are considerably higher than those of the force constants. 
Let us now consider ordered solutions. We will number the sites in the unit cell with the index y, thus 
y=1,2,..., and we will use Cy to indicate the concentration of A atoms at y sites. In ordered solutions 


M 
the Debye factors will be different in different kinds to site. We will use exp = =} 
M 
exp @ “2 to indicate the Debye attenuation factors for y sites defined by formulae (1) and (2), in 


which ¢ is replaced by c,, c, by c,,, (c,,,= 1.0 if there is an A or a B atom at site s,, ), u, will be replaced 
by u,,, f by rm = Cy fe + (. — Cy ) i. and averaging will be carried out through type y sites. The thermal 
displacement vector u,., is ent from formula (8), in which R, must be replaced by R,, and ey; by ej 3 


these values satisfy the conditions of normalizing: 


My ma 
As before we will assume that the k/27 vectors lie in the unit cell of the reciprocal lattice of a non- 
ordered solution and that there are three oscillation frequencies to each k. The m, — m and C\bjiy — ey; 
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differences are smal] values which are proportional to ma — mp. Therefore, with precision up to and 
including linear terms with regard to ma — mpg, the perturbation Hamiltonian H, of the ordered solution will, 
as before, be determined by formulae (5) and (6). 

After carrying out the same calculation as above, we shall find with precision up to terms of a high 
order that < exp [i qu,.,] >, as with the non- ordered alloys, is determined by formula (10), in which it will 
only be necessary to replace My by Mo (here Mo, is found from formula (12) where e, . is replaced by Cys): 
With precision up to linear terms in respect of ma — mp, < (c, — c) exp (i qu,,) > is determined by the 
first terms in formula (11), in which averaging is only carried out through type y sites. For most applications, 
as will be shown below, this degree of accuracy is sufficient. 

At high temperatures, when the classical approximation holds, in (13) and (15) one gets 


2 


Pr + Pa 


In this approximation the terms F, ¢ and f, as follows from (13)-(15), will return to zero. This means that 
the corrections connected with mass difference disappear and My = M.. As mo}. is independent of m, it 
can be seen from (12) that the Debye extinction factor in this case will not generally be dependent on 
atomic mass. This result is in agreement with the general conclusions of Leontovich [11] to the effect that 
the mean square displacements of atoms in the classical approximation are independent of mass. 

As can be seen from the formulae derived, the corrections due to concentration non - homogeneities are 
substantially dependent on < | c, |? >, i.e. on order in the arrangement of the atoms. In the following 
paragraphs we will consider several particular cases: ideal solutions, ordered solutions and non - ideal 


non - ordered solutions. 


3. IDEAL SOLUTIONS 


In ideal solutions the atoms are arranged at random through the lattice sites and <(c, — c) (c,’— c)>=0 
where s #8’, <(ce, — c}?? >= (1—c), <(e, — >= (1— cc) (1— 2c). Therefore, as follows from (7) 


ef KRs — 0), 


=—e(l—oc); > =— 
<iq N ( ) At, > N 


(18) 
(k+k’,Rs) — c) (1 — 2c). 


Substituting (18) in (10) and (11) we get in an explicit form the composition dependence of the corrections 
due to random non -homogeneities. For brevity, we will not write the formulae obtained for a general case 
but will set them out only for absolute zero and high temperatures. 

It can be seen from (2) that the factor (f, — fp)/ f stands before < (c, — c) exp (i qu,) >. In most cases 
for the scattering of X-rays it is of the same order of magnitude as (m, — mp)/m and has the same sign. 
In (11) for this case therefore, only the first term need be preserved, which is proportional to ma — mp. 
The resulting expression will have precision of the order of (ma — mp)? for X-rays but for neutrons, when 
fx and fg may be very different with ma, and mp approximately the same, the precision will be of the order 
of my, — mp. 

For an absolute zero temperature the M value will be 


M=M,+M' + 
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* 

k j,k’j’ 


k koja, 
(k, K,,) 


Like M,, M’ is proportional to while M*~ ¢. 

In the classic approximation, as has already been noted, as high temperatures M’ and M” will return to 
zero. However, allowance can be made for the first non-vanishing term of the expansion through Ahow,,, 
and this will give the quantum corrections for high temperatures. As follows from formulae (2), (10)-(17), 
the expression for M’ will have the following form: 


2). f — f m — mB bg 
M’ — — —— -A—Bo(1—c) (Gey j) j 


k j,k/j’ 


The remaining terms in M’ and M” are proportional to the higher degrees of A. 

To assess M’ we will use the approximation of the elastic isotropic continuum, i.e. we will assume 
that w%, = Ck, %, = |, = Cy, where c, and c, are the velocities of longitudinal and transverse 
vibrations and we will substitute integration through the cell of a reciprocal lattice by integration through 
a sphere of equal size. Having carried out integration in (20) and (12) for T = 0, we get 


34171 -6 (1444) In 2 + 30a f(a) + 30f —) 
M = —M, m? (my — mp)? c(l — ( 


2—7a +6 (1-+4a) In 2—30a f (a) | — 
oy ™ (ma — me) fa—f8 — ¢) 

F 15 (1 + 2a) 


f(a) = — +—)~ Ind +a) +244 — 
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At high temperatures, as follows from (22), M’ will be 


648 f mamp 


where M, is selected at high temperatures, and © is the X-ray diffraction Debye temperature for high 


temperatures. 


fa from (23) and (24) we 
; m 


At the typical values for the parameters ~ = 2, 


find that M’/M, ~ — 0.6c (1 — c) e?. Where c © %, € © 1, the correction to M, for T = 0 may be about 
15 per cent. At high temperatures, as follows from (25), the correction will become considerably less. For 
example, if T+ @, c~ %,«~ 1, then M’ will only be 0.05 per cent Mo. 

It is known that M may definitely characterize the effective Debye temperature © related to M in the 
Debye formula. At 7=0,M~ ot i.e. ® in the solid solution will be higher than in an ideal crystal with 


the same power constants and mass m. As the temperature rises the difference between @ in the solution 
and in the ideal crystal will diminish, and for this reason 9 will diminish with rising temperature. 

While, in an ideal crystal, ® increases with rising 7 [12], the two reasons for variation in © may partially 
compensate each other. 

As can be seen from (20) or (23), the concentration dependence of M’ is determined by the factor 
c(1-c). To find the concentration dependence of the Debye factor, allowance must be made for the fact that 
M, is also dependent on composition. As the frequencies in an ideal crystal are proportional to m—"?, 
in solid solutions, in which the concentration dependence of the power constants can be neglected, the M, 


concentration dependence at 7 = 0 is determined by the factor = + i ). 
mA mp 


For a very rough assessment of M” let us take the frequencies in (21) at their average values and 
carry out approximate summation with q parallel to the cubic axis. Allowing for (12), at T = 0 we get 
M”~~ 0.1 ¢ (1 — c)e? M3. As M” is proportional to q*, this correction will only become noticeable at high 
reflective indexes. M” depends on the direction of vector @ even in a cubic crystal, and for other directions 


of q it may be several times greater. 


4. INFLUENCE OF ORDER ON DEBYE FACTOR 


First we will consider the influence of short-range order (correlation) on the Debye intensity decay 


factor for non- ordered non- ideal solutions. In this case the exp = >] value is found by formulae 
L ~ 


(2), (10) and (11). The average values <|c, |? > and <(c, — c)c, > will here be expressed through the 
correlation parameters ¢ (p) = c? — pa (p) (pa, (p) is the probability of substitution of A atoms by pairs of 
sites divided by the lattice vector p): 


ikR, 


Cy cy, > e = — — cos k 9]. 


Substituting these formulae in (2), (10) and (11), we find that for X-ray scattering ew ns oa -_ 
m 


the correction proportional to ¢ will be determined by the formula 


| 
| 
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M = 2m (mx — mp) V — Vz (0) cos (k — k’, 
Vmamg 
k,k’ ? 


x|* (ma — mB) k’, k) j (k, k’) pl ik ~k’, R;} 


MAMmB 


It can be seen from (26) that 1!’ is linearly dependent on correlation parameters. At ¢ (p) the magnitude and 
sign of the coefficients can be found from this formula by numerical integration. Let us now consider 
ordered solutions. For almost completely ordered solutions correlation may be neglected. Here <|c,|? > and 


<(c,, - cy) c,> are determined by the formulae 


H 
(1 - Cy) kR; 


The My value is 


= (1 — eye) tk, ky + 
Vy ort me 
aA 


2m (my mp) fa 1B (1 et (k 2, (k, k’). 


Nmymp 


In approximation to a state of total order in the solution c, will tend towards 1 or 0, and Wy +0. Ina 
solution of stoichiometric composition, as is easy to see, ,’ ~ (1 — n?), where 7 will be the degree of 
long-range order. 


The Debye attenuation factors exp & 4 will correspond to the zero approximation, i.e. the 


state of long-range order in which the effective masses for y type sites will bem, = (= + os r 
Moy will differ for different kinds of sites and will also be different from the !/, value corresponding to the 
non - ordered alloy. Ne will consider ordered solutions with two types of sites and with v atoms in the unit 
cell. We will write J/, y in the form Mo = M+ AN, | A My can also be found by means of perturbation 
theory if, as a zero approximation, an ideal crystal is used with the same structure as the non- ordered 
alloy, the same atomic mass m and the same power constants as the ordered alloy. Here the perturbation 
Hamiltonian will be equal to the difference in the kinetic energy operators of an ordered solution of 
effective atoms and an ideal crystal. This Hamiltonian can be written in the form (5), (6), if 


(mig mg is replaced by (m, — m,)/m,m, and it is assumed that = (ct 


~ 


exp [2=: K, h.} for k = 25 Ky and c, = 0 for the other k values, where Ci =| fory, which 
correspond to the first type sites and ci = for y which correspond to the second type sites; yu is the 
ratio of the number of one type sites to the total number of sites; h, is the vector from the first site to a 
site in the same lattice; K“ denotes the vectors of the reciprocal lattice of the ordered solution, which 
fall inside the zero cell of the reciprocal lattice of the unordered solution. Of course, the M,, and Mo,. 
values will be determined by the relations: 


25 
VOL. (27) 
12 | 


Therma! oscillations in solid solutions 


Moz 

e Ws >= < ef —ujef aus (28) 


The mean values in (28) can be found from (10) and (11). 
As an example let us consider solution of the Cu,Au type. In this case v= 4, »p =— »K,=Ki, 


Ks K; = is the unit vector parallel to axis x): = calculating 


< exp (i qu,)> with precision up to the quadratic terms around ma — ™g in formula (10) (in which c, takes 
the values indicated), and <(ct —) exp (iqu,) > with precision up to the linear terms in formula (11), 
and after taking account of (28), we get the following formula for V,, allowing only for quadratic g terms 


AM. _ ™(m, — m; —m;)* k —2r k)+ 


im’, 


a=! 


(29) 


al 
n=l 


If vector x — Kj withdraws from the reciprocal lattice cell of the non- ordered alloy, then one of the K, 


vectors must be added to this cell. Debye factors can be introduced for the structural and superstructural 


reflections 


From these calculations it follows that M,,, and M,.,,will be expressed through M,, Aj/,, and M,’ 


according to formulae: 


4M, +34M + 3M, 
M = M, + M’ = My 


(31) 


fr —frd Me 


M, 


It can be seen from (27, (29) and (31) that M,,, — Mo is of the second order of triviality, while M,...— Mo 
is of the zero order of triviality in respect of (mx — mp)/m~ (f4s— fp)/f. As (m-* — m7) ™~n, for 
solutions of stoichiometric composition /,,, will be a linear function of n?, while /.,,, will be independent 


of 7 in a zero approximation. 
To investigate the influence of ordering on the Debye factor the difference must be found between the 


M’ values for an ideal non- ordered and an ordered solution. As already noted, at high temperatures each 
_ of these values tends towards zero and the difference disappears, In this case ordering will only affect the 
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Debye factor when the power constants are different (when the '/, values are different in non- ordered and 
ordered states). At high temperatures, however, j/’ may differ as a result of differences in mass. The \/’ 
value for a completely ordered alloy AB, was determined numerically in the Debye approximation (w,; = ck). 
With a calculating precision of about 1 per cent, the coefficient at € in f° coincides with the similar 
coefficient in J!’ for a non- ordered alloy determined according to formula (20) at a = 1. In this approximation 
in the case of identical power constants, ordering will have practically no effect on Debye factor at 7 = 0 

or at high temperatures. It will be found to have a noticeable effect on '/ if allowance is made for the real 
dependence of @,; on k in formulae (20) and (29), and also for the subsequent terms of the expansion to the 


ma 
powers BSA fe. 


it 

From (31), it can oe seen that if the same Debye temperature is used to calculate ‘/.g1, and ‘<4, 
considerable error will arise. In [ 1, 3, 4], it was found that the difference in the '/ values at room and low 
temperatures increased on ordering. It follows from the results that this effect is not related to a reduction 
in Debye temperature for the whole range, but to the fact that, at low temperatures, the !/ value diminishes 
on ordering (© increases), while it remains constant at high temperature. If the power constants also vary 
on ordering, then of course, © must vary at all temperatures. This interpretation of the experimental data 
can be verified if }/ and G are measured for ordered and non- ordered alloys (Cu, Au for instance) at various 
temperatures, including extremely low ones (7 < 4 ). These measurements would also reveal a strong 


temperature dependence in non- ordered alloys where the mass difference is high. 


5. MOSSBAUER LINE INTENSITY IN A SOLID SOLUTION 


Let us consider a non- ordered solution A- 3B, in which the component A nuclei may absorb or emit 
photons without emitting or absorbing phonons (Mossbauer effect {13]). The integral intensity of the 
appropriate Mossbauer line is determined by the same Debye factor,exp [ — 1/4 (q)], as the amplitude 
decay of regular reflections (vector q is in this case the wave vector of the photon). All the results above 
are therefore applicable to the determination of Mossbauer line intensity. It can be seen from (1) that the 
term for exp 2 can be found from the terms derived above for exp S =F if it is assumed in 


é 


the latter that fp = 0. 
A case of particular interest is that where a small number of A atoms are dissolved in crystal B, 


which consists of heavy atoms. As noted in [14], in this way the Mossbauer line intensity may be higher 
than in the case of emission in a pure A crystal. We will assume that the power constants are identical for 
the atom pairs AA, AB and BB, differing only in mass. It follows from (2), (10), (11) and (18) that, with 
precision up to the linear m4 — mp terms inclusive, my will be determined by the formula 


9 

Nmampg 
kk’ 


The M, value corresponds to an ideal crystal with an average inverse mass m™' and, in the case of low 
concentration under review, it will be approximately equal to the /5 value for a pure B crystal. In this 
case the 3/4 — 3, value, as can be seen from (32), will not be dependent on c. 

At high temperatures the formula for '/4 is not dependent on atomic mass and the Viossbauer line 
intensity will be the same in the solid solution as in a pure A crystal (the !/4 and V8 Values for pure A 
and B crystals are the same at high temperatures, as can be seen from (12), if one allows for the fact that 


ma? is independent of m). Even at T ~ the difference between 3/4 in solution and in the pure crystal 


is insignificant. A marked change in ‘4 may occur at low temperatures. 
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At T = 0 formula (32) assumes the form 


k j,k’; 
9 — 71 +6(1 + 42) 1n2 — 302 f (2) — 30F(—] 


15(1 + 22) 


The second equality in (33) was obtained in the approximation of the elastic isotropic continuum. For 


instance, if a = c,/c, = 2, then Ma = M,{1 — 0,442] (2 = ANB) and will be considerably 
m 


different from = As M ~ , at =0, then M, = VM" =M . The 3 values for A 


atoms in a solid solution (1/4) and ia pure A crystal (1/4) will thus be related My =MA[1 + 0,06e]. 
It can be seen from this evaluation, that if an A atom instead of a pure A crystal is in a B crystal with the 
same power constant but higher atomic mass, then at 7 = 0, "/4 will be slightly reduced. Only at high 4 
values will there be any considerable increase in line intensity. A great increase in intensity can be 
obtained if A atoms are placed in crystal with stronger bonds (and also due to variations in crystal 
structure, i.e. frequency distribution functions). For example if, as was assumed in [14], both the mass and 
the power constants of BB and AB pairs are increased in crystal B (Vp = Vpp) in such a way that O 
remains unchanged, then My = MA(1 +) and M4 = MA (1 + 0.566), ice. Ma, and JA actually differ quite 
considerably. 

This analysis has been carried out by means of perturbation theory. It would be interesting to 
calculate the mean square of displacements on an impurity atom where there was considerable difference 
in atomic mass, without carrying out expansion through the (m4 — mp)/m powers (cp [15]). 


Translated by V. Alford 
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The method of single-particle Green functions has been used to study the elementary 
excitation spectrum of two systems of interacting electrons in different physical circumstances 
(different effective masses, mobility etc. etc.). It is not assumed in studying the magnetic 
part of the spectrum, that the magnetization of one of the systems plays a predominant role. 


in dealing with the electron properties of crystals where there is sharing of the transition element 
atoms, allowance must be made for the presence of at least two sub-systems of electrons which owe their 
origin to previous valence electrons and also to the electrons of previously unfilled levels (d and f) in 
the shells of isolated atoms of these elements. In crystals atomic interaction causes a considerable 


variation in the nature of the movement of both these electron subgroups, as compared with that which 
occurs in an isolated atom. On the basis of the most general considerations it is tc be expected that the 
former valence electrons (s and p) will be fully collective in the crystal and will form a gas, or more 
precisely, a Fermi particle fluid. At the same time, the electrons of the inner unfilled d and f layers, whose 
effective radius is less than in the outer s and p levels, will in general be subject to the effect of crystal 
collectivization to a lesser degree. 

These general considerations were made on the basis of an approximate quantum - mechanical scheme 
for the treatment of the electron system of transition metals, what is known as the s-d model [1]. One more 
primary assumption is made in this model, i.e. that the magnetic properties of the crystal which has the 
transition element atoms in its composition are determined almost completely by the sub-system of inner 
electrons, which are treated as an aggregation of localized spin particles. The main role in phenomena 
connected with the transfer of electric charge (electrical conductivity) is attributed to the outer electrons, 
for which the main part is played by Fermi energy. 

Besides this, a number of experimental facts (fragmentation of atomic moments, high effective mass of 
Fermi particles deduced from measurements of electron thermal capacity etc.) seem to indicate that the 
sharp delimitation of the functions of these two electron sub-systems is not always correct. An attempt 
has been made to refute this abrupt delimitation of the functions of outer and inner electrons of transition 
metals, within the framework of what is known as the phenomenological treatment of the s-d model [2]. In 
this case a study was made of the interaction between the spin system which was common to the crystal 
and the system of conduction electrons. However, in this approach also, there still remained unexplained 
the problem of the part played by each of the initial electron sub-systems in the formation of the various 
physical properties of the crystal. An investigation of this very immediate problem of current electron 
theory of solid state is therefore desirable from more general premises, without making the previous special 
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assumptions regarding the role of each of the electron sub-systems in the different physical properties. 

In particular, for the case of transition metals with magnetic ordering atoms, the most important thing is to 
explain the problem of the magnetic properties. An attempt is made in the present work, while preserving 
the general ideas regarding the presence of two electron sub-systems in a crystal, to make a more detailed 
study of the energy spectra of elementary excitations related to the magnetization of the whole system. It 
must be emphasized that the same initial sub-systems of electrons are assumed to have participated in the 
genesis of these branches of the spectrum, as those which participated in the formation of the energy 
electron spectrum of the crystal as a whole. Thus, while preserving the initial propositions regarding the 
existence of two sub-systems of electrons (an outer and an inner) no additional assumptions are made in 
the present work regarding the nature of their participation in the formation of the magnetic properties of the 
crystals under review. The problem of the character of the basic state (the shape of the Fermi surface etc.) 
goes beyond the framework of the present paper and requires a further special investigation. 

The method used for our study was that of single-particle Green functions in the form originally 
proposed by Schwinger [3], and used in a number of works by one of us [4]. Section 1 will be devoted to the 
basic equations for the problem, in Section 2 the spectra of elementary excitations will be studied and 
Section 3 will be devoted to analysis of the results, consideration of certain particular cases and comparison 


with former treatments of the problem with certain conclusions. 


1. BASIC EQUATIONS 


Let us consider a system of Fermi quasi-particles in a crystal consisting of two* equally regular sub- 
systems, the single-particle excitations of which will be written by means of the operator spin functions 


v3 (x) = i and ¥* (x) = i ) for the process of genesis and absorption of elementary 


excitations (conduction electrons, holes etc. for instance) from the original state of the system (from 
“vacuum” to “Fermi sphere’,) where x = X, ¢ (x is the radius vector, t — time), a = 1, 2 the number of the sub- 
system. The operator equations which should satisfy these functions are known to have the form’: 


at 2m, 
— Ag (x) = (x) (1.2) 
DA (x) =1(x) 
where H(x) =y ~ A(X): (1.4) 


0» is the Pauli matrix; 
A, (x)=(A, Ao), (u=0, 1,2,3) are the electromagnetic field operators, [...,...] is the commutator 


* The case of a number of sub-systems can be investigated quite easily by the same method. 

' The second term in the left-hand part of (1.1) is for the approximation of effective mass, and in a general case it 
should be replaced by a certain general operator of the function f(—:y- A(*)). which characterizes kinetic 
energy of a quasi-particle in a magnetic field. 
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symbol, /,(x)=(I, /,). and 7 (x)= | es are the “outer sources” for electromagnetic field and the 
12 


quasi-particle fields respectively (the 1 value is in anticommutation with the tp. functions); m, and ug 
are the effective mass and magnetic moment respectively of the quasi-particles of the sub-system; in the 
right-hand side (1.2) and (1.3) summation is assumed in the terms with two identical indices a(= 1, 2) 


the units of measurements are selected in such a way that > =c=e=l, the density of the particles 


is assumed to be equal to unity in each sub-system*. 

From equations (1.1) to (1.3) the equations can be derived for the single - particle Green temperature 
functions both for the quasi-particle field: Gs (x, y) = Gi; (here i, j= 1, 2; a, 8 = 1.2; the lower 
indices denote spin projection of a quasi-particle, and the upper the number of sub-systems), and for the 
electromagnetic field D,,,, x, y) = D,,,, according to the relations in [3]: 


Dy (x, y) al, (y) (1.5) 


if 


where the symbol <...> denotes successive quanto-mechanical and statistical averaging through the 
main state of the system. Having averaged equations (1.1) to (1.3) for the main state and varied them for 
external sources and current, and using the Schwinger dynamic principle [5] (to find the mean values for 
the derivative of certain operators) we get the following system of equations for the Green functions (1.5): 


+ H% Gi, — iH3 GF, + H3 Gi = (x —y) 
+ Hi — iH + H3 Gi, = 3 (x — y) eas 
H3 Gi + Ht + — =4(x—y) 


— Do, =3(x — + (x, x) + G4(x, x)), 


— Dye, = 8(X— y) (Var — < Aur > — 


(v= 0, 1, 2,3; »’= 1, 2, 3), 


where the operator 1 *\ which defines the kinetic energy, diamagnetic effects, Coulomb and exchange 
electrostatic interactions, will have the form: 


* The dependencies of the results below on electron concentration in each sub-system will be considered in 
another work 


32 
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6 
+ <A(x)>) + 


\ 
+<A (x)>) + i; 


the vector operator H* (x) =(H{, H3, H3) is equal to (see (1.4)) 


He (x) = pa > — 


while the average electromagnetic field values satisfy the equations: 


{uy (x, x) + G28 (x, x)} + iA X {py (x, x) + py (x, x)}, 
the G** value which defines the “density” of the charges, is 
= Gt + Gt, 
and finally, the o** value which defines spin densities is 
(G3 + GT —G%). (1.14) 


(1.6) to (1.8) is the Schwinger system of equations [3] for single - particle Green temperature functions* 
for two interacting sub-systems of quasi-particles. With these equations the elementary excitation 
spectrum can be found, and also the charge density and spin (magnetization) of a system of interacting 
particles. The reason why this kind of equation is used in preference for these purposes, is that the 
approximate determination of the variation derivatives in these equations opens up further possibilities of 
treating all the exchange and magnetic interactions which exist in the two sub-systems under review. The 
approximations which apply to the solution of these equations cannot be related to the assumption of any 
preferred or subordinate role on the part of one or other of the sub-systems, in the formation of the total 
resultant magnetic moment of the system as a whole. 

The results obtained in this article for the spectrum of elementary excitations can also be derived in 
a similar manner from the chains of equations for single - particle Green functions used in other works 
[7, 8]. To find charge density and spin delayed and advanced Green functions must be used. In the sub- 
sequent solution of the problem it is convenient to pass from configuration representations in equations 


(1.6) to (1.8), to the impulse one 


* Delayed or advanced single - particle Green functions [6, 7] satisfy these equations 
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] a 
Gij (x, y) = Gij (p) el? (1.15) 


Finally we shall have: 


[p° — Hii(p) — (0)] (p)-+ (7) = 23,3, 


[p? — Hi2 (p) — o(P)1 27° + Hees, + 


+i (p) 97° (p)]; = 


where Hf (p) and Hz, (p) are derived from the (1.9) operator without taking acount of the 


eT or ee terms, which describe electrostatic exchange interaction. The explicit forms of 
o 

these equations, which are dependent in a compiex manner on the mass operators Mg*; and M75, 

(which are derived below), can be found by the usual methods without any difficulty. As we will not 


interest ourselves below in diamagnetic effects or magnetic exchange interaction, He, and H2, will 


have a simple form* 


His (p) (p) = = He (1.18) 


In (1.16) and (1.17) use is made of the following: 


; (Pp) =. <H;> — Pa [p x (p)],, i= l, 2, 3), 


M28 (P) = Mas, Mos, 5), 


( 8077 — y) = 


= pa — pal PX (P)),- 
(v=0, 1, 2,3; i= 1, 2, 3). 


Equations (1.16) and (1.17) define the energy spectrum of the elementary excitation of two interacting 
systems of quasi-particles, which is the value sought. Here the decay of the elementary excitations is 
determined by the imaginary parts of the mass operators (1.21) to (1.22), and also the imaginary parts of the 


* Here it is assumed in approximation that < Ao(x) > (and also <H(x) > ) are not dependent on the 
co-ordinates. This means that where there are no external magnetic fields we can neglect fluctuations in 


charge density. 
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average “magnetic field” values (1.19) and (1.23), by the usual method (for instance see [7]). 


2. ENERGY SPECTRUM OF ELEMENTARY EXCITATIONS 


Below we will restrict ourselves to consideration of the case of ferromagnetic systems 
(Mz* >> My ~ My, where M** = — if o*(p) dp). only. We will also neglect terms in (1.16) and (1.17) 
which contain field Hiss and Hiss, responsible for the magnetic anisotropy of the system, and also the 
contribution of mean electrostatic energy*. For this reason, the energy of elementary excitations will only 
consist of kinetic energy and electrostatic exchange energy. The latter is characterized by the mass 
operators (1.21) and (1.23), for the determination of which it is as well to allow for the fact that when the 
system is broken down into two “sub-systems”, the density of the “external current” and field vector 
operator may also be broken down into two corresponding terms: J, = / - + tsa d 
A,= A,” + A\”), After averaging and division, equation (1.11) will assume the form': 


_o<Al>= I, + (x, x), (2.1) 


<at> => 1, + iG (x, x). (2.2) 


In the assumed breakdown of the external currents for Green functions of electromagnetic field form (1.1), 


which will have the form 


from (1.7) we shall get a system of four equations of the following type 


x) 


(2.3) 
818 (yi 


OD§(x—y) = —a(x—y) 


The D!, D3, D} and D} functions have the meaning of the interaction energy for particles of the first 
and second sub-systems respectively inside each of them, and also for the interaction of particles of the 
first with the second, and of the second with the first sub-systems. Here, due to the difference in the 
properties of the sub-systems (different effective masses, numbers of particles, polarization operators) all 


the Green functions will differ slightly from one another. 
To find the mass operators we will now use the condition (written in a symbolic form) for the existence 


of the inverse density operator of total magnetization and of the total charge of the system 


(o = + andG = + G4) 
oo! = 1, GG-'=1]., (2.4) 


After adding and subtracting the equation for o** and 07? (and also the equation for Gt and G%*), using 


conditions (2.4) it is not hard to obtain for Se for instance 


* Here, if they are connected with the electron system, in crystals the average electrostatic energy of elementary 
excitations ( Af ) , will be compensated, with precision up to fluctuations, oy the meap electrostatic energy of the ions. 


t It is quite easy to find a similar division from (1.12) and for the vector field potential. However, we have already 
stated that in this article we are only interested in “magnetic” interactions. 
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=iDasz, (2.5) 


where D = Di + D3 + D) + Dj and T = _ = — is the apex part. It follows from (2.5) that the 


energy of the exchange interaction between particles will be proportional tothe magnetization density of the 
whole system. We note that, due to the possibility of dividing the whole system into two sub-systems of 
electrons with different behaviour (effective masses, energy, space distribution etc.), and to the screening 
of the interaction forces in (2.5) the highest terms will be those of the D? eo? | shape, which represent 
the exchange of “proper” energy quanta between the interacting particles. In the D} 070% type terms 
which are of interest to us in subsequent cases we will ignore the fact (where it exists) that where 0? is 
high the D/ values will be low and vice versa. This means neglect of the energy exchange quanta of an 
electromagnetic field with “not proper” particles. This latter, which is not essential, will facilitate the 
physical interpretation of the results. 


Using the symbols (['(p) ~ 1): 


.=iD:G”: (2.6) 


G?’, ra) 


Moe, iD: (2.7) 


VOl 
191 


we will rewrite equation (1.17) which describes the spectrum of elementary excitations of the system, due 
to the existence of magnetization, in pulse representation, turning from the equations for the sum of o" and 
o?? (and G*, G22) to the equations for o", o??, G!! and G??*, keeping, in the equation for 0", the interaction 
terms which only contain Dy and Dy etc. The equations for o* and o7? will have the form; 


[p? —H, (p) — (p) — (p)] (p) — (2) (p) = 0, (2.10) 


[p?- Hy (p) — M?2(p) M2\(p)] (p) —- (p) (p) = 0. (2.11) 


(2.10) and (2.11) are non-linear integral equations and their solution in the light of relations (1.13) and 
(1.14) should be found together with the solutions to the equations for electron density: 


[p° —H, (p) — (Pp) — Mise — (p) = 0; (2.12) 


as 


[p? — — (P) — Mex (p)] (p) — (0) = 0, (2.13) 


io and iG are the magnetization and charge density respectively of the whole system. 
Below, in analysing the “magnetic part” of the elementary excitation spectrum we shall assume that 

the electron charge density is known for each of the sub-systems. 

We will consider elementary excitations determined by dispersion relations (2.10) and (2.11). To this 


* The ambiguit; of this operation does not influence the qualitative nature of the conclusions obtained subsequently 
(instead of the relative magnetizations in the term describing indirect exchange, the density 
magnetization can be written). 
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end we will linealize these relations, substituting o** by o§* in the mass operators and Di (and the apex 
parts) by approximate expressions. As a result, for the energy of elementary excitation of the magnetic 
branch of-the energy spectrum for both sub-systems we shall get 


(Pp) + E,(p) — (p)P + (p) Mizz (2.14) 


E\(p) Hy(p) ~ (p) + (0); 
E,'p) = H,(r) + (p) + Mit (p). 


Relations (2.14) and (2.15) describe the energy of elementary excitation in the first and second sub- 
systems without taking account of the terms which are defined by that part of the exchange energy which is 
not dependent on magnetization. To allow for the latter in (2.15), the value H,(p) must be replaced by 


(p) = Hs (p) (p) + (2.16) 


It must be noted that, strictly speaking, the dispersion relation (2.14) characterizes not the elementary 
excitations in the ordinary sense, but only the spectrum of proper values which may contain branches for 
certain forms of elementary excitations of the spin wave, plasma vibrations, etc. type. Below, however, 
we find it convenient to use the earlier term “elementary excitation” as we do not feel it will cause any 


confusion. 


3. ANALYSIS OF ENERGY SPECTRUM 


The exchange energy (2.8) in the dispersion relation (2.14) is proportional to the corresponding 
parameter of exchange force, i.e. the “exchange integral”. As the apex part in our approximation has been 
substituted by unity, then (2.8) will assume the form 


(p) Di (p — Peo) | (3.1) 


where we have already made use of the theorem for the centre, and have deducted the Green functions of 

the interaction field for the sign of the integral. It can also be assumed that the function is weakly 

dependent on momentum (this is well satisfied in the case of screened forces, which hold for 

ferromagnetics). It can then be assumed that Dj(p — pp) /}, , where / is the exchange force 

parameters or exchange integrals between particies of the sub-system in question (7) or of different 
m2 


sub-systems {y # 8). Then introducing relative magnetization per particle ede and the designa- 


tion: ¢:=N./i, where Nis the number of particles in sub-system a, formula (2.8) can be written in 


the following form 


Mins (p) > . 


Using this formula and (2.15), the dispersion relation (2.14) can be rewritten: 


= £318 + — Hs (0) — 838 — 82 9387 
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It follows from (3.2) that both sub-systems have equal rights of participation in the formation of the 
magnetization of the system as a whole. The role of each of the sub-systems is only dependent on the 
values of these or other parameters of the sub-system. 

Let us consider some particular cases in more detail. 

a) The first sub-system has no “proper” magnetization (2: = 9). 

In this case, from (3.2) we shall get: 


pi = H,(p) + (3.3) 
p2= H, (p) + 22%. (3.4) 


In (3.3) and (3.4) p® and p§ give the energy of the electrons of the first group “biassed” by the exchange 
“field* of the second sub-system, and the energy of electrons of the second sub-system which are 
responsible for the magnetization of the whole system. In this case the electrons of the whole of this 
system wi!! be “collectivized”*. 

It is also quite easy to derive expressions for energy in the case where, in one of the sub-systems or 
in both sub-systems, the electrons are strongly “localized” in crystal lattice sites. In this case, the mass 
operators in (2.12) and (2.13) will be entered under the sign of the sum through momentums (for the case of 
one systems see the appropriate case in (4] and, after changing from momentum representation to the 
representation of reciprocal lattice vectors, instead of (3.3) and (3.4) for instance, if the second sub- 
system is a combination of electrons localized in lattice sites, we shall get: 


pi =H, (p) (0) + (12 (q) 12 (0) 12, (3.5) 


(Pep) 12 (0) + (12 (a) — 13 Ne. (3.6) 


p.p’ 
= 


The /'(0)i. terms in the right-hand parts of (3.5) and (3.6) determine the energy shift of the main 
state of spin waves, and the subsequent terms, the spin waves propagated in the first and second sub- 


systems which have energies 


«q) 
(q) ( 


Here we must once more emphasize the fact that the p? and Pq values from (3.5) and (3.6) 
describe the energy of electrons in the first and second sub-systems. Besides kinetic energy, they allow 
both for the energy of exchange interaction (of the Focke type, corrected by allowing for force correlation 
by means of m:_ + operators, see e.g. formula (2.15)), which is not dependent on magnetization, and also 


* In essence (3.4) coincides with the expression for the energy spectrum of electrons in Stoner’s work [9]. 
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that part of exchange interaction which is proportional to the latter. 

At low temperatures, in conditions of total magnetic saturation of the second sub-system (=: ~!), 
the energy determined by (3.5) and (3.6) will coincide with the formulae for the energy of the s and d 
electrons which are used in the exchange model of transition metals [1], if the terms proportional to the 
square plasma vibrations are neglected. 

b) As our second example we will consider the case where the energies due to the “biassing” of the 


sub-system are low in comparison with Fermi or exchange energies of one of the sub-systems, i.e. 


(H,(p) + 3, +3 


In the case of two collectivized sub-systems of electrons, for energy Pp? we shall get 


(H, (p) — Halp) + 


It follows from (3.10) that there are terms present in the energy of the electron sub-system, which are no’ 
only due to biassing, but also to variation (in our approximation) of the exchange integrals responsible for 
the interaction of the sub-system. And indeed, formula (3.10) can be written in the form 


(3.11) 


(3.12) 


Bi we —(-ly 


(Hy! p) = 


The value B} has the sense of “effective” exchange integral responsible for interaction between the two 
sub-systems. If the second sub-system consists of electrons localizeu in lattice sites, then in (3.12) it 
follows that the 3; 2, (a=, 2) term must be replaced by N, :,/3 (0) +=) (q) etc. (see formulae (3.5) 
and (3.6)*.) 9 

c) Finally we will consider the case where the “direct” exchange interaction between electrons 

side the first and second sub-systems is small and it can in practice be neglected, i.e. 7} 3:30. 

.a this case, it will be the exchange interaction between the first and second sub-systems which is 
responsible for atomic magnetic ordering (ferro-or antiferromagnetic), i.e. the parameters 5} and 0}. If the 
values of parameters 5} and (33 are neglected, this will actually appear to be the case in real metals of the 
rare-earth group. It follows from formula (3.2) in the second case, that we have 


* For the case where one of the systems is “collectivized” and the other “localized”, the term proportional to 3} #7 
in (3.10) was studied in[10, 11] and was described as indirect exchange interaction via conduction electrons. We 
note the possibility of existence of magnetization in sub-systems where =  —~ 3, =) flows from 
equations (2.10) and (2.11). 
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( ly: -- Hg (p) + pie.— 
A 


If conditions (3.9) and (3.13) are satisfied we shall find: 


2. 


Hil(p) — He (p) 


pi = Hy(p) + 32k: 


Hy (p) He(p) + (3.15) 


py = H, (p) + Bre, 


Let us consider in more detail in what cases the term describing what is known as “indirect exchange” 
may play the most important part. Let H,(p) > H2(p), in this case the electrons of the second sub- 
system will correspond to the “inner” d electrons of rare-earth metals (to allow for periodicity in the 
distribution of these electrons in the lattice, under (}, in accordance with (3.5) and (3.6), the expression 
85 = N.15(0) — Yye (qj, must be understood, while H,(p)=Hz (Pcp) _etc.). In the magnetization of the 
second sub- system'the main part will be played by that part of the energy :\p$, which is proportional to. 


& and é, 


/ 


A pi =p — Ha = (3.16) 


H, (p) — Ha(p) + 


As can easily be seen from (3.16), indirect exchange will play the main part only if the following 
conditions are satisfied 

398. > Hy (p) — Ha (p) + (3:17) 
As H,(p)— H.(p) >. and H,(p) > | , then inequality (3.17) will only be satisfied where the 
exchange integral §} has a negative sign and 


y = — (3.18) 


(H, (p} Ha(p)- 


In the opposite case the main part in the magnetization of electrons of the second sub-system will be 
played by “biassing” due to the 3 &, term. We note also, that in view of the inequality H,(p) > H2(p), 
the inequality ¢, > &, will also hold for magnetization of the sub-systems. At low temperatures therefore, 
&, may be approximately unity, while magnetization €, will remain very low. The condition (3.18) should be 
satisfied at the same time as (3.9). It follows from these two conditions that there are certain limitations 
on the H, (p), H,(p) and 8} € values, which should be satisfied if indirect exchange is to play the major 
part 


Ay (p) — Ha (p) — 
4 |p? 


(3.19) 


If conditions (3.19) are satisfied indirect exchange will play the major part in establishing ferromagnetism 
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in the second sub-system. At the same time, the conclusion in formula (3.16) for indirect exchange is free 
of Marshall’s criticism [12] with regard to Kasuia’s work [10] as (3.16) was derived for the conditions where 
the requirements of a perturbation theory are satisfied. We note also, that if parameter {3 of indirect 
exchange has a negative sign, ferromagnetism will arise in the second sub-system and this will prevent 

its establishment in the first. 


4. CONCLUSIONS 


In our study of the behaviour of systems of electrons consisting of two sub-systems with different 
physical properties (energy of the main state, effective mass etc.), in this article we have only discussed 
the spectrum of electron energy. The interaction energy between particles of each of the sub-systems with 
one another and with particles of the other sub-system is determined by Green’s interaction field functions, 
which are regarded as given, although relevant equations have been derived for their determination. The 
energy spectrum of each of the sub-systems obtained in the work, consists of terms dependent on magnet- 
ization which is completely equal in respect to both of the sub-systems. It has been shown how the terms 
in the spectrum, dependent on magnetization, will vary if one or both of the sub-systems are collectivized 


or localized. 


Translated by V. Alford 
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FEATURES OF THE MAGNETIC STRUCTURE OF VICALLOY* 
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Investigation has been made of the influence of elastic stresses on the magnetic 
properties of the alloy Vicalloy in transition between the magnetically soft and high coercive 
states. Ip the low coercive force state H, the magnetic structure has been found to be either 
single domain or very close to it. The low level of H, is in these cases apparently due to the 


low levels of total magnetic anisotropy. 


One way of studying the magnetic structure of 
ferromagnetics is to investigate the influence of 
unilateral external stresses on their magnetic 
properties. Unilateral external stresses are known 
to cause redistribution of stresses in ferromagnetics, 
which leads to definite orientation of the spontan- 
eous magnetization vectors. This means the creation 
of a magnetic structure, the nature of which will in 
each case be defined by the relation between the 
sign of the applied stress and that of the magnet- 
ostriction in the material in question. In its turn, 
magnetic texture will influence the main magnetic 
characteristics of the material, including coercive 
force. Tne effect of magnetic texture on coercive 
force differs for single or multi-domain magnetic 
structures. Actually, remagnetization along the 
easiest axis in the case of a multi-domain struc- 
ture will cause lower fields than remagnetization in 
two directions. For single-domain specimens 
remagnetization along the easiest axis requires 
higher fields than any other direction in the single 
domain. The creation of preferred orientation in the 
direction of easy magnetization will therefore, 
particularly where external stresses are involved, 
cause a reduction, in the case of « multi-domain 
structure and, in the case of a single - domain 
structure, an increase in coercive force along the 
axis of this texture. 


* Fiz. metal. metalloved., 12, No.6, 826-831, 1961. 


Besides this, external stresses cause a 
reduction in total magnetic anisotropy. Increased 
anisotropy may cause an increase in the energy of 
interdomain boundaries. This should have some 
influence on magnetic properties in a multi-domain 
magnetic structure. In a single - domain structure 
increased magnetic anisotropy should make the 
rotation processes more difficult. For an approxi- 
mately single-domain magnetic structure it is 
possible that, under the influence of stresses, there 
may be a changeover from single - domain structure 
as a result of increase in the critical size of the 
single-domain state when magnetic anisotropy 
increases. Therefore, from a study of the influence 
of external stresses on magnetic properties it 
should be possible in a number of cases to draw 
conclusions regarding the type of magnetic structure 
in the ferromagnetic, its magnetic texture, and the 
influence of the level of magnetic anisotropy on the 
type of structure. 

Earlier we studied the influence of elastic 
stresses on the magnetic properties of the alloy 
Vicalloy and drew certain conclusions regarding its 
magnetic structure. These investigations were 
carried out on specimens in the magnetically soft 
and high coercive states [1-3]. High coercive force 
is obtained in Vicalloy after tempering previously 
deformed specimens at around 600°. For the deformed 
untempered specimens in the magnetically soft state 
regularities were found in the influence of stresses, 
which are characteristic for a material with a multi- 
domain magnetic structure, positive magnetostriction 
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and magnetic structure whose axis is perpendicular 
to the direction of measurement. For specimens in 
the high coercive state, particular interest attaches 
to the sharp increase in coercive force which takes 
place as a result of stress. This is attributed to an 
increase in the total magnetic anisotropy constant 
of single-domain formations. 

The purpose of the present work is to study the 
influence of elastic stresses on the magnetic pro- 
perties of Vicalloy in states between the magnetic- 
ally soft and magnetically hard. It is anticipated 
that such an investigation would make possible an 
explanation of the process of the creation of the 
high coercive state in Vicalloy and also in other 
alloys, in which high coercive force is obtained as 
a result of similar structural transformations. 


SPECIMENS AND MEASUREMENTS 


The alloys investigated contained 12 per cent 
vanadium, 52 per cent cobalt, the rest iron, and 
& per cent vanadium, 52 per cent cobalt, the rest 
iron. The specimens were in the form of wires did, 
0.3 mm. Wires of the alloy with 12 per cent vanadium 
were drawn with a reduction of 91 per cent, and 
those with 8 per cent vanadium, with a reduction of 
94 per cent. The length of the specimens was 
8-10 cm. The method of measurement has already 
been described in [1]. 

Fig. 1 shows the magnetic properties (coercive 
force //,, residual induction 47/, and the 47/s” value 
where /,’ is magnetization in a field of 1400 oersted, 
which is close to saturation) of specimens of the 
alloys which have been tempered at various different 
temperatures for 30 min. The dependence of magnetic 
properties on the tensile load was measured in all 
cases. Special care was taken to check the fact that 
the loads applied only caused inverse changes in 
magnetic properties. 

Fig. 2 shows the dependence of //, and 4z/_ 
in specimens containing 12 per cent vanadium, after 
tempering at various different temperatures, on the 
tensile load. The curves taken from specimens 
tempered between 250 and 350° lie between curves 
1 and 2 and are not entered in the illustration. It 
can be seen that the 47/, in value at first increases 
with increasing load in all the specimens. This rise 
becomes greater as the tempering temperature is 


4000 


200 200 400 500 600 °C 


FIG.1. Dependence of magnetic properties 

on tempering temperature for alloys with 

8% V, 52% Co, the rest Fe (dotted line), 

and with 12% V, 52% Co, the rest Fe 
(solid line). 


lower. Above a certain load, which varies for each 
specimen, 47/, becomes the same as the 4z/, - 
value (see Fig. 1) close to saturation. 

ii, in specimens tempered at up to 350°C only 
diminishes with increasing load. This decline 
becomes more apparent with low loads, when there 
is also a greater change in 47/,. 

In the specimens tempered at 400°C (curve 3) 
the fi, (7): curve has a complicated shape. As o 
increases /i, at first diminishes, and then rises. 
In the unloaded state //, = 32 oersted, at o = 50- 
60 kg/mm? there is a minimum value //, = 26 oersted, 
and at 0 = 250 kg/mm? 17, = 42 oersted. The /, 
drop occurs at loads which cause an increase in 
47l,. The greatest increase in is observed at 
values for which 47/, remains unchanged, having 
reached saturation. 

After tempering at 450°C (curve 4) H, in an 
unloaded specimen is 50 oersted. Under the 
influence of tension, it can only increase, reaching 
240 oersted at o = 195 kg/mm’. In this case also 
considerable growth in H, is observed at the loads 
for which 47/, has already reached saturation 
(¢ > 50 kg//mm?). In the specimen tempered at 
500°C (curve 5) there is linear rise in //, with 
rising tensile load, just the same as that observed 
earlier [1] on high coercive force specimens. 

Similar results were obtained for the alloy 
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FIG. 2. Dependence of coercive rorce (lower curve) 

and residual induction (upper curve) of specimens 

with 12% V, tempered at various different tempera- 
tures, on the extent of tensile load applied. 
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FIG. 3. The same as Fig. 2. | i” 7 untempered 
for alloy with 8% V. 
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with 8 per cent vanadium (Fig. 3). 1, in the non- 
tempered and /i, in the tempered specimens (200- 
400°C, not given in Fig. 3) only diminish on appli- 
cation of load. For specimens tempered at 450° 
(curve 2) and 475° (curve 3) there is at first a drop 
and then a rise in //, with rising . In those 
tempered at above 500°C (curves 4 and 5) //, only 
rises with increasing It is interesting to note 
that in the specimea tempered at 500°C, in the 
unstressed state //,, is the same as in the un- 
tempered specimen (35 oersted), while under 
= 130 kg/mm’, it rises to 130 oersted. 
‘lysteresis loop measurements showed that the 
remagnetizing branches of the hysteresis loop in 
the specimen with 12 per cent vanadium tempered at 
350 - 400°C, and in that with 8 per cent vanadium 
tempered at 350-475°C have a salient point which 
is typical of a material which is non-uniform as 
regards the magnetic state. This salient point is 
quite slight but nevertheless quite clearly notice- 
able. The loops in specimens tempered at higher or 
lower temperatures do not have this feature. 


DISCUSSION 


As stated, the influence of external stresses 
on untempered and high coercive specimens has 
already been studied [1]. The magnetic structure of 
deformed untempered specimens is multi-domain. 
The preferred orientation of the magnetization 
vectors in the direction of the axis of the wire 
(magnetostriction of the alloy is positive) which 
occurs on extension, causes an increase in Ios and 
also in the role of the 180°C boundary displacement 
in remagnetization, which causes a reduction in //,. 
A sharp reduction in //, is observed at o values for 
which there is the greatest growth in /,, i.e. the 
most abrupt increase in longitudinal magnetic 
texture. Consequently, for untempered specimens 
the /’, variation on extension is mainly due to a 
change in the magnetic texture where the alloy has 
a multi-domain structure. 

For high coercive specimens, tempered at 
around 600°C, tension will also cause magnetic 
texture which will have an effect on the /, value. 
At certain stress levels the /| value will approxi- 
mate to the /, value. This means that the magnet- 
ization vectors are almost completely oriented in 


the direction of the axis under the influence of 
stresses. !lowever, the variation in //_ is not 
mainly due to change of texture. This emerges in 
particular from the fact that the increase in //, may 
occur with an almost unchanged /, value if it is 
near enough to the /, value. The variation in 7, 
under the influence of tension can only be attributed 
to the presence of a single-domain magnetic 
structure in the high coercive specimens. The 
creation of additional anisotropy due to external 
stresses, causes further difficulties in the process 
of rotation on remagnetization, and consequently, it 
causes an increase in /.. 

It was found in this work that there is a varia- 
tion in the nature of the stress dependence of /, 
at low tempering temperatures, without there being 
any noticeable increase in //,. Up to certain 
tempering temperatures the //,/stress curve has a 
sector of declining //, as in non-tempered speci- 
mens, and then with subsequent increase of stress, 
there is a section with rising //, as in high 
coercive specimens. The hysteresis loop of these 
specimens may have a salient point, indicating non - 
uniformity of magnetic structure. It can be assumed 
that a substantial change occurs in the magnetic 
structure of the alloy even at these temperatures. 
The existence of the salient points on the 
hysteresis loops means that these changes do not 
take place uniformly throughout the specimen. The 
structure remains partly multi-domain. This multi - 
domain part will come ‘nto evidence on the appli- 
cation of low stresses, when the resulting texture 
will cause an increase in /, and a reduction in //,. 
Under high stresses the /, value changes very 
little (texture remains practically unchanged) and 
Hi. *grows noticeably, in the same way as occurs in 
the high coercive specimens. 

In specimens tempered at a rather higher 
temperature, but nevertheless having low 1, values, 
Hi, is found to increase only with increasing stress. 
The //,/stress curve has a short sector of retarded 
growth at low stresses, and then it changes into a 
straight line with a steep gradient towards the axis 
of load. The hysteresis loops of these specimens 
have no salient points. There is probably almost 
complete change in magnetic structure in this kind 
of specimen. The new structure appears to be 
single or nearly single-domain and the magnetization 
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processes take place mainly by rotation of the 
spontaneous magnetization vectors. Application of 
stress increases 1, due to an increase in magnetic 
anisotropy as a result of magnetoelastic energy, 
which will be proportional to the applied load. 
Here the increase in magnetic anisotropy may 
promote the following: 1) difficulties in the process 
of rotation of the magnetization vectors in single - 
domain formations and 2) transformation of certain 
larger formations, which are not single-domain in 
the absence of stress, to single-domain ones as a 
result of the increased critical size of the single 
domains on increase in magnetic anisotropy. 

Thus in specimens of the Vicalloy type 
tempered at low temperatures, states may be obtain- 
ed in which there is clearly expressed single - 
domain character of magnetic structure and the 


processes of technical magnetization take place 
mainly by rotation of the spontaneous magnetization. 
vectors, although the //, value will remain small. 
Increased magnetic anisotropy as a result of 
external stresses will in this case cause a sharp 
increase in /’,. It is suggested that in alloys 
tempered at low temperatures, the low //, value 
exhibited at a magnetic structure close to a single - 
domain one, is due to the low values of total 
magnetic anisotropy. 


Translated by V. Alford 
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MAGNETIZATION OF THE INTERMETALLIC COMPOUND MnAu, IN 
SUPERSTROS: PULSATING MAGNETIC FIELDS* 
E.A. ZAVADSKII and I.G. FAXIDOV 


Institute of Metal Physics, Academy of Sciences U.S.S.R. 


Lal 


(Received 3 April 1961) 


The intensity of magnetization in a polycrystalline MnAw, specimen has been investigated 
in the temperature range 77-418°K in pulsating magnetic fields with a strength up to 300 k. 
oersted. The saturation magnetization level has been found for various different temperatures, 
as also its temperature dependence. It is suggested that the course of magnetization in the 
paramagnetic region can be explained on the assumption of a certain effective field composed 


of an external and molecular field. 


Raub, Zwicker and Baur [1], who first dis- 
covered the intermetallic compound \inAu, suggested 
that this substance must be ferromagnetic. However, 
the investigations by Meyer and Taglang [2] force 
the conclusion that MinAu, is antiferromagnetic with 
extremely interesting and complicated magnetic 
properties. In this work it was found that if the 
external magnetic field was less than 10 k.oersted 
the magnetic susceptibility of WnAu, was not 
dependent on field, and that there is a typically 
antiferromagnetic maximum in the temperature 
range 363-368°K. 

In the temperature range below these and 
magnetic fields above 18 k.oersted the magnetiza- 
tion of \InAu, has a tendency towards saturation, 
which is typical of ferromagnetics. The presence of 


antiferromagnetic spin order was also confirmed by 


observation of antiferromagnetic resonance (3] and 
the positive sign of the magnetocalorific effect [2]. 
The really decisive evidence of the antiferro- 
magnetism of MnAu,, however, was given by the 
results of recent neutron diffraction investigations 
[4]. Among other things, the authors of this work 
came to the fundamental conclusion that MnAu, 
has a complex helicoidal configuration of spin 
momenta, the characteristic of which is that all the 
magnetic moments of the manganese atoms arranged 
parallel to one another within one plane rotate 
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through 51° around the moments of the neighbouring 
plane. The helicoidal magnetic structure of MnAu, 
is different from the simple model! of weakly inter- 
acting sub-lattices with antiparaliel spin arrange- 
ment, which was used by Neel to explain the basic 
features of the magnetic properties of this sub- 
stance [5, 6]. 

The measurements made by Meyer and Taglang 
[2] reveal the presence of a threshold field and the 
initial sector in the proximity to saturation could 
be investigated. By extrapolating the figures 
obtained for magnetization to an infinite field at 
maximum field strength of only 28 k.oersted, 
saturation magnetization could be calculated for 
several different temperatures. By extrapolating 
these magnetization figures to absolute zero the 
magnetic moment for a manganese atom could be 
determined, and it was found to be 3.49 Bohr 
magnetons. It is fully appreciated that the results 
obtained in this way must be highly approximate 
as the range of magnetic fields and temperatures 
used was quite wide. It is therefore of some 
interest to investigate the magnetic properties of 
the alloy in superstrong magnetic fields. 

Veasurement of magnetization. A pulsating 
magnetic field generator was used to carry out the 
magnetic investigations. The magnetic fields were 
obtained by discharge from a battery of capacitors 
on to a special solenoid [7]. For the solenoid 
used the maximum field at room temperature was 


500 k.oersted and at 7 = 77°K, 400 k.oersted. 


Magnetization of MnAu, in superstrong pulsating fields 


The discharge was oscillating with a frequency of 
2500 c/s and decrement of decay 


where 7 is the cycle. 

Inside the solenoid the field was uniform with 
a precision of up to 3 per cent, for a sector 7 mm 
along the axis and dia 7 mm. Magnetization measure- 
ments were carried out by the differential method. 
Inside the solenoid creating the magnetic field. two 
measuring coils were placed, with differential 
connexions. The test specimen was placed in one 
of the coils. Then e.m.f. proportional to dB/dt was 
induced in the coil with the specimen, and d///dt in 
the other. This means that with differential con- 
nexion the value measured will be proportional to 
dl/dt. Thus, by integration on the oscillograph 
screen magnetic induction 2, magnetic field 
strength // and magnetization / can be found. 

A certain amount of unavoidable difference in 
the measuring coils and lack of uniformity in the 
magnetic fieid will cause interference currents to 
arise, which should be eliminated by special com- 
pensation. With full compensation without the speci- 
men, no voltage should arise on the output side of 
the oscillograph at the moment of discharge. The 
usual kind of R — C integrator was used to integrate 
the signal arriving at the oscillograph. It has a 
constant period of 0.2 sec which provides for a 
sufficient degree of precision. To find the scale of 
magnetization end field a calibrating voltage i, 
with a frequency of f, was supplied to the integrator 
input. The magnetization of the specimen and 
strength of the magnetic field were found according 
to the formulae: 


10> 
. 2, 


4V2x"wSf, 


108 
H = uy, 
V 


where w — for (1), is the number of turns in the 
measuring coil with the specimen, and for (2), it is 
the number of turns in the measuring coil without 


the specimen; S is the cross-section of the mea- 
suring coil, in cm?; y is the magnetization or field 
strength amplitude on the oscillogram; y; is the 
amplitude of the calibrating voltage according to 
the oscillogram. 

It is a good thing to use a reference magneti- 
zation when making these measurements. The 
standard used for this was copper ferrite with 
saturation magnetization of 200 G, 7 = 290°K. 

As the field of application of pulsating 
magnetic fields can be restricted by the demagnet- 
izing action of eddy currents, before making the 
measurements,rough calculations were carried out 
to find out what part these currents would play in 
the specimen. For a cylindrical specimen in a 
sinusoidal magnetic field the differential equation 
of field assumes the forin [8] 


After solving this equation we get 1 


ber? 20r +b 


ber? + bei? # 


where r is the difference between the axis of the 
cylinder and the point of observation; d is the dia- 
meter of the cyi: Jer; //o is field strength on the 
surface of the specimen; 9 is a parameter which can 
be calculated from the conditions 


/ 2a f 107% 


For MnAu, p = 38 x 10°* 2./cm. Consequently, at 
# = land d=0.1 cm we get 9 = 0.11. Here in the 
centre of the specimen H = Ho, or ber (0.11) x 1.0 
and bei (0.11) x 0. For this specimen therefore, the 
non-uniform field inside can be neglected. 
Preparation of the alloy and the specimen. The 
alloy used for the investigation was produced by 
melting sublimated electrolytic manganese 99.98 per 
cent and gold 99.99 per cent inside an evacuated 
quartz ampoule in an induction furnace at 1100°. 
The alloy was quenched in air irom the melting 
temperature and was then given a heat treatment 
which consisted of two stages: 2 hr annealing at 
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Magnetization of MnAu, in superstrong pulsating fields 


FIG. 1. Oscillogram of the magnetization of MnAu, in superhigh pulsating magnetic 
fields (curve 1) and for magnetic field strength (curve 2). 
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FIG. 2. Magnetization curves of MnAuw, in pulsating magnetic fields: 
1—77°; 2—195°; 290°; 4— 358°; 5— 400°; 6 — 418°K. 


900° with subsequent quenching in oil and anneal- 
ing for 72 hr at 690° and then quenching in oil. The 
specimens were 1.2 x 0.8 x 10 mm. After a series 
of magnetic measurements the specimen underwent 
a further anneal at 690°, after which the ineasure- 
ments were repeated. The reproducibility of the 
results was very good. 

Magnetic measurements. The magnetization of 
MnAu, was measured at various different tempera- 
tures in fields ranging up to 300 k.oersted. For the 
measurements at 7 = 77 and 195°K the main solenoid 
creating the magnetic field was placed together 
with the measuring coils and the specimen in a 
Dewar flask with liquid nitrogen or a mixture of dry 
ice and alcohol. For the other temperatures the 
solenoid was placed together with the measuring 
parts in a thermostat filled with glycerine. To 
check for induced currents, the compensation of the 
measuring coils was tested after each measurement. 


Magnetization curves were plotted from a number 
of oscillograms, using only the first maximum 
corresponding to the maximum field at given dis- 
charge, in order to increase the accuracy of the 
measurements. 

Fig. 1 shows a typical oscillogram of the 
magnetization of a specimen (curve 1) and one for 
field strength (curve 2). Maximum field strength is 
100 k.oersted. On the magnetization oscillogram 
the saturation of the first magnetization peak is 
quite clear, being indicated by the horizontal 
plateau at its apex. 

Curves plotted on the basis of a large number 
of oscillograms are shown in Fig. 2. Analysis of 
these at temperatures below Neel point (in our 
case 368°K) shows the presence of three character- 
istic ranges: 

1) A weak field range (// < 10 k.oersted) 
where susceptibility is not dependent on field 
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strength and the alloy has antiferromagnetic 
properties; 

2) A strong sield range (H > 30 k.oersted) 
when the alloy has ferromagnetic properties; 

3) An intermediate field range which corres- 
ponds to the properties of the alloy in transition. 

In weak magnetic fields in the temperature 
range from 77 to 330°K susceptibility is practically 
constant and is noi dependent on flux density. With 
further increase of temperature, susceptibility 
changes abruptly at 7 = 368°K and there is a peak 
at x = 6.45 x 10° G/oersted/cm’, which is typical 
of antiferromagnetics. 

In the intermediate magnetic field susceptibility 
changes abruptly with variation in flux density. 
From the dependence of differentia! susceptibility 
on field strength shown in Fig. 3 for various different 
temperatures it can be seen that the threshold field 
is 15 k.oersted and between 77 and 290°x it is not 
dependent on temperature. Further increase of 
temperature causes a reduction in the dif’»: ential 
susceptibility peak and passage from the first sector 
to the third becomes smoother. Above the threshold 
field saturation is approached, but this onlv sets 
in at field streagth of 70-100 k.oersted. From the 
saturation magaetization found /,,,, -- saturation 
magnetization at 7 = OK, can be found. 

Fig. 4 shows /,, r plotted against 7,. It can be 
seen from this that the temperature dependence of 
saturation magnetization is clearly expressed by the 
law 


r=le.o(l — $7), 


where 


le, ='595 G and 8 = 3.3x10-. 


Meyer and Taglang, who measured magnetic 
properties of MnAu, in magnetic field strengths of 
up to 28 k.oersted, also found saturation magnetiz- 
ations and their temperature dependence. They 
suggested that the approach to saturation must be 
quadratic in all fields. Our measurements skow that 
the quadratic law of approach to saturation is 
satisfied at 7 = 290°K up to 35-40 k.oersted, and 
at T = 77°K only up to 37 k.oersted. Fig. 5 shows 
the magnetization of the test specimen as a function 


of 3 and alsc the extrapolation proceeding from the 
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FIG. 3. Dependence of differential 
susceptibility in MaAu, on magnetic 
field strength. 
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FIG. 4. Dependence of saturation 
magnetization of MnAu, on the 
square of temperature. 
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FIG. 5. Magnetization of MnAa, as 
a function of 1/H?. 


quadratic proximity to saturation. The extra- 


polated values are considerably lower than the 
actual ones. The saturation magnetization figures 
produced by Meyer and Taglang must therefore be 
exceedingly rough and the temperature dependence 


of saturation magnetization found fe,rmle.o 


(1 — @7*) 


must be wrong. 
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Magnetization of MnAu, in superstrong pulsating fields 


The specimen which we investigated had a these data and if it is regarded as independent of 
density of 14.3 G/cm? and at I ..9 = 595 G the field, the magnetization figures can be compared 
magnetic moment in a manganese atom was 3.38 pp, with those given by the Brillouin functions. The 
which is very close to the magnetic moment of agreements obtained are very good at T = 400 and 
manganese in its ferromagnetic alloys. This 418°K if S = 2. 
magnetic moment figure is also very close to 'lowever, the magnetic fields used are not 
3.49 w, which was produced by Meyer and Taglang. sufficient for a decisive solution of she problem of 
This is due to the fact that the magnetization the influence of temperature on the coefficient of 


figures produced in that work were considerably the molecular field. Ve shall continue making 


higher than the ones produced by us, and extra- paramagnetic measurements in ever increasing 


polation through the quadratic approximation to fields in order to discover the influence of temper- 
saturation gives lower figures for saturation ature on molecular field and saturation magnetic 
magnetization. The exaggerated magnetization moment in the paramagnetic state. 
figures produced in that work have also been noted ‘ 
by Kussmann and Raub, who measured magnetization 
in MnAu, in fields up to 18 k.oersted. Our figures 
obtained in fields up to 18 k.oersted. agree quite 
well with those produced by Kusmann and Raub. 
At 368°K Min Au, becomes paramagnetic both in 
weak and strong magnetic fields. In this case a 
VOL. very peculiar approach to saturation is observed in 
12 strong fields. Ve tried to explain this by the fact 
that magnetization is due to the action not only of 
external, but also molecular, field. From para- 
magnetic measurements of the susceptibility of 
“InAu, at high temperatures it was found (5] that it 
is subject to the Curie-Weiss law. At C = 7.12 x 
x 107?, % = 230° and magnetic moment is 5.05 up. 


If the coefficient of molecular field is found from Translated by V. Alford 
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DAMPING CAPACITY OF INVAR; DEPENDENCE ON TEMPERATURE, 
CARBON CONTENT, MAGNETIZATION AND THE TIME FACTOR* 
I.B. KEKALO and B.G. LIVSHITS 
Moscow Institute of Steel 
(Received 15 November 1960) 


The temperature dependence of damping capacity has been studied in Invar with 
0.01 per cent and 0.26 per cent carbon in permanent and variable magnetic fields. 


The damping peak due to diffusion of carbon 
atoms in the y- lattice of steel with 25 per cent 
chromium and 20 per cent nickel under the effect of 
elastic stresses was first observed in the work by 
Finkel’shtein and Rozin [1]. The peak observed by 
these authors was at 300°C with a vibration fre- 
quency of around 1 c/s. Ke and collaborators found 
similar peaks in pure nickel [2], manganese, 
manganese - nickel steels and in steels of the 18/8 
type [3, 4]. In the work by Livshits and Makhukov 
the damping peak due to carbon atoms in the y- 
lattice of the alloy K40NKhM, was found at 300°C 
[5]. A similar carbon peak has been observed in 
Permalloy [6], Nichrome and Nimonic [7]. 

Ke has described the mechanism of the damp- 
ing peak in metals and alloys with a y- lattice [4]. 
This mechanism explains quite satisfactorily the 
occurrence and properties of the carbon peak in 
manganese steels. In ferro- nickel steels however, 
conformities have been observed [8], for which the 
authors have proposed a different mechanism from 
that described in [4]. 

The purpose of the present work was to study 
the effect of magnetization and the time factor on 
the temperature dependence of damping capacity in 
Invar containing 0.01 and 0.26 per cent carbon. 

Invar is known to have the structure of a 
single-phase solid solution on the basis of the 
y- lattice of iron. This alloy is also known to have 


a number of abnormal properties of a magnetic 
nature. Besides this, volume effects are observed, 
as a result of the redistribution of carbon atoms at 
low temperatures. This fact has not been allowed 
for in the works on damping capacity known to us, 
and for this reason investigations on these lines 
seem of particular interest. 1: 
The measurements were carried out in a 
relaxation oscillator type RKF-MIS. The specimen 
and the heating apparatus were placed in a solenoid, 
by means of which damping capacity could be 
measured both in a magnetic field and under the 
usual conditions. The length of the specimens was 
300 mm and diameter was 0.7 mm. Measurements 
were made in a vacuum of 10° — 10-* mm. Hg. The 
starting and final vibration amplitude was the same 
in all the specimens, 3 and 2.5 cm respectively. 
Preliminary experiments had shown that even at 
relative deformations of 10°® on the surface of the 
specimen, damping capacity is noticeably dependent 
on amplitude. All the specimens were heat treated 
as follows before the measurements: heating to 
800°C soaking 15 min, cooling to room temperature 


for 2 hr. 


RESULTS AND DISCUSSION 


The temperature dependence of damping 
capacity in Invar with 0.01 per cent carbon is 
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' A special article will be devoted to this. 


Damping capacity of Invar 


ED 122 169 260 240 280 220 350 C 


FIG. 1. Temperature dependence of damping 
capacity in Invar with 0.01% C; permanent 
magnetic field; f= 0.37 ¢/s. 
1—H=0; 2—H = 250 oersted 


shown in Fig. 1 (curve 1). A typical feature of the 
damping capacity curve in Invar is, first, the 
exceedingly abrupt drop in the background level to 
temperatures of approximately 300°C and secondly, 
the damping peak with a maximum in the region of 
200°C. Above 300°C the usual high temperature 
damping capacity branch is observed on which, in 
the region of 550°C, there is a maximum which 
appears to be due to relaxation along grain 
boundaries (this is not shown in Fig. 1). 

If a magnetic field is applied and the specimen 
is magnetized up to technical saturation there is a 
considerable change in the nature of the tempera- 
ture dependence of damping capacity (Fig. 1, 
curve 2). In this case no abnormal drop in damping 
capacity is observed at low temperatures, it 
increases a little up to 300°C and then there is a 
sudden rise, which corresponds to the high temper- 
ature branch. When a magnetic field is applied the 
damping background is considerably reduced, so 
that at 10°C the damping capacity level has been 
reduced three times. The two curves merge around 
Curie point. 

If the frequencies are low enough, in our case 
0.37 and 0.78 c/s, the eddy current losses are 
eliminated as a result of the low rate of variation in 
elastic stresses and consequently, the low rate of 
change of macroscopic and microscopic magnetiza- 
tion. This means that the difference in damping 
capacity in the magnetized and demagnetized 
states can be attributed mainly to magnetoelastic 


hysteresis losses. On approaching Curie point these 
losses diminish, as also the difference between the 
two curves. If a permanent magnetic field is applied, 
at 10°C for instance, lossés diminish monotonically 
with increase in field (Fig. 2, curve 1) and the 

main drop in damping capacity level takes place at 
low fields (down to 5 oersted). When a variable 
magnetic field is applied, however, (f= 50 c/s) 
losses increase in low fields, reaching a maximum 
in a field of 0.9 oersted. In higher fields (up to 

250 oersted) damping capacity varies in the same 
way in dependence on the level of the permanent or 
magnetic fields. 

The damping peak at 200°C appears to be due 
to the diffusion of carbon atoms in the y- lattice of 
Invar under the effect of elastic stresses. The 
carburization of Invar causes a considerable rise 
(5'2 times) in the height of this peak (Fig. 3, 
curve 1). There does not appear to be any notice- 
able shift of the peak along the temperature scale 
in dependence on carbon content. The regularities 
connected with background, which were observed 
in Invar at 0.01 per cent carbon, also take place in 
the carburized specimen. The coincidence is not 
only qualitative, but, within the limits of experi- 
mental precision, also quantitative. For instance, 
if a specimen with 0.26 per cent carbon is 
magnetized this will cause an abrupt drop in dam; 
ing capacity (Fig. 3, curve 2), the level of which 
will vary slightly with increase in temperature up 
to 300°C. 

Compared with the carbon peaks observed on 
curves taken by the usual method and in magnetiz- 
ing conditions, two important facts must be 
distinguished. First, the height of the peak on the 
application of magnetic field is lower than at 
ij = 0. The height of the peak was found by deduct- 
ing background. The background curve plotted in 
such a way that it merged at 260°C (Curie point of 
Invar) with that of the specimen which had not 
undergone magnetization. This effect is not so 
noticeable in Invar with 0.01 per cent carbon as 
with 0.26 per cent carbon. In Invar with 0.01 per 
cent carbon the difference is around 15-20 per 
cent, and with 0.26 per cent carbon it is around 
60-70 per cent. Secondly, when magnetic field is 
applied the carbon peak shifts to higher tempera- 
tures. With 0.01 per cent carbon this shift is 
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Damping capacity of Invar 
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FIG. 2. Dependence of damping capacity on magnetic field strength at 10°; 
1 — permanent, 2 — variable magnetic field (f = 50 c/s). 


15-20°C and with 0.26 per cent carbon it is 10°C. 

All the experiments were carried out with a 
free vibration frequency of 0.37 c/s at 10°C. No 
qualitative changes in the nature of the regularities 
observed occurred when the frequency was raised 
to 0.78 c/s. Figs. 4 and 5 show the results of the 
influence of magnetic field on damping capacity of 
Invar with 0.01 per cent carbon and 0.26 per cent 
carbon, at 0.78 c/s. If curves 1 in Figs. 1 and 4 are 
compared it can be seen that the increase in fre- 
quency does not cause any noticeable shift in the 
damping peak. This is apparently because the actual 
effect of displacement is small while the height of 
the peak is quite slight. This, together with spread 
and distortic: due to magnetic losses, means that 
the effect could not be revealed in our experiments. 
In the damping curves taken for Invar with 0.01 per 
cent carbon in a magnetic field at various different 
frequencies (curves 2, Figs. 1 and 4) the shift can 
quite clearly be seen, although a quantitative 
assessment would be difficult. 

More decisive data were obtained for Invar with 
0.26 per cent carbon. In this case high frequencies 
caused the carbon peak to shift both with the 
application of magnetic field (Figs. 3 and 5, 
curves 2) and at H = 0 (curves 1). In both cases the 
shift is about 10 per cent along the temperature 
scale. 

Calculation of activation energy on the shift of 
the peak during measurements made at various 
frequencies give the following values: at H = 0, 


u = 34,500 + 3,000 cal/mole; at // = 250 oersted 
u = 35,800 + 3,000 cal/mole. The calculation was 
made according to the well-known formula: 


Tih 


where /, and f, are the vibration frequencies, 7, 
and 7, are the optimum temperatures of the peak, 
R is the gas constant. 

The activation energy calculated for the 
diffusion of carbon atoms is high compared to that 
which is to be expected from extrapolation of the 
data on macrodiffusion from the paper by Blanter 
[10] on ferro-nickel alloys. When all possible 
errors are allowed for, this divergence can still 
not he attributed to experimental error. It is clear 
that only special investigations in the determina- 
tion of the activation energy of carbon atoms in an 
Invar alloy will be able to solve this problem. 

According to [8], the activation energy of 
carbon atoms in Invar is 28,000 x 2,000 cal/mole, 
determined by the damping capacity method. How- 
ever, allowance must be made for the fact that the 
position of the peak on the temperature scale is 
dependent on losses due to the ferromagnetic 
nature of Invar. These cause considerable distor- 
tions in the low temperature branch of the peak 
and actually shift it to lower temperatures (in [8], 
this fact was not mentioned). This means that a 


figure of 28,000 + 2,000 cal/mole for activation 
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FIG. 3. Temperature dependence 
- ofdamping capacity in Invar with 
0.26% C; permanent magnetic 
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FIG. 4. Temperature dependence 
of damping capacity in Invar with 
0.01% C; permanent magnetic 
field; 
f = 0.78 c/s 
!-H=9; 2—H = Gioersted 
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FIG. 5. Temperature dependence 
of damping capacity in Invar with 
0.26% C; permanent magnetic 
field; 
= 0.78 c/s 
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energy is 1500-2000 cal/mole too low. Besides 
this, the difference in the composition of the alloys 
and the high degree of error in the method (10- 

15 per cent) may to some extent account for the 
disagreement in these values. 

All the laws related to the influence of a 
permanent magnetic field on the height of a peak 
and its position on the temperature scale also hold 
for a variable magnetic field. As an example Fig. 6 
shows the data for Invar with 0.26 per cent carbon. 

It was found by special experiments* that below 
Curie point there is a transformation, as a result of 
which the damping level is considerably reduced in 
isothermal conditions. This transformation will not 
take place if a strong magnetic field is applied, and 
the damping capacity level does not vary with time. 
The transformation effect increases with carbon 
content. Fig. 7 shows two curves. Curve 1 was 
obtained by the usual method in the course of heat- 
ing and shows the damping level at various different 
temperatures in the first moment of time. Curve 2 
shows the damping level at various different tempera- 
tures as a result of soaking for 2 hr (in this period 
damping capacity dropped from 0.1 to 0.2 at 80°C 
and from 0.3 to 0.4 at 120°C and so on). It can be 
seen from Fig. 7 that the left-hand branch of the 
peak of the lower curve has shifted 5-6° higher 
than that of the upper curve. This means that the 
optimum position of the peak on the temperature 
scale is indeterminate and depends on the method 
of taking the curves. 

From the facts set out above the conclusion can 
be drawn that the optimum position of the carbon 
peak on the temperature scale is dependent on two 
factors: first, on magnetoelastic hysteresis losses 
and secondly, on whether transformation below 


Curie point takes place in the course of measurement. 


If magnetic field is applied these factors do not 
affect the position of the carbon peak. This can be 
seen from tie experiments. 

Let us look a little more closely into the 
reduction of the height of the carbon peak and its 
displacement on the application of magnetic field. 

The shift to higher temperatures can be attri- 
buted to the temperature course of the magnetoelastic 


* Detailed data will be published in a special 
article [11]. 
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hysteresis losses. If magnetoelastic hysteresis 
losses are allowed for (region ab at 40°C and a’b’ 
at 160°C Fig. 3), the left-hand part of the peak will 
shift to higher temperatures than the right-hand as 
there is quite an abrupt drup in magnetic losses on 
approaching Curie point. This will account for some 
of the asymmetry of the peak which was noted in 
[8].: However, it is not possible to attribute the 
reduction in the height of the peak to magnetic 
losses alone. At 200°C these losses are quite low 
(region a*b”) and constitute a small proportion of 
the difference in height. 

We will not dwell further on the possibilities 
of the mechanism of the carbon peak in Invar, 
noting only some of the features which appear to 
influence relaxation due to diffusion of carbon 
atoms in the stress field. As Invar is a ferromagnetic 
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FIG. 6. Temperature dependence of damping 
capacity in Invar with 0.26% C; variable mag- 
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FIG. 7. Effect of 2 hr soaking on damping 
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it can be assumed that its properties due to relaxa- 
tion must be caused by the diffusion of carbon atoms. 
These are not only determined by inelastic strain, 
which could occur on magnetization up to saturation 
or in a non- ferromagnetic material, but also to 
additional inelastic deformations of a magnetic 
nature. At the temperatures at which relaxation 
effects appear, due to microdiffusion of carbon 
atoms in the elastic stress field, it seems that, as 
a result of lattice deformation in the direction of 
the carbon atom displacements, further inelastic 
strain of a mechanostriction nature occurs. [he 
degree of relaxation, and consequently the height 
of the peak, increases with the contribution of the 
magnetic effect to the total level of inelastic 
strain. When the specimen is magnetized, the 
mechanostriction inelastic strain does not appear 

to such an extent, and therefore the height of the 
peak will be correspondingly less. 

Thus two mechanostriction effects may be 
observed in the process of the elastic strain of 
Invar: one of these occurs in any ferromagnetic at 
all temperatures below Curie point and is not 
related to the presence of carbon atoms in the 
lattice. The other appears in quite a narrow range 
of temperatures and is entirely due to diffusion of 
carbon atoms in the elastic stress field and to the 
deformation which arises as a result. No particular 
explanation is needed for the fact that the second 
effect is related to inelastic strain. A certain period 
of time is required for the displacement of carbon 
atoms to the equilibrium position, and consequently 
strain will lag behind stress and the mechano- 
striction deformation due to this strain will also lag 
behind stress, as a result of which the effect of 
inelasticity will be intensified. 

Magnetic phenomena are not usually considered 
when discussing possible mechanisms for the 
damping capacity peaks. ilowever, it can be seen 
from the facts set out above, that magnetic effects 
may have a considerable influence on the nature of 
inelastic effects in certain cases. It is therefore 
desirable to study relaxation effects in ferro- 
magnetics in dependence on the state of magnetiza- 


tion. 
CONCLUSIONS 


1. The damping capacity background in Invar is 


characterized by a very sharp drop down to 260- 
300°C. In a magnetic field the damping capacity is 
considerably reduced and up to Curie point it is 
slightly dependent on temperature. 

2. Around 200°C there is a damping peak, the 
height of which depends on the carbon content of 
the alloy. On the application of magnetic field the 
height of the carbon peak is lower than at //= 0 
(by 50 per cent for Invar with 0.25 per cent 
carbon). 

3. The damping peak maximum shifts to 
higher temperatures on the application of magnetic 
field. The shift occurs mainly in the low tempera- 
ture branch of the peak. 

4. Increase in the vibration frequency will 
also cause the peak to shift to higher temperatures. 
This is observed both on the application of 
magnetic field and at // = 0. \hen the vibration 
frequency is increased the damping level increases 
independent of the magnetic state of the alloy. 

5, The activation energy calculated for the 
carbon atoms is u.= 34,500 + 3,000 cal/mole at 
= 0 and u = 35,800 + 3,000 cal/mole at 
R= 250. 

6. The nature of the temperature dependence 
of damping capacity in Invar is dependent on the 
experimental method. Below Curie point two 
damping capacity curves can be observed. One is 
obtained with continuous heating, and the other 
as a result of 2 hr soaking at each measuring 
temperature. 

7. The results of this work show that when 
studying relaxation effects in ferromagnetics, 
magnetic fields should be applied, as this makes 
it possible to distinguish the influence of magnetic 
effects and others due to atomic structure. 


Translated by V. Alford 
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MECHANICAL PROPERTIES OF SODIUM IN THE RANGE OF LOW 
TEMPERATURE POLYMORPHIC TRANSFORMATIONS* 
I.A. GINDIN, B.G. LAZAREV, Ya.D. STARODUBOV and M.B. LAZAREVA 
Physico- Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 3 May 1961) 


The mechanical properties of sodium have been determined in tension in the temperature 
range 1.6-300°K. As in lithium [1], in sodium a number of features have been revealed in the 
mechanical properties, due to the presence of low temperature polymorphic transformations; 
increased ductility and uniformity of deformation, strain- hardening and microhardness. These 
peculiarities are regarded as “mechanical” criteria for the presence of a low temperature 


polymorphic state. 


Sodium, like lithium, is known to have low 
temperature polymorphic transformations (2, 3]. At 
room temperature it has a body-centred cubic 
lattice (b.c.c.). If cooled to 35°K or lower [2] the 
b.c.c. lattice is partially transformed into a 
hexagonal close-packed modification (h.c.p.). If 
sodium undergoes plastic deformation at 50-&0K 
or lower [2, 3] the “deformation” modification of the 
metal will arise. The behaviour of sodium at low 
temperatures thus has much in common with lithium. 
It was for this reason natural to study the mechani- 
cal properties of sodium of different “phase” com- 
position in tension and to test the mechanical 
criteria for the presence of low temperature poly- 
morphism which were earlier revealed in lithium [1]. 

99.8 per :ent pure sodium was used for the 
investigation. It had the following impurities: 

0.1 per cent calcium, 0.08 per cent silicon, 9.01 per 
cent sulphates, iron and other heavy metals 0.01 per 
cent. 

The specimens, in the shape of flat bars with 
heads for fixing them to the grips of the testing 
machine, were cut out by means of a press mould. 
The test length was 6 mm and cross-section 
4 x 9 mm?. The specimens for the mechanical tests 
were produced by the method developed for lithium 
[1]. As sodium has higher chemical activity than 


lithium the time taken to set the specimen up in the 
testing machine had to be reduced. The specimens 
were polished on soft felt soaked in a 20-30 per 
cent solution of ethyl alcohol in kerosene. Etching 
was carried out by immersing the specimen for 
1-2 min in a weak solution of tertiary butyl alcohol 
in kerosene’. After etching the specimen was 
quickly transferred to pure aviation gasoline and 
was washed in this to remove the products of 
etching. Then the residue of the gasoline was 
taken up with filter paper and the specimen was 
kept in liquid nitrogen until setting up in the test 
apparatus. The cooled specimen was placed in the 
grips of the testing machine, the low temperature 
part of which had previously been immersed in 
liquid nitrogen. 

Deformation took place in a testing machine 
[4] designed to carry out tension tests in a wide 
range of temperatures. Extension was carried out 
at a constant rate of deformation, 0.05 mm/sec, at 
temperatures of 1.6, 4.2, 20.4, 50, 64, 77, 90, 170, 
210, 235, 250 and 290°K. For the tests below room 
temperature (down to 150°K) gasoline was poured 
into a Dewar flask after cooling by means of a coil 
with liquid nitrogen flowing through it. The tests 
at 90, 77, 20.4 and 4.2°K were carried out in 
liquid oxygen, nitrc ;en, hydrogen and helium 


* Fiz. metal. metalloved., 12, No. 6, 846-852, 1961. 


* Cross-section dimension of grain was 2-4 mm. 
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respectively. Temperatures of 64 and 1.6°K were 
obtained by pumping the vapours over boiling 
nitrogen or helium respectively. To produce a 
temperature of 50°K hydrogen was fed into the 
Dewar flask so that only the lower part of the grip 
was immersed in it. The temperature was checked 
by thermocouples, the junctions of which were 
directly attached to the head of the specimen. 

The following mechanical characteristics were 
determined: proof stress o,,, ultimate tensile stress 
o », true tensile stress o,, elongation 5, percentage 
reduction of area W, coefficient of strain - hardening 
D and the microhardness of the specimens after 
fracture //,,,,, and also of reference specimens //,. 
Microhardness was measured on a PMT -3 tester 
with a load of 100 g at 77°K. After the tests the 
specimen was transferred into a Dewar flask with 
liquid nitrogen and placed on a stand mounted in 
the vessel in such a way that it was completely 
covered by the liquid. The Dewar flask was firmly 
attached to the rotating stand of the PMT -3 
instrument. 


RESULTS 


Load elongation diagrams. Fig. 1 shows the 
load elongation diagrams for sodium at temperatures 
embracing the field of polymorphic transformations 
(150-1.6°K). The machine charts show a consider - 
able difference in temperature above and below the 
martensitic transformation point, 7, = 35°K. At 50°K 
and above the maximum load corresponds to quite 
low deformations (25-30 per cent). At 20°K or lower 
the external force maximum shifts to more consider- 
able deformations (90 per cent and higher). The 
nature of the variation in the external shape of the 
curves thus indicates an increase in the degree of 
uniformity of plastic deformation at temperatures 
below the martensitic transformation point for 
sodium. 

No noticeable temperature dependence of the 
coefficient of strain- hardening is usually observed 
in metals with a b.c.c. lattice at low temperatures. 
In sodium the rise in the coefficient of strain - 
hardening sets in in the immediate vicinity of the 
“deformation” transformation point (50-80°K). The 
rise in D is particularly marked at temperatures 
below 7,. The table sets out the calculated 


averages for the strain-hardening coefficient of 
sodium at 90, 77, 20.4 and 1.6°K. This estimate, 
which was made on the assumption of volume 
constancy and uniform deformation along the speci- 
men, shows that strain-hardening increases 40 per 
cent with reduction of the deformation temperature 
from 90 to 77°K while at 20.4 and 1.6°K the reduc- 
tion is 3 and 9 times respectively. The comparatively 
slight increase in strain-hardening during the 
“deformation” transformation in sodium is attributed 
to the incompleteness of the transformation and the 
fact that there is partial recovery at 80°K. As with 
lithium the maximum strain -hardening effect in 
sodium is achieved on deformation in the tempera- 
ture ranges where the initial structure is a “two- 
phase” system. In this case deformation will lead 

to the formation of the finely dispersed modification. 
The low strain-hardenability of the metal up to 
50°K means that fracture will be of a ductile nature 
(the load level in the moment of fracture on the 
machine charts drops to zero). The considerable 
strain - hardening of the specimen below 7¢ point 
causes brittle fracture. 

It is interesting to note that the temperature 
dependence of the coefficient of strain - hardening 
is similar in sodium to that obtained for lithium, 
but at lower temperatures. This agrees well with 
the lower characteristic temperature of sodium and 
the difference in the temperature ranges of the 
polymorphic transformations of these two metals. 

Ductility characteristics. Metals with a b.c.c. 
lattice usually have reduced ductility with lower 
temperature. Like lithium, sodium is an exception 
to this rule. Fig. 2 shows the temperature depend- 
ence of elongation 6 and reduction of area W is 
sodium. The temperature course of these character- 
istics is the same as for lithium. As temperature 
falls from room temperature to 77°K elongation 
falls from 165 per cent to 60-79 per cent, and then 
it rises, reaching 130-140 per cent at 1.6°K. There 
is a clearly expressed minimum on the temperature 


dependence curve of elongation. A similar minimum 
has already been observed by Kostenets [5] but 
its nature has never been explained. In the lithium 
investigations [1], it was found that the increase 
in elongation below the minimum temperature was 
due to the “deformation” polymorphic transition of 
the b.c.c. lattice to one with a face-centred cubic 
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TABLE l. 


Deformation 
temperature 


Coefficient of 
Strain-hardening | 


D, kg/mm? 


0.10 
0.14 
0.3U 
0.90 


‘The D values correspond to the 
| characteristic strain-hardening 

in the first sector of curve 
P — Al (up to point [1] ). 


Elongation, mm 


FIG. 1. Load elongation curves for sodium at 
different temperatures 


y, % 
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FIG. 2. Temperature dependence of elongation 
5 and reduction of area W in sodium 


(f.c.c.) structure. The elongation minimum in 
sodium is lower in the temperature range (70-80°K) 
than for lithium. This also corresponds to the 
beginning of the phase transformation on deforma- 
tion of the metal [3]. 

According to X-ray diffraction analysis [2], 
deformation only causes the temperature of the 
martensitic point (7,) to rise in sodium to 51°K, 


while in lithium it is accompanied by the formation 
of a new, non-martensitic f.c.c. modification. 
lowever, the considerable and roughly similar 
(double) increase in elongation in lithium and 
sodium on cooling from the minimum temperature to 
1.6°K throws some doubt on the accuracy of this 
X-ray diffraction result. If the increase in 
ductility in lithium is due to the process of 
rearrangement of the lattice and mainly to the 
emergence of new modifications which are ductile 
at low temperatures*, then it is difficult to believe 
that a similar increase in elongation in sodium 
must be due to loss of stability of the lattice in 
the process of its rearrangement on transition. 
This seems even more improbable when one allows 
for the fact that the transformation of the b.c.c. 
modification to a c.p. one at low temperatures is 
accompanied by saturation [7, 8] for which a 
reduction in the rate of increase of. elongation 


* Elongation is known to increase as the deformation 
temperature diminishes in metals with a b.c.c. lattice. 
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would be appropriate. In sodium, elongation con- 
tinues to increase as the temperature falls right 
down to 1.6°K. The structure of the sodium phases 
appearing on the polymorphic transformation was 
determined on the basis of the three intensity 

peaks for the reflected X-rays [2]. Both in position 
and relative intensity, these peaks can be attributed 
to h.c.p. and f.c.c. lattices. It is suggested that, as 
with lithium, when sodium is plastically deformed 
there is a polymorphic b.c.c. to f.c.c. transformation 
and it is this which is mainly responsible for the 
high elongation. This conclusion is verified by 
additional X-ray examinations. 

Attention is drawn to the insensitivity of the 
second ductility characteristic of sodium — reduction 
of area us — to the “deformation” transformation 
taking piace in the metal. This coincides with a 
very slight increase in strain-hardening at temper- 
atures rather below that of polymorphic transforma- 
tion on ‘jeformation, and localization of elongation 
in the necking region. Percentage reduction of 
area remains 100 per cent right up to 40-50°K. Not 
until below 7; does it begin to drop and at 1.5°K it 
is equal to 40 per cent. Below 7¢ there is an 
increase in the rate of strain-hardening and at the 
same time, in the degree of uniformity of the 
deformation. The two-phase state of the initial 
structure of sodium below 7, point also promotes a 
more uniform type of flow. At room temperature a 
large elongation is determined by the localized 
deformation in the neck, while at 1.6°K this will be 
due to the uniform reduction of area along the whole 
length of the speciinen. 

Our elongation figures are considerably higher 
(3-4 times) than those of other writers [9, 10]. As 
this difference cannot be explained away by the 
dimensions of the test piece, microstructure, 
chemical composition or rate of deformation, it 
seems that the low ductility of sodium must be 
related to the formation of oxide films even in 
conditions where the surface is protected by a 
layer of paraffin wax. Thus, the principal 
“mechanical” criterion for the presence of low 
temperature polymorphism, the minimum on the 
elongation temperature dependence curve, is satis- 
fied for sodium as well. Due to the increased 
strain - hardening at low temperatures, there is also 
an increase in the degree of uniformity of the 
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FIG. 3. Temperature dependence of proof stress 
Oo.2, ultimate tensile strength 0) and true tensile 
strength 0,. 


Characteristics of resistance of deformation 
and fracture. The temperature course of yield point 
and tensile strength in sodium (Fig. 3) is most 
unusual for metals with a b.c.c. lattice. From 290 
to 50°K these two characteristics vary in exactly 
the same way. They increase according to a weakly 
linear law 0 = 09 — 57. Atoo., (T) the oo and oy 
values are 0.6 and 0.0017 respectively; at a, (7) 
they are 1.0 and 0.001. At 35°K, i.e. at martensitic 
transformation point for sodium (which is 70-75°K, 
as in lithium), there is an abrupt increase in 
resistance to deformation and fracture. Thus, while 
yield point increases from 0.2 to 0.5 kg/mm? on 
cooling from 290 to 50°K, if the temperature is 
changed from 50 to 20.4°K it will increase to 
1.5 kg/mm?. The temperature ranges 290-50 and 
50-20.4°K also correspond with the different rate 
of growth of resistance to fracture; 0, varies in 
these ranges from 0.8 to 1.0 and from 1.0 to 
2.3 kg/mm?. The jumps in oo,, and a, at T = Ts 
are due to the formation of a “polyphase” system 
as a result of the polymorphic transformation which 
takes place on cooling and deformation. Ultimate 
tensile strength, like reduction of area, is not 
sensitive to the deformation polymorphic transform- 
ation. Below 7¢ the temperature dependence of 
yield point and ultimate tensile stress are 
different. Yield point remains practically constant 
and tensile stress increases. This difference in the 
temperature course of 0o,, and a, below Tg can be 
attributed to the complete stabilization of the 
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martensitic transformation on cooling [7, 8] and a 
more complete deformation transformation. A 
particularly noticeable effect on the increase in 
tensile stress is exercised by the intensive grain 
refinement of the multi-phase microstructure which 
takes place at low temperature deformations. 

Accurate measurement of true tensile stress 
(o,) can only be made in a narrow range of tempera- 
tures (below 20.4°K), as in other circumstances the 
load and cross-section of the specimen will be 
approximately zero in the moment of fracture. As in 
lithium, in sodium true tensile stress o, at first 
increases, from 7.5 to 8.5 kg/mm? between 20.4 and 
4.2°K, and then it falls (at 1.6°K o, = 5.5 kg/mm?) 
It appears to be the regular nature of the plastic 
deformation which is responsible for the reduction 
in o,. This is clearly visible in the final stages of 
flow at 1.6°K (Fig. 1). Irregular deformation can be 
treated as a dynamic effect on the metal [11]. It is 
typical for irregular deformation during the course 
of the process of flow to cause a reduction in 
ultimate tensile strength also. This is observed 
when lithium is extended at 1.5°K [1]. It is not 
impossible that this irregularity in deformation in a 
single-phase system may cause a drop in the 
ductility of the metal at temperatures below that at 
which the discontinuities appear. For instance, in 
aluminium elongation increases on cooling from 
room temperature to 20.4°K, while in the helium 
temperature, when deformation is irregular, it falls 
[6]. 

Thus the jump in the resistance to deformation 
and fracture on the temperature dependence curves 
of yield point and tensile stress is also a 
‘mechanical” criterion for the presence of a low 
temperature polymorphic transformation. 

Microhardness. Fig. 4 shows the results of 
microhardness measurements on sodium specimens 


at the temperature of liquid nitrogen (77°K). The 


lower 7. curve shows the hardness of specimens 
which have previously been cooled to the tempera- 
tures indicated on the graph. It can be seen quite 
clearly that the main increase in hardness occurs at 
martensitic transformation point 75. At this point 
hardness increases abruptly from 2.8 to 4.3 kg/mm?. 
This is due to the formation of a “two-phase” 
structure (b.c.c. and h.c.p.) and this is similar in 
nature to the increase in tensile strength. The fact 


FIG. 4, Dependence of microhardness at 77°K 

on the temperature of previous heat treatment: 

Hs. — microhardness in specimens previously 

cooled to various different temperatures; Hay 

— microhardness inthe neck of specimens pre- 

viously fractured at various different tempera- 
tures. 


that the microhardness of specimens cooled below 
Ts and then heated to nitrogen temperature is 
higher than that of the specimens in a wide 
temperature range 290-50°K, is a clear indication 
of the fact that phase transformation has taken 
place and that the reverse transformation takes 
place above 77°K. Actually, it is known from other 
data [2, 12], that the reverse martensitic trans- 
formation in sodium occurs at 120°K. The upper 
nay curve shows the maximum microhardness of 
specimens which were fractured at various different 
temperatures between 290 and 1.6°h. It was mea- 
sured at 77°K. The //,,,, curve is above the //,, 
one. The Hinax — ‘5, difference in the temperature 
range 200-150°K shows the strengthening of the 
metal on plastic deformation. Below 100°K this 
difference increases as a result of a change in the 
“phase” composition of the metal due to the 
“deformation” polymorphic transformation. At Ts 
there is another clearly expressed jump in micro- 
hardness from 5.5 to 7.3 kg/mm?. 


CONCLUSIONS 


1. In granular polycrystalline sodium 99.8 per 
cent pure between 1.6 and 290°K, which embraces 
the range of polymorphic transformations, anomalies 
have been found in the following mechanical pro- 
perties: elongation, yield point, ultimate tensile 
strength and microhardness. These are due to low 
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temperature polymorphic transformations. 

2. It has been found that martensitic trans- 
formation on simple cooling causes an abrupt 
increase in yield point, ultimate tensile strength 
and microhardness. 

3. The minimum elonggtion observed lies in the 
temperature range for the beginning of the 
“deformation” polymorphic transformation. It is 
suggested that the considerable increase in elonga- 
tion when temperature falls from 77 to 1.6°K is due, 
as with lithium, to the formation of a face- centred 
cubic modification on the deformation transition. 


4. Low temperature polymorphic transformations, 


particularly the martensitic one, cause an increase 
in strain- hardening and in the uniformity of 
plastic flow. 

The authors wish to express their thanks to 
I.A. Serbina for help in carrying out the present 
investigation. 


Translated by V. Alford 
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REGIONS OF COHERENT REARRANGEMENT IN A CRYSTAL LATTICE 
ON PHASE TRANSFORMATIONS IN SOLIDS* 
V.I. ARKHAROV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 16 June 1961) 


A general scheme is given for calculating the shape and dimensions of the coherent 
rearrangement region in a lattice, i.e. the region in which atom displacements do not 
exceed the normal space between atoms. 


THE PROBLEM 


1. Of the factors determining the influence of structure on the properties of solids, considerable 
importance attaches to the shape and dimensions of the regions within each of which there is uniform crystal 
lattice orientation varying discretely on transition from one part to the other. Vhen a polycrystalline 
structure is formed on freezing from the melt, the pattern of these parts, which are usually called crystal- 
lites, is very simple. It becomes very much more complicated when a crystallite (“metallographic”) micro- 
structure is formed on recrystallization (phase transformations in the solid state). This process is further 
complicated by the degree of ordering in the arrangement of atoms in the initial phase (this imposes certain 
conditions on the process of arrival of new atoms in the peripheral zone of the growing crystal in the phase 
arising from adjacent layers of the initial phase), and also if the elasticity of the two phases, parent and 
new, is considerably different and anisotropic. 

It is the influence of these factors which predetermines the shape of the primary crystallite of the new 
phase, at least up to a certain stage in its development. Restriction of the latter, in its turn, determines the 
size of the primary crystallite. Further analysis of the process of formation of a polycrystalline structure 
brings up a problem. How are the primary crystallites of the new phase linked together to form a more or 
less complex aggregate, in which there may be certain features uniting the mutual arrangement of the primary 
crystals in a definite manner, as they have all come from the one crystallite of the initial phase? 

Here we shall centre our attention on the problem of the shape and dimensions of a primary 
crystallite. 

2. The influence of the initial phase on these characteristics of the newly forming phase appear part- 
icularly clearly in the ordered allotropic transformations in solids, particularly martensitic diffusionless 
transformations. It is primarily expressed in the regularities of the orientation relations between the 
crystal lattices of both phases. 

The rearrangement of a lattice consists in the regular and related rearrangement of atoms. In the centre 
of the region there will be an atom which hardly varies its position at all. Its nearest neighbour will be 
displaced certain definite distances from it. These distances are usually quite small compared with the 
interatomic spacing of the lattice. Then the atoms in the vicinity of the displaced ones will being to shift, 
i.e. those further from the centre stationary one. “Sequential transmission” of displacements from the centre 
to atoms at ever increasing distances, describes the pattern of propagation of the lattice rearrangement in 


* Fiz. metal. metalloved., 12, No. 6, 853-859, 1961. 
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the form of a wave of mechanical perturbation. However, the anisotropic nature of the medium (the initial 
lattice) predetermines the anisotropic nature of the distribution of this rearranging momentum and the non- 
equiaxed form of the rearrangement area, i.e. the primary crystal of the newly forming phase. 

The orientation relations between the lattices of the initial and new phases are clearly related to the 
mechanism of atom displacement on rearrangement, both in magnitude and direction. If the orientation 
relations are known from experiment, the extent and direction of rearrangement* can be found for each atom, 
so that in the new arrangement the lattice of the newly formed phase will have the required orientation. 

3. In any crystallographic law which determines atomic displacements on rearrangement, the extent of 
the displacement increases with distance from the centre. If we follow up this increase in any direction 
we shall note the position of an atom which has suffered a displacement of the order of an interatomic 
space /, The displacement of the next atom in the same direction should also exceed /. 

We suggest that the sequential transmission of atomic displacements ceases at this spot and that here 
the atomic bond with the old lattice may occasion considerable interaction with the previous displaced 
atom, pushing it a much further distance. In other words, we suggest the places in which the atomic 
displacements necessary for the rearrangement of the lattice have reached the magnitude of an interatomic 
space, when put together, define the boundary for the propagation of a fully coherent rearrangement. If a 
line is drawn through all these positions starting from the centre of rearrangement, an enclosed surface will 
be formed. The line will enclose the region inside which, in the process of rearrangement, all the atoms 
have heen completely regularly displaced by distances less than an interatomic space and the coherence of 
their arrangement in respect to one another has been preserved. We suggest that this is the region which is 
described as a “primary crystallite” of the new phaset, 

4. Besides easing the problem of the relationship between the properties of solids and their crystallite 
structure, the determination of the shape and dimensions of such regions for different crystalline substances 
should be useful from another point of view. Phase transformations in solids are usually related to changes 
in specific volume. Therefore mechanical interaction (phase self -work-hardening) must arise between the 
products of transformation and the parent phase. As always, the properties of a substance and the course of 
subsequent effects are dependent on the stage of work-hardening. 

It is known from experiment that in many phase transformations, the properties of a lattice immediately 
after rearrangement are very different from those in the equilibrium state. Besides this, in many cases 
phase transformation is accompanied by very considerable structural changes, due to work-hardening, such 
as recrystallization. At the same time, converted to the average change in linear dimension, the change in 
specific volume in the rearranged sector of the lattice will give quite a small value compared with the 
critical degree of work-hardening responsible for recrystallization after deformation by the usual methods. 
This is apparently due to the very uu-unifurm distribution of work-hardening throughout the rearranged 
lattice. This means that some sectors are subject to work-hardening to such a high degree that recrystal- 
lization is initiated. In its turn, the irregularly propagated distribution of phase work - hardening is due to 
the non- equiaxed shape of the rearrangement sector and to anisotropy of the elastic medium. 

We have attempted to calculate the stresses due to phase transformations where the rearrangement of 
the sector is of a definite shape. From the most general considerations it is assumed that this sector is in 


* Here we only have in mind the difference between the new position of the atom and its original position, and not 
the “trajectory” of this displacement. 

t If the critical atomic displacement (&¢,) causing interruption of coherence is different from the normal interatomic 
spacing (m ), but the same in all directions, then the region in question will change its absolute dimensions but 
preserve its shape (it will remain geometrically similar to the region calculated for a critical displacement of 7 ). 
Generally speaking, interruptions of coherence may occur at several different Cor values in different directions, 
which may cause local distortions in the shape of the region. These will be commensurate with that calculated for 
t~ =r. However, statistical evaluation of the shape of the region results in the latter figure. 
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the shape of an elliptical cylinder or lens. It is clear that the shape of the rearranged sector of the lattice 
on phase transformation is deserving of more detailed study. This would clarify the picture of phase self- 
work-hardening. The arrangement of the region of coherent displacements of atoms, in which displacements 
on the periphery do not exceed an interatomic distance, will give the most uniform spatial arrangement of 
the elastic deformation due to a change in specific volume. This permits the assumption that this is the 
most probable shape for the rearranged sector and that the method of rearrangement is actually determined 


by the shape of the “primary crystallite”. 
ARRANGEMENT OF THE REGION OF COHERENT LATTICE REARRANGEMENT* 


Let the orientation relations between the initial y-and newly arriving a- phase be expressed by the 


following formula: 
(ARI ~ x; (uve) 2. (1) 


We will take any atom in the y- lattice as the fixed centre of rearrangement (0 ooo ). Through this centre we 
will draw plane (AkJ)y, which we will call the zero plane, and through it direction [uvwly, passing through 
Oooo» A number of atoms are arranged along this direction; we will regard it as the zero series of the zero 
plane. ve will count the atoms in this series from 05.0, which will be regarded as zero. n will denote the 
number of atoms; on one side of Moo it will be positive and on the other, negative. 

In each of the other rows one of the atoms of the zero plane will be regarded as the zero atom of the 
given row; the rest of the atoms in the row will be numbered in the same way as the zero row. In each of the 
other (Akl)y planes one of the rows parallel to [wvw]y will be regarded as the zero row for that plane and one 
of the atoms in it as the zero atom for that row. In each plane we will number the rows of atoms, beginning 
at zero and designating the number of the row by m. We will assume that m > 0 on one side of the zero row 
for a given plane and m < 0 on the other. We will number the planes along their common normal, beginning 
at zero and indicating the plane numbers by + p depending on whether they are above or below the zero 
plane. 

On y > a rearrangement each atom, except for Oooo , will be subject to a displacement which will be 
denoted by Sip This rearrangement will be regarded as the geometrical sum of three components: 

1) in the direction along a given row (indicated by bmp) 2) perpendicular to the direction of the row 
(indicated by Bigg 3) perpendicular to the plane (A&l)y (indicated by Dy). Each atom in the y- lattice, the 
position of which is clearly determined by the n, m or p numbers, will correspond to the same site numbers 
in the a-lattice, to which the atom will pass on the y + a rearrangement. This will be determined by the 
orientation relations (1) between the wand the a-phase. To put in the detail to the pattern of atomic dis- 
placements, for each plane we will plot a superposition of crystallographic networks of the y-and a- phases 
and project them all to the zero plane. We will establish a general method for finding the zero series and 
zero atoms in them, 

In the projection of the network of the first plane (44/)y (p = 1) we note the projection of the atom 
which is the nearest neighbour to the fixed centre of rearrangement. Let this be point %,; it lies in a 
certain direction [efgly, forming an angle w,, with [uvwly at a distance 3, from Qo. Similarly, shifting from 
Qooo in direction [e ’f’g’]a, which is at an angle of UW, to on sector , we find the projection 
9°, of the site of the a- lattice to which the atom projected to 0, will pass on rearrangement. Directions 
[efgly and [e’f’g’]a, angles W, and w, and sectors #, and +, are determined by the type and parameters 
of the y and a- lattice respectively. They can be calculated from the general crystallographic formulae for 
each concrete case of phase transformation. The zero row in the first (Ak/)y plane will be taken to be the 


* It is assumed that there are no lattice distortions and no elastic isotropism. 
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row of atoms arranged in this plane in direction [uvw]y passing through the atom which is projected to .. 
The latter will be taken as the zero atom of the zero row of the first plane. The zero row for the first 
(h’k’l’)a plane will be determined in the same way, as also the zero atom for this row (the latter will be 
projected to 

The other planes will be plotted in exactly the same way. In the total projection to the zero plane a 
shift of pO; = Oo000,p. has taken place from the fixed centre Oooo along [efgly. The row of atoms in a 
p (hkDy plane along [uvw]y passing through the atom whose projection is 0 op Will be called the zero row of 
the p plane, and the atom with projection 0,, will be the zero atom of this row. The zero row and its zero 
atom for the p (h’k‘l’)a plane will be determined in exactly the same way. 

Now the positions of the zero atoms in the other rows (m = 0) in any piane remain to be found. The zero 
atom of the mth row of the pth (hk/)y plane will be taken to be that which is projected to the zero plane in0,, 
which lies at the intersection between the projection of the row in question and the straight line passing 
through the relevant point 0, in a direction parallel to the diagonal of the elementary y= network loop. By a 
similar arrangement we shall find the zero atoms of the mrows in any (h’k‘l’)a plane. This establishes a de- 
finite method of numbering the atoms denoted by the three n, m and p letters both in the y and a- lattices. For 
each atom there isa corresponding point with the same number inthe pattern of the projection tothe zero plane 

The line joining each atom in the y- lattice with an a- lattice site with the same three letters, will be 
the displacement to which each atom will be subject on the y + a phase rearrangement of the lattice. 


This displacement will be 


(3) 


Mnmp indicates the line joining the projection on the zero plane of the atom with n, m and p numbers in the 
y- lattice to the projection of the same site of the a- lattice, which will have the same three numbers. 


Denotiag the interplanar distances in the lattice by d 


Dy = y — (4) 


We will use 3 to denote the length of the elementary y-network loop diagonal through the angle s,, which 
it forms with [uvwly; similar values for the a- lattice will be called s, and 4, All four values can be found 
by the usual crystallographic formulae from the dimensions of the unit cell of the lattice in question. 
Finally we will indicate the lattice parameters along the crystallographic direction by the letter / with 
indices for this direction. 

Using all these symbols we find: 


Amp = P Au + ™ Aro: 


= sin», — 9, sin’, ; 


Ato = Sz SIN — SiN 9, ; 
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Boor = €OS — 4, COS (10) 
6919 = Sa COS Pa — S; COS 9; ; (11) 
The six values expressed by equations (4) and (8)-(12), can be called the principal parameters of 
the coherent region. They are expressed through values which are in their turn determined by the type and 


dimensions of the unit cells of both lattices (y and a). Using the main parameters, (2) can be represented 


in the expanded form: 


= V (D,)* + (p Aor + Ayo)? +1 (P 8001 8010) + 7 (2a) 


When using this formula it is important to remember that in concrete cases the main parameters may be 
either positive or negative. If any displacement is regarded as passing from the y-to the a- lattice, we shall 
find that the positive direction in any way of atoms is the one in which n > 0. The positive direction along 
the perpendicular to the row will be the one where m> 0. 

It can be seen from (6) that in each plane there is a row which is subject, as a whole, to minimum 
displacement, and this will be the row with the number 


(mp), =—E (p (13) 


It follows from (7) that in this row there will be an atom which is subject to minimum displacement, 


and this atom will be the one with number 


Soo + ( do Bota 


S100 


In passage from n = 0 in this row to n = (rnp do the Samp values diminish and then, at |n| > |(imp do |, 
they begin to grow. On passing from n = 0 to the atoms on the other side of the zero, the — values only 
increase. In passage from m = 0 in any given (p) plane to (m,)o the \,,,, values diminish and then, at 
| m| > |(m, )o |, they begin to grow. In passage from n = 0 to the rows on the other side of the zero row, the 
values only increase. 

Using the formulae deduced, the boundaries can be found for the region in the y- lattice in which the 
displacement of the atoms does not exceed the magnitude of an interatomic space / (which we have decided 
to regard as the boundary condition for the preservation of coherence in atomic displacements). Here we 


A 


assume that 


cr 


Formula (2a) gives the extreme number for the atoms for any actual m series in any p plane 


Poor m Soro) V (pD,)° Ao +m | 


6 


The length of the row will be determined by the difference 
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2V 1? — (Dy)? — (p Aor 


00 


Nor = E 
The length of the row within a coherent region will be 
Limp = — Mer) 


Assuming that ,+—n~ = 2, from (16) we shall find the extreme m value in any given plane: 


—P Bes + Ve — (pD,)?— | 


Ato 


The extent of the region of coherence in a direction perpendicular to [uyw]y in any plane will be 


determined by the difference 


Ato 


+ _ 
Mor — May = E 


Assuming that m~ — mz 2, in (19), we shall find the extreme p value: 


= 
Po = (20) 


On the other side of the zero plane the pattern of atom displacenicnt will be symmetrical around the 
fixed centre of redistribution 0.. A line passing through all the “ends” of the rows, determined 
according to conditions (15), (18) and (20), will enclose the region of coherence. In each plane the ends of 
the rows (15) will mark a closed contour which will limit the sector in question for a single - atom layer. 
The largest sector is intersected by the zero plane. In its centre it has the atom which has remained 
completely stationary during rearrangement. On either side of the zero plane of this sector similar sectors 
of single-atom layers are piled up, each one suffering a definite shift in respect of the next one. In this case 
each successive shift willbe slightly less than the one before, while remaining geometrically similar. The 
shift ofthe sectors inrespect ofthe fixed centre of the zero plane willbe determined bythe arrangement of 
atoms (one in each layer) which have the minimum displacement for their layers onrearrangement (this dis- 
placement willbe a negligibly small component inthe layer and will mainly be determined by the D, value). 
In each layerthe position of these “relative centres” is determined by the number of the atom (n,,,)> in the 
row with number (m,),. The zero atom ofthe zero row ofthe zero plane isthe symmetrical centre of the region. 
In a general case the whole region will look like a geometrical solid drawn out in varying degrees in the 
direction which unites the atoms lying inthe “relative ceatres” of the boundary atomic layers + p,,. 


The extent ofthe region of coherence in this direction will be 


L= OV + [(m,)oS; sin 2; P+ [Pop - (21) 


The crystallographic indices of this direction (“axes of the region of coherence”) are determined by the 
co-ordinates of the extreme points (rapes (m,)o and p,,- The indices can be reduced to the main crystallo- 
graphic system of co-ordinates by the usual fasstiihien. In a general case, the direction of the axis of the 
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region of coherence may have very complex indices, which lie at definite angles to the simple crystallo- 
graphic directions. 
As the calculations show, in a number of concrete cases of phase transformations the regions of 


coherent rearrangement exhibit considerable divergence in relation to shape and dimensions. It is 
suggested that this is due to differences in the microstructure of the products of transformation formed 
from the regions of coherent rearrangement. These differences in the “fine microstructure of martensite” 
may have considerable significance as regards the properties of materials. For this reason, the calculation 
of the regions of coherent rearrangement in a lattice on phase transformations is of very considerable 


practical interest. 
Subsequent articles will present the results of calculations made on these lines for certain important 
concrete cases of phase transformations. One such case has already been published [1]. 


Translated by V. Alford 
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DIFFUSION OF NIOBIUM IN TITANIUM CARBIDE AND IN THE 
EQUIMOLAR COMPOSITION SOLID SOLUTION TiC-NbC* 


M.L. BASKIN, V.I. TRET’YAKOV and I.I. CHAPOROVA 
All-Union Research Institute of Hard Alloys 


(Received 24 January 1961) 


The diffusion parameters have been determined for niobium in titanium carbide and in a 


TiC-NbC solid solution with equimolar composition. The method used was that of electron 


The diffusion and self-diffusion parameters of 
the carbides of transition metals are of interest in 
solving problems related to the properties of inter- 
stitial phases, and also in the study of the pro- 
cesses which take place in the production of hard 
alloys in the form of what are known as complex 
carbides at temperatures below their melting points. 
We have determined the diffusion coefficients 
and activation energy for the diffusior of niobium 
in titanium carbide and in the solid solution 
TiC-NbC'. 
The problem of the diffusion of metallic atoms 
in the carbides of refractory metals has been 
studied very little [1-3]. This is due to experimental 
difficulties which arise in carrying out the diffusion 
anneal and siuiering the compact carbide specimens, 
which require very high temperatures (2000-2500°C). 
Besides this, there are no known methods of 
depositing and fixing layers of radioactive prepara- 
tions on the surface of carbide specimens. For this 
a special apparatus had first to be developed and a 
technique of investigation worked out. 
The materials used in the preparation of the 
titanium carbide and Ti-NbC compacts were: 
titanium dioxide refined of calcium and silicon 
impurities, containing TiO, 99.7%; niobium metal 


* Fiz. metal. metalloved., 12, No.6, 860-864, 1961. 


* In view of the low porosity and large grain size of the 
specimens it can be assumed that these parameters 
characterize volume diffusion (with the exception of 
the figure for the lower temperature 1935°C). 


adsorption in a thick layer, using the radioactive isotope’® Nb. 


powder containing 98% Nb and lampblack with an 
ash residue of 0.04%. The starting TiC and 
TiC-NbC carbide powders were produced by 
carbidizing TiO, + C and TiO, + Nb+C charges 
in a vacuum furnace with a graphite heater and 
residual pressure of 0.2-0.3 mm Hg. After the 
carbides had been carefully ground in a ball mill 
the powders were treated with a 10 per cent 
solution of hydrochloric acid to remove the iron 
impurity. The chemical analysis data are set out 
in Table 1. 

To produce the compacts 0.25 per cent 
powdered nickel was added to the titanium carbide, 
using the method described in [4]. The mixture was 
then thoroughly mixed for 4 days in a ball mill lined 
with hard alloy tips in an alcohol medium. No 
nickel was added to the TiC -NbC carbide. 
Cylindrical briquettes 15 mm in diameter and 5 mm 
high were pressed from the mixture and then they 
were sintered in a vacuum furnace in two stages: 

1) slow rise of temperature at the rate of 10°/min, 
up to 1920-1940°; 2) at 2300° for 2.5 hr at a 
vacuum of 10°* mm Hg. 

The nickel evaporated in the course of the 
high temperature sintering and the resulting 
specimens of titanium carbide, to judge from 
spectroscopic analysis, contained no nickel. The 
specific weights of the specimens approximated to 
the theoretical figures for these carbides. X-ray 
structural analysis and microscope examination 
data are set out in Table 2 and Figs. 1 and 2. 


To avoid any substantial changes in grain 
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TABLE 1, 


Impurity 
content % 


C content, 
wt % 


Material 


Fe | N 


total | free 


Titanium carbide 
Solid solution 


FIG. 1 Photomicrograph of titanium 
carbide specimen, x 400. 


0.035 
0.07 


0.015 
0.02 


19.6 0.4 
12.92 0.26 


FIG. 1. Photomicrograph of TiC -NbC 
specimen, Xx 400. 


TABLE 2. 


Sp. wt g/cm’ 


Materials 
theoret- 


: actual 
ical 


Lattice 
parameter 


Remarks 


4.95 4.95 


No Ni found by the 
spectral method 


TiC—NbC 


size during the course of the investigation sinter- 
ing was catried out at temperatures above the 
diffusion annealing temperature, in a vacuum 
furnace at 10°* mm Hg. The temperature was mea- 
sured on a MOP- 48 pyrometer which had previously 
been checked and calibrated for radiation absorp- 
tion. Errors in temperature measurement in the 
course of annealing were 0.5 per cent. 

- Diffusion parameters were determined by the 


No nickel added 


method of absorbing electrons in the thick layer 
[5, 6]. For this purpose a uniform layer of radio- 
active niobium’’ Nb was deposited on to a micro- 
section from the specimen. The deposition was 
carried out as follows: niebium oxyllate with a 
specific activity of 4.5 mc/ml. was dissolved in 
ethyl alcohol. One drop of the solution was 
deposited on to the microsection. The specimen 


was dried in air. Two drops of a saturated alcoholic 
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solution of sugar were deposited on to the layer of 
niobium oxyllate. After the alcohol had evaporated 
the specimen was heated in a vacuum furnace and 
soaked at 1900° for 10 min for carbidization and to 
fix the layer of radioactive Nb on the surface of the 
specimen. Special tests showed that the intensity 
of - radiation hardly varied at all during this 
heating. The intensity of radiation from the fixed 
layer was taken for the initial intensity, %. With 
normal fixing & was 1.5 per cent higher than the 
radiation intensity of the layer after the niobium 
oxyllate solution had been deposited. The % value 
was 3000 impulses/min. 

Radiographic observations showed that the 
niobium was evenly distributed throughout the layer. 
This meant that the initial depth of the radioactive 
layer could be approximately calculated. It was 
found to be considerably less than 0.1 p. A depth so 
small ruled out any errors due to absorption of 
electrons in the surface layer. 

The diffusion anneal was carried out in a 
vacuum furnace at 10°? mm Hg. The specimens were 
soaked at this temperature for a predetermined 
period of time and then the furnace was disconnected, 
the specimens were cooled and the intensity of 
radiation i was determined. 

The radiation intensity measurements were 
carried out on an end window counter MST -17. The 
count intensity of each specimen was measured two 
or three times. The count lasted 5 min. To find the 
correction for radioactive decay and rule out random 
errors in measuring the radiation intensity of the 
specimens, measurement was also made on a 
standard, for which purpose an additional specimen 
was used with a layer of radioactive niobium. 

After each specimen a check count was made from 
the standard. 

Diffusion coefficient was calculated from the 
formula: 


32 


tg?a 


where tan a is the gradient of the “asymptotic 
straight line”, the tangent to curve i/ip = f(1/y 0). 
This tangent passes through the beginning of the 
co-ordinates (abscissa axis 11 t, ordinate axis 


is the thickness of the specimen; 
radiation intensity which the specimen should 
have if the radioactive substance were evenly 
distributed over the surface; /,, radiation intensity 
if the radioactive substance were evenly distri- 
buted throughout; ¢ is diffusion time in sec. 
Activation energy Q was calculated from the 
D values and also from the formula which emerges 


from [5] 


R (int, —In¢ 
Q= (In tg 1) 


(2) 


where ¢, and ¢, are the periods during which the 
same change in relative radiation intensity occurs 
(i/io) at diffusion temperatures 7, and 7,; /t is the 
gas constant. 

In our case the activation energy figures 
obtained from the diffusion coefficient values were 
practically the same as from formula (2). Formula 
(2) however guaranteed a lower maximum error as 
those due to determination of the “absorption 
functions” (5,,1.,/Ip) are excluded. The maximum 
error level was found from the formula for activa- 
tion energy (2) and diffusion coefficient (1). The 
figures found were, maximum error in determination 
of annealing time 1.5 per cent, thickness of 
specimen 0.5 per cent, temperature of diffusion 
anneals 12°, counting 0.5 per cent (the activity 
measurements were made in such a way that in 
most cases in determining activity around 2500- 
3000 counts/min, the scatter did not exceed 
3 counts/min). Each experimental value was 
determined on four specimens. The deviations 
from the average were considerably less than the 
calculated figures for maximum errors. 

The usual way of calculating the D values 
according to formula (1) to find the radiation 
intensity from a specimen with uniform distribution 
of a radioactive substance (/,,) throughout, is to 
melt the specimen after the diffusion anneal. ‘I'he 
melt is stirred in order to obtain even distribution 
of the radioactive substance, then it is cooled and 
specimens are made in the original shape and 
dimensions. This method is not used for refractory 
and brittle carbides. As the “absorption function” 
value (5,,/..: 4) in formula (1) is, in thick 
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TABLE 3. 


Dx10~% | Max. abs. 
cm?/sec | error, % 


| H 
' | 


a 
error, % 


| 
| | 
“18 4243 46 


4 The resulting figures for the diffusion 
coefficients of niobium in TiC specimens are set 
out in Table 3, while the InD dependence on 1/T 
sesatdies ~erxagertgdinelagdal is shown in Fig. 3. Activation energy of TiC during 


x — diffusion of Nb in TiC; 
e — diffusion of Nb in TiC -NbC niobium diffusion is 84,000 cal/mole while the 


solid solution. diffusion coefficient is expressed as follows: 


specimens, independent of dimensions and only 
depends on the properties of the material and of the 
radioactive isotope used [7], it was possible to 
find the absorption function on auxiliary specimens. 


For this purpose a known quantity of radioactive 
niobium was mixed with a certain quantity of the solid solution TiC -NbC with equimolar composition 


relevant carbide. The mixing was carried out in a are shown in Table 4, the activation energy is 
ball mill for 48 hr until the®* Nb had been evenly 120,000 cal/mole and diffusion coefficient is 
distributed. From the resulting radioactive mixture expressed by the following relation: 

auxiliary specimens for the determination of 5,, 1, 
were compacted and sintered. The amount of 
radioactive niobium m was calculated from the 
weight of the specimen. As /, is proportional to the 
amount of radioactive substance deposited on the 
specimen, on the microsections of the other 
auxiliary specimens of the carbides from the same energy was 8 per cent for TiC and 12 per cent for 
batch, we deposited known, fairly low, quantities TiC-NbC. The figures for the maximum D errors 

of radioactive niobium m’ and measured the radiation are shown in Tables 3 and 4. 

intensity from the surface of the specimens /,. Comparing the diffusion coefficients at 2200°C 
The {, was calculated from the relation = J m:m’ __ it can be seen that an addition of niobium carbide 
and was substituted in formula (1). to titanium carbide causes a considerable 


84 000 
RT 


D=2A4exp cm?/sec (4) 


The diffusion coefficients of niobium in the 


120 090 


D = 4.7 x10? exp & RT 


(5) 


Maximum error in determination of activation 
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reduction in the rate of niobium diffusion. This is L.G. Grigorenko and N.S. Anikina took part in 
shown by the fact that the binding forces between the experimental work. 

the atoms in the TiC-NbC solid solution lattice 

are considerably greater than those in pure titanium 


carbide. Translated by V. Alford 
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HIGH TEMPERATURE POLYMORPHISM OF BERYLLIUM* 


V.M. AMONENKO, V.Ye. IVANOV, G.F. TIKHINSKII, 


V.A. FINKELS and I.V. SHPAGIN 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 19 April 1961) 


Electrical resistivity measurements and X -ray structural analysis at high temperatures 


have been used to study beryllium with 99.97 per cent purity. A phase transition from the 
close packed hexagonal a- beryllium lattice to the body-centred cubic {3 - beryllium lattice 
(a = 2.5464 kX) has been found to occur at 1254°. The temperature dependence of electrical 
resistivity, lattice parameters, thermal coefficients of expansion and specific volume have 


The question of the existence of polymorphic 
transformations in beryllium has not been decisively 
resolved at the present time. Some time ago, on the 
basis of investigation of thermo-physical, electrical 
and other properties of a low purity metal (probably 
around 98 per cent) the conclusion was drawn that 
beryllium may exist at temperatures above 
500 - 700° [1-3]. On the other hand, by thermal, 
metallographic and X -ray analysis it has been 
shown that no phase transformation takes place in 
beryllium at temperatures ranging from room to 

1000° [4, 5], and that the abnormalities in certain 
physical properties of the metal at 500- 700° can be 
attributed to the ordering of impurity atoms. 

The possibility of the existence of polymorphic 
transformations in beryllium has been established 
on the basis of X-ray diffraction analysis of 
quenched Be- Au specimens (0.02-30 at.% Au). A 
complex hexagonal crystal lattice with parameters 
a= 6.93 A and c= 11.35 A 
of 8 - beryllium [6]. However, these results are also 
somewhat doubtful in view of the high impurity 
content (mainly oxygen) in the metal used [7]. 

Allotropism has been found in thin films of 
beryllium using the electron diffraction method [8]. 
On electron diffraction photographs taken of metal 


was found to be typical 


* Fiz. metal. metalloved., 12, No.6, 865-871, 1961. 


been found. The effect of impurities on the properties of beryllium is discussed. 


particles 1-2 x 10°’ cm thick, which were obtained 
by condensing on to a cooled surface, lines were 
observed which were indentified as those of the 

B - phase of beryllium; at depths of 4-8 x 10°? cm 
lines of both the § and a- phase were observed, 
while in depths of 1 x 10-* cm it was only 

a- beryllium. 

Two breaks were found on the heating and 
cooling curves, at around 1260° and 1280° taken of 
beryllium of technical purity (around 98.5 per cent) 
[9]. The 1260° break is assumed to be due to phase 
transformation. However, in earlier investigations 
of the metal with 99.96 per cent purity no such 
break was found below m.p. [10]. Recently a new 
attempt was made to reveal polymorphic beryllium 
by means of thermal analysis in conjunction with 
X-ray diffraction analysis at temperatures ranging 
from - 196 to 1290° [11]. A double break was found 
on the heating and cooling curves of the metal 
with purity around 98.5, 99.3 and 99.5 per cent. 
They were at the m.p. and at a temperature 17 - 20° 
below it. Detailed analysis showed that the break 
below m.p. was not due to the formation of a 
eutectic between the beryllium and the impurities. 

X-ray diffraction analysis of beryllium revealed 
transition from the close packed hexagonal lattice 
(a- beryllium) to the body-centred cubic (8 - 
beryllium) with a parameter of a = 2.56 A. This 
took place around 1250°. 
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These data do not, however, resolve the 
probiem of polymorphism in high purity beryllium. 
Certain of the effects observed by different authors, 
particularly the simultaneous presence of a and 
8-phase lines on the X-ray diffraction patterns at 
temperatures above phase transformation, the 
variable transformation temperature etc., can be 
attributed to the presence of a considerable quantity 
of impurities. 

On the basis of all this we set ourselves the 
problem of studying polymorphism in high purity 
beryllium using the method of electrical resistivity 
measurements together with X-ray diffraction 
analysis at high temperatures. 


1, ELECTRICAL RESISTIVITY 
MEASUREMENTS 


Flat test specimens about 0.3 mm thick were 
produced by condensing beryllium vapours in a 
vacuum of 2 x 10°* mm Hg on to molybdenum sheet 
base at a temperature of 300°. The purity of the 
resulting beryllium was about 99.96 -99.97 per cent 


and the total impurity content was 0.01 per cent 0, 
and C about 0.01 per cent and less than 0.02 per 


cent respectively. This corresponds to 


10-2 


K 

as the ratio between electrical resistivity at 
liquid helium temperature and resistance at room 
temperature [12, 13]. Density measured by 
hydrostatic weighing and by pyknometer was 
1.833 g/cm’, which is slightly lower than the 
tabulated figures (1.845 g/cm*). The specimens 
had an axial symmetric texture with axis [001] 
perpendicular to the surface [14]. 

tlectrical resistivity measurements were made 
on a double bridge circuit in the temperature range 
18- 1280°. Specimens 90 x 4 x 0.3 mm were heated 
in a resistance furnace. The furnace temperature 
was measured by three differential platinum/ 
platinum rhodium thermocouples and was checked 
by optical pyrometer. The precision of temperature 
measurements was + 5° at 1250°. Temperature 
measurements and the supply of current to the 
specimen by means of molybdenum or tantalum wire 
was made under suitable precautions to rule out the 
possibility of beryllium being contaminated by the 


platinum, molybdenum or tantalum. 

Electrical resistivity measurements were 
made in a vacuum of 3-5 x 10°* mm Hg (up to 900°) 
and in purified helium atmosphere (above 900°). 
Before each measurement the specimen was soaked 
in the furnace for 30-60 min. 

Fig. 1 curve J shows the temperature course 
of the relative electrical resistivity of beryllium. 
A monotonic increase in electrical resistivity with 
temperature up to 1250° is characteristic of high 
purity beryllium. A metal of 98 per cent purity 
has an abnormal temperature dependence for 
electrical resistivity between 200 and 800° (Fig. 1 
curve 2). The nature of this anomaly depends on 
the amount of impurities, their nature and the 
conditions of the experiments. Similar anomalies 
in previous experiments may have been due to the 
polymorphic transformation [1, 2]. The reason for 
the abnormal course of the electrical resistivity 
temperature dependence curves may be residual 
stresses, which are difficult to eliminate in view 
of the high recrystallization temperature of 
beryllium [15]. A 1% hr anneal at 900°, for instance, 
is not enough for stress relief in beryllium deformed 
10 per cent by rolling (Fig. 1 curve 3). 


Q 290. 400 600 800 000°C 


FIG. 1. Temperature dependence of relative 
electrical resistivity of beryllium of the fol- 
lowing purities: 

1 — 99.97%; 2— about 98%; 3 — 99.97% 
after 10% deformation and annealing at 900° 

for 1.5 hr. 


At 1254 + 5° the electrical resistivity of pure 
beryllium increases irregularly, reaching in the 
course of 15°, values which are 2-3 times higher 
than at 1250°C. This is not due to the melting of 
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1100 


7200 


FIG. 2. Temperature dependence of relative electrical 
resistivity of 99.97% beryllium between 1000 and 1280° 


X-ray tube 


FIG. 3. Apparatus used for X-ray diffraction analysis at high temperatures: 


1 — tube anode; 2 — cathode; 


5 — specimen; 


3 — magazine; 
6 — furnace for heating specimens; 


4 — beryllium window; 
7 — heat supply, water- 


cooled; 8 — window for pyrometric measurement of temperature; 9 — thermo- 
couple. 


the metal and can only be attributed to polymorphic 
transformation. However, the attempt to produce { - 
beryllium in normal conditions by quenching it and 
its alloys with nickel (2-8 wt.%) and copper 

(0.5-3 wt.%) by immersion in a cooling liquid (oil, 
mercury) was unsuccessful. To establish decisively 
that polymorphism does exist in high purity 
beryllium and to reveal the structure of its B - 
phase X-ray diffraction analysis was undertaken 

at high temperatures. 


2. X-RAY DIFFRACTION ANALYSIS 


High purity beryllium specimens were used for 
the investigation, similar to those used for the 
electrical resistivity measurements. The thickness 
of the specimens was not less than 0.5 mm. The 
photography was carried out in a high temperature 
X-ray diffraction camera designed in the Physico- 
Technical Institute of the Academy of Sciences 


Ukr. S.S.R. [16]. The X-ray source was a focusing 
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FIG. 4. X-ray diffraction patterns of beryllium at high temperatures 


X-ray tube designed by B.Ya. Pines. The specimen 
was heated in an electrical resistance furnace con- 
sisting of a ceramic crucible (ZrO,) with outer 
screens of molybdenum and stainless steel. A 
tungsten coil was placed inside the crucible 
(Fig. 3). The power supply was through a voltage 
stabilizer mounted on the base of a AOSK type 
transformer, and a system of step-down trans- 
formers. This assured high stability of the heating, 
particularly in high temperature fields. 

The power of the furnace was not more than 
800 W. In certain cases the specimen was held 
between water-cooled electrodes and was heated 
by current. Temperature was measured by an 
optical pyrometer (through a glass window in the 
camera and an aperture in the bottom of the 


crucible) and a thermocouple attached to the 
specimen. The investigations were carried out in 
purified argon and pressure not less than 300 mm 
Hg. In the course of the photography the camera 
could be rotated in either direction through a 
small angle, to be sure that the lines were 
continuous. The 200 mm multi-frame magazine was 
attached to the cathode part of the X-ray tube. 
The back reflection method was used. Direct 
and reflected rays passed through a beryllium 
window 100 x 15 x 0.3 mm in size in the top of the 
camera. The exact distance from the film to 
the specimen was determined by calibration 
or by photographing two different distances [17] 
and it was found to be 100-200 mm. The photo- 


graphs were made with copper, iron, cobalt and 
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FIG. 5. Dependence of a and - beryllium lattice constants 
on temperature. 


vanadium* radiations V = 2,49842kxX, 
Mag V = 2.50224 «X[18]) in the range of angles 
6 = 70 — 86°. 

The temperature dependence of the lattice 
parameters of high purity beryllium was determined 
by iron radiation photographs. In this case the 
reflections from plane (112) were fixed at tempera- 
tures from 400 to 1250° (Fig. 4) at angles of 
79-85°. Splitting of the a, — a, doublet took place 
satisfactorily at all temperatures. The increase in 
the background was negligible, probably due to the 
high characteristic temperature of beryllium (about 
1070°K). Above 1000° there were also reflections 
from plane (201) (Fig. 4). 

The a- beryllium parameters were calculated 
as follows. a and c were calculated from the inter 
planar distances for planes (112) and (201) found 
at temperatures above 1000°. Then the c/a ratio was 
calculated for temperatures from 1000 to 1250°. It 


was assumed that the c/a dependence on temperature 


* The vanadium for production of the anode, which was 
refined by arc melting, was very kindly presented by 
S.F. Kovtun. 


was a straight line (in accordance with the data in 
(5, 11]) and then, using the lattice constants at 
18°, the dependence of d,,, and c/a on temperature 
was plotted. Error in the determination of lattice 
parameters at high temperatures was not more than 
5 x ki. 

The temperature dependence of the lattice 
constants is shown in Fig. 5. At temperatures 
above 1254° the lines from the (112) and (201) 
planes disappeared when iron radiation was used. 
To reveal the structure of the high temperature 
- phase photography was carried out in 
Coxg and Vxgq radiations. No lines could be seen 
with copper radiation. In cobalt radiation a a, line 
could be seen at an angle of 82°30’, which dimin- 
ished slightly with rising temperature (Fig. 4). 
With vanadium radiation lines were seen at an 
angle of 78° (Fig. 4). The lines obtained were 
identified as (200) (in Vy, radiation) and (220) 

(in Cox, radiation) of the b.c.c. lattice with a 
parameter of 2.5464 kX at 1255°. It was established 
that these lines cannot belong to an f.c.c. lattice 
as in this case a line from the (311) plane should 
be observed in copper radiation. Besides this, the 
volume per atom would be far too low, at 4.13(kX)* 
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FIG. 6. Temperature course of coefficients of 
thermal expansion for a and { - beryllium: 
7,  — coefficient of linear expansion along 
hexagonal axis; «, — coefficient of linear 
expansion perpendicular to hexagonal axis; 
°vib — coefficient of linear expansion of 8 
- beryllium; zy — coefficient of volume 

expansion, 


for an f.c.c. lattice. The 8-beryllium parameter is 
plotted against temperature in Fig. 5. The coef- 
ficients of linear and volume expansion were cal- 
culated from the data obtained. Fig. 6 shows the 
temperature dependence of the coefficients of 
thermal expansion (linear 2,,2, and a, and 
volume -xy for a hexagonal lattice 

ay = 224, for acubic one 2y = 32 ) 
for both beryllium modifications. 

The beryllium lattice constants found for 
the high purity metal (with a total impurity content 
of about 0.03 wt.%) is less than that found pre- 
viously [11]. The absence of any noticeable 
temperature hysteresis for the direct and reverse 
8 transformation is also typical of the high 


purity metal. Fig. 7 shows the dependence of 
specific volume, or more precisely volume per 
atom, on temperature. At the phase transformation 
point there is a sudden drop in specific volume, 
indicating phase transformation of the first type. 
The coefficients of thermal expansion increase 
abruptly at the transformation point (Fig. 6), 

and the change in the coefficient of thermal expan- 
sion is more marked in § than in a-beryllium. 

A similar type of allotropic transformation 
from the hexagonal compact to the b.c.c. lattice 
has. also been found for other metals such as Ti, 
Zr, Tl, etc. These transformations are also accom- 
panied by an irregular reduction in specific 
volume. It must be noted that the figures obtained 
for the a- beryllium lattice parameters at various 
different temperatures are lower than those 
published in [5, 11], and that the coefficients of 


thermal expansion will consequently also be lower. 


This is particularly true with respect to the c and 
4), values. This can be attributed to the low 
concentration of dissolved non-metallic impurities 
which, as is well known, cause considerable 
lattice expansion along the hexagonal axis. This 
can be identified in X-ray diffraction studies by 
the increase in the coefficient of linear expansion 
along this axis (a, ). The maximum on the 
curves (a, c) = f(7) at 200 and 800° [11] were not 
observed by us. They appear to be connected with 
the dissolution of metallic impurities at these 
temperatures, to form a substitutional solid 
solution. 
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FIG. 7. Variations in specific volume of 
beryllium with temperature. 
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2. Lattice parameters and coefficients of 
thermal expansion have been found for beryllium at 
temperatures ranging from 18- 1286°. 

The authors wish to express their thanks to 
M.I. Kaganov and V.S. Kogan for their useful 


CONCLUSIONS 


1. It has been established by X-ray 
structural analysis and electrical resistivity mea- 
surements carried out on high purity beryllium 


(99,96 - 99.97%) that a transformation from the close discussions. 
packed hexagonal a- beryllium lattice to the body- 

centred cubic 8 - beryllium lattice with parameter 

a = 2.5464 kX occurs at 1254 + 5° and is accompanied 

by a reduction in specific volume. 


Translated by V. Alford 
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THE ANOMALY IN THE DUCTILITY OF TWO-PHASE BRASSES* 
A.A. PRESNYAKOV and G.V. STARIKOVA 
(Received 15 August 1960) 


Investigation of two-phase a+ 8 and 8 + y brasses has provided information regarding 
the ductility anomalies which develop in these alloys as a result of phase transformations. The 
temperature dependence of electrical resistivity and of the lattice parameter have also been 
measured. On the basis of the results an attempt has been made to show that these anomalies 


are the result of eutectoid decomposition. 


The abrupt increase in the ductility of two- 
phase a + {3 brasses at high temperatures is at the 
present moment attributed to an increase in the 
amount of {§ - phase, which is very ductile at high 
temperatures [1, 2]. We have already shown [3] 
that in brasses L62 and L59there is an abrupt 
increase ia ductility in the range where there is 
more intensive development of the a + 8 > 6 trans- 
formation. This also causes a surge of ductility. 
The same conclusion can be drawn from analysis 
of Yanser’s data [4]. 

To find the relationship between ductility and 
the transformations, we studied brasses type L56 
(a + brass), L52 and L51.5 (8 - brass) and L50 
(8 + y brass). All these alloys were prepared in an 
h.f. furnace under a layer of charcoal and were cast 
into moulds 30 x 300 x 150 mm. All the alloys were 
prepared from copper type MO (99.97 per cent 
copper, thousandths per cent of oxygen, iron, lead 
and tin) and zinc TsV (99.96 per cent zinc, 
thousandths per cent of lead, iron, tin and ten - 
thousandths per cent of cadmium). 

The hot ingots were rolled into strips 15 mm 
thick from which lengths were cut for the round 
specimens with a test area of 5 x 20 mm. Before 
testing the specimens were annealed at 520°C with 
2 hr soaking. The tests were carried out under 
static load with the grips shifting at the rate of 
10 mm/min. The temperature course of electrical 
resistivity was also studied in brasses L52 and 


* Fiz. metal. metalloved., 12, No.6, 873-878, 1961. 


L50, and of the lattice parameter in L52. 
Electrical resistivity was determined on strips 

1 x 10 x 150 mm, which were produced from the 
same experimental material. The measurements 
were made with continous heating of the specimen 
in an electric muffle furnace at the rate of 2°C/min 
using a Kelvin- Wheatstone double bridge type 
UTV -2, with precision of the order of 0.10 per 
cent. 

The specimens for investigation of the 
temperature course of the lattice parameter were 
deformed to about 50 per cent and hollow round 
specimens were made out of them. X-ray diffraction 
analysis was carried out in a back reflection 
photography temperature chamber using copper A, 
radiation. 

Ductility was investigated between 300 and 
800°C, electrical resistivity was measured from 
20 to 800°C at intervals of 10°C on some of the 
specimens. The results showed very good agree- 
ment. Lattice parameter was measured in the 
range 100 to 650°C. At higher temperatures the 
development of secondary recrystallization made 
the results unreliable. 

The data on ductility (elongation) are shown 
in Figs. 1 and 2. Analysis of these figures shows 
that the general mechanism of the variation in 


ductility is characterized by the following stages. 
1. The first noticeable sign is the relation- 
ship between the abrupt rise in ductility around 
460° and the 8’ > 6 phase transformation. This is 
unexpected. Although this process is assumed to 
take place without diffusion, a number of factors 
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FIG. 1, Ductility curves (total elongation on fracture) for 
brasses L50, L52 and L56 


contradict this [9]. If only partial diffusion transfers 
of atoms are assumed and allowance is made for 
the appropriate kinetics of transformation deforma- 
tion, then the abrupt increase in ductility is quite 
understandable [3, 5, 6]. It can be seen from 
analysis of the data in Fig. 1 that the temperature 
of the greatest increase in ductility is some 10° 
higher than that at which the 2’ 2 transformation 
is completed. The transformation from the brittle 
to the plastic state also extends over quite a large 
temperature range, of the order of 15-30° (depend- 
ing on the alloy). All this indicates that when 
disorder occurs the (‘phase is superheated. In 
other words this process bears some of the marks 
of a type 1 transformation. These conclusions are 
in agreement with the considerations expressed by 
Bartenev [9]. 

2. In all the brasses, a+ 8, 8 and & + y, there 
is an abnormal increase in ductility above 500°C, 
and its peak temperature is directly related to 
composition. It is lowest in L52 and highest in 
L62 (there are no L62 data in Fig. 1). If the 
ductility temperature maximum points are plotted 


in the Cu-Zn constitution diagram it can be seen 
that this abnormal surge takes place somewhat 
above the temperature for the completion of the 
a+ and 8+ y~ transformations. The 
degree of completion of thea+8+S8 andSt+ty+8 
transformations varies in the different alloys as 
the temperature falls, and the peak rises. This is 
due to reduced diffusive movement of the atoms 
and, consequently, increased possibility of super- 
heating of the a and y-phases. If we draw a curve 
through the ductility peaks, we shall of course get 
the impression of a eutectoid transformation 

(Fig. 2), i.e. the possibility of decomposition of 
the 6- phase on cooling, and the existence of a 
a+ y range. 

3. In L56 and L50 further changes in ductility 
are observed in the direct vicinity of the 8°+ § 
transformation range. In L50 the end of the 8’> 8. 
transformation coincides exactly with the beginning 
of yet another transformation, which causes 
another surge in ductility. In L56 there is an 


interval of 10- 15°C between them. The temperature 
maximum of this additional transformation is the 
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The anomaly in the ductility of two-phase brasses 


same in both alloys and is 520°C. As for the alloy 
L52, the additional transformation is superimposed 
on the 8 ‘> 8 transformation and for this reason it 
is not in evidence on the curve. It is not seen in 
the alloys L62 and L59 because the 8 = phase 
concentration is so high. It is quite possible that 
this additional change is due to transformation to 
the 8 ~ phase. 

Thus, three transformations are observed in 
brasses in the phase ranges a+, 8,8 + y. As the 
unidentified transformation around the disorder 
temperature of the § ’- phase is explicitly related 
to this phase, we suggest that an intermediate 
metastable 6, phase exists and that the whole 
transformation can be represented as follows: 


> 


We distinguish the following transformations: 

1. The 8’+ 8y transformation causes an 
abrupt increase in ductility at temperatures some- 
what above those for the 8’> B transformation on 
the equilibrium diagram (454 - 468°). 

2. and 8 +y > transformations 
produce an increase of ductility at temperatures 
somewhat above those at which they are completed 
on the equilibrium diagram. Here it is quite possible 
that the a+ 8 and 8 + y phases will be superheated 
as a result of the high rate of heating of the speci- 
mens. 

3. In between these two reactions there is a 
6B, 2a+/y. transformation. This is confirmed by the 
data on the temperature course of the electrical 
resistivity of alloys L52 and L50 and of the lattice 
constant in L52 (Figs. 3a-b and 4). At the beginning 
of the electrical resistivity curve there is an 
abnormal rise due to the gradual disordering of the 
8’- phase. This disordering is completed at point 
A at which there begins a straight line sector for 
increased resistivity up to point 5. This is probably 
also the range of existence of the metastable 6 , 
phase. Then there is a marked drop in the tempera- 
ture coefficient of electrical resistivity, which is 
usually attributed to ordering or heterogenization 
of the alloy [10]. In our case ordering just after 
compietion of the disordering of the phase is hardly 
to be expected. It would be much more accurate to 
attribute this to heterogenization, i.e., disintegration 


Lé2 
Max. 
_ ductility 


wt. % Zn 


FIG. 2. Arrangement of ductility peaks 
of experimental brasses on the meta- 
stable constitution diagram. 


of the intermediate 5, - phase, 8, >aty. 

Analysis of the variations in the lattice 
constant of the y- phase in Fig. 4 must 
lead to similar conclusions. In this case no addi- 
tional new lines can be seen on the X-ray photo- 
graphs as the a’ and a” metastable phases which 
arise as a result of the 8’+8,+a+y- 8 trans- 
formation are known [11] to be very similar in 
structure to the § - phase. Three transition points 
are also observed here, corresponding to the 
course of the 68, transformation. 
It is quite possible that all these stages of trans- 
formation take place most abruptly on plastic 
deformation, which has the same effect as in low 
temperature polymorphism [13], where no stable 
phase is usually formed without plastic deformation. 
It must be noted that the information is already 
available in published literature regarding the 
existence of two transformations in the course of the 
8° B transition, the precise nature of which has 
not been elucidated [12]. 

Our experiments thus confirm the opinion 
expressed by Carpenter [14-17] regarding 
the metastability of the 6’- phase and its 
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FIG. 3. Temperature courses of electrical resistivity: 
a — for L52; b — for L52 and L50 (p scales do not 
coincide for specimens 1 and 2 and L52 and L50). 
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FIG. 4. Temperature course of variation in 
crystal lattice parameter of the B - phase 
containing 52% copper. 


disintegration into a a + y mixture in.the process of 
deformation at high temperature. Under ordinary 
conditions, however, this is sometimes not observed 
during cooling due to the fogging of this reaction. 
Under ordinary circumstances a § ’- phase is formed 
on cooling, which is metastable but fairly stable. 

It is only under deformation at high temperatures 
that the a + y, mixture is formed, which exists in 
quite a narrow range of temperatures. 


Similar effects are known to occur in the system 
Cu-Al, where several metastable phases arise 
under similar circumstances [18]. The 8- phase in 
the Cu-Al and Cu- Zn systems are known to have 
a similar structure and it is fully justifiable to 
draw an analogy in this case 


CONCLUSIONS 


1. The 8 ’- phase which exists below 460°C in 
brass, is a metastable one which is very stable in 
ordinary circumstances. 

2. On heating and deformation the 8 *- phase is 
probably transformed, first to an intermediate and 
then to a metastable, 8, phase. This exists in a 
narrow temperature range and then it disintegrates 
into a mixture of a+ y phases and then a stable 
high temperature £ - phase is formed from this 
mixture. 

3. All these transformations are quite clearly 
revealed on the temperature curve of elongation, as_. 
also of electrical resistivity and lattice constant. 

4. The method used for determination of ductility 
in certain cases enables one to obtain figures which can 
be usedtostudy phase transformations inthe alloys. 


Translated by V. Alford 
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DEFORMATION AND RECRYSTALLIZATION TEXTURES IN THE ALLOY 
Mo — 35 at.% Re* 
Ye.M. SAVITSKII and Tao Ts’u TSUNG 
Institute of Metallurgy, Academy of Sciences U.S.S.R. 
(Received 17 April 1961) 


After wire-drawing and rolling the deformation and recrystallization texture in 
Mo — 35 at.% Re were determined by means of pole figures. In the deformed and recrystal- 
lized states the wire-drawing texture can be described as follows: direction < 110> is 
parallel to the drawing axis. The pole figures for the cold-rolled alloy are determined by 
the components: 111} <110>,{112} <110>,{100}<110>,{ 111} <112>. Recrystalliza- 
tion texture after rolling is described by the components: | 112} <110>, { 100 § <11) > 


{111} <1llo>. 


Considerable attention has been paid recently 
to the study of the ductility and creep resistance of 
the alloy Mo — 35 at.% Re. Molybdenum and rhenium 
are known to form a solid solution with a body - 
centred cubic lattice in the range from 0 to 35 at.% 
Re [1]. Rhenium causes a considerable improvement 
in the ductility of molybdenum; the higher the 
rhenium content, the higher will be ductility. 
According to [2], the alloy Mo — 35 at.% Re can be 
rolled to 90 per cent deformation at room tempera- 
ture without any intermediate anneal. Its high 
temperature hardness is high, //y = 450 kg/mm? at 
800° while in pure molybdenum it is only Hy = 
= 80 kg/mm?. Jaffe [3] found that the temperature 
for the transition to the brittle state is approxi- 
nately -196° while the recrystallization temperature 
is 1500°. The high ductility of this alloy is attri- 
buted to a further twinning mechanism besides the 
usual slip [4, 5]. Deformation and recrystallization 
textures have not yet been determined. The study 
of texture and the anisotropy of its properties is 
of considerable importance, especially as regards 
the sheet materials. In this work deformation and 
recrystallization textures were determined by the 
X-ray diffraction method after the alloy had been 
wire-drawn and rolled. 


* Fiz. metal. metalloved., 12, No.6, 879-882, 1961. 


EXPERIMENTAL PROCEDURE 


Preparation of the specimens. The alloy 
Mo — 35 at.% Re was produced in an arc furnace 
with an inert tungsten electrode in an atmosphere 


of purified and dried argon at a pressure of 

250 mm Hg. Square bars were cut from the homo- 
genized ingots, which were then drawn to wires 
0.2 mm in diameter without any intermediate anneal. 
The degree of deformation in wire-drawing was 

97 per cent reduction in area. For the production 
of the sheet the alloy was first hot forged down to 
a depth of 1 mm at 1000° and it was then rolled 

to 0.08 mm at room temperature in the same 
direction without an intermediate anneal. This 
brought about a reduction of 92 per cent in height. 

X-ray photography. Molybdenum radiation was 
used without a filter (10 mA, 45 kV); exposure was 
3 hr for the sheet and 15 hr for the wire, apperture 
1 mm. Distance hetween the specimen and the film 
was 40 mm. This meant that the (110) and (200) 
reflections used for the pole figures were clearly 
defined. 

The wire specimens were etched downto0.12mm 
in diameter and the sheet specimens to 0.04 mn, in 
a mixture of sulphuric and nitric acids (3:5). 

The specimen was fixed perpendicular to the 
primary X-ray beam. To construct pole figures of 
the forged specimen, it was rotated through 0 to 
90° and X-ray photographs were taken every 10° 
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Wire drawing direction Wire drawing direction 


FIG. 2. Pole figure (200) after 97% 
wire-drawing. Arrow indicates draw- 
ing direction. 


a<110>. 


FIG. 1. Pole figure (110) after 97% 
wire -drawing. Arrow indicates di- 
rection of drawing. 

a < 110>- 


Rolling direction Rolling direction 


FIG. 4. Pole figure (200) after 92% 
rolling. Arrow indicates direction 
of rolling, plane coincides with 


FIG. 3. Pole figure (110) after 92% 
rolling. Arrow indicates direction 
of rolling, rolling plane coincides 
with plane of drawing: plane of drawing: 
<110>; <110>; 


<110>; 


Heat treatment. The specimens were annealed 
for 1 hr in a vacuum furnace type TVV-2. To reveal 
the change in texture in the process of annealing, 
the same specimen was annealed at 1150-1750° at 
intervals of 100°. After each anneal an X-ray 


photograph was taken. 


round the parallel and perpendicular direction 

of the rolling axis. The pole figures for the wire 
specimens were constructed from the one X-ray 
photograph. The intensity of the reflections was 
assessed visually on a 3 point scale: weak, 
medium, strong, depending on the definition of the 
texture. In constructing the pole figures for the 
calculation of reflection angles the lattice con- 
stent a = 3.12 A [3] for the alloy Mo-35 at.% Re 


was used. 


EXPERIMENTAL RESULTS 


Wire-drawing texture. Pole figures (110) and 
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Rolling direction 


FIG. 5. Pole figure (110) in cold - 

drawn alloy after recrystallization. 

Arrow indicates direction of roll- 

ing. Rolling plane is same as plane 
of drawing: 


m @s100$ <110>; 
<ilo>. 


(20°) (Figs 1 and 2) were constructed for cold- 
drawn wire with deformation 97 per cent. They can 
be described as the ideal wire-drawing texture 

< 110 > with a scatter of + 10° in the drawing direc- 
tion. The recrystallization texture of the wire after 
annealing at 1550° with 1 hr soaking was very weak 
but on the whole it preserves the deformation tex- 
ture described above < 110 >. 

Rolling texture. On the basis of the pole 
figures (110) and (200) (Figs. 3 and 4) constructed 
for the cold-rolled alloy Wo — 35 at.% Re with a 
degree of deformation 92 per cent, the rolling tex- 
ture can be described as complex and consisting of 
four components: {111} < 110 >, {112} <110>, 
{100} <110>, {111} <112>. Of these the first two 
components are the main ones. In the course of 
annealing some change of texture is observed. At 
an annealing temperature below 1450° recovery 
occurs with an increase in the deformation texture. 
Recrystallization occurs as a result of soaking for 
1 hr at 1450°. Pole figures (110) and (200) (Figs. 5 
and 6) in the recrystallized alloy at first glance 
show a different distribution of the regions of 
increased intensity as compared with those in the 
deformed state. However, this texture can be 
expressed by the components: {112} <110>, {100} 
<110>, {111} <110>, which exist in the deformed 
state. It must be noted that the recrystallization 
texture is different from the deformation texture in 


Rolling direction 


FIG. 6. Pole figure (200) in cold- 

rolled alloy after recrystallization. 

Arrow indicates rolling direction, 

plane of rolling is same as plane 
of drawing: 


m {Ili} <tiu>; {100} <110>, 
<110>. 


that the components {111} <112> disappear while 
{100} <110> increases and the texture on the whole 
becomes more perfect. Further increase in annealing 
temperature up to 1750° causes no change in the 
main texture, but the recrystallized grains have 
obviously increased as a result of collective 


recrystallization. 
CONCLUSIONS 


1. The alloy Mo — 35 at. % Re has high 
ductility at room temperature. It can undergo cold 
deformation by wire-drawing or rolling to 90 per 
cent without an intermediate anneal. 

2. Recrystallization temperature of the alloy 
Mo — 35 at.% Re 92 per cent deformed by rolling, is 
1450° as compared with 935° [6] for pure 
molybdenum. 

3. The deformation and recrystallization 
textures of wire made of this alloy are in the form 
of a<110> texture, which coincides [7] with the 
wire-drawing texture of other body-centred metals. 

4. The cold-drawn texture of the alloy 
Mo — 35 at.% Re is described as complex and con- 
sisting of two main components {111} <110>, 

{112} <110> and two weak components {100} <110 > 
{111} <112>. This texture is different from the 
rolling texture of pure molybdenum [9] in that the 
{111} <110> component is clearly defined and the 
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{100 } <110> component is weak. This can be attri- texture is preserved on annealing up to 1750°. 
buted to the different mechanism of their plastic The authors wish to express their thanks to 
deformation. M.A. Tylkina and A.A. Babareko for assisting 

5. The recrystallization of the cold-drawn in the work. 
alloy is described as a complex texture consisting 
of three components: {112} <110>, {100} <110>, 
{111} <110>. On the whole, this recrystallization Translated by V. Alford 
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MICROSTRESSES AND REGIONS OF COHERENT SCATTERING IN 
MARTENSITE CRYSTALS* 
G.V. KURDYUMOV and Ye.G. NESTERENKO 
Institute of Metal Physics, Academy of Sciences Ukr. S.S.R. 
(Received 22 May 1961) 


Investigation has been made of the dependence of the level of microstresses and size of 
regions of coherent scattering in martensite crystals on the dimensions of quench - hardened 
specimens. The size of the quench-hardened specimen has been found to have a considerable 
influence on the level of microstresses and practically none on the size of coherent scatter- 
ing regions. It follows from analysis of the experimental data that the same results are 
obtained if their size is determined either from line width or the harmonic analysis method. 
This confirms earlier conclusions that martensite crystals are elastically deformed in 


quenched steel. 


The investigation of the reasons for the 
broadening of X-ray diffraction lines in the marten- 
site of quenched steel led to the conclusion that 
both the small size of the X-ray coherent scatter- 
ing regions and the non-uniform deformation of the 
martensite crystals (microstresses, II type stresses) 
made a considerable contribution. The role of micro- 
stresses in line broadening increases with the 
carbon content of the steel. In the eutectoid and 
hypereutectoid states it is predominant. This 
follows from the fact that the angular dependence of 
line width in martensite is defined approximately by 
the tangents of the angles of reflection [1]. After 
the martensite crystals have been precipitated by 
electrolytic dissolution of the retained austenite of 
quenched steel, line width diminishes considerably 
[2], and the angular dependence is described by the 
ratio between the secants of the angles of 
reflection [3]. These data permit the conclusion 
that microstresses in martensite crystals are due 
to elastic deformation and to forces which cause 
this deformation, and that they disappear when a 
crystal is isolated. 

In the present work the attempt has been made 
to clarify our knowledge of the nature of micro- 
stresses arising when stee! is quenched, and to 


* Fiz. metal. metalloved., 12, No.6, 883-890, 1961. 


find out what causes them. 

The investigation was carried out on steels 
type U12 and U1OA. From the broadening of the 
martensite interference lines and the weakening in 
their intensity, calculation was made of the crystal 
lattice distortions and the dimensions of the regions 
of coherent scattering. Calculation of the magnitude 
of III type distortions was made in the same way 
as in [3] while the II type distortions and the 
dimensions of the coherent regions were determined 
by harmonic analysis [4, 5, 11], and also from line 
width [6, 7]. 

Cylindrical specimens 10-12 mm in diameter 
and 25-30 mm long were produced from U10A and 
were quenched from 900°C. Cylindrical pieces 
10-12 mm and 1.2 mm in diameter and 10-30 mm 
in length were made of steel U12, and also filings 
and specimens 10 x 10 x 4 mm in size. The filings 
and thin specimens (with a diameter of 1.2 mm) 
were quenched in evacuated and sealed quartz 
ampoules from 1020°C. The martensite crystals 
were precipitated from the cylindrical specimens 
10-12 mm in diameter by anode dissolution. Thus 
in our work we investigated the following 
specimens: 

1) martensite precipitated from quenched 
pieces of steels U1OA and U12A; 2) quenched 
filings from U12A; 3) quenched thin specimens 
(diameter 1.2 mm) of steel U12A; 4) quenched 


| 


pieces of steel U12A, 4 x 10 x 10 x mm. 
Before making the X-ray photographs of the 
quenched specimens a 0.2 mm surface layer was 
etched (the etching of the quenched powders was 
negligible). Investigation showed that this kind of 
treatment brought the carbon content in the super- 


saturated solid solution (martensite) to the same as 


that in the steel. 


Table 1 shows the magnitude of II type distor- 


tions (=) and block size (D) for steel U12A 


u 


according to the X-ray photographs of a cylindrical 
specimen in iron radiation, made in a camera with a 
drum diameter of 59.2 mm. The standard used in all 
cases was U12 tempered at 700° for 4 hr. Intensity 


distribution in the standard line was described by 


the function For the quenched 


specimen it was assumed that intensity distribution 


in the lines on the X-ray photographs was des- 


cribed by the function meee , while in the true 
function 


The iine width of the martensite in the 
4x 4x 10 mm piece of quenched steel U12A was 


studied from an X-ray photograph made of a micro- 
section in a camera with a drum diameter of 158 mm. 


The results are shown in Table 2, where for 
comparison similar data are given for precipitated 
martensite and the quenched powder, which were 
obtained by photography under the same circum- 
stances. 


As, even in the quenched powders, the broaden- 


ing of interference lines is mainly due to the 


presence of II type distortions and it was impossible 


to determine block size (3990/3110 = 6). it was 


assumed that the block size obtained on investigat- 
ing the precipitated martensite was the same in the 
quenched powders and in the piece. When calculat- 


ing the II type distortions we assumed that distri- 


bution intensity in the true line due to the small 


dimensions of the blocks was (i +ea) and 
that due to II type distortions was (i — ‘ 


It follows from these data that the magnitude of 


II type distortions in the martensite crystals of 
quenched steel must depend on the size of the 
specimen which has been quenched. Here it is of 


Microstresses and coherent scattering in martensite 


found in the magnitude of II type distortions in the 
filings, where the dimension of the powder was 
0.1 mn, and in the cylindrical specimens 


(1.2 mm in diameter). From this the conclusion can 


be drawn that II type distortions in the martensite 
of quenched steel are attributable to two factors: 
deformation due to the formation of martensite 

crystals and deformation due to thermal stresses. 

Hardness measurements of the thin quenched 
specimens (1.2 mm in diameter) and quenched 
pieces of steel U12A showed that, despite the 
different magnitude of II type distortions in these 
specimens, their hardness was practically 
identical. For the specimens 1.2 mm in diameter 
Hy = 810-820 kg/mm?, and for the specimens 
10 x 10 x 4 mm in size 1 y = 814 kg/mm’. It 
follows from these figures that the high hardness 
of martensite in quenched steel is not due to the 
presence of II type distortions. 

It must be noted that in the martensite 
precipitated from quenched U12A, the same as in 
U10A [10], the line broadening on the X-ray 
patterns is only due to the small dimensions of 
the blocks. The figures obtained were confirmed 
when the X -ray patterns were studied by harmonic 
analysis. 

Fig. 1 shows the Fourier coefficients for the 
distribution functions in a true line (011) in the 
quenched piece (J), quenched filings (2) and 


precipitated martensite (3) of steel U12A. It can be 


seen from Fig. 1 that II type distortions in the 


piece are higher than in the filings, and that in the 
precipitated martensite part of the broadening must 


be attributed to the presence of microstresses. 
Figs. 2 and 3 show the absolute Vabe ) and 
relative (Va microdeformations calculated 


by the harmonic analysis method in dependence on 
the length of the averaging column (L) for the 
piece (1), filings (2) and precipitated martensite 
(3). 

Comparing these figures with the results of 
the analysis of the reasons for X-ray diffraction 


some importance that practically no difference was 


* Measured on Vickers tester, load 20 kg. 
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Microstresses and coherent scattering in martensite 


TABLE 


ig 
Specimen ARI Bx 10° pbox 10° px10° 


19,2 10,65 
Precipitated | 


martensite (250) 


19.1 


Filin 
(220) | 88.4 | 19.1 


Massive (110) 
specimens 


dia. 1.2mm’ (999) | 78.7 | 19.1 


t 


18.7 | 10.65 


| | 

| | 
(110) | 10.65 | 

| | 

| | 

j 


B — line width; bp — width of standard corrected for K, doublet*, 


8 — B corrected for K, doublet and geometrical conditions of 
photography; 5a/a — II type distortions; D — dimensions of cohe- 
rent scattering regions. 


TABLE 2. 


Specimen Akl Bx103 x103 pi 3x103 x 103 
a 


Precipitated martensite . . ( | 12:3 | 2 
Fillege ... | 617.4 | 

a 


Piece of steel 24.2 es 


FIG. 1, Coefficients of expansion A, of the FIG. 2. Microdeformations in martensitic crystals: 
intensity distribution curves of reflections 1 — solid specimens; 
(011) from solid specimens (1), filings (2) 2 — filings; 

and precipitated martensite (3) (U12). 3 — precipitated martensite. (U12). 
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FIG. 3. Relative microdeformation in 
martensite crystals: 


1 — solid specimens; 2 — filings; 
3 — precipitated martensite. (U12). 


broadening from the precipitated martensite, it 
can be seen that the harmonic analysis method 
produces rather different results. To check this 
fact we made a similar analysis of the reasons for 
the line broadening on X-ray patterns from the 
precipitated martensite of steel U1OA. The line 
width figures obtained are set out in [3]. 
Calculations for reflections from planes (ohh) 
and (hho) ir different orders of reflection showed 
that martensite crystals can be regarded as almost 
isotropic for the purposes of determining II type 
distortions and the dimensions of coherent scatter- 
ing regions. This follows from the fact that the 


value and the dimensions of the coherent regions 
are the same both in (ohh) type and (hho) type 


reflections. For this reason analysis of the reasons 
for the broadening of reflections from precipitated 
martensite will below be conducted by the method 
of harmonic analysis of reflections (011), (110), 
(112), (211), (022) and (220). As the coefficients 
for the expansion of the intensity curves differ 
very littie from one another for the components of 
the tetragonal doublet, in the calculations we used 
the average values of the coefficients obtained 
from the intensity distribution curves in reflections 
(011) and ‘110), (211) and (112), (022) and (220). 
Fig. 2 shows the coefficients of expansion A, for 
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2 112) 
3(220\022) 


100 200 


FIG. 4. Coefficients of expansions A; for precipitated 
martensite of steel U10. 


the precipitated martensite, calculated by the 
method proposed in [4]. To find the coefficients 
due to lattice distortions (A?) and the small size 
of the blocks (44) the dependence of A; on the 
sum of the square indices (Fig. 5) was plotted 
[5]. The resultant A%, and AF values are set out 
in Figs. 6-7. It can be seen from Figs. 5 and 6 
that in the crystals of the precipitated martensite, 
a certain proportion of the X-ray interference 
broadening can be regarded as the result of 
microstresses. The microdeformation values 
Var 
calculated from the Aq coefficients Fig. 6) 
(“shift” as a function of distance) are set out in 
Fig. 8. spi 
Comparing the |/ A L2 dependence on L 
obtained for the crystals of martensite precipitated 
from quenched U10 (Fig. 8) with the same depend- 
ence for U12 (Fig. 2) it is easy to see that they 
are the same. It follows from Fig. 7 that block 
size in the precipitated martensite from quenched 
U10 is 2.6 x 10°* em, which is in very good agree- 
ment with the figures produced in [3]. 

This means that the size obtained for the 
region of coherent scattering is not dependent on 
the method of determination. 

Attention is drawn to the fact that the region 
of uniform deformation ( Vaa~ L, see Fig. 2) 
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FIG. 5. Curves = for 
precipitated martensite of U10. 


(110)(0N) 
913/220 (022) 


1 
0 100 200 ZA 


FIG. 6. Coefficient AS, due to the presence of 


lattice distortions in precipitated martensite 
from U10. 


in the martensite crystals is considerably greater, 
80-100 A, than in plastically deformed metals, 
where it is 20-30 i [8]. This confirms our previous 
conclusion [3] that the martensite crystals in a 
piece of quenched steel are elastically deformed 
by external forces. A 

However, while the V ab dependence on 
L in a piece in the martensite of a piece of steel 
is similar in character to that of plastically de- 
formed metals, in the precipitated martensite it is 
quite different (Figs. 3 and 8). Besides this, if it 
is assumed that the method of harmonic analysis 
of X-ray diffraction from the crystals of precipitated 
martensite does oi reveal II type distortions 


and their — Ve. e? = 1,910-3, 


200 
L.A 


FIG. 7. Coefficients Af, due to small 


dimensions of blocks in precipitated 
martensite of steel U10. 


| 
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| 


FIG. 8. Microdeformation in crystals of 
precipitated martensite from steel 


then, if the regions of coherent dispersion are 

3: 10°* em in size, the ratio between the width of 
interferences (220) and (111) should be 4: 4.2. 
Table 3 sets out the calculated 2° ratios for 
different sizes of coherent regions and different 
microstresses under the two following assumptions: 
a) all the functions — for the calculation are 
described by type @ ~*"*; dependences; b) all the 
functions required for the translation are described 


by type Pure dependences. 


If the results of this calculation are compared 
with the measurements for isolated martensite 
crystals of steel U10 (see Table 4), it can be seen 
that both the above assumptions lead to the same 
result: the broadening of X-ray interferences from 
isolated martensite crystals is due to the small 
dimensions of the regions of coherent scattering. 
The presence of II type distortions around 2 x 107° 


97 
2 
L=60 
80 | 
100 
SO ors | 
| 120 
| | 
0 
160 
° 
/80 
|| 
| 
@ | 
VOL. As | 
12 / 
1961 
Q 


Microstresses and coherent scattering in martensite 


TABLE 3. On this basis the suggestion is made that the 
experimentally determined AY coefficients do not 
show the presence of microstresses, but are rather 
3 the result of the effect of thermal oscillations and 
D x10° cm - static distortions [9]. These latter effects seem to 
cause a change in the intensity distribution in 
X-ray interferences, without noticeably varying 
their depth. This also leads to the special 


dependence of VA L?_ on L, which is different 


from the same dependences for materials in which 
there have actually been II type distortions (Figs. 
2 and 3 and papers [5, 8] ). Special experiments 


TABLE 4. 


| 1 + ax? 


By X 102 p| by p 


110 


Dx cw B p | en 


TABLE 5. 


Pon 
Phat lors het 
massive specimen. 


i 
precipitated quench-hardened 


martensite filings (dia. 1.2 mm) 


( Por "hkl ) _ relative intensity of (hkl) reflections from martensite 

Pret lor crystals of quenched steel, reduced to repetition 
factor p = 1. 


/ 
) — relative intensity of (hkl) reflection from crystallites 
of annealed steel. 


in magnitude ought to raise the 422° ratio values. would be needed, however, for a final resolution of 


We note that the two assumptions made have pro- this problem. 
duced two extreme values, both for the a ratios It has been shown above that the magnitude of 
and for the D and a figures calculated." II type distortions found in the martensite crystals 


98 
2 2 | 3.68 3.97 
3 3.78 
—ax2 
é 
hkl 
| | | 
| 
990 32.4 13.3 29.5 2.99 | 23 | t.1 | 9.94 | 3.5 
~ 19€ 
l | 
110 1 1 
200 0.70 0.69 0.66 
112 0.46 0.45 0.41 
211 0.52 0.51 0.69 
920s 0.53 48 0.47 


VOL. 
12 


Microstresses and coherent scattering in martensite 


of quenched steel, are different in dependence on 
the linear dimensions of the specimens. It is 
interesting to see whether a similar dependence 
exists for static distortions. The data for the 
measurement of intensity are set out in Table 5. 

As in [3], in this case also a considerable 
reduction in the intensity of reflections from 
planes with the third index is observed. ‘lowever, 
the intensity of interference lines is not dependent 
on the dimensions of the quenched specimen. 
Calculation of the static distortions showed that 
they differ for axes a and ¢ and are 0.025 + 0.006 
and 0.050 + 0.012 A respectively. 

The conclusion can thus be drawn, on the 
basis of these results, that static distortions in the 
martensite of quenched steel are completely attri- 
butable to the presence of interstitial carbon atoms 
in the a-iron lattice. A similar conclusion was 
drawn on the basis of analysis of measurements of 
III type distortions in the martensite of mild steel 
(0.1% C) and in heavily deformed iron [10]. 


CONCLUSIONS 


1. The results have been found to be identical 
when the dimensions of coherent scattering regions 
and the magnitude of II type distortions in marten- 
site crystals are determined from line width or by 


harmonic analysis. 

2. The determination of the size of regions of 
uniform deformation confirm the conclusion that 
_ martensite crystals in quenched steel are elastically 


deformed by external forces. 

3. The size of the quenched specimens may 
have a considerable influence on the magnitude of 
II type distortions. here the carbon content of the 
martensite is the same, the hardness of a quenched 
steel is not dependent on the magnitude of II type 
distortions. 


Translated by V. Alford 
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EFFECT OF HYDROGEN AND OXYGEN ON THE MECHANICAL PROPERTIES 
AND STRUCTURE QF THE TITANIUM ALLOY T4* 
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(Received 14 February 1960) 


In [1], it was shown that in alloy VT8 of the 
Ti-Al-Mo system with a a + § structure, that where 
there is a higher oxygen content (up to 0.3 per cent) 
the hydrogen embrittlement is greater than if the 
oxygen content is only up to 0.1 per cent. A study 
of the phase transformations of the alloy VT8 
showed that the a and £ - phases of the alloy are 
not in equilibrium in the initial state. In the course 
of heating at 500° for 100 hr a transformation takes 
place in the direction of equilibrium. This process 
is accompanied by a redistribution of the alloying 
elements between the a and 8 - phases. The 8 - 
phase is thus denuded of aluminium and enriched 
by molybdenum and hydrogen. When the oxygen 
content of VT8 is increased stabilization of the 
a-phase is observed, due to the considerable 
solubility of oxygen in a-titanium. Under the com- 
bined action of hydrogen and oxygen the ductility 
of VT8 diminishes considerably in view of a reduc- 
tion in the solubility of these gases when present 
together. Considerable interest attaches to the 
investigation of the combined effect of hydrogen 
and oxygen on titanium alloys based on a solid 
solutions. With this aim in view the investigation 
of the influence of variable hydrogen and oxygen 
concentrations on the properties of T4 was under- 
taken. The alloy is a six-component solid solution 
of titanium with Al, Cr, Fe, Si and V. T4 contains 
4-5% Al and is based on the a solid solution. 

This work is a continuation of the investigation 
of the influence of hydrogen on the properties of 
six - component titanium alloys T3, T4, T6 and 
T8 [2]. 


* Fiz. metal. metalloved., 12, No.6, 891-899, 1961. 


PREPARATION OF SPECIMENS AND 
EXPERIMENTAL PROCEDURE 


The materials used for the investigation were 
hot-forged bars of T4, 12 mm in diameter. T4 with 
varying oxygen concentration was melted in a 


laboratory vacuum arc furnace and was cast in a 
water-cooled copper mould, using a consumable 
electrode and double melt. 10 kg bars were melted 


to sponge titanium mark TG-00 with a strength of VO) 
36 kg/mm?, 5 = 56.5 per cent, w = 81.5 per cent, ae 


chemical composition as follows: Fe 0.04%, Si 
0.03%, C 0.05%, C1 0.03%, N 0.03%, O 0.03%. 
Three melts of T4 were studied, with oxygen and 
hydrogen concentration varying: 

1) melt 70: 4.52% Al, 0.08% O, 0.03% N, 
containing 0.005, 0.015, 0.025, 0.050 and 
0.080% H. 

2) melt 68: 4.83% Al, 0.020% O, 0.03% N, 
containing 0.005, 0.015, 0.025, 0.050 and 
0.080% H. 

3) melt 72: 4.77% Al, 0.31% O, 0.03% N, 
containing 0.005, 0.025, 0.050 and 0.080% H. 

No oxygen at all was introduced to melt 70. In 
melts 68 and 72,0.2 and 0.3 per cent oxygen was 
introduced, and actually 0.2 and 0.31 per cent was 
the concentration. 

The oxygen was introduced into the alloy during 
melting in the form of titanium dioxide. Hydrogen 
saturation was carried out in an all-purpose 
apparatus for saturating metals with gases and for 
the analysis of hydrogen [3]. Saturation temperature 
was 700°, soaking time 10 hr. Pure hydrogen was 
produced by thermal dissociation of titanium hydride. 
The value 0.005 per cent was taken as the starting 
point for hydrogen concentration. This was 
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established as a result of a number of analyses of 
the residual hydrogen concentration after vacuum 
annealing. The amount of hydrogen introduced to 


the piece was calculated with allowance for the 


average residual concentration, being 0.005 per 
cent. Unavoidable error was not higher than 10 per 
cent when determining concentrations of 0.010 per 
cent. The error diminished as the hydrogen concen- 
tration increased. Check analyses for oxygen con- 
centration of the melts, using the vacuum melting 
method, and of hydrogen by the weighing method, 
vacuum heating and spectrographic analysis, all 
showed good agreement between the calculated 
oxygen and hydrogen concentrations and those 
obtained by analysis. The heat treatment of the T4 
alloy consisted in annealing at 800° for 30 min and 
then cooling in air. Mechanical properties were 
investigated on a Gagarin press at room temperature 
at arate of 11.3 mm/min. Impact toughness was 
determined in the temperature range + 20 to — 196°, 
with oxygen concentration varying. Thermal stability 
was investigated at room temperature after previous 
soaking for 100 hr at 400, 450 and 500°. Finally the 
finished specimens were heated. This was done to 
allow for the influence of the diffusion of oxygen 
from the air in the surface layer of the metal, as in 
working conditions components made of titanium 
alloys work at elevated temperatures without any 
special protective coating. 


MECHANICAL PROPERTIES OF THE ALLOY 
T4 IN DEPENDENCE ON HYDROGEN AND 
OXYGEN CONTENT 


Table 1 sets out the mechanical properties of 
the T4 melts investigated at room temperature. The 
hydrogen and oxygen concentrations varied. This 
and the subsequent tables show the average for 
three specimens. 

It can be seen from the results that hydrogen 
has a slightly strengthening effect on T4 when the 
concentration is increased from 0.005 to 0.025 per 
cent. This is due to slight distortions of the titanium 
lattice as a result of the low atomic’radius of 
hydrogen. Oxygen has a much greater effect. On 
average an increase of 0.1] per cent oxygen causes 
an increase in strength of 10 kg/mm?. The very 
much greater strength exhibited by T4 with a higher 


oxygen concentration is due to the considerable 
lattice distortions of a-titanium, as a result of the 
relatively large size of the interstitial oxygen 

atom, and also apparently, to a heightening of the 
chemical bond. Increased hydrogen and oxygen 
content has practically no effect on the ductility 
characteristics. With increased oxygen, for instance, 
there is a slight drop in percentage reduction of 
area. 

The effect of hydrogen and oxygen on impact 
toughness was investigated at + 20 and — 196°. 
The results are set out in Table 2 and in Fig. 1. 

It can be seen that increased hydrogen con- 
centration causes a reduction in impact toughness. 
As was expected, oxygen causes a greater reduction 
in impact toughness than does hydrogen. This is 
because the oxygen is mainly dissolved in the 
a-titanium, causing considerable strengthening of 
the hexagonal lattice and at the same time, an 
increase in notch sensitivity. In the T4 alloy with 
0.1 per cent oxygen and 0.005 per cent hydrogen 
for instance, impact toughness is 7.5 kg/cm?. With 
0.3 per cent oxygen and the same hydrogen content, 
impact toughness is more than halved (3.4 kg/cm?), 
Testing temperature has a similar effect. A particu- 
larly sudden drop in impact toughness is observed 
if the hydrogen and oxygen concentration are 
raised simultaneously. This is because the solu- 
bility of the two gases will be less when they are 
present together in titanium [4, 5]. Besides this, 
the amount of the residual (3 - phase is exceedingly 
low, and its effect as a getter is insufficient for 
hydrogen. 

The influence of hydrogen and oxygen on the 
thermal stability of T4 and on its embrittlement as 
a result of ageing was also studied. The results of 
these tests are shown in Table 3. 

As can be seen from Table 3 and Fig. 2, the 
strength of T4 increases considerably as a result 
of ageing at 400, 450 and 500° for 100 hr. Maximum 
strain-hardening is observed after ageing at 400°. 
Soaking at higher temperatures causes a slight 
drop in strength as a result of the onset of soften- 
ing at 450 and 500°. 

As oxygen concentration increases in the 
process of ageing the strength of the alloy rises 
considerably, and at 0.3 per cent oxygen and 
0.025 per cent hydrogen, the o p value is 
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TABLE 1. Influence of hydrogen and oxygen on mechanical properties of T4 


‘A content wt.% 


Heat treatment 


wt.% 


9 content 


0, 


Og, 


kg/mm} /0 


005 


! 
| 
40 


Annealing at 800° 
30 min, cooling in 


air. 


| 81.0 


82.5 13.7 
| 


84. 


Annealing at 800° 
2 | 30 min, cooling in 


air. 


89.5 ‘12, 8132.2! 


| | 
93.5 |15.0 


40,5 95.5 


Annealing at 800° 
30 min, cooling in 
| air. 


| 
| 
| 
| 


| 
| 
| 
alt 


| 
6133 


| 
| 
104.0 |14.1137, 8 105.5 113, 7:36. | 


No. O conten, 


Impact toughness kg/cm? 


of melt wt.% 


0.005% H | 


0.025% H | 0.050% H | 0,080% H 


0,1 


| 


120-123 kg/mm*. Despite the marked increase in 
the strength of T4 as a result of ageing at 400, 
450 and 500°, there is only an insignificant change 
in its plastic properties. 


Figs. 3 and 4 show the results of the investiga- 


tion of the combined influence of hydrogen and 
oxygen on percentage elongation and reduction of 
area after soaking at 450 and 500° for 100 hr. 
Figures for the annealed alloy are also given for 
comparison. It can be seen from Fig. 3 that 
hydrogen and oxygen have very little influence on 
percentage elongation in the process of ageing, 
and rather more influence on reduction of area 
(Fig. 4). The greatest reduction of area is observed 
in the alloy with high (0.03 per cent) oxygen and 
0.005 per cent hydrogen concentration. in the 
annealed state for instance, the reduction of the 


ueck is 33.1 per cent and after 100 hr ageing at 
500° this is reduced to 22.6 per cent. This is the 
lowest figure for reduction of area in the alloy T4 
after 100 hr. In the same alloy with 0.025 per cent 
hydrogen the reduction of area is 36.1 and 32.3 
per cent respectively. This effect appears to be 
attributable to the fact that the residual f - phase 
is unstable in the alloy with 0.3 per cent oxygen 
and 0.005 per cent hydrogen, and in the process of 
heating there is redistribution of the alloying 
elements between the a and § - phases. If the 
hydrogen concentration is increased from 0.015 

to 0.025 per cent, the 8 - phase is stabilized by 
hydrogen. Thus this investigation establishes the 
fact that T4 has quite good thermal stability 
between 400 and 500° where the oxygen concentra- 
tion is up to 0.3 per cent and hydrogen up to 
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FIG. 1. Dependence of impact toughness number 
of T4 on hydrogen and oxygen concentration. 
Solid curve is for 20°, and dashed curve for — 196° 


FIG. 3. Dependence of percentage elongaiion 
on hydrogen and oxygen concentration. Solid 
curve — annealed state; dashed curve — 450° 
100 hr; dashed and dotted curve — 500° 100 hr 


0.025 per cent. 


STUDY OF THE STRUCTURE OF T4 IN 
DEPENDENCE ON HYDROGEN AND 
OXYGEN CONTENT 


To find out the effect of hydrogen and oxygen 
on decomposition of the residual £ - phase, invest- 
igation of microstructure was undertaken. [he 
presence of a residual 3- phase in the structure 


FIG. 2. Dependence of ultimate tensile strength 
on hydrogen and oxygen concentration. Solid 
curve — annealed state; dashed curve — 450° 
100 hr; dotted and dashed curve — 500° 100 hr 


FIG. 4. Dependence of reduction of area on 

hydrogen and oxygen concentration. Solid 

curve — annealed state; dashed curve — 

— 450° 100 hr; dotted and dashed curve — 
— 500° 100 hr. 


of T4 was discovered during the investigation of 
the influence of hydrogen on the structure of T3, 
T4, T6 and T8 [2]. In previous works [1, 5, 7] the 
authors found that hydrogen and oxygen had a very 
considerable effect on structural transformation of 


the alloys VT3, VT3-1 and VT8. In VT3, for 
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TABLE 3. Influence of hydrogen and oxygen on thermal stability of T4 


| H content wt.% 


oe 0.005 0.015 0,025 
Heat treatment 

Oz, 3 Og, Os, | y, 


800°—30 min -O}11.3 13,7 

0.1 800°—30 min +400°—100 hr | 101.0/16,0 .0}14.5 

| 800°—30 min +450°—100 hr 98.0 |15.7/36.5} 101.0 }14. 7/399} 102.0 
800°—30 min -+500°—100 hr 93.0 9/31, 13.9 8 


800°—30 min | 89.5 }12.8/32,2) 93.5]15,0/40.5) 95,5113,2)/36, 

0.2 8&L0°—30 min +400°—100 hr | 109.517.2134. 3] 116.5 1] 118.! 12. 
‘ 800°—30 min +450°—100 hr 106.5 115.0]14, 4/37, 4) 115.5 {13.1]31,6 
800°—30 min +500°—100 hr | 105.0]15.2/28.9) 114.0 1/312 


800°—30 min 101 J13.6)/33, 1] 104.0 105.5 |13.7/36, | 

0.3 800°—30 min +400°—100 br | 120.0/16.0/28.4, — — | — | 123,0]12,9/33,9 
800°—30 min --450°—100 hr | 116.0/15,0/29.8] 121.0 |15.2/36.5] 122.5 |12.2/34,8 
in +500°—100 hr 0} 9.4/22.6 0/31.5) 121.0 


FIG. 5. Microstructure of T4 containing 0.2% oxygen and various 
concentrations of hydrogen: 


a — 0.005%; b — 0.015%; c — 0.025% hydrogen. 
Ageing at 450° — 100 hr: x 600. 


instance, hydrogen accelerates the eutectoid Fig. 6 shows a photograph made in polarized 
decomposition of the residual 8 - phase with light, of the eutectoid decomposition in T4 con- 
precipitation of the metalloid TiCr,. taining 0.2 per cent oxygen and 0.025 per cent 
Fig. 5 shows photographs of the microstructure hydrogen, after 100 hr ageing at 450°. The structure 


of T4 containing 0.2 per cent oxygen and a varying consists mainly of an a solid solution and the 
hydrogen concentration, after ageing at 450° for eutectoid component. Eutectoid transformation is 
100 hr. As can be seen from these microsiructures mainly observed on grain boundaries. The influence 
(Fig. 5a-c) hydrogen increases the heterogenization of oxygen or structure was also investigated. 

of T4, and accelerates its eutectoid disintegration. Fig. 7 shows the microstructure of T4 con- 
The amount and dimensions of the eutectoid taining 0.025 per cent hydrogen and varying oxygen 
component increase with increasing hydrogen con- concentrations after 100 hr ageing at 450°. It can 


centration. be seen from these photomicrographs that oxygen 
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FIG. 6. Microstructure of T4 containing 0.2% 
oxygen and 0.025% hydrogen. Ageing at 450° 
100 hr (polarized light): x 1200 


TABLE 4, Influence of oxygen on microhardness 


of the a - phase and eutectoid component of T4 - - 
(0.025% H) 


Microhardness kg/mm? 


0.1% 010.2% OF 0.3% O 


a-phase -... 410 430 460 
Euutectoid 


component 630 700 


like hydrogen, increases the heterogenization of 
structure and accelerates the eutectoid reaction. 
As the hydrogen concentration of the alloy rises 
(Fig. 7a-c) the amount and dimensions of the 
eutectoid component increase. The eutectoid 
transformation seems to be accompanied by the 
precipitation of a complex compound of complex 
chemical composition. Microhardness of the a- 
phase and eutectoid component was also investigated 
in dependence on oxygen concentration with ageing 
for 100 hr at 450°. The results are shown in 
Table 4. 

It can be seen that the microhardness of the 
eutectoid component increases with increase in 
oxygen concentration more intensively than in the 


a-phase. This seems to be because of the influence 
of hydrogen on redistribution of the alloying elements 
between the main a and {5 - phases and also, 
possibly, to the intrusion of oxygen atoms in the 
composition of the complex chemical compounds. 
However, the intensity of the increase in the 
microhardness of the eutectoid component dimin- 
ishes as the oxygen content increases. This 
appears to be due to the slowing down of the 


- diffusion processes as the oxygen concentration 


rises. 

Fig. 8 shows photographs of the microstructure 
of T4 containing 0.1 per cent oxygen and 0.015 per 
cent hydrogen, after 100 hr ageing at 400, 450 and 
500°. Increase in the amount of the eutectoid com- 
ponent and in its coalescence can be seen as the 


ageing temperature rises. The investigations of 


microstructure have thus established that an 
increase in hydrogen and oxygen concentration, as 
also a rise in the ageing temperature, will lead 

to increased heterogeneity of the structure and 
accelerate the eutectoid transformation. 


CONCLUSIONS 


1) Investigation has been made of the influence 
of hydrogen from 0.005 to 0.025 per cent and 
oxygen from 0.1 to 0.3 per cent, on the properties 
of the alloy T4. Hydrogen has been found to have 
a very slight influence on mechanical properties 
in tension. Oxygen causes considerable strengthen- 
ing of the alloy, 10 kg/mm? on average, as its con- 
centration is increased to 0.1 per cent. 

2) The effect of hydrogen and oxygen on impact 
toughness has been investigated at room tempera- 
ture and at — 196°. Hydrogen from 0.005 to 0.080 
per cent has only a slight effect on the impact 
toughness of T4. Increased oxygen concentration 
causes an abrupt drop in impact toughness. It has 
also been found that the impact toughness of T4 
falls abruptly at — 196°, particularly if the oxygen 
concentration is high. 

3) The influence of hydrogen up to 0.025 per 
cent and oxygen up to 0.3 per cent on the thermal 
stability of T4 has been investigated. Between 
400 and 500° T4 has been found to have good 
thermal stability at these concentrations of inter- 
stitial elements and not to be subject to 
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FIG. 7. Microstructure of T4 containing 0.025% hydrogen and varying 
concentrations of oxygen: 


a — 0.1%; b — 0.2%; c — 0.3%. Ageing at 450° — 100 hr: x 600. 


FIG. 8. Microstructure of T4 containing 0.1% oxygen and 0.015% 
hydrogen after 100 hr ageing at: 
a — 400°; b — 450°; c — 500°; x 600. 


embrittlement after 100 hr ageing. 

4) Microstructure investigations have shown 
that hydrogen accelerates the eutectoid reaction of 
T4 in the course of heating at 400-500° for 100 hr. 

5) Oxygen like hydrogen accelerates eutectoid 
transformation of T4. Microhardness investigations 
of the a-phase and the eutectoid component have 
confirmed that there is redistribution of the alloy- 
ing elements between the phases. 


6) It has been found that if the ageing 
temperature is increased to 500° there is also 
acceleration of the eutectoid reaction and 
coagulation of the eutectoid component. 


Translated by V. Alford 
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This article discusses the problem of the retarding effect of marcroscopic pores on the 
process of the secondary recrystallization in polycrystals. Qualitative experiments are described, 
which give evidence of the slowing down of moving boundaries by pores. Slight hydrostatic 
pressure, which causes the pores to close, has also been found to promote the process of 


recrystallization. 


The kinetics of grain growth in the process of 
recrystallization are known to be due to the 
tendency of a polycrystal to reduction in the total 
free energy of intergranular boundaries, the 
magnitude of which is related to average grain 
size (L) by the obvious relationship 


AE~3,— (1) 


| 
L 


where Oi is the surface energy of intergranular 
boundaries averaged through all possible variations 
in orientation. The maximum towards which the 
dimensions of the growing grains are known to 
proceed, is the dimension of the specimen. This 
means that in the course of recrystallization a 
polycrystalline specimen should become a single 
crystal. It is known besides, that if recrystallization 
grain growth is not stimulated artificially, by 
alternating high temperature anneals and deformation, 
applying constant loads to the specimen in the pro- 
cess of recrystallization etc., a monocrystal will 
seldom arise and the polycrystalline structure will 
become stabilized. This is explained as follows. 

The magnitude of the effective energy causing 
boundary displacement in the process of the recrystal- 
lization grain growth, and the average linear dimen- 
sion of the grain are related as follows 


O(AE) _ Six 
(2) 
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It follows from (2) that, in the subsequent 
stage of the process, when the average linear 
dimension of the grains will be quite high, the F 
value will be low. When this happens slight 
hindrances to boundary migration (such as 
impurities in the boundaries, macroscopic non- 
uniformities such as inclusions and pores) may be 
the reason for the stabilization of the position of 
intergranular boundaries. 

The retarding influence of macroscopic foreign 
inclusions has been noted in a number of works. 
Jeffries [1], who studied recrystallization in 
tungsten, drew attention to the fact that thorium 
oxide inclusions prevent the recrystallization 
growth of grains. Burke [2] chserved that migrating 
boundaries in polycrystalline brass are retarded by 
macroscopic foreign inclusions. The retarding 
effect of macroscopic foreign inclusions has very 
convincingly been demonstrated in the work by 
Beck, Holzworth and Sperry [3], who studied 
secondary recrystallization of an aluminium alloy 
with a manganese impurity. It was found in the 
experiments that at 7 = 650°, when the alloy is 
transformed from a two-phase to a single-phase 
one, i.e. when the macroscopic inclusions of the 
second phase are dissolved in the matrix, there is 
an abrupt increase in the rate of recrystallization 
grain growth and corresponding increase in the 
maximum size of the grains themselves. 

Our article sets out certain considerations 
regarding the influence of one variation of 


macroscopic inclusion on recrystallization grain 
growth. This variation is pores. It also describes 
the observations made in the experimental study of 
this effect. The investigation of recrystallization 
processes in solids containing macroscopic pores 
is of interest for the following reasons. Large 
quantities of macroscopic pores are known to occur 


in various components produced by powder metal- 
lurgy. They arise in metals and alloys which are 
subject to prolonged slow deformation at high 
temperatures (creep). This gives practical interest 
to the problem which is also extremely interesting 
from the metal physics point of view. It is to be 
expected that, of all the other macroscopic foreign 
inclusions, pores will have the greatest retarding 
effect on boundary migration due to the fact that 
surface tension is highest on the matrix-inclusion 
boundary in the case of a pore. 


THE RETARDING EFFECT OF PORES 
ON BOUNDARY MIGRATION 


In a number of experimental investigations in 
which the process of recrystallization in surface 
layers of a polycrystal have been studied, it has 
been found that there is an irregular displacement 
of the boundary intersecting the surface of a 
microsection [4-6]. This peculiar motion of the 
grain boundaries, when displacement alternates 
with stoppage, was established in Mullins’s work 
[7], to be related to the presence of thermal etching 
grooves which are formed along the line of inter- 
section of the intergranular boundary with the outer 
surface. Mullins attributes this retarding effect to 
the fact that, with certain boundary orientations 
with regard to the surface, its displacement, which 
is accompanied by the‘slip of one end of the 
boundary along the surface of a groove may corres- 
pond to an increased length in the boundary, i.e. to 
increased free energy. The extent of this energy 
addition is quite considerable. Boundary displace- 
ment cannot, therefore, be the result of energy 
fluctuations and can only set in after an inter- 
granular boundary has been reoriented in a suitable 
manner with regard to the profile of the groove. 

Considerations similar to those set out in 
Mullins’s work can be used to discuss the retard- 
ing effect of pores on the displacement of inter- 
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granular boundaries. We must make certain element- 
ary calculations. For simplicity, bearing in mind the 
“two-dimensional” isolated pore, it must first be 
assumed that it is arranged symmetrically with the 
boundary (Fig. la) and that the possible anisotropy 


of the surface tension can be neglected. Bearing 
in mind that boundary OA can only be torn away 
from the pore apex O if it is not connected with 
the extension of the boundary, the angle between 
the “axis” of the pore and the boundary at which 
pulling away is possible (W%) can be assessed. 
As can be seen from Fig. 1, between the angle w% 
and angle 0 between the tangents to the sectors of 
pore profile there is the following relationship 


(3) 


Thus, removal of a boundary from the apex of a pore 
can, where anisotropy o is negligibly low, take 
place at angles of > 

Important results emerge from relationship (3): 

a) the sharper the apex of a pore on a boundary, 
i.e. the lower the 0 value, the more effective will 
be the retarding influence of the pore on boundary 
displacement: 

b) the smooth sectors of a pore cannot retard 
a migratory boundary. This is due to the fact that 
in smooth regions @ = 7, and = 0, and con- 
sequently, the boundary will be freely displaced at 
any W > 0. It will rotate in such a way that at any 
point on the surface of a pore the angle between 
the tangent to the surface at this point and the 
boundary will be equal to 7/2. This result of 
relationship (3) can be illustrated by the rearrange- 
ment in the cell structure of soap lather in a vessel 
with an edge. The film adjacent to the surface of 
the glass will be displaced without hindrance until | 
it meets the side, which will then become the point 
of accumulation. The film can only depart from 
this edge after it has been reoriented in such a way 
that it forms an angle of > 7/2 with one of the 
surfaces adjacent to the edge. Then the film will 
be displaced along the other surface, with which it 
will form an angle of < 7/2. 

We note that the direction of displacement of 
the main part of the boundary and the direction of 
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FIG. 1 Retarding effect of pores on boundary displacement: 
a — without allowing for anisotropy 0;; ; 
b — allowing for anisotropy; 
c — allowing for asymmetric profile of a pore. 


the slip of its end along the surface, will probably 
coincide in a general case, if the angle between 
the boundary and the tangent to the surface of the 
pore calculated in the direction of displacement of 
displacement of the main part of the boundary, is 
a> 1/2. ‘ovement in different directions will be 
accompanied by a straightening of the boundary 
until the angle 7/2 is established, after which it 
will move as a whole in the given direction. The 
rate of slip of a boundary along the surface of a 
pore generally depends on the a angle in such a 
way that at a < 7/2 the boundary will slip along 
the surface at a higher rate than the average rate 
of movement of the whole boundary. At a > 7/2 
the boundary will move more slowly than the centre, 
and at a = 7/2 it will move at arate which will be 
determined by the displacement of the boundary as 
a whole. Additional force determining boundary 
slip along the surface of the pore where a 4 7/2, 
is determined by the relation AF ~ 0;; cos a. 

The retarding effect of the apex of a pore may 
vary as a function of the direction of boundary 
movement. The reason for this is first of all the 
asymmetrical shape of the pore, and secondly, the 
difference in the coefficients of surface tension in 
the different profile regions of the pore adjacent 
to different grains. This means anisotropy of 
surface tension. 

The reason for the retarding effect of a pore on 
the displacement of a boundary in various directions 
is obvious in Fig. lc, from which the following 
relationships are apparent, which define the 
critical angles of boundary deformation at which 
the boundary may be torn away from the pore: 


Thus it may be easier for the boundary to be 
displaced towards the flat sector of the profile 
than towards the side where it is steep. 

The effect of anisotropy can be satisfactorily 
allowed for when considering a symmetrical pore 
(Fig. 1b) although, strictly speaking, a pore can 
only be symmetrical with regard to its boundaries 
in the case where the anisotropy of surface 
tension is negligibly low. Let us assume that the 
sectors of a pore surface adjacent to grain 
boundaries are characterized by different surface 
tensions Oj. and o%» respectively. In this case, as 
Oko, the boundary will only be withdrawn 
from the pore when it is at an angle of * to the 
axis. Levelling out the increased energy due to the 
fact that surface tension on the sector of the pore 
OK, after boundary displacement changes by the 
value (oj. — o%o), towards the loss due to elonga- 
tion of the intergranular boundary to the extent of 
KL (see Fig. 1b), it is easy to derive the following 
relation: 

where W% and W* are the withdrawal angle of the 
boundary in the absence and presence of anisotropy 
of surface tension respectively. Thus, the retard- 
ation of a boundary moving in the direction from 
grain é to grain i will diminish if ¥* < Wt in the 


case where 0;. > 0); where the reverse inequality 
holds (0; < o,0), the retardation of the displacement 
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will be greater. Then the effect of anisotropy o may 
be quite considerable. Thus for instance, in the 
relationship in mind 


The retarding effect of a pore on displacement 
of an intergranular boundary is generally speaking 


dependent on the nature of the boundary. This means 


on the magnitude of intergranular boundary energy. 
This is related to the discussion in the previous 
paragraph, of the increase in the angle between the 
pore profile on the boundary. 

In the evaluations made above we tentatively 
suggest that one of the ends of the boundary is not 
attached, and that the behaviour of this end, which 
will be on the pore, is only due to the shape of the 
pore and the orientation of the boundary in respect 
of it. Of interest is the problem of the behaviour of 
of a boundary on which there is a chain pores, so 
that each sector of the boundary touches a pore at 
each ends. It is obvious from general considerations 
that the more frequently the pores occur along a 
boundary, the more difficult it will be for it to be 
displaced. Qualitative assessment of the retarding 
action of a chain of pores may be made if one 
considers the highly simplified example of a grain, 
on the cylindrical surface of which there are two 
chains of pores (Fig. 2). This model is very 
similar to that used in Mullins’s work, where the 
reason for grain stabilization in thin plates was 
studied, when the role of pore chains was played 
by thermal etching grooves. 

At a certain stage of recrystallization dis- 
placement the bent boundary will be stabilized, its 
shape being described by the formula 


ah 


(r is the linear dimension of a grain), which flows 
from the requirement for the radii of curvature to be 


equal to zero at any point on the sector of a 
boundary which had previously been cylindrical. 
With the surface in this stabilized form the angle 
between the tangent to the surface of the boundarv 
in the place where it is attached to the pore and 
the straight line adjoining the pores, will be 
determined by the ratio a = d/2r (where d is the 


distance between pores). 


FIG. 2. Retarding effect of chains of pores on 
the displacement of boundaries: a— d,=d,: 


b — d; #d). 
Of course, in the case where 


i.e. d < (7 — @) r, the presence of the chain of 
pores will cause stabilization of the grain and, if 
the inverse relationship exists, boundary displace- 
ment will be subject to the retarding effect of the 
pores. In a general case the planes passing 
through closed chains of pores may be very far from 
parallel (i.e. d will have different values. See 

Fig. 2b), and this means that, having stabilized 
itself on some sector, the boundary will be able to 
shift to another. 


QUALITATIVE OBSERVATIONS 


The influence of macroscopic pores on the 
recrystallization shift of intergranular boundaries 
was studied on specimens of porous brass from 
which the zinc had partially been removed at high 
temperatures, and polycrystalline copper, in which 
pores were created as a result of thermal cycling. 

The retarding of a moving boundary by pores 
is seen very clearly in Fig. 3, which shows the 
microstructure of two polvcrvstalline specimens 
of porous brass. It can be seen on these photographs 
that the boundary sectors a long way from the 
pores have shifted, while those sectors adjacent 
to the pores have become fixed, as a result of 
which the moving boundary is bent. 

Fuller observations were carried out in the 
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FIG. 3. Slowing down of a moving boundary by macroscopic 
pores ina - brass. 


experiments with porous copper. All the observations 
were made of a certain fixed point on the surface 
of the specimen. Recrystallization annealing was 
carried out in an argon atmosphere. In order to 

“ avoid the distorting effect of evaporation the 
specimen was carefully rolled in copper foil. The 
experiments were thus an attempt to re-create the 
conditions in the interior of the specimen. It must 
be remembered, however, that in our experiments, 
strictly speaking we observed the influence, not 
of pores but of “semi-pores”. This meant that the 
conditions created on the surface under study were 
not completely analogous with those occurring in 
the centre of the specimen. . 

After the annealing stage and before photo- 
graphy the specimen was lightly polished on a 
felt disk. The characteristic structure of one of the 
positions which were used for observation, is 
shown in Fig. 4. The following features of the 
process could be observed from the photographs ° 
made. 

1. Boundaries thickly studded with pores are 
very stable, i.e. they do not move for a very long 
time. The boundary indicated by arrow a is an 
example of this. 

2. As with the polycrystalline brass, in the 
copper specimens also, boundaries whose ends are 
attached to pores will sag in the middle. When the 
sagging increases to a certain degree the boundary 
is torn away from the pore. This feature is very 
clear on the illustration (arrow 6). 

High temperature annealing leads to a complex 
process of interaction between pores and boundaries. 
From elementary considerations it follows that it is 


energetically desirable for the pore to be, not 
inside, but on the boundary of a grain. It is there- 
fore to be expected that pores which are not far 
from a boundary will strive to reach this boundary 
by diffusion. This tendency can be seen in several 
places. In particular, pore c which began on the 
boundary, can be seen in its immediate vicinity 
after boundary displacement. Then again it 
“chases” the boundary becoming recondensed on 
to it like a vacancy. This was confirmed by us in 
experiments in which we studied the distribution 
of pores inside a grain and on the boundaries:in 


191 


the volume of the grain. 

In connexion with these observations attention. 
must be drawn to the fact that in a number of works 
it is asserted that a boundary together with a pore 
lying on it, will be displaced fogether, and that the 
mobility of the boundaries is restricted by that of | 
the pore [8]. Generally speaking a pore can be 
shifted as a whole [9], if it lies. in its own stress 
field which will be non-homogeneous as a result 
of the proximity of the boundary or the outer 


surface. The rate at which this-occurs is however 


negligibly small compared with the rate of boundary 
displacement. 


INFLUENCE OF VOLUMETRIC PRESSURE 
ON SECONDARY RECRYSTALLIZATION IN 
A POROUS POLYCRYSTAL 


When discussing the problem of the retarding 
effect of macroscopic pores on secondary recrystal- 
lization, the point naturally arises that the 
external effects which promote a reduction of 
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FIG. 4. Microstructure of thermo-cycled copper at different stages 
of crystallization at 970°: 
a — initial state; b —7=5 min; c —7= 30 min; d —7r= 12 hr. 


FIG. 5. Microstructure of thermocycled copper after annealing 
at 970° for 2 hr: 
a —p = 1 atm; b — p = 30 atm; c —p = 100 atm. 


porosity should also promote secondary recrystal- Laplacian pressure applied to the surface of the 
lization. It has been demonstrated [10, 11] that pore. We made a qualitative study of the influence 
quite a slight hydrostatic pressure (about 10- 100 of pressure on secondary recrystallization. 

atm) will promote the “healing” of macroscopic The experiments described below were 

pores. This is the natural result of the fact that, in carried out on copper specimens which had under- 
the case of isolated pores, hydrostatic pressure gone 100 thermal cycles at 7,,,, = 650°C, cooling 
applied from without will be added to the effective in water. After each heat treatment a considerable 
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pressure of p = 1 atm. The photographs definitely 
support the view that the acceleration of the 
recrystallization process is directly connected with 


number of isolated pores appeared in the specimens, 
mainly along intergranular boundaries (Fig. 4a). 
They were annealed in a water-cooled autocalve 
with a working volume of 40 cm’. Pressure was 
created by releasing argon from a high pressure 
cylinder into the autoclave. The annealing was 
carried out for various different periods of time at 
temperatures of 970 and 1040°C. The maximum 
pressure applied was p= 100 atm. 

Typical structures of the specimens which we 
studied are shown in Fig. 5. The qualitative effect 
of pressure on the recrystallization process is 
obvious, and consists in the following: a) with other 
conditions equal, increase in pressure causes a 
sharp reduction in the number of pores, b) the 
average linear dimension of the grains increases 
abruptly with increase in pressure. In experiments 
carried out at p = 100 atm the linear dimension of 
the grain is 1-12 times greater than with a 


a reduction in the porosity of the specimens. 

The pressure influence observed on secondary 
recrystallization may amount to something more 
than the closing of pores [12), although our 
experiments show that the closing up of pores is 
an exceedingly unimportant aspect. 


Translated by V. Alfora 
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SHORT REPORTS AND LETTERS TO THE EDITOR 
SOFTENING AND THE RECOVERY OF PROPERTIES IN THE ALLOY KANSOT* 
D.Ya. KAGAN, LI. GRINZARD and V.¥. BORIN 
(Received 9 January 1961) 


Investigation of components made of KhN80T 


after a prolonged period of operation have shown 
that, in the process of work, some of the parts 
undergo a softening process as a result of sudden 
changes of temperature up to 800° or above. This 
appears as a reduction of hardness, strength and 


creep resistance. 

It is known that the properties of softened 
alloys of the KhN80T type can be restored by a 
second ageing. The process of the softening of 
nickel base alloys is attributed primarily to the 
coalescence of strain-hardened phases, which 
disturbs the elastic bond between the parent solid 
solution and the precipitated finely dispersed 
phase; and secondly, to the partial dissolution of 
the strain-hardened phase. 

If the factors causing softening are analysed 
it is obvious that only the secord process is 
possible, as it would be quite impossible for a 
coalesced phase to be transformed into a finely 
dispersed one evenly distributed throughout the 
specimen by subsequent low temperature heatings. 

The aim of the present work is to find out 
whether the properties of the softened alloy 
EI-437B can be restored by an additional low 
temperature ageing, and to study the kinetics of the 
softening and recovery processes. To this end, 
after the standard heat treatment (quenching from 
1080° for 8 hr, cooling in air, ageing 750° for 16 hr, 
cooling in air) the specimens were softened at 800, 
850, 900 and 1000°C. The softened specimens were 
restored after a second heating at 750°. To find out 
how completely properties can be restored by sub- 
sequent ageing of an alloy of the KhN80T type, 
repeated high temperature heating was carried out 
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kg/mm? 


§ 


Time before fracture 


FIG. 1. Long-time strength of KhN8OT at 550, 
650 and 750°: 
O — after standard heat treatment; ¢ — after 
softening at 850° for 10 hr; X — after restora- 
tion at 750°, 16 hr, air. 


with subsequeat ageing. In the process of the 
investigation the hardness, long-time strength, and 
short-time mechanical properties were checked by 
phase analysis and observation of microstructure. 
The phase analysis was carried out on cylindrical 
specimens 50 mm and 8 mm in diameter using the 
method recommended by the All-Union Institute of 
Aircraft Construction. It is based on the electro- 
lytic dissolution of phases as a result of the 
different anodic behaviour of the solid solution and 
the precipitation phases in suitable electrolytes. 
When the test specimen was used as an anode one 
or several of the phases was dissolved and the 
indissoluble phases were precipitated to the surface 
in the form of precipitation particles. The electro- 
lyte consisted of 10 g limonic acid, 10 g ammonium 
sulphate, (NH,), SO, and up to 1200 ml. of water. 
The anodic dissolution of the solid solution 
at a current density of D = 0.06 A/mm? for 60-90 min 
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TABLE 1, Variation in mechanical properties of the KhN80T type 
alloy after softening. 


kg/mm? | 


Mechanical properties at 20°C 


0 > 
| | % 


Initial state before 
work, standard 
specifications. 


67.8 
66.1 
>60 


20.5 


Softened state 
after work 


53.0 
51.0 
56.0 
58.0 


After restoration at 
750° for 16 hr 


66.0 
68.3 
68.0 
66.5 


Yo 


~ 


S 


phase 


Amount ofa 


950 1000 °C 


FIG. 2. Variation in hardness and amount of a’- phase plotted against 
temperature of repeated heating. Heating time: 


e — lhr; O — 3hr, 10 hr; 


X — original state after quenching from 


1080°, 8 hr, air, tempering, 750°, 16 hr, air. 


caused a black velvety scum to be precipitated to 
the surface. It consisted of the intermetalloid 

a’ phase on a base of Ni; (Ti,A1) and of carbide 
phases. Then the solid solution and the inter- 
metalloid phase were dissolved in an electrolyte of 
50 ml. hydrochloric acid (sp. wt. 1.19), 100 ml. of 
glycerine, 1050 ml. of pure lithanol. Current density 
was D = 0.10 A/mm? and the temperature of the bath 


was 10-7°C, time 60 min. An anode slime contain- 
ing carbides was precipitated to the surface. The 

amount of a’ phase was found by the difference in 

the anode slimes. 

The mechanical properties of an alloy of the 
KhN80T type in the softened state after working 
under short periods of heating up to 900°, are shown 
in Table 1 and Fig. 1. 
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TABLE 2. Restoration of hardness and amount of a - phase in the 
softened alloy KhN80T by repeated ageing. 


Repeated Hardness 
heating at , 4opt ‘4p 


Hardness  Amonnt ot 


R 


7£0°—5 hr 
750°—16 hr 


800°—10 hr 3.7—3.8 


3.7—3.8 
3.64—3.6 


850°--10hr 3,9—4.0 


750°—5 hr 
750°—16 he 


750°—5 br 


900°—5 hr 


950° - 3 br 


750°—5 hr 
750°—16 hr 


750° —16 br 


Vv 
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FIG. 3. 


It can be seen from the data that there is a 
drop in hardness (after softening ¢,,., increases 
from 3.4 to 3.8 to 4.5-4.1 mm //p) the reduction in 
long-time strength at 550° is 17 per cent, at 650° 
it is 16 per cent and at 750° it is 10 per cent. 
Further ageing at 750° — 16 hr — air, completely 
restores the metal to its initial hardness, strength 
and long-time strength. 

Fig. 2 shows the hardness figures and the 
amount of strain- hardened phase plotted against 
repeated high temperature heatings. As the temper- 
ature and period of heating is increased there is a 
reduction in hardness and correspondingly in the 
amount of strain-hardened a’- phase. A temperature 
rise has a greater effect than extension of soaking 
time. From 900° (soaking time 3 hr) total softening 


sets in, both as regards hardness and the amount 
of the strain-hardened phase. 

Table 2 shows the hardness figures and 
amount of strain-hardened phase after recovery of 
properties by additional heatings at 750°. Repeated 
ageing completely restores hardness and increases 
the amount of a’- phase, bringing it up to the con- 
stant value of 9-10 per cent. It must be noted 
that we could not get back to the original amount 
of strain-hardened phase (11.5 per cent) after 
restoration. 

Fig. 3 shows hardness figures and amount of 
strain-hardened phase after repeated high tempera- 
ture heating and subsequent recovery by repeated 
ageing. These figures show that hardness and the 
amount of a’- phase return to their initial values 
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(a’- phase 9 per cent) after each periodic recovery. 
It can be seen from Fig. 2 and 3 that the strain- 
hardened a’- phase and hardness curves are 
parellel to one another throughout. Let us consider 
the reasons for the softening of the alloy. 

1) If the coalescence of the strain-hardened 
phase is assumed to be responsible for the soften- 
ing then its amount should either remain constant 
in the process of phase analysis, or increase. 

2) If dissolution of the a’- phase is responsible 
for the softening then its amount should diminish 
continucusly during phase analysis. 

3) Finally if the partial dissolution and 
coagulation of the a’- phase are responsible for 
softening of alloys of the KhN80T type, then reduc- 
tion of the a’- phase should go on up to a certain 
limit, while it should not be possible to restore the 
original properties completely by ageing after 
repeatec periodic softenings. 

As a continuous reduction in the amount of the 
strain-hardened phase was observed in the phase 
analysis, and hardness was completely restored 
after repeated high temperature heatings with 
subsequent ageing, it seems that it is the process 
of dissolution of the strain-hardened finely dispersed 
a’- phase which is responsible for softening in alloys 
of the KhN80T type. The study of microstructure in 
the initial state and after recovery revealed a 
large number of finely dispersed precipitation 
particles in the grains. 

The difference in the shape of powder patterns 
of normally treated and softened specimens was 
studied by X-ray structural analysis on a URS-70 
apparatus with Cu radiation. The specimens in the 
initial state exhibited broadened continuous lines 
at wide angles of reflection, while the softened 


specimens produced lines with a divided Aa- 
doublet and separate spots. This means that a 
normally heat treated specimen is subject to phase 
work-hardening which is relieved in the process 

of softening. Specimens restored in the manner 
described above exhibited broadened lines at wide 
angles, but the separate spots had merged into a 
continuous line. Thus: 

1) The repeated heating of alloys of the 
KhN80T type at 800° or above causes softening. 
Repeated heating at 900° and above causes the 
complete softening of the alloys. 

2) Further ageing of the softened metal will 
completely restore the initial mechanical 
properties. 

3) Complete agreement has been found between 
the nature of the change in hardness and amount of 
precipitated strain-hardened phase under repeated 
high temperature heating and appropriate restora- 
tion treatments. 

4) The softening process has been found to be 
due mainly to the intensive dissolution of the 
a’- phase, while the strain-hardening process is 
due to the precipitation of this phase from the 
solid solution. 


Translated by V. Alford 
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NEUTRON DIFFRACTION ANALYSIS OF MANGANESE TELLURIDE* 
A.V. DOROSHENKO, V.V. KLYUSHIN, A.A. LOSHMANOVand V.I. GOMAN’KOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 

(Received 3 June 1961) 


Manganese telluride has been investigated by magnetic transformation point and are purely 
the method of neutron diffraction, using powder. A magnetic in nature. The (100) reflection is the 
beam of monochromatic neutrons was used with result of the superposition of magnetic and 
wavelength A = 107 A. According to the \-ray nuclear coherent maxima. The (100) reflection 
structural analysis data the compound MnTe has a is nuclear. 
hexagonal crystal lattice of the NiAs type with The magnetic (001) reflection at an angle of 
parameters a = 4.087 A, c=6.711 A fl, 2]. 0 = 4°40’ corresponds to the lattice constant c 
According to various data the antiferromagnetic and consequently, the c parameter of the magnetic 
transformation point is in the range from 307°X unit cell will coincide with that of the crystallo- 
[3] to 329°K [4]. The MnTe compound was prepared chemical cell. Besides this, the appearance of 
by sintering a mechanical mixture of \In powders this reflection means that the magnetic moments 
(99.8%) and Te (99.99%) in a vacuum at 800°C. of the Mn atoms must lie in the basal planes 


The structure and composition of the resulting MnTe or form a small angle with these planes. The 


was checked by X-ray structural analysis. Then simplest model of the magnetic structure corres- 
after additional grinding the powders were pressed ponding to magnetic reflection (001) will be that 
in thin-walled aluminium cylinders with an internal formed by ferromagnetic layers in the basal planes 
diameter of 9.6 mm and height 27 mm. The neutron with magnetic moments perpendicular to axis c 
diffraction patterns were produced on a spectro- and anti-parallel in relation to the magnetic 
meter [5] at 77, 293 and 403°K (see Fig. 1). Table 1 moments in the neighbouring basal planes. The 
shows the calculated and experimentally determined presence of the magnetic (101) reflection together 
Bragg reflection angles and corresponding inter- with the (001) reflection is natural in this kind 
planar distances. The coherent maxima were ident- of model However. in this case there should be 
ified as (001), (100), (002) and (101). The (001) and no magnetic (002) reflection. To explain the 
(002) reflections disappear above the antiferro- magnetic structure of MaTe ‘urther investigations 
are proposed. 

I would like to express my gratitude to 
* Fiz. metal. metalloved., 12, No.6, 911-912, 1961. A.K. Kikoin for interest in the work, 
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FIG. 1. Neutron diffraction pattern of MnTe at 77 and 293°K 
(below antiferromagnetic transformation point Ty (at 403°K) 
above Ty). 


B.G. Lyashchenko and D.F. Litvin for setting up preparing the specimens. 
the spectrometer, and to N.P. Grazhdankina for Translated by V.Alford 
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DETERMINATION OF THE NUMBER OF 3d ELECTRONS IN 
TRANSITION METALS* 
A.T. SHUVAYEV and V.F. DEMEKHIN 
Rostov State University 


(Received 15 June 1961) 


In the work by Weiss and Demarco [1], the 
numbers of 3d electrons were determined for a 
number of transition metals of the iron group by 
careful measurement of the absolute atomic scatter- 
ing factors. It was assumed that 3d electrons have 
wave functions which are strongly localized in the 
nucleus, so that the atomic factor obtained by 
linear extrapolation of experimental figures to low 
Bragg angles was only conditioned by the contri- 
bution of an argon-like residue and by the 3d 
electrons. The accuracy of this assumption was 
tested for the case of copper. On the assumption 
that this was true for all metals of the iron group, 
the number of 3d electrons were determined as the 
difference between the extrapolated values for the 
atomic factor and the contribution of the argon-like 
residue (this contribution was 18). 

However, as follows from calculations of wave 
functions by the cell method for metallic iron [2], 
on transition from a free atom to a metal there is 
a considerable increase in the extent of the 3d 
wave functions. This causes a reduction in the 
contribution of the 3d electrons to the atomic 
factor at the Bragg angles which can be used for 
measurements. 

We calculated the dependence (see Fig. 1) of 
the atomic scattering factor of metallic iron on 
the value S = 47 sin @/A, where 0 is the scatter- 
ing angle; A is the wavelength of the scattered 
radiation. We used the wave functions for metallic 
iron given in [2], and the energy distribution of the 
3d electrons found by Manning [3], on the assump- 
tion that the number of 3d electrons was 6. 


* Fiz. metal. metalloved., 12, No.6, 912-913, 1961, 


FIG. 1. Dependence of atomic scattering 
factor of iron on S = 47 sin M/A, with 
(dashed line), and without allowing for 
the contribution of 4s electrons (solid 
line). Straight line is the extrapolation 
of the atomic scattering factor for iron 
according to Weiss and Demarco. 


The illustration also shows the experimental 
values of the atomic factor obtained by Weiss and 
Gemarco and that deduced by us by extrapolation 
of these values, as a result of which the number 
of 3d electrons in the metallic iron is found to be 
2.3. Attention is drawn to the very good agreement 
between experimental and calculated data in our 
work. As can be seen from the illustration, the 
extrapolation made by Weiss and Demarco for iron, 
and apparently for elements with a periodic number 
below 26, is not correct. Consequently the number 
of 3d electrons found in [1] is only characteristic 
of the equivalent number of 3d electrons of a free 
atom, which should make the same contribution 


to atomic scattering factor as all 3d electrons in 
the metallic state. Besides this, without throwing 
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doubt on the results obtained by Weiss and Demarco transition from the free atom to the metal. 
for Co, Ni and Cu, they indicate weak perturbation 
of the 3d wave functions of these elements on Translated by V. Alford 
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DISORDERING OF QUENCHED AND PLASTICALLY 
DEFORMED IRON* 
V.M. KARDONSKII and M.D. PERKAS 
Institute of Metallography and Metal Physics 
(Received 5 June 1961) 


There are a number of different ways of treat- 
ing metals and alloys to increase their resistance to 
plastic deformation, i.e. to harden them. ‘lardening 
methods based on mechanical or heat treatment 
have found wide application in industry. The 
maximum effect is usually observed when these 
methods are combined. 

To understand the nature of strain- hardening 
and softening it is important to study the features 
of the crystal structure of metals and alloys which 
have been hardened by various ways. It is to be 
expected that in a material which has been hardened 
by various different methods to the. same degree of 
resistance to plastic deformation, certain features 
of the crystal structure will differ. Below we set 
out the results of an investigation carried out on 
the binary alloys Fe + 2.2% Mn and Fe + 4% Ni and 
on non-alloyed iron, strengthening of which was 
achieved by plastic deformation and by quenching. 
‘eating prior to quenching was carried out in a 
salt bath. The unalloyed iron specimens (20 x 10 x 
x 1 mm) were quenched from 1150-1200° in an 
aqueous solution of NaOH at 5°, and those of the 
binary alloys Fe-Mn and Fe-Ni were quenched from 
1000° in water. After quenching the unalloyed iron 
had a hardness of 180 /iy and the Fe-Mn and 
Fe-Ni specimens 220 and 250 //y respectively. The 
second series of specimens were strain-hardened 
by rolling. The degree of deformation was selected 
so that the hardness achieved after deformation 
should coincide with that achieved by quenching 
in each of the specimens. This required a total 
reduction of between 50 to 60 per cent. 


* Fiz. metal. metalloved., 12, No. 6, 913-915, 1961. 


FIG. 1, X-ray patterns from quenched (a) and 
plastically deformed (b) specimens. 


The changes in the crystal structure of each 
of the alloys, leading to an almost identical 
resistance to plastic deformation, were also 
assumed to be the results of these two methods of 
treatment. After strain-hardening, the hardness 
and the broadening of X-ray lines were determined 
at various stages of softening. X-ray diffraction 
and metallographic analysis were used to find the 
threshold temperature of recrystallization. In this 


case the X-ray photographs were made with de- 


focusing in a-radiation. 

The X-ray diffraction patterns obtained from 
specimens hardened by quenching and plastic 
deformation had different kinds of interference 
lines. Reflections somewhat drawn-out along the 
arc of the powder ring were typical for the speci- 
mens which had been quench-hardened (Fig. 1a) 
Besides these drawn-out reflections, in the 
plastically deformed specimens there was also 
either a wide continuous line or a line consisting 
of bands drawn out along the whole arc of the 
X-ray pattern (Fig. 1b). There is also considerable 
difference in the microstructure of the specimens 
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FIG. 2. Microstructure of quenched (a) and deformed 
(b) specimens; x 400. 


a 


3 


(Fig. 2). This seems to be because the crystals 
are smaller after rolling, and their maximum 
disorientation is higher than is the case with 
quench-hardening. As follows from the experi- 
mental data, this difference in structure has no 
influence on the resistance of a material to de- 
formation. For both kinds of specimens fine 
structure (block size, type II distortions) was 
indentical. The strain-hardening effect is relieved 
at lower temperatures in the deformed than in 

the quenched specimens (Fig. 3). There is also 

a difference in the threshold temperature of 
recrystallization. Recrystallization usually begins 


(00 200 300 YOO 500 609 700°C 


FIG. 3. Variation in hardness with heating tempera- 
ture for quenched and deformed iron: 
« — deformation 50%; O — quenching. 


earlier in the cold plastically deformed specimens. 
This difference was 100° for iron and 50-60° for 
the binary alloys. 


Translated by V. Alford 
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THE EFFECT OF SHAPE IN LINEAR MAGNETOSTRICTION* 
F.D. DURAYEV and V.M. KALININ 
Urals State University 
(Received 10 May 1961) 


1. To find the magnetostriction constant the 
influence of the shape and dimensions of the speci- 
men must be studied. An explanation of this effect 
has been found in dependence on the demagnetizing 
field with spontaneous magnetization [1-5]. In [1] 
it was shown theoretically that both the linear and 
volume effects of shape amount to expansion. This 
means that a specimen with spontaneous demagneti- 
zation will have additional expansion, which will 
not be the case in one with a magnetizing factor 


N = 0. 


ellipsoid in a longitudinal uniform field was found 
to be compressive deformation. A formula was also 
derived for calculating shape effect on the magnet- 
ization of a specimen above saturation 


2a) 


E (1) 


where A AY is the change in the length of the 
specimen as a result of shape effect in the 
direction parallel to the magnetic field; y is 


FIG. 1. Magnetostriction A of ierrosilicon alloys plotted against magnetization: 


1,2 — 4.10% Si; 3,4 — 1.05% Si. 


X — specimen with rods attached, 


e — without attached rods. 


In [5], however, the shape effect in an 


* Fiz. metal. metalloved., 12, No.6, 915-917, 1961. 


Poisson’s ratio; E is Young’s modulus; N is the 
demagnetizing factor; /5 is the intensity of magnet- 
ization. It was shown in [5] that in a general ca=- 
the effect of shape consists not only in changing 
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the extent of deformation in the specimen as a 
result of the interaction of magnetic fields, but 
also in changing the extent of deformation due to 
the interaction of these fields with the magnetizing 
apparatus. 

Of course, if a rod made of the same material 
and having the same cross-section is attached to 
one end of a rod-shaped specimen magnetized in 
a solenoid, the deformations which may occur on 


magnetostriction will freely shift along the solenoid. 


This means that the magnetostriction of such a 
composite specimen will be the same as in a 
simple one of the same length, and therefore it will 
be subject to the same formula (1). We used this 
fact to distinguish shape effect in a pure form. 


-4A, x 10” 
10 


0 700 200 


FIG. 2. Dependence of shape effect on 
magnetization. 


2. To show more clearly the effect of the 
shape of a specimen on the extent of magneto- 
striction, the test material should not have magneto- 
striction which is too high and at the same time it 
should have high enough saturation magnetization. 
These conditions are satisfied quite satisfactorily 
in the ferrosilicon alloys which we used, where 
there is 1.05 and 4.10 per cent silicon. 

The specimens were produced in the shape of 
square rods 5 x 5 x 100 mm’. The rods for attaching 
at the ends were made of the same material and 
had the same dimensions 5 x 5 x 200 mm’. After 
mechanical treatment the specimens underwent a 
high temperature anneal in a vacuum at 1100° for 
2 hr. 

Linear magnetostriction and magnetization 
were measured on the same specimens with and 
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without the additional rod. Magnetostriction was 
measured by attaching wire strain gauges [6] and 
magnetization by the ballistic method, using a 
differential coil. Magnetization was carried out in 
a solenoid with a uniform field sector 580 mm in 
length and maximum field strength of 1200 oersted. 

3. The results of the measurements are shown 
in Fig. 1. Studying these curves it can be seen 
that for the specimen with 1.05 per cent silicon, 
in which longitudinal magnetostriction changes 
from positive to negative, and also in one with 
4.1 per cent silicon in which longitudinal magneti- 
zation is only positive, with the same intensity of 
magnetization the difference between the short 
specimen and the one with the attached rod \A*) is 
negative. 

Fig. 2 shows the dependence of AA} on the 
square of magnetization. It can be seen that this 
dependence is approximately linear’. 


Translated by V. Alford 
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* To distinguish the shape effects we must find the A 
difference between the specimen and one with N = 0. 

' This problem requires further investigation. The 
experimental points deviate from a straight line in 
such a way that a line curving upwards could be 


drawn through them. 


EFFECT OF EXCESS VACANCIES AND DISLOCATION 
LOOPS ON HALL FIELD IN ALUMINIUM AT 20°K* 
G.A. ZAITSEV and V.I. KHOTKEVICH 
Kharkov State University 
Physico-Technical Institute, Academy of Sciences Ukr. S.S.R. 
(Received 15 July 1961) 


There is no published information regarding , using a compensation circuit with a photo- 
the galvanomagnetic effects which occur in metals electro-optical amplifier which provided a sensitivity 
with a definite form of crystal lattice defect. “e of 10-* V per graduation of the compensator. At 
have undertaken the investigation of the influence constant current the error in measuring 2, EY. S. 
of excess vacancies and hysteresis loop on the was 20-2 per cent in the range 500-3500 oersted, 


Hall “constant” FR, ratio between Halli field and in the measurement of Ap/p(0) it was 1 per 
strength Ey and field strength along the specimen cent. 
E, (E,/E,) and the relative variation in electrical 
resistivity in a magnetic field of \p/p(0). In this 
report we shall restrict ourselves to low and medium 
magnetic fields // < H, [1], where //, is the magnetic 
field at which the orbital radius of an electron is 
equal to the free path. 

The measurements were made at hydrogen 
temperature in fields up to 3.5 k.oersted, which 
were created by remagnetizing a permanent magnet. 
Polycrystalline specimens 0.045 x 4 x 65 mm were 
made from aluminium with a resistance ratio of 
with the potential and current 

273°K 
outlets making a composite whole. Certain kinds of 
defects were created by quenching the aluminium 
from sub-melting temperatures down to just above 
freezing point, in methyl alcohol. Due to the 
coalescence of vacancies during annealing, dis- : 
4 k.oersted 

location loops with a density of up to 10% cm™? 
were created at rome temperatures [2-4]. The FIG. 1. Hall effect in Al in fields up to 
current and potential outlets were attached to the 6 Ss ata 
specimen holder without intermediate heating and 1 — specimen quenched from 620° in 


deformation of the specimen. After quenching and methyl alcohol at —98°; 2— the same, 
after each anneal the following were measured: and aged 1.5 hr at 20°; 3 — the same, 
and annealed at 200° for 20min; 4 — the 


electrical resistivity in a magnetic field perpendi- 
cular to the current and Hall e.m.f. as a function of Vacancy concentration n = 4.6 x 10-* at 
% (calculated according to[8]), density 


dislocation N = 1.55 x 10° cm~ (calcul- 


* Fiz. metal. metalloved., 12, No.6, 917-919, 1961. ated according to [9]). 
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FIG. 2. Hall constant in Al in fields up 
to 3.5 k oersted: 
1 — specimen quenched from 620° in 
methy! alcohol at -98°; 2 — the same, 
and aged 1.5 hr at 20°; 3 — the same, 
and annealed at 200° for 30 min; 4 — the 
same, and annealed at 600° for 3 hr. 
Vacancy concentrationn = 4.5x 107 at.% 
{calculated accordingto [g] ). density 
dislocation N = 1.3 x 10” cm~?(cal- 
culated according to[9] ). 


The curves for the variation in electrical 
resistivity of aluminium in a magnetic field of 


P5730 
allowing for 


Bele (0) — 

error, the same for specimens which have under- 

gone the maximum quenching, ageing at room 

temperature or annealing (600° 1.5-2 hr) treatments. 

This means that what is known as K6hler’s law 

[5] is satisfied in the range of fields used. Typical 

examples of the variation in E, /E, (H) and R(H) 

are shown in Fig. 1 and 2 respectively. It can be 

seen that the vacancy supersaturation of the 

specimen diminishes the E,/E, (H) and R(H) values 

considerably, and may even cause a reversal 

(curve 1). The existence of dislocation loops 

formed in the course of 14.hr soaking at room 

temperature also reduces these values and causes 

reversal at low fields-(curves 2). The curves for 

specimens which have been annealed to 200° for 

20 min are the same as those obtained under other 

circumstances (600° 3 hr). The course of curves 3 


Q 


9700-1 100. 200% 


FIG. 3. Isochronal annealing curves for Al 
(30 min) after quenching from 620° in methyl 
alcohol at -98°: 


(Tapp): 2—A/( ESE.) 
vio 


2 Tann' H = 2000 0ersted 


and 4 indicate a reversal of Hall field in annealed 
specimens. This appears to be due to the presence 
of vacancies which are in equilibrium at room temper- 
ature. A similar reversal was observed in [6] with 
measurements made in the helium range of temper- 
atures. The difference in the R(H) curves for 
specimens aged after quenching at 20° (1.5 hr) and 
annealed at 200° (1 hr) was checked by us in 
fields up to 25 k.oersted*. The ordinate difference 
in these dependences is easily reduced with 
increase in H. 

We also investigated the relative variations 
in electrical resistivity and the E/E, ratio with 


isochronic annealing = f(Tann) and 


A(E,/E,/\ (E,/E,)o = f(Tann) (Fig. 3). Here 
Apo, A(EY/ E,)o is the variation in resistance and 
the E,/E x ratio as a result of the full anneal; Ap 
and A(E, /E,) show the part of these values 


raminning after successive annealing at 7,,,, for 


* The measurements in fields up to 25 k.oersted were 
made by V.G. Volotskaya and N.Ya. Fogel’. 


128 
| | | 
| 
S 

a 

A = | 

| 

a f 

12 
19€ 


Letters to the Editor 


30 min. As was expected, the percentage variation I would like to express my thanks to 

in resistivity reveals two stages of annealing [7], M.Ya. Azbel’ for his useful discussion. 
indicative of the processes of vacancy coalescence 

and the diffusion movement of the dislocation loop. 

The E,/E x ratio also shows reduced variation in 

two stages in the same temperature ranges. How- 

ever, in the second stage of annealing E/E, 

changes rather more than electrical resistivity. Translated by V. Alford 
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POSITION OF THE JUMPS ON THE STRESS-STRAIN DIAGRAM OF 
POLYCRYSTALLINE TIN* 
R.I. KUZNETSOV and V.A. PAVLOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 28 July 1961) 


The irregular deformation which is observed 
during mechanical tests [1-12] is interesting as it 
provides information regarding the processes 
occurring in metals under plastic deformation. A 
number of reasons for these jumps on the diagram 
are given in published material; ageing in the 
course of deformation [11], twinning [10, 12], heating 
of the slip zone in the course of deformation [6], 
break-through of the barrier by a pile-up of disloca- 
tions [1], 5] and also a number of other reasons 
[2, 4, 8, 9], all to do with features of deformation at 


of the resulting diagrams is the presence of the 
jumps (Fig. 1), the position of which depends on 
the rate and temperature of the tests. With falling 
temperature the position of the jumps shifts to 

the beginning of the diagram if the rate of deforma- 
tion remains the same. At constant temperature 
the shift is in the same direction if the rate of 
deformation is increasing. The nature of the jumps 
does not vary. Processing of the experimental 
data showed that the deformation ¢€ corresponding 
to the position of the first jump ont). stress- 
strain diagram, rate of deformation ¢ and testing 


AT 


FIG. 1. Stress-strain diagram of polycrystalline tin in the co - ordinates: 
load P — elongation Al. Testing temperature - 40°C, 
rate 8x 10“ per cent/sec. 


In our work polycrystalline specimens of tin 
99.999 per cent, 2 mm in diameter and 50 mm Jong 
with grain size around 0.] mm, were investigated 
in the temperature range from room to - 100° and 
in the range of deformation rates from 8 x 10°? to 
2 x 10°* per cent/sec. A characteristic feature 
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temperature 7 are. interrelated by the following: 
ee = Cexp|— Q/kT}, 

where © and Q are certain constants. The graph 

for the ~ dependences is shown in Fig. 2 in the 


co-ordinates Inee — 1/T 

Activation energy Q can be calculated from the 
gradient of the curve. It is found to be approximately 
10 kcal/mole, which is almost the same as the 
activation energy of self-diffusion in tin. 
Allowing for the fact that the material is of high 
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40 


$x 


FIG. 2. Dependence of Inee on 1/T for 
polycrystalline tine. 


purity (99.999% Sn), it is difficult to imagine that of tin from the { to the a modification in the 
12 these jumps could be due to the presence of process of deformation at a temperature below the 
1961 impurities in the metal. It is suggested that they transformation point (i.e. below 18°C). 


are due either to twinning processes occurring 
in the course of deformation, or to the transformation Translated by V. Alford 
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RECOVERY OF AN INDUCED THERMAL FORCE IN COPPER DEFORMED 
AT VARIOUS DIFFERENT RATES* 
N.F. KUNIN and A.S. NILOYV 
Chelyabinsk Polytechnic Institute 
(Received 10 May 1961) 


1. The material used for these experiments 
was copper wire conductor 1.3 mm in diameter. 
Measurements of induced thermal force were carried 
out by the method proposed in [1]. The specimens 
were deformed by plastic torsion at room temperature 
to the extent of 85 turns. The specimens were 
twisted at four rates; 3.1, 24, 420 and 2900 rev/hr. 
After the initial induced thermal force had been 
measured the specimens were successively 
annealed in paraffin or salt baths. 

Recovery of the induced thermal force was 
observed at the following temperatures: 160, 170, 
180, 190, 200, 210, 220, 240 260 and 300°C. 

In between each stage of annealing the residual 
thermal force preserved was measured. 

2. Fig. 1 shows the isotherm for the recovery 
of a thermal force induced at various rates of 
torsion. A high rate of deformation stimulates the 
process. Despite the fact that the initial induced 
force was larger in the specimens which had been 
deformed at the higher rates, the recovery curves 
intersect and lie lower as the rate of deformation 
becomes higher. This means that the rate of deform- 
ation has an essential influence on the energy 
spectrum of distortions arising in the crystal lattice 
under plastic deformation. At high rates of deform- 
ation the distortion spectrum will contain a large 
number of less stable distortions, which will 
disappear first of all on recovery. Besides this, at 
higher rates the number of stable distortions will 
be lower than at low rates. This explains the 
difference in the course of the isotherms for the 


longer annealing times. 
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FIG. 1, Thermal force recovery isotherms 
at 180°C: 
1 — 3.1 rev/hr; 2 — 24 rev/hr; 
3 — 420 rev/hr; 4 — 8000 rev/hr. 


At high temperatures (above 240°C) both the 
lattice distortions which are less, and those which 
are more temperature stable, are relieved by 
annealing. At these temperatures therefore, the 
initial rate of recovery is practically the same for 
all rates of deformation. The integral effect of 
thermal force relief also has the same value for 
all rates of deformation. 

3. The dependence of the initial rate of 
thermal force recovery de/dr on absolute annealing 
temperature 7 is described quite well by the 
exponential equation 


where U has the sense of the mean effective 
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FIG. 2. Dependence of the natural logarithm of annealing time 


on the inverse value of absolute annealing temperature at dif- 
ferent stages of thermal force relief. Rate 420 rev/hr. 


TABLE 1. Variation in AU in the process of annealing. 


AU, kcal/mole; 


Rate of deformation, rev/hr. 
49) i 24 


Residual 

to initial 
thermal] 
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activation energy of the recovery of induced thermal of the thermal force induced during the deformation 
force [2]; 2 is the universal gas constant. of copper is the result of lattice defects of the 
Vithin the limits of experimental error, for each same type (vacancies), 
rate the gradient of the In de, dr—1/7 dependence 4. The dependence between annealing time 
curve does not vary with temperature. This indicates _+ and the absolute temperature 7 due to the action 
that in the initial stage of recovery the rate of the of which the effect of relief of thermal force is 
process is determined, in the temperature range achieved e/) = const, (where e is residual and 
160- 240°C, mainly by the relief of the same kind of €> initial thermal force), is described at constant 
crystal lattice distortion, the activation energy of rate of deformation by another exponential equation 
which varies in narrow ranges. As the rate of 
deformation increases the activation energy of 
thermal force recovery falls from 36.7 kcal/mole at 
3.1 rev/hr to 31.2 kcal/mole at 8000 rev/hr. The 
figures obtained for activation energy are approxi- In formula (2) activation energy AU and the 
mately the same as those for the activation energy pre-exponential multiplier B depend on rate of 
of the movement of single vacancies. deformation and the degree of thermal force relief 
It can therefore be assumed that the major part e/eo. Fig. 2 shows that when the e/e, value 


4U 


t= BeRT. (2) 
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diminishes, i.e. when the proportion of thermal 
force relief increases, activation energy AU will 
rise. This can be explained if it is assumed that 
in the final stages of annealing the more stable 
distortions with activation energy are relieved. 

The tabulated data illustrate the variation in 
AU in the process of annealing. It can be seen 
from Table 1 that for each rate of deformation AU 
varies with reduction in e/e from an activation 
energy level which is approximately that calculated 
for the initial rates of drop in thermal force, to 
45 kcal/mole. This means that in the process of 
annealing it converges with the level of the 
activation energy of self-diffusion in copper. 

It is noted that up to roughly e/e, = 0.5, AU 
level increases only slightly. At low e/ey figures 
a much greater increase in AU is observed. 


The 5 values were calculated for each e/eo 
The fact that the activation energy of thermal 
force recovery in the final stages of annealing is 
approximately the same as that of the self-diffusion 
of copper, indicates that the process has a 
diffusion mechanism. Further experiments will 
be necessary however, to clarify this problem. 


Translated by V. Alford 
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THERMODYNAMIC THEORY OF DAMPING CAPACITY DUE TO THE RELAXATION 
OF THE SINGULAR SUPPLEMENTARY PARAMETER* 
A.N. MEN’ 
Institute of Metallurgy, Urals Branch, Academy of Sciences U.S.S.R. 
(Received 27 April 1961} 


If a singular supplementary parameter (s.s.p)t exists in a system, then the configuration thermal 


capacity around 7 = 7, will have the form (see formula (13) in [1] ): 


(1) 


It is easy to find an approximate expression for s.s.p. around 7 = 7,, taking account of the formula (12) 


in [1] 


= to + (T —T,)? 


If we allow for ——-— — — oe (A is elastic stress), then, using formula (2) from [2] 


and allowing from (1) and (2), it is easy to find the temperature dependence of the degree of relaxation of 


the isothermal modulus of elasticity 


(3) 


where Ey is the unrelaxing part of the modulus of elasticity, which is equal to the modulus of elasticity 
in the system without the supplementary parameter. It can be seen from (3) that \ E7(7) will have a 
minimum at 7 = 7,. 

To find r€7 the temperature dependence of the relaxation time of the s.s.p. around 7,, F,,,, must be 
found. For this purpose we will expand the free energy F into a series at point 7, taking account of (2): 


(4) 
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t The supplementary parameter 7 is called singular if a T, 0 exists for which 
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As formula (1) was derived from a series where the 7 — 7, power is not higher than 4 (see formula (7) in 
[1}), then it will be sufficient to keep to terms of the fourth row in (4), for which k< 2. From (4) we get 


_ (5) 


77 H . 
oe 7? 


Allowing for the fact that the power of the old term through 7 — 7, in (4) does not exceed 4, then for F,,, 
we must be limited by the zero term in the expansion through 7 at 7g, i.e. 

F(T. 

(6) 


; 


Here, using formula (3) from [2], it is easy to find the temperature dependence r*7 of the s.s.p. 


around 7 

“T= Aexpl 
where A\©® is the thermodynamic potential of the activation of an elementary change in s.s.p.; A is a 
constant independent of 7. Using formula (1) in [2] for damping capacity (~', it is quite easy to find the 


explicit form of the temperature dependence around 7. 


AEr. (8) 


1+ 72 


It follows from (8), taking account of (3) and (7), that @~? will have a minimum at 7, at any frequency w. 
If 7, is identified with the temperature formation of a A state*, then Q-* will have a minimum at this 
temperature. As follows from experimental data [3], the maximum of the damping capacity peak disappears 
in the presence of a K state. It must be noted that the maximum Q"? arises for a selected w at 7 other than 


I would like to thank A.N. Orlov, V.T. Shmatoy and A.I. Moiseyev for the discussion of the work and 


for their useful advice. 


Translated by V. Alford 


REFERENCES 


. A.N. Men’, Fiz. metal. metalloved., 12, 158 (1961). 

. V.N. Shmatov, Fiz. metal. metalloved., 10, 14 (1960). 

. Yu.S. Avraamov and B.G. Livshits, /ssled. po zharoprochn. metallam 
(Investigations of creep resistant alloys), 2, 198 (1957). 

. A.N. Men’ and A.N. Orlov, Fiz. metal. metalloved., 8, 337 (1959). 


* Such an identification is quite sensible as the s.s.p. may describe the mutual distribution of atoms in an alloy 
which is usually related to the formation of a K state. For example, a s.s.p. would be the probability TAB of 
meeting a type AB pair in a binary solid solution with two kinds of interatomic bond [5]. 


136 
VOI 
lz 
1 
4 


METHOD OF MEASURING THE DEPTH OF A COATING BY MEANS 
OF REABSORPTION* 
V.A. TRAPEZNIKOV 
Institute of Metal Physics, Academy of Sciences U.S.S.R. 
(Received 3 June 1961) 


shortwave side /; ,* where there is reabsorption 


The effect of radiation absorption, which is 
appropriate for the shortwave part of the shortest 
wave line of a given \-ray series of emissions, 
can, in the radiating substance itself (spontaneous 
absorption or reabsorption), be used to check the 
depth of a coating within the range of penetration 
of the electrons exciting the spectrum in question. 
In the investigation of the fine structure of an 
emission X-ray spectrum, reabsorption played a 
negative part. It distorts the shape of the line 
(see Fig. 1), and as a result of this the spectrum 
has to be corrected [1, 2]. But, if the degree of 
distortion is known, the depth of penetration of the 
radiation into the irradiated substance will also 


be known. 
In the usual absorption method the change of 


intensity with depth of the e »sorbant (x,) is 
described by the formula 


Intensity 


(1) 


where 7 is the linear coefficient of absorption for 
ony wavelength, /, and / are the radiation inten- 
sities up to and after the absorbant. In a case of 
reabsorption, absorption is an integral effect, so 
that the x value will vary from 0 to <,,,. The 
latter is determined by the depth of which the 2510 2520 
spectrum-exciting electrons penetrate into the test 
substance, or the thickness of the coating, which FIG. 1. L — emission spectra of molybdenum in 
should be less than the penetration depth of the pure metal and compounds: 

1 — expertimental points; 2—results of reabsorp- 


exciting radiation. 
After experimental determination of the back- 


ground intensity on the longwave side of the line 
1; ) where there is no reabsorption, and on the * On the photomicrographs of the figure shown in this 

‘ article the intensities /¢ and J; , were determined at 
the points of intersection of the gradient with the two 
horizontals, and they correspond to the mean inten- 
sities of background on both sides of line LA,. 


2530 2540 2550 E,eV 
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with relevant r, we find the coefficient of 
reabsorption 


(2) 


The calculated value of the coefficient of 


reabsorption is found from the formula 


‘ox 


) x 
cos a cos & dx 


“max 
(cos 2 Cos at)(! — e ) 


in 
cos 3+, + cosa 


cos @ ces 8 


cos Bt, ( 


\ 


‘max 
l—e 


where /, is the intensity of excited radiation in the 
upper layer, rg is the coefficient absorption of the 
electrons on excitation, 7 is the coefficient of 
absorption of the shortwave part of the excited 
radiation, a and £ are the angles between the 
perpendicular to the surface of the anode and the 
directions of the exciting and excited radiations 
respectively (leaving the latter on the side of the 
crystal). 

After solving equation (3) we find the depth of 
the coating x,,,,- The solution of this kind of 
equation in a general form is difficult and we will 
therefore analyse this formula for typical cases 
(scattering both on atoms of the substance investi- 
gated and on atoms of another kind can be 
neglected). 

1) rp > r and a 28 is excitation by electrons 
with an energy equal to or somewhat higher than 
the ionization potential of the series in question. 
As a result we get 

q (4) 

2) rg =r and a~ Bf is excitation by electrons 
with an energy considerably higher than the 
ionization potential 


cos 8 


Xmax = 


q — (5) 


If r is not known, then, after carrying out a 
special experiment by the absorption method, 7 can 
be found from (1). Of course, case ] will take place 
at very low depths while 2 will apply to consider- 
ably greater depths, appropriate to the greater 
penetration depths of the electrons. In both cases 
the integral of the, measured depths will extend 
from hundreds of Angstroms to tenths of microns. 


TABLE 1. 


Material 


Mo. 
Ni,Mo 


From the reabsorption coefficient q figures 
obtained by experimental means for the pure 
elements Mo, Ni and Fe and their compounds, and 
from the 7 value for these elements, the maximum 
range of an excited radiation from the anode can be 
calculated (see Table 1). Allowing for the fact 
that the investigations for the first method were 
made at stresses considerably higher than the 
excitation potential, the determination of depth 
should be carried out according to the first case. 
The calculated value of the maximum ranges 


*cale 


cos 


mined from the pure metals, mades it possible to 


for alloys of known concentration, deter- 


assess the precision of the experimental deter- 
mination of the —°2!¢ value (see Table 1). 
cos B 

Using the same experimental method for 
molybdenum as in[1], the calculation was made 
from photomicrographs of the illustration shown 
here. For nickel and iron the experiment was 
carried out for KS, lines on the same apparatus 
with a quartz crystal (13-40) bent through a 
radius of 860 mm. The figures for depth are given 
in microns in Table 1. Knowing the angle of 
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departure of the radiation excited in the specimen, 
we now find the depth of the coating. 

This method of determining the depth of the 
coating can be used for analysis purposes. This 
kind of reabsorption analysis with the constant 
voltage on the X-ray tube, provides an opportunity 


of determining the proportion of the substance 
investigated in an alloy, in relation to the known 


amount of this substance in a reference piece. 


Translated by V. Alford 
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INTERCRYSTALLINE INTERNAL ADSORPTION IN SOLID SOLUTIONS OF 
Cu-Al QUENCHED FROM HIGH TEMPERATURES* 
V.Ye. PANIN, L.A. KUDRYAVTSEVA, T.S. SIDOROVA and L.S. BUSHNEV 
Sibirsk Physico-Technical Institute 
(Received 5 August 1961) 


The solubility of Al in Cu-Al solid solutions 
is known to diminish if the temperature rises above 
565°C, causing these alloys to approach the 
saturation state. According to Arkharov’s theory 
{1, 2], in this case as a result of the “pre- 
precipitation” factor in concentrated Cu-A] alloys, 
at quite high temperatures, intercrysta!!ine internal 
adsorption (iia) of the Al atoms may occur. This 
may occur, in particular, when Cu-Al alloys are 
quenched from high temperatures [4]. 

The present work is devoted to studying this 
problem in alloys of Cu with 14.3 at.% Al (initial 
components 99.99 per cent, vacuum melting) and 
Cu + 14.9 at.% Al (technical bronze BrA7), which 
are solid solutions up to T ~ 1030°C. To find the 
equilibrium state the alloys first underwent a 
special heat treatment. The investigations were 
carried out in the annealed and quenched (in water 
from 900°, soaking 1 hr) states. The usuai methods 
for the study of iia were used [1-6]: damping 
capacity, etchability of grain boundaries, distribution 
of microhardness throughout and along grain 
boundaries, measurement of lattice parameter and 
elecizical resistivity. 

Fig. 1 shows the temperature dependence of 
damping capacity in these alloys in the grain 
boundary peak range. It can be seen that in both 
alloys quenching from 900° causes a sharp reduc- 
tion in the grain boundary peak. This reduction is 
greater in a high purity alloy, and is thus not 
connected with the iia of impurities. This effect is 
completely reversible, and the grain boundary 
peak is restored when the quenched alloy is 
annealed. In this case metallographic investigation 
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FIG. 1. Dependence of damping capacity Q™* 
on temperature T of alloys: 

Cu+ 14.3% Al (1 — annealed, 1” — quenched); 

Cu+ 14.9% Al (2 — annealed, 2.” ~ quenched). 


showed no visible changes in the phase constitution. 

The reduction of stress relaxation along grain 
boundaries observed in a quenched alloy in mea- 
suring Q” is evidence of the strain-hardening of 
grain boundaries and must, of course, be attributed 
to their enrichment, at high temperatures, by Al 
atoms. This conclusion has been supported by 
other investigations made by us. As a result of 
quenching, for instance, there is an abrupt change 
in the etchability of grain boundaries. While the 
grain boundaries of an annealed alloy are easily 
etchable in conc. nitric acid, it is quite impossible 
to etch them in this way in the quenched alloy. We 
were only able to achieve this by electrolytic 
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etching. 

Microhardness measurements with 5 g load 
inside (H,) and on the boundaries (//)) showed that 
quenching causes an increase in the difference 
AH=H, = H,. Thus, in the annealed alloy 
Cu + 14.3% Al, the average value is AH = 29kg/mm*. 
After quenching from 900° this difference is as much 
as 43 kg/mm?. This can be reduced again by a 
further low temperature temper. 

While the quenching of Cu-Al alloys causes 
grain boundary enrichment by Al atoms, the concen- 
tration of the latter in the solid solution lattice will 
be reduced. According to [7], this should cause a 
reduction in the lattice parameter of the alloy. 

When we investigated this problem it was found 

that quenching from 900° does actually cause a 
reduction in the lattice parameter a of the alloy. 

For example in the annealed alloy Cu + 14.9% Al 
a= 3.6413 A, and if the alloy is quenched from 

900° a = 3.6406 A (precision of 1 x 10% A). At low 
quenching temperatures (200, 400°) the a value, 
within the limits of error, was found to be unchanged 
(3.6412 and 3.6414 A respectively at Tyyench = 200 
and 400°). 

Another sign of iia in Cu-Al alloys quenched 
from high temperatures is the change in electrical 
resistivity. In alloys quenched from relatively low 
temperatures (400, 600°), p falls on subsequent low 
temperature tempering, due to ordering [8]. When 
quenched from 900° in the course of the subsequent 
tempering, besides the main process of ordering 
which reduces the p of the alloy, there is a sub- 
sidiary process which causes an increase. This 

subsidiary process has a long relaxation time and 
it will only appear at relatively high temperatures 
and long enough tempering times. This process is 


1. V.I. Arkharov, Trud. [FM Akad. Nauk SSSR, 
23, 87 (1960). 

2. V.1. Arkharov. and S.D. Vangengeim, Fiz. metal. 
metalloved., 4, 3, 447 (1957). 

3. V.I. Arkharov and S.D. Vangengeim, Fiz. metal. 
metalloved., 4, 3, 439 (1957). 

4. S.D. Vangengeim, Fiz. metal. metalloved., 5, 1, 174 


(1957). 


Letters to the Editor 


REFERENCES 


of course related to the inverse diffusion of Al 
atoms from the grain boundaries to the solid 
solution lattices on tempering. This is in agree- 
ment with the reduction in AH = Ay — H, on 
tempering. 

The results of this work are convincing 
evidence of the possibility of the intercrystalline 
internal adsorption of Al atoms inCu-Al alloys 
quenched from high temperatures. The chief 
factor stimulating this should be “pre-precipitation”. 
In this case all other factors [1-6] will weaken 
the intercrystalline internal adsorption. 
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